
































TRANSACTIONS 


American Society for Metals 





VOL. XLIX 


TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—38th ANNUAL 
CONVENTION, CLEVELAND, OCTOBER 6-12, 1956 


OR the purposes of record and for the benefit of members who 
—, not in attendance at the Thirty-Eighth Annual Convention of 
the Society, held in Cleveland, October 6-12, 1956, the Programs of the 
[echnical Papers and [Educational Lectures together with the Reports 
of Officers for 1956 are herewith published in full. 


ASM Seminar on Creep and Recovery 


Saturday, October 6 
Grand Ballroom, Hotel Statler—9:00 A.M. 
Presiding Officer 
R. L. Cunningham, Bureau of Mines, Ottawa, Canada 
Defects and Recovery, by J. S. Koehler, University of Illinois, Urbana, III. 
Thermodynamics and Kinetics of Recovery, by M. B. Bever, Massachusetts In 
4 stitute of Technology, Cambridge, Mass. 
Polygonization, by W. R. Hibbard, Jr., General Electric Research Laboratories, 
A Schenectady, N.Y. 
4 Grand Ballroom, Hotel Statler—2:00 P.M. 
Presiding Officer 
4 B. L. Averbach, Massachusetts Institute of Technology, 
: Cambridge, Massachusetts 
Recovery of Electrical Reststivity, by T. H. Blewitt, Oak Ridge National 
Laboratories, Oak Ridge, Tenn. 
Recovery of Mechanical Properties, by E. C. W. Perryman, Atomic Energy 
Establishment, Chalk River, Canada 
Recovery of Internal Friction and Elastic Constants, by A. S. Nowick, Yale 
University 
Grand Ballroom, Hotel Statler—8:00 P.M. 
Presiding Officer 
3ruce Chalmers, Harvard University, Cambridge, Massachusetts 


Concept of Creep, by E. N. da C: Andrade, F.R.S., London 


Sunday, October 7 
Grand Ballroom, Hotel Statler—9:00 A.M. 


Presiding Officer 
P. A. Beck, University of Illinois, Urbana, Illinois 

lheory of Creep, by G. Schoeck, Westinghouse Research Laboratories, East 

Pittsburgh. 
Role of the Boundary in Creep Phenomena, by E. R. Parker and J. Washburn, 

University of California, Berkeley, Calif. ' 
Effect of Alloying Elements on Creep, by J. C. Fisher, General Electric Research 
Laboratories, Schenectady, N.Y. 
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Grand Ballroom, Hotel Statler—2:00 P.M 
Presiding Officer 
ric Jette, Los Alamos Scientific Laboratory, Los Alamos, New Mexico 
Spectrum of Activation Energies for Creep, by J. E. Dorn, University of Cali 
fornia, Berkeley, Calif. 
Creep and Fracture, by N. J. Grant,. Massachusetts Institute of Technology, 
(Cambridge, Mass. 
Creep of Crystalline Nonmetals, by J. B. Wachtman, Jr., National Bureau of 
Standards, Washington, D.C. 


Technical Program of the American Society for Metals 
Monday, October 8 
Grand Ballroom, Hotel Statler—9:00 A.M 
Plastic Deformation 
Presiding Officers 
L. J. Ebert, Case Institute of Technology, Cleveland 
H. Y. Hunsicker, Aluminum Co. of America, Cleveland 

Slip, Twinning and Fracture in Single Crystals of Iron, by J. J. Cox, Experi 
mental Station, E. |. DuPont de Nemours and Co., Wilmington, Del., G. T 
Horne and R. Fk. Mehl, Department of Metallurgical Engineering, Carnegi 
Institute of Technology, Pittsburgh 

Dynamic Bi-Amxtal Stress-Strain Characteristics of Aluminum and Mild Steel 
by George Gerard and Ralph Papirno, Research Division, College of Engi 
neering, New York University, New York 

Some Exploratory Observations of the Tensile Properties of Metals at Ver) 
Low Temperatures, by E. T. Wessel, Westinghouse Research Laboratories, 
Pittsburgh 

Effect of Strain Rate and Temperature on the Plastic Deformation of High 
Purity Aluminum, by T. A. Trozera, O. D. Sherby and J. E. Dorn, Univer 
sity of California 

Eeuchd Ballroom, Hotel Statler 9:00 { \] 
Iron 
Presiding Officers 
Paul G. Nelson, The Budd Co., Philadelphia 
C. C. Reynolds, Massachusetts Institute of Technology, Cambridge, Mass. 

Effect of Subboundaries and Carbide Distribution on the Notch Toughness of a 
Ingot Iron, by J. C. Danko and R. D. Stout, Lehigh University, Bethlehem 
Pa. 

Votch Ductility of Malleable Irons, by G. A. Sandoz, N. C. Howells, H. F 
Bishop and W. S. Pellini, Metals Processing Branch, Naval Research 
l_aboratory 

Vew Nodular Iron Process, by Harry K. IThrig, Allis-Chalmers Manufacturing 
Co., Milwaukee, Wis. 

Deformation and Rupture of Gray Cast Iron, by W. R. Clough, Metals Research 
laboratories, The Electro Metallurgical Co., Niagara Falls, N.Y., and M. 
Shank, Massachusetts Institute of Technology 4 

Grand Ballroom, Hotel Statler—2:00 P.M 


Titanium 


paren 
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Presiding Officers 

\W. Southard, Kennecott Titanium Development . 
James L. Wyatt, Horizons, Inc., Cleveland ee 

Relative High-Temperature Properties of the Hexagonal-Close-Packed and Bod) 

Centered-Cubic Structures in lodide-Titanium, by John Lunsford and N. | 

Grant, Department of Metallurgy, Massachusetts Institute of Technology, 

Cambridge, Mass Pg 
Influence of Alloying on the Elastic Modulus of Titantum Alloys, by W. H. Graft, 


4 
D. W. Levinson and W. Rostoker, Physical Metallurgy Research, Armour : 
Research Foundation, Chicago a 









































the Aw ( unimation of Three Titanium vs, by J. E. Reynolds, 

H. R. Ogden and R. |. Jaftee, Nonferrous Physical Metallurgy Division, 
Battelle Memorial Institute, Columbus, Ohio 
f Sulphur on the Properties of Titantum and Titanium Alloys, by L. W 
Berger, D. N. Williams and R. |. Jaffee, Nonferrous Physical Metallurgy 
Division, Battelle Memorial Institute, Columbus, Ohio 
tionship Between Heat Treatment, Structure and Mechanical Properties of 

Vitantum Alloy Containing 4% Cr and 2% Mo, by A. W. Goldenstein and 
\W. Rostoker, Physical Metallurgy Research, Armour Research Foundation, 
Chicago 


Tuesday, October 9 
Grand Ballroom, Hotel Statler—9:00 A.M. 


Steel—I 
Presiding Officers 
Fk. W. Boulger, Battelle Memorial Institute, Columbus, Ohio 
George H. Enzian, Jones & Laughlin Steel Co., Pittsburgh 
emperability of Steels, by L. D. Jaffe, Materials Section, Jet Propulsion Labora 
tory, California Institute of Technology, Pasadena, Calif., and Edward 
Gordon, United Gas Corp., Shreveport, La. 
emperature Dependence of the Hardness of “Pure” Iron and Various Ferritic 
Steels, by F. Garofalo and D. C. Marsden, U.S. Steel Corp., Edgar C. Bain 
Research Laboratory, Monroeville, Pa., and G. V. Smith, Cornell University. 
nfluence of Bainite on Mechanical Properties, by R. F. Hehemann, V. Luhan 
and A. R. Troiano, Department of Metallurgical Engineering, Case Institute 
of Technology, Cleveland 
the Cooling Transformations in Some 040% Carbon Constructional Allo, 
Steels, by D. J. Blickwede and Rk. C. Hess, Research Department, Bethlehem 
Steel Co., Bethlehem, Pa 


Euclid Ballroom, Ilotel Statler—9:00 A.M. 
Joint session of THEA and ASM on 


Furnace Atmospheres—Their Properties, Application, Control and Usage. 

Review of Atmospheres—Their Types, by C. H. Vaughan, Electric Furnace Co. 

‘eview of Atmospheres—Their Application, by Clarence E. Peck, Westinghouse 
Electric ¢ orp. 

ypes of Controllers Available, by Wayne Besselman, Leeds & Northrup Co. 

Vethods of Controlling Atmosphere Converters, by W. Holcroft, Holcroft & Co. 

Vethods of Controlling Atmosphere in Furnaces, by Orville Cullen, Surface 
Combustion Corp. 

ltmosphere Furnaces—Their Safe Operation, by Norman H. Davies, North 
\merican Manufacturing Co 


Euclid Ballroom, Hotel Statle »-00 PM. 


Steel—II 
Presiding Officers 
& R. D. Chapman, Chrysler Corp., Detroit 


C. T. Evans, Universal-Cyclops Steel Corp., Bridgeville, Pa 
mpact Characteristics and Mechanical Properties of Leaded and Nonleaded 
C-1050 and C-1141 Steels, by A. P. Weaver, Quality Control Department, 
Inland Steel Co., East Chicago, Ind. 
: Relation of Inclusions to the Fatigue Properties of SAE 4340 Steel, by H. N 
Se Cummings, F. B. Stulen and W. C. Schulte, Propeller Division, Curtiss 
Wright Corp., Caldwell, N.J. 


ffect of Silicon on Transverse Properties and on Retained Austemte Content of 


eH High Strength Steels, by John Vajda, J. J. Hauser and Cyril Wells, Metals 
te Research Laboratory, Carnegie Institute of Technology, Pittsburgh 
4 Bend: Tensile Relationships for Toolsteels at High Strength Levels, by J. ¢ 


Hamaker, Jr., V. G. Strang and G. A. Roberts, Vanadium-Alloys Steel Co.. 
Latrobe, Pa. 
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Wednesday, October 10 
Grand Ballroom, Hotel Statler—9:00 A.M. 


ASM Annual Meeting 


Edward DeMille Campbell Memorial Lecture 
Chairman: Robert F. Mehl, Carnegie Institute of Technology 
Metallurgy at Low Temperatures, by C. S. Barrett, Professor, Institute for the 
Study of Metals, University of Illinois, Chicago 


Grand Ballroom, Hotel Statler—2:00 P.M. 


Stainless 
Presiding Officers 
\. E. Nehrenberg, Crucible Steel Co. of America, Pittsburgh 
EK. E. Reynolds, Allegheny-Ludlum Steel Co., Watervliet, N.Y. 

Precipitation Reactions in Austenitic Cr-Mn-C-N Stainless Steels, by Chi-Mei 
Hsiao and E. J. Dulis, Research & Development Laboratory, Crucible Steel 
Co. of America, Pittsburgh 

Martensitic Transformation in the Machining of Austenitic Stainless Steel, by 
E. F. Erbin, Titanium Metals Corp. of America, New York, N.Y., E. R. 
Marshall, University of Vermont, Burlington, Vt., and W. A. Backofen, 
Metals Processing Laboratory, Massachusetts Institute of Technology, Cam 
bridge, Mass. 

Transformation Products in Cold Worked Austenitic Manganese Steel, by R. K. 
Suhr and S. L. Gertsman, Physical Metallurgy Division, Mines Branch, 
Department of Mines and Technical Surveys, Ottawa, Ont., and James 
Reekie, Northern Electric Co., Ltd., Montreal, Que. 

Vetallography of Titantum-Stabilized 18-8 Stainless Steel, by T. V. Simpkinson, 
Republic Steel Corp., Warren, Ohio 

Phase Relationships and Mechanical Properties of Some lron-Chromium-Carbon- 
Nitrogen Alloys, by G. F. Tisinai and C. H. Samans, Standard Oil Co., 
Whiting, Ind. 

Euclid Ballroom, Hotel Statler—2:00 P.M. 


Nuclear Materials 
Presiding Officers 
W. D. Manly, Oak Ridge National Laboratory, Oakridge, Tenn. 
Frank Rough, Battelle Memorial Institute, Columbus, Ohio 

Creep and Stress Rupture Properties of Zirconium Effect of Annealing Treat 
ment, by R. W. Guard and J. H. Keeler, Research Laboratory, General 
Electric Co., Schenectady, N.Y. 

Transformation Kinetics of Uranitum-Niobium and Ternary Uranium- 
Molybdenum-Base Alloys, by R. J. Van Thyne and D. J. McPherson, Metals 
Research Laboratory, Armour Research Foundation, Chicago 

Transformation Kinetics of Uranium-Molybdenum Alloys, by R. J. Van Thyne 
and D. J. McPherson, Metals Research Laboratory, Armour Research 
Foundation, Chicago 

Plastic Deformation of Uranium on Thermal Cycling, by H. H. Chiswik, Metal- 
lurgy Division, Argonne National Laboratory, Lemont, III. 


Thursday, October 11 
Euclid Ballroom, Hotel Statler—9:00 A.M. 


High Temperature—I 
Presiding Officers 
Glenn A. Fritzlen, Haynes Stellite Co., Kokomo, Ind. 
L. P. Jahnke, General Electric Co. 


E ffect of Stigma Phase on Co-Cr-Mo Base Alloys, by Ronald Silverman, Sylvania 


Electric Co., Bayside, N.Y., William Arbiter, Nuclear Development Corp. 


of America, White Plains, N.Y., and Frank Hodi, U.S. Army 








e ey Atl ge tay $443 Ma 


ee 


\ PRO 


PEM REES v9, 










































TECHNICAL PROGRAM 


lustenttic Alloy for High-Temperature Use, by R. W. Guard and T. A 
Prater, General Electric Research Laboratory, Schenectady, N.Y. 
lemperature Rupture-Strength Properties of Chromium-Nickel Stainless 

Steels Containing Titantum and Boron, by J. Salvaggi and L. A. Yerkovich, 
Metallurgy Section, Materials Department, Cornell Aeronautical Laboratory, 
Inc., Buffalo, N.Y. 

ect of Environment on Creep-Rupture Properties of Some Commercial Alloys 
by Paul Shahinian, Metallurgy Division, Naval Research Laboratory, Wash 
ington, D.C, 

uence of Molybdenum on the Phase Relationships of a High-Temperature 
Alloy, by H. J. Beattie, Jr., and FF. L. VerSnyder, Metallurgy Applied 
Research Materials & Processes Laboratory, General Electric Co., Sche 
nectady, N.Y. 


Euclid Ballroom, Hotel Statler—2:00 P.M 


High Temperature—II 
Presiding Officers 

). Freeman, University of Michigan, Ann Arbor, Mich. 

EK. J. Whittenberger, U. S. Steel Corp., Chicago 

\lechanical Properties of lron-Aluminum Alloys, by W. Justusson, V. F. Zackay 
and E. R. Morgan, Physical Metallurgy Section, Scientific Laboratory, Ford 
Motor Co., Dearborn, Mich 

Some High-Temperature Oxidation Characteristics of Nickel With Chromium 
Additions, by G. E. Zima, Research Laboratory, International Nickel Co. 
Bayonne, N.]. 

Wechanical Properties of Swaged lodide-Base Chromium and Chromium Alloys, 
by D. J. Maykuth and R. |. Jaffee, Nonferrous Physical Metallurgy Division, 
Battelle Memorial Institute, Columbus, Ohio 

fiect of Dispersion of Alpha Phase on the High-Temperature latigue Properties 

. oy Alpha-Beta Brass, by J. E. Breen, High-Temperature Alloys Branch, 

Naval Research Laboratory, Washington, D.C., and J. R. Lane, National 
Research Council, Washington, D.C. 

[ging Reactions in Certain Superalloys, by W. C. Hagel and H. J. Beattie, Ji 
Materials & Processes Laboratory, General Electric Co., Schenectady, N.Y 


“| 
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Conference on Thorium 


Jointly sponsored by the Atomic Energy Commission and the ASM. 
Ballroom, Carter Hotel—9:30 A.M. 


Preparation of the Metal Thorium 


Chairman: F. H. Spedding, Institute for Atomic Research, 
Ames Laboratory, Ames, lowa; 
Co-Chairman: E. Epremian, Atomic Energy Commission, 
Washington, D.C. 
Role of Thorium Metal in the Nuclear Iteld, by John P. Howe, Atomics Inter 
national, Downey, Calif. 
; Von-Nuclear Applications of Thorium Metal Other Than in Magnesium Tech 
a nology, by William C. Lilliendahl, Westinghouse Electric Corp., Bloom 
field, N.J. 
Uses of Thorium in Magnesium Technology, by T. E. Leontis, Dow Chemical Co., 
Midland, Mich. 


Production of Thorium Compounds, by Morton Smutz and John Barghusen, 


Ames Laboratory, A.E.C., Ames, lowa 
Development of the Thorium Tetrafluoride-Calcium Process for Thorium Metal, 
by Harley A. Wilhelm, Ames Laboratory, A.E.C., Ames, Iowa 
: Consumable-Electrode Arc Melting of Thorium, by A. H. Roberson, U. S 
Ss Bureau of Mines, Albany, Ore. 
FA Powder Metallurgy of Thorium, by Harold McCullough and Robert Witt. 


Sylvania Electric Co., Bayside, N.Y. 
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Spectrographtc Analysis of Thortum Metal, by V. A. Fassel and Edward DeKalb, 
\mes Laboratory, A.E.C., Ames, Iowa 

Chemical Analysis of Thorium Metal, by C. J. Rodden and Morris W. Lerner, 
New Brunswick (N. J.) Laboratory, A.E.C. 

Purification of Thorium Metal by the lodide or Hot-Wire Process, by Ivor § 
Campbell, Battelle Memorial Institute, Columbus, Ohio 

Electrolytic Refining of Thorium, by R. A. Noland, Argonne National Labora 
tory, Lemont, Ill 


Discussion Forum 
on 
Die Wear and Die Life in Stamping Operations 


Ballroom, Public Auditorium—9:30 A.M. to 4:00 P.M. 


[his new type of discussion forum was formulated (1) To exchange ideas and 
experiences on die wear and life; (2) To attempt agreement on uniform methods 
of recording data on die wear and die life for developing further information o1 
die performance, leading to organised cataloging of experience. Each of the thre. 
discussion groups whose subjects were “Minimizing Die Wear by Die Design, 
“Minimizing Die Wear by Part Design” and “Effect of Press Speed on Die Life,” 
were divided into tables of ten participants to discuss its subject informally. Al. 
yroups reconvened after lunch and listened to condensed reports on each of the 
smaller discussions. By this method the specific problems and questions of a 
majority of the members of the audience were considered, and areas of agreement 
and disagreement of the total group were summarised. 











Second session of Thorium Conference sponsored jointly by the 
\tomic Energy Commission and the ASM. 





Ballroom, Carter Hotel—2:00 P.M. 





Properties of the Metal Thorium 


Chairman: R. Carson Dalzell, Atomic Energy Commission, 
Washington, D.C. ; 
Co-Chairman: H. A. Wilhelm, Institute for Atomic Research, 
Ames Laboratory, Ames, Lowa 


Physical Constants, Crystal Structure and Thermodynamic Properties, by J. F 
Smith, Ames Laboratory, A.E.C., Ames, lowa 

Atomic Structure of Thorium, Its Electron Energy and Other Considerations as 
to Solid State Physics, by T. G. Berlincourt, Atomics International, Downey, 
Calif. 

Preferred Ortentation in Thorium, by L. K. Jetter and Carl J. McHargue, Oak 
Ridge National Laboratory, Oak Ridge, Tenn. 

labrication and Cladding of Thorium Metal, by John H. Frye and Jack Cunning 
ham, Oak Ridge National Laboratory, Oak Ridge, Tenn. 

Recrystallisation and Grain Growth in Thorium Metal, by Edward J. Boyle, 
Electro Metallurgical Co., Niagara Falls, N.Y. 

Vechanical Properties of Thorium Metal and High-Thorium Alloys, by John 
Milko and Robert E. Adams, Oak Ridge National Laboratory, Oak Ridge, 
Tenn. 

Corrosion Resistance of Thorium Metal and High-Thorium Alloys, by H. A. Pray 
and associates, Battelle Memorial Institute, Columbus, Ohio 

Vetallography of Thorium, by Harriet P. Roth, Nuclear Metals, Inc., Cambridge, 
Mass. 

Irradiation Damage in Thorium Metal, by Frank G. Foote, Argonne National 
Laboratory, Lemont, II]. 

Thorium Alloy Systems, by A. A. Bauer and Frank A. Rough, Battelle Memorial 
Institute, Columbus, Ohio 

Hlasards Associated With Thorium Metallurgy, by Adolph Voigt and Milo Voss, 
\mes Laboratory, A.E.C., Ames, Iowa 


























ASM—EDUCATIONAL LECTURE COURSE 


Vionday and Tuesday, October 8 and ' 
\ll four sessions were held in the Ohio Room, Hotel Statlet 


Effect of Residual Elements on the Properties of Metals 


First Sesston—10:30 A.M 
Presiding Officer 
A. U. Seybolt, General Electric Co., Schenectady, N.Y 
damental Considerations, by E. R. Parker, University of California, Berkeley, 
Calif 


) 


Second Sesston 00 P.M 


Presiding Officer 
H. J. Smith, 
General Electric Co., Louisville, Ky 
urities in the Common Nonferrous Metals, by F. N. Rhines, Carnegie Institut 
of Technology, Pittsburgh . 
Third Session—9:30 A.M 
Presiding Officer 
M. R. Meyerson, Thermal Metallurgy Section, 
U.S. Department of Commerce, National Bureau of Standards, 
Washington, D.C. 
Residual Elements wn Steel, by J. W. Halley, Inland Steel Co., East Chicago, Ind 
Impurities in Semiconductors, by J. H. Scaff, Bell Telephone laboratories 
Murray Hill, N. J. (Presented by W. G. Pfann) 
Fourth Sesston—2:00 P.M 
Presiding Officer 
\M. R. Meyerson, Thermal Metallurgy Section, U. S. Department of Commerce, 
National Bureau of Standards, Washington, D.C. 
Vewer Metals—Titantum, Zirconium, Molybdenum, and Chromium, by D. J 
McPherson, Armour Research Foundation, Chicago 


EDUCATIONAL LECTURE COURSE 
Sponsored jointly by the ASM and the General 


Motors Corporation Research Department Staff 


Thursday, October 11 
Morning and Afternoon Sessions, Ohio Room, Hotel Statler 






Factors Affecting the Fatigue Durability of Carburized Steel 






Presiding Officer 
D. J. Blickwede, Bethlehem Steel Co., Bethlehem, Pa. 


Introduction, by J. B. Bidwell 
Residual Stresses in Carburised Steels, by W.S. Coleman and M. Simpson 















Presiding Officer 
Scott Henry, A. O. Smith Corp., Milwaukee 





Fatigue Durability of Carburized Steels, by R. L. Mattson and J. G. Roberts 
Physical Metallurgy of Carburized Steels, by G. H. Robinson 
Summary, by R. F. Thomson 















TRANSACTIONS OF THE ASM 


First ANNUAL AWARDS LUNCHEON 


More than 600 guests attended the First Annual Awards Luncheon 
of the American Society for Metals in the Grand Ballroom of Hotel 
Statler, Cleveland, on Tuesday, October 9, 1956. 

Presiding at the Luncheon, President A. O. Schaefer introduced the 
Hon. Anthony J. Celebrezze, Mayor of Cleveland, who formally wel- 
comed visitors to Cleveland. 

Principal address, “Trained Manpower for a Technical Age,” was 
presented by Charles M. White, Chairman of the Board, Republic Steel 
Corporation, Cleveland. (In the weeks immediately following the 
Luncheon, the Society distributed 10,000 copies of Mr. White’s re- 
marks. ) 

Several organizations made awards at the Luncheon. ASM awarded 
the Henry Marion Howe Medal to W. J. Barnett, General Electric 
Company, R. P. Frohmberg, North American Aviation, Inc., and A. R. 
Troiano, Case Institute of Technology. 

The ASM Teaching Award was presented to Professor Ernest F. 
Nippes, of Rensselaer Polytechnic Institute. 

Honorary Life Memberships in the Society were made to R. L. Gray, 
President, Armco Steel Corporation, J. L.. Mauthe, President, Youngs- 
town Sheet & Tube Company, W. F. Munford, President, American 
Steel & Wire Division, United States Steel Corporation, William B. 
Umstattd, President, Timken Roller Bearing Company, and _ to 
Charles M. White, Chairman of the Board, Republic Steel Corporation. 

A special award was made by the American Metal Market to Clar- 
ence Randall, Inland Steel Company (retired). 

Awards to recognize advances in the application of stainless steel 
were made to John Hancock Callender, Architectural Consultant, to 
Daniel Kelly, Architectural Record, to Dr. Taylor Lyman, Editor, 
ASM Metals Handbook, Publisher of Metal Progress, and to Irwin H. 
Such, Editor, Steel Magazine. 

The award received by Dr. Lyman, in the form of an Honorable 
Mention Scroll Citation for second best article, was presented in 
recognition of the outstanding article, ““The Selection and Application 
of Stainless Steel in the Chemical Process Industries.” This article was 
prepared by ASM’s Committee on Stainless Steel in Chemical Uses, 
whose chairman is fellow-member C. A. Nelson. It appeared in the 1955 
Metals Handbook Supplement, and in the 13th issue of Metal Progress 
for that year. 

Bronze plaque for outstanding architectural design was presented by 
the Copper and Brass Research Association to Philip C. Johnson, of 
Philip C. Johnson and Associates, and to Meis van der Rohe. 
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1957 ANNUAL MEETING 9 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


9:00 A.M. Wednesday October 10, 1956 


Grand Ballroom, Hotel Statler, Cleveland 


Che annual meeting was called to order by President A. O. Schaefer 
[he order of business was: 
1. President’s Address 
Printed in this volume of TRANSACTIONS, page 10 
2. Report of the Treasurer 
Printed in this volume of TRANSACTIONS, page 18 
3. Report of the Secretary 
Printed in this volume of TRANSACTIONS, page 23 


4. Report of ASM Foundation for Education and Research 
Printed in this volume of TRANSACTIONS, page 35. 


cyt 


Presentation of 20-yr. Chapter Secretary 

Award to R. E. Christin, Columbus, Ohio 
6. Proposed changes in Constitution 

Printed in this volume of TRANSACTIONS, page 40. 
Election of Officers 

The report on the election of officers appears on page 46 


™I 


ws 


Campbell Lecture 
Printed in this volume of TRANSACTIONS beginning on page 53 





Cleveland Public Auditorium—location of the 38th National Metal Exposi- 

tion and Congress held during the week of October 8-12, 1956. The Congress 

which is held simultaneously with the Exposition marks its 10th appearance 

in this auditorium since 1925. Registered attendance at the 1956 exposition . 
reached a figure of 52,790. 
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ANNUAL ADDRESS OF THE PRESIDENT 


ApoLpH O, SCHAEFER, President 
[hirty-eighth Annual Meeting, Cleveland, October 10, 19506 
cer unis. Yk years, in the American Society for Metals pass 


very quickly. They pass quickly because they are filled with a 
variety of experiences far beyond average years even in our active 
profession of metallurgy. At this moment, as I stand at the end of such 
a year, my most distinct recollections of the past month are recollec 
tions of people. It is a priceless privilege to travel about this continent, 
and to meet everywhere earnest, active, intelligent people, genuinely 
devoted to the great work of the American Society for Metals. 

Although I have long suspected it, I am now certain, that the great 
strength of our Society lies in our chapters, and the tremendous work 
they do in their communities. Leaders in our profession here give freely 
of their time and energies to bring the latest ideas in metallurgy to their 
cities, to present educational courses to disseminate metallurgical 
knowledge where it is needed, and to promote the enrollment of youth 
in our universities to add needed recruits to the scientists of our country. 

After the crowded program of the preceding year, with two Metal 
Congresses and an International Meeting in Europe, this immediate 
past year, with nothing other than our National Metals Congress, 
seemed to offer a comparatively easy schedule. But the absence of diver 
sions, and the vast energies of our National Secretary combined to 
lead your President on a busy tour through the United States and 
Canada during the course of which we travelled over 42 thousand miles, 
and appeared before 42 individual chapters, and 3 group meetings in- 
volving an additional large number of chapters. During this same year, 
other Board members visited 14 chapters, making our total score 56 
chapters and 3 group meetings. 

One of the most pleasant things I have to report is the recovery of 
health of our National Secretary, Bill Eisenman. In fact he lead your 
President a merry chase from the Arctic at 22 degrees below, to the 
Tropics at 100 degrees above. Bill’s company on such a tour 1s one of 
the rewards of being President, and it is inspiring to see the sheer 
number of friends he has in all our cities, and the love and esteem in 
which he is held everywhere. 

Mention of our Secretary leads naturally to consideration of the great 
report he presented to our Society just two years ago, which has be- 
come known as “The ASM of Tomorrow.” Interest in this plan is evi- 
dent in all of our chapters. It is certain that the proposals in it have 
stimulated discussion in many places. The impetus of big plans is evi- 
dent throughout our Society. It has lead our chapters to plan big plans, 
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PRI SITDENT’S ADDRESS 1] 


| to dream big dreams. The future of our Society is thought of in 
rms of greatness, commensurate with our boldness in striking out for 
roadening objectiy es. 

It is interesting to see how far we have come. 

You will recall that the first project for the ASM of Tomorrow was 
be the erection of adequate headquarters. President Austin reported 
he appointment of a Site Commission (Van Horn, Wilson, Roberts, 
Schaefer). President Roberts reported a preliminary statement from the 

Committee, and the assignment of further work to it 

| am pleased to be able to report to you that this work is now well 

long its way. Furthermore, I have never, even in the most complex 

scientific work known a problem to receive more serious consideration. 

lt was early decided that our Headquarters should remain in Cleveland, 
but from there a thorough investigation was made of the relative merits 
of rural and urban Cleveland. It was found to be most desirable to build 
outside of the city. 

This touched off the really serious part of the investigation, The 
Board of Trustees at three meetings during the year, and an Interim 
Committee (Fetter, Roberts, and Schaefer), toured the environs of this 
City of Cleveland when snow was on the ground and again and again 
until summer had arrived. There were summoned before us architects 
and landscape people, census experts, city planners, real estate men, 
and others. 

rom this extended search developed the fact that desirable ground 
of the area we wished, unfettered by zoning ordnances, desirably situ 
ated, was not easy to find. The Board of Trustees unanimously decided, 
after all this extensive investigation, that it was best to accept the 
magnanimous gift of our National Secretary to select as our site without 
any cost to the Society one hundred acres of the famous Sunnimoor 
Farm, near Russell, Ohio. 

We have now, as a result of this gift, one hundred acres of rolling, 
partially wooded land, on which our new Administration Building will 
be visible for many miles to one driving East from Cleveland through 
this area. Our Society owes one more large debt of gratitude to Bill for 
his great gift. 

Consideration has been given to our architect for our first building, 
and the Board of Trustees finally accepted the recommendation of the 
Interim Committee that we engage the services of Skidmore, Owings, 
and Merrill, perhaps the largest and certainly one of the most distin 
guished architectural firms in this country. They are now engaged in 


drafting their first proposed design for our building. 

Normal experience in the design and construction of a building of this 
size and character indicates that a period of two years will be required 
for its completion. Thanks to Bill Eisenman’s great gift of the land, 
there will be enough money in the Building Fund to pay for the building 
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of a headquarters that should be an inspiration to everyone in the metals 
industries. 

To recognize, as best we can, our appreciation of this gift of land, the 
Board of Trustees has engaged Walter A. Sinz, of Cleveland, a famous 
sculptor, to make a bronze bust of proper size of William H. Eisenman 
to be placed in our new building when it is completed. Those who have 
seen the plaster model of this bronze, are agreed on its excellence. 

So much for our new Headquarters. The next item on our program 
for the future is the establishment of a Division of the Society, to be 
known as the Metals engineering Institute, which will obtain, maintain, 
and administer correspondence-type courses of study on metals subjects, 
designed to offer opportunity for improvement to technicians, in fact 
to all engaged in metals work. 

Under the direction of Anton Brasunas authors have been obtained 
for the 41 subjects of study selected, and the work has advanced to a 
point where we have issued our first literature, and will soon be able 
to accept enrollment under several courses. These courses can be taken 
by individuals, or administered by chapters of the Society. They repre 
sent the work of the best men in their respective fields. It will be the 
duty of the Metals Engineering Institute not only to administer these 
courses, but to keep them up to date in line with the latest developments 
in our science. 

The same applies to the third point of our “ASM of Tomorrow,” the 
Seminars, another interesting educational development. It is planned to 
offer intensive study courses of phases of the metals world of interest 
to any group or of current interest or importance. One or two weeks 
of instruction will be planned, utilizing the best authorities on the sub 
ject. A short time ago, our Society tried such a seminar on the subject 
of “Titanium,’- in collaboration with one of our universities. It is 
planned to revise this, on the basis of this experience, and again offer a 
seminar on this subject at our Western Metals Congress in March, 1957. 

Our building program is designed ultimately to include adequate 
facilities for our seminary program. This has been found, by experience, 
to be an important factor in the success of such an enterprise. 

It will be evident to anyone studying the proposals made in ‘The 
ASM of Tomorrow,” that they offer a program of progressive evolu- 
tion and development indeed extending into tomorrow. There is a logi- 
cal sequence to this development. First of all is the need for adequate 
headquarters. Then as the courses offered by the Metals Engineering 
Institute come into operation, the necessary staff will have been devel- 
oped. This leads naturally into the organization and administration of 
the seminars. 

These first three items of the program have been approved by the 
Board of Trustees of the Society and are being actively carried forward. 

The next step, the setting up of the Society’s Research Laboratories 
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work on industry-wide problems—when it comes up for considera 

| by the Board of Trustees—must again be based on adequate fa 

ties, and an extension of the staff, the nucleus of which will be on 

id from the earlier parts of the program. During this year we have 

ted increasing expressions of interest and support for this next step. 
t appears that, when the time comes for this to be considered by the 

ard of Trustees, it will appear as a natural and logical step for which 

way has been prepared, and a definite field of usefulness established. 

The University devoted to the Science of Metals will then be one 
tep beyond this. 

So much for the future. It is my duty to report to you what has been 
iccomplished this year. 

During the past 12 months, the number of chapters of the Society 
has increased from 93 to 99. Charters have been granted to: 


Chicago— Western Delaware Valley 
Jackson, Michigan San Fernando Valley 
Vancouver Island Wilmington, Delaware 


It has been a real inspiration to me and the other members of the 
Board, to witness the unselfish efforts of our larger chapters in aiding 
the establishment of new chapters in their surrounding territories as the 
need for such branching out becomes evident. 

Final action will be taken at this meeting on changes in our Consti 
tution made necessary by experience, and the development of our 
Society. These changes clarify our classes of membership, provide in a 
more definite manner for new chapters, and set up the fiscal years of 
chapters in accordance with the best practices that have been developed. 
One important change is the provision for a new class of membership, 
Honorary Life Members, which permits the Society to recognize and 
honor men of prominence in the metals world. 

It should be a source of pride to all of us that our Treasurer's Report 
makes it evident that once again we are able to make substantial appro 
priations to our varied educational programs in our industry. While 
only one exposition fell within this calendar year, the excellent industry- 
acceptance of our magazine “Metal Progress,” and the skillful manage 
ment of our investments has provided us with funds to support our 
expanding activities. We are prepared financially to build our new head 
quarters, at the same time we are able to continue to build our Founda 
tion for Education and Research, and to contribute ever increasing 
amounts to educational efforts which are described in this report. 

We appreciate the support the metals industry has given our exposi- 
tion and periodicals, and we hope our efforts in the educational field 
will continue to justify that support. 

Notable among the activities of this year is the work of the Pension. 
Committee. This has resulted in a new Pension Plan which has been 
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approved by the Board of Trustees. The new plan is the product 
work with technical experts in the field of pensions, and is a practic: 
and attractive plan adapted to the Society’s plans for the future, ar 
its expanding staff. Inequities in the old plan have been remove: 
Present employees have been assured that they will not lose by th 
new plan, the pension they would get under the old plan remains i: 
effect until that under the new plan exceeds it. 

Of growing importance have been those activities of your Societ 
which have had to do with the problems of technical education. Th 
growing shortages of scientists, technicians, metallurgists, and engi 
neers of all descriptions has been a matter of concern to the officers of 
your Society for some time. General recognition of the seriousness o} 
this situation is apparent in the public press, in our magazines, and in 
industrial advertising. Those familiar with this situation recognize that 
the American Society for Metals has been in the forefront of those con 
tributing to the relief of this situation. 

While all of our work in expositions, meetings, and publications is 
directed towards education, and the dissemination of information, cer 
tain of our activities are aimed directly at the solution of the problem 
of shortages. These include: 

1. The Foundation for Education Research which is set up as an 
independent organization. All of its funds have been contributed 
to it by ASM. It has for several years granted a scholarship to 
every accredited college or University in the United States, 
teaching metallurgy. In addition to these, the Foundation sup 
ports fellowships, and is now collecting needed data on curricula 
in metallurgy. 


2. Through the National Science Teacher's Association we have 
financed Science Achievement Awards for scientific projects 
carried out by students in our secondary schools. 

3. We have rewarded outstanding young teachers in our colleges 


and universities by our Annual Teaching Award. 

}. Our correspondence courses and seminars organized as Steps 2 
and 3 of the ASM of Tomorrow have already been described. 

5. Our Advisory Committee on Metallurgical Education has re 
viewed the individual efforts of all of our chapters in this field, 
and is making known to them the variety of things they can do, 
and which have proven most effective in other chapters. 

6. We have for several years at our Metals Congress and Exposi- 
tion entertained students of metallurgy at the colleges in the 
surrounding area. 


7. We have circulated to our members the names of each year’s 
graduates in metallurgy or metallurgical engineering. 

8. We have financed visiting lectureships at our colleges and 

universities. 
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9, We have made and distributed film-strip and brochures on 
metallurgy as a career. 


Our Society has done much nationally to further the cause of metal 
rgical education. We must not overlook nor underestimate the work 
ir chapters have done and can do by working on this problem at the 
al level, in key with conditions in their communities. 

It was mentioned in last year’s Presidential Report that Past Presi 

ent George Roberts was Chairman of a Special Study Group studying 

the various programs for stimulating enrollment in engineering studies. 
Your retiring President now becomes a member of this Committee to 
represent ASM. 

During the year our Teaching Award Committee did a careful and 
necessary job in clarifying the rules of award for the Teaching Award, 
and the forms and correspondence that go with it. 

Che Advisory Committee on Metallurgical [ducation, under the 
Chairmanship of Trustee-elect George A. Fisher, Jr., collected and 
coordinated a vast amount of data on the efforts of individual chapters 
to further metallurgical information. 

Last vear, the retiring President reported the appointment of a spe 
cial committee under the chairmanship of William E. Mahin, charged 
with reviewing the present policy of the Society with regard to the 
publication of papers, and the programs of our conventions. That Com 
mittee did a most thorough and careful job. As a result of its work, the 
Board of Trustees has authorized certain changes which are or will 
be soon apparent. We feel our policy, as a result of this review is in 
accord with the needs of our members. It is decidedly healthy to take 
stock of our situation now and then. 

if technical papers are submitted and approved during the year, the 
publication and distribution of preprints will not be delayed until the 
time of the Metals Congress. They will be made available quarterly, 
and Metals Review will carry abstracts of them to aid in their selection. 
Increasing emphasis at the Metals Congress will be placed on meetings 
of the seminar or panel type. At these meetings comprehensive groups 
of the recognized authorities in the subject under discussion will be 
assembled to give prepared talks or engage in panel discussions. 

You will note the initiation of some of these innovations in this year’s 
National Metals Congress. You will note also our Awards Luncheon, 
and the new kind of program at our Banquet. All these are signs your 
Society is not static, is looking always for better ways of doing things. 
We hope you will enjoy the results of this work. 

| have long felt that the project started several years ago, whereby 
we sponsored a research project at Western Reserve University to test 
the feasibility of using computing-type equipment to the indexing and 
orrelating of metallurgical literature should be classified with the 
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five great projects of the ASM of Tomorrow. | am pleased to repo 
that it is progressing satisfactorily. 

Under the usual capable leadership of our National Secretary, plan 
tor the Second World Metallurgical Congress to be held in Chicag: 
November 2 to 8, 1957, are taking encouraging form. Already we ar 
assured of the support of industry in the United States. The list o} 
acceptances from other countries is a long and impressive one. Thi 
Secretary will have more to report on this subject. We can all loo! 
forward to a historical meeting. 

In the four years of its existence, ACTA METALLURGICA has become 
recognized as the world’s outstanding journal on the science of metals 
Our Society can take pride in the fact that its sponsorship made Acta 
possible, and that our support has carried it thus far. We are now 
pleased to welcome another sponsor, the American Institute of Mining, 
Metallurgical and Petroleum [engineers who will henceforth assum. 
a proportionate share of any acquired deficits. \WWe are gratified that 
AIMEE has recognized the worth of this journal, and hope that other 
sponsors may join with us in the future. 

The subscription list of AcTA METALLURGICA has continued to PTOW 
this year (from 1797 to 1840 subscribers ). Copies are sent to more than 
22 nations. The annual deficit continues to drop, and within a few years 
the magazine may well be self-supporting. 

A President cannot report without, at some point, having to record an 
element of regret. This vear our Society has lost, by death, two of its 
beloved Past Presidents. Oscar If. [larder was our President 15 years 
ago, in 1941. He has been in recent years an internationally-known con 
sultant on the staff of Battelle Memorial Institute. He passed away 
in Columbus, Ohio, on July 10, 19506. 

More recently William B. Coleman, in my city of Philadelphia suc 
cumbed after a long illness on September 30, 1956. Bill Coleman was 
President in 1933. Ile has for many years been President of his own 
Company, engaged in metallurgical engineering work and in testing 
materials. Both of these regular attendants at our Congresses will be 
missed. 

The National Metals Congress and [exposition held in Philadelphia 
in October 1955 must be included in this report. On this occasion, the 
President’s Medal was presented to James B. Austin, who was National 
President in 1954. The ASM Medal for the Advancement of Research 
was awarded to Roger Williams Strauss, Chairman of the Board ot 
Directors and Chief Executive Officer of the American Smelting and 
Refining Company. The Albert Sauveur Award was given to William 
justin Kroll, Consulting Metallurgist. The Gold Medal of the Society 
was awarded to Alfred L.. Boegehold of the General Motors Research 
Laboratory, a Past President of the Society. The Henry Marion Howe 
Medal was given to A. I. Nehrenberg and Peter Lillys for their paper 
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itled “High Temperature Transtormations in lerritic Stainless 

els Containing 17 to 25% Chromium,” adjudged the paper of high 

t merit published in the ASM TRrRANsActTIONs in 1954. The Campbell 

emorial Lecture was presented by Rk. Hl. Aborn, Director of funda 

ental Research Laboratory, United States Steel ¢ orporation, Kearny, 

w Jersey. The ASM Teaching Award went to Kenneth E. Rose of 

University of Kansas. Honorary Membership in the American So 
ty for Metals was given Paul 1). Merica, President of the Interna 
nal Nickel Company. .\ Special Award for Distinguished Service 
is given to the International Nickel Company, and was received by 
hn A. Marsh, Vice President and General Manager of the Operating 
epartment. 

\We have long enjoyed the fine cooperation of a number of other so 
ieties in making the National Metals Congress the outstanding metal 
urgical meeting of the vear. This year we are joined by the Institute 

Metals Division of the American Institute of Mining Metallurgical 
nd Petroleum I¢ngineers, by the American Welding Society, the So 
iety for Non-Destructive Testing, the Industrial Heating Equipment 
\ssociation, and the Special Libraries Association. The Metals Treating 
Institute has made it customary to meet just in advance of the Congress, 
0 its members can be on hand on opening day. Again we wish to thank 

the Atomic Energy Commission for its contribution to our program. 

| ieel a special debt of gratitude to those who work unselfishly to 
vive the seminars and educational courses offered at the time of the 
Congress. | hope they accept the large attendance at their meetings as 
their deserved award. 

he American Society for Metals is built on the labors of many peo 
ple. | have mentioned my appreciation of the hundreds of hard workers 
we have in our chapters. | want to thank the Officers of these Chapters 
for their great contributions during the past year. | know my successor 

can count again on their continued interest. 

| cannot fail to mention my appreciation of the work of the many 
conunittees called upon to do the work of the Society during the year. 
Members of these Committees have given freely of their time to come 
to Cleveland and work on your problems. Members of our Society are 
willing to do this to an unusual degree, absences are extremely rare, and 
| cannot help but be impressed by the real work done by these loyal 
members. 

Che Board of Trustees has been an unfailing inspiration to me. They 
have been untiring in doing their work thoroughly, and to the best in- 
terests of our Society. | want to thank all of them for their support, and 
particularly those who will not be with us next year. George A. Roberts 
served overtime this year as Past President and retiring Trustee. He 
was indispensable in helping with the solution of our headquarters. 
problem. He is a leader in the field of stimulating engineering education. 
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Retiring Trustee Crafts has been the guiding genius in our work j 
mechanizing metallurgical literature. Karl Fetters gave freely of hi 
time in our extended review of Cleveland real estate for our hea 
quarters, 

Your Board of Trustees has already met with and welcomed you 
newly elected officers, and I do so formally this morning. I feel the 
are already a part of us. 

| have mentioned my appreciation ot the privilege of travelling about 
the country with our National Secretary, Bill kisenman. Others hay 
praised his genius in organization, and creative imagination. | want 
to pay tribute to the warmth and breadth of his friendship. This, | think, 
is the basis for the universal love he has won. It’s about time son 
tribute to Mrs. Eisenman appeared in a Presidential Report. She, too, 
has contributed beyond belief to our Society. 

| should like to name names and cite achievements of the fine stafi 
that has been assembled at our Headquarters. | do not only because | 
am afraid | might be unfair by possible omissions. Let me say only this, 
the work of the President would be appalling were it not for the fin 
staff work that is done for him at Headquarters. 


TREASURER’S REPORT 


CLARENCE H. Loric, 7 reasure) 


OUR SOCIETY again had a successful financial year. Full details 
ee the fiscal operations of the Society for the year ending Au 
gust 31, 1956, are included in the attached report of the auditors. 

At the close of the fiscal year, the net assets of the American Society 
for Metals were $3,401,649.08, an increase of $397,876.33 for the 
period. Based on the carrying values of the securities, about 50% ot 
the assets, or $1,771,671.58, was in the form of bonds, stocks, and land 
trust certificates. The approximate market or redemption prices of 
these securities, including accrued interest on bonds, amounted to 
$2,378,980.49. Dividends and interest amounted to $103,336.85, which 
is 4.10% of the carrying value of all securities. 

The combined assets of the Chapters of ASM are approximatel) 
$327,000. 

Based on their approximate market prices, the percentage of com 
mon stocks invested in the funds of the Society was 50.3%, or 
$1,268,755.01. At the same time, 37.5% of the funds was in bonds, 
1.4% in land trust certificates, 0.8% in real estate, and 10.3% in cash 


Investments in the funds for building site and building, which are 


apart from the Society’s funds, had a carrying value of $781,154.69 
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otal assets in the funds tor building site and building were $773,190.31, 
nd in the Foundation tor Education and Research, $725,492.64 

\ condensed statement of income and expense for the fiscal year is 


follows: 


Income and Expenses—Fiscal Year Ended August 31, 1956 


Income $1,963.058.3 4 
; ke xpense re ee 1,483,326.15 
Net Income $479 73215 


Income appropriated as authorized by 
the Board of Trustees 


For educational purposes ; $ 107,466.82 

For building site and buildine 372,265.35 

lotal appropriations . . $479,732.17 
Lnappropriated net income $000,000.00 


I’xpressed in terms of percentage of total income, the approximate 
income from the various activities of the Society and the disbursements 
{ income are tabulated as follows: 


ASM Income and Its Disposition—Fiscal Year Ended August 31, 1956 





Income (9%) Outgo (%) 
Metal Progress 44.7 35.0 
Metal Exposition 22.7 10.2 
Memberships (net) 9.0) 3.5 
Disposal of securities 5.2 
Dividends and interest 9.2 
Books 32 4 2 
Metals Review aA 5.0 
Metals Handbook and Supplement 3.4 2.4 
Review of Metal Literature 1.0 0.7 
lransactions 0.6 2./ 
General and Administrative 9.9 
Other ().9 1.9 
100.0 75.5 
\ppropriations 24.5 
100.0 100. 
‘ Of the total income, receipts from METAL ProGress, the Metal Ex 
position in Philadelphia, and Memberships (net) accounted for about 
3 77 per cent. Percentagewise the income from METAL PRoGREss was 3% 
; higher this year than in the preceding year. Approximately half of the 
3 total expense was for METAL Procress, the Metal Exposition in Phila 


delphia, and Memberships. The gross dues from Memberships were 
$297 342.89, of which $124,615.01 was returned to the local chapters. 
Uhe net income was 24.5% of total income, or $479,732.17. This was 
$28,663.82 more than the net income for the preceding year. All of the 
net income for the year was appropriated for education purposes, and 
tor the building site and building. 
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\ppropriations tor 1956 trom net income are as follows: 


\cta Metallurgica $ 5,800.00 
Teaching Award 2,500.00 
Chapter Educational Activities $463.38 
World Metallurgical Congress 25,000.00 
science Award Program 15,000.00 
Visiting Lectureships 703.44 
Mechanical Literature Searching 15,000.00 
Metals Handbook Revision 30,000.00 
Building Fund 372,265.35 
(;rant to American Society for Metals 
foundation for Education and Research 5,000.00 
lotal $479,732.17 


\s in previous vears, the Society has had a good year incomewise 
The successful operation of the Society year after year is a tribute to the 
leadership, skill, and good management of Secretary [Kisenman. Your 
lreasurer would like to acknowledge with thanks the kind assistance 
and cooperation received from the members of the staff of the Society 
and for a job well done. He is especially indebted to Secretary [isen 
man, Assistant Treasurer A. A. Hess, Trust Officers, Messrs. W. W 
Horner and A. W. Marten of the Cleveland Trust Company, and the 
Board of Trustees for the helpful advice and guidance of which they 


rave so generously ‘ 


Board of ‘Trustees, 

\merican Society 
for Metals, 

Cleveland, Ohio 


We have examined the balance sheet of American Society tor Metals as of 
\ugust 31, 1956, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with generally 
accepted auditing standards, and accordingly included such tests of the accounting 
records and such other auditing procedures as we considered necessary in the 
circumstances 

In our opinion, the accompanying balance sheet and statement of income and 
expenses present fairly the financial position of American Society for Metals 
at August 31, 1956, and the results of its operations for the year then ended, in 
conformity with generally accepted accounting principles applied on a_ basis 
consistent with that of the preceding year. 

ERNST & ERNST 
Certified Public Accountants 
Cleveland, Ohio 
September 24, 1956 


BALANCE SHEET 


AMERICAN SOCIETY FOR METALS 
August 31, 1956 


ASSETS 


CASH péeeeenees . $ 154,558.14 


SECURITIES (approximate market or redemption 
prices aggregate $2,378,980.49) 


Bonds, stocks, and land trust certificates 
at cost sees : $1,762,485.42 
\ccrued interest 9,186.16 1,771,6 
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STATEMENT OF INCOME AND EXPENSES 


AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1956 


INCOME 
Metal Progress——monthly publicatior $ &877.946-¢ 
National Metal Exposition— Philadelphi October, 1955 $144,648 ¢ 
Memberships : 173,290.¢ 
Gain on disposal of securities 104,443 
Diy dend ind interest earned 103,336.8 
Books sold 102,004 
The Metals Review monthly publication $2.79 
Metal Handbook sales. . 19.4 
Metals Handbook Supplement 26,963 
Review of Metal Literature . 19,526 
lransactions sales ‘ ‘ 11,013.¢ 
(,eneral reprints : 9,624 
Sundry iles, ete 5.754. 
Increment in cash value and dividends 
on hte imsurances 7 
Discount earned ; Lon 
Sale of purchase | books 347.8 
TOTAL INCOME $1,963,058 
EXPENSES 
Metal Progress—monthly publication $687,028.89 
National Metal Exposition—-Philadelphia-—October, 1955 199,826.49 
The Metals Review —-monthly publication ; 98,206.10 
(;eneral expenses 83,663.24 
Rooks published 82,064.66 
Memberships 70,277.32 
Transactions 1,281.24 
Secretary's office 10,369.66 
Metals Handbook $6,968.91 
\ccounting department 27,395.11 
Headquarters 18,764.98 
Transfer of net interest income to fund 
tor building site and building 19,542.69 
Warehouse 14,371.45 
Review of Metal Literature 13,313.20 
Metals Handbook Supplement 10,515.70 
National committees 9,309.38 
President's office : ; 7,286.28 
Trustees . $.621 52 
Medals, awards, and lectures 2,439.21 
Lech books 1,433 17 
Miscellaneous merchandise 977.51 
Library $88.11 
Metal Progress—-special issue ; 181.03 
TOTAL EXPENSES 1,483,326.15 
NET INCOME-——Note A : $ 479,732.1 
Income appropriated as authorized by the Board of Trustees 
For educational purposes ; és $107,466.82 
For building ; 372,265.35 $79,732.1 
UNAPPROPRIATED NET INCOME $ (0) 


Note A-—-In addition to expenses shown above, expenditures in the amount of $128,248.1 
were made during the year from prior years’ appropriations (see accompanying statement) 


STATEMENT OF APPROPRIATED INCOME 


AMERICAN SOCIETY FOR METALS 


5 
Year ended August 31, 1956 
INCOME APPROPRIATED FOR BUILDING SITE AND BUILDING 
Balance September 1, 1955. 5 $ 50,49 j 
Add amount appropriated during year ‘ $372,265.35 
Transfer of unexpended balance in appropriation a - 
for building site committee oa ; 3,176.88 375,442.23 
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BALANCE AUGUS1 


OME APPROPRIATED FOR EDUCA 
riONAL PURPOSES 


Sept mber 


xpenditures during year 

Rey n t Metals Handbook $30,000.0 
\.S.M. Foundation tor Education and Researcl 5.00 
World Metallurg il Congress 15,832.65 
Sciem iward program 15.00 
Mechanical lteraturs searching 15,000.00 
Acta Metallurgica 10,800.00 
Chapter educational courses 8.463 
Visiting lectureships 203.44 
beac ims iwaras | pc 
Building site committe 1. 


ste f unexpended balance in appropriation 
r building site committee to appropriation f 


nd building S176 


f 


mount appropriated during veat 10° 


BALANCE AUGUS'I $162.34 


1956 ANNUAL REPORT OF THE SECRETARY 


WittiAm H. EIseENMAN, Secretary 


_ \merican Society for Metals on October 1, 1956 had _a total 
membership of 20,868, a gain of 1,618 members since last October. 

Oi this number 22,870 are regular members, 1441 are student mem- 
bers, 2405 are sustaining members, 95 are honorary and life members 
ind 57 are in the armed forces. 


PUBLICATIONS COM MITTEI 


Seventeen persons constitute the membership of the Publications 
Committee for 1956, under the chairmanship of Dennis J. Carney, 
United States Steel Corp., Chicago. The members of the Committee 
and their Chapter affiliation are: Howard S. Avery, New York; G. W. 
Birdsall, Louisville; R. D. Chapman, Detroit; H. J. Elmendorf, Wor 
cester ; George H. Enzian, Pittsburgh; G. A. Fritzlen, Purdue; Dan 
iel |. Girardi, Canton- Massillon; H. Y. Hunsicker, Cleveland ; Robert I. 
Jatfee, Columbus ; Joseph F. Libsch, Lehigh Valley ; W.D. Manly, Oak 
Kidge ; Paul G. Nelson, Philadelphia ; Peter Payson, Pittsburgh; W. A. 
Reich, Detroit; James L. Wyatt, Cleveland and Ray T. Bayless, Sec 
retary, Cleveland. 

During the year the Committee has reviewed 95 papers. Of this num 
ber 44 papers were approved for publication in TRANSAcTIONS, 40 of 
which were selected for presentation at the October National Metal 
Congress and 4 for publication in TRANSACTIONS only. Fifty-one papers 
were not approved for publication and returned to authors. A few of 
these may be revised according to Committee suggestions and returned 
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to the Society for re-review. Eleven papers are now in the process ot 
PevVviIcw 
Phe Publications Committee held one formal meeting on May 28 


and LY, 


1956, at which time the final arrangements for the technical 
program at this Convention were made. 


ISpUCATIONAL COM MITTEI 


Che [educational Committee for the year 1956 was composed of thi 
lollowing personnel: W. T. Lankford, Monroeville, Chairman; D. | 
Blickwede, Beth'ehem; Richard Doughton, Pittsburgh; RK. S. Guinan, 
Rochester; Scott Llenry, Milwaukee; M. R. Meyerson, Washington, 
D.C.; D. Hl. Ruhnke, Massillon; A. U. Seybolt, Schenectady; H. | 
Smuth, Loutsville and Ray T. Bayless, Secretary, Cleveland. 

Phis Committee held one formal meeting on May 18, 1956 at which 
time the educational lectures for this Convention were discussed and the 


lectures for the 1957 Convention were arranged. These lectures are: 
1956 


live Lectures on “The l¢ffect of Residual Elements on 
the Properties of Metals” by earl R. Parker, University of 
Califormia; lk. N. Rhines, Carnegie Institute of Technology ; 
lames W. Halley, Inland Steel Company; J. H. Scatf, Bell 
Pelephone Laboratories and D). J. McPherson, Armour Ke 
search Foundation 

live Lectures on “Factors Affecting the Fatigue lndut 
ance of Carburized Steel” by J. B. Bidwell, W. S. Coleman, 
\l. Simpson, R. L.. Mattson, |. G. Roberts, G. H. Robinson 
and R. FF. Thomson all associated with the General Motors 
Corporation Research Department. 


1957 
“Precipitation Hardening’ was selected as the general 


subject and Richard Doughton was appointed coordinator. 


Kk pDUCATIONAL FILMS 
It is interesting to know that the 3 different films produced under the 
guidance of the Educational Committee have had a remarkable usage 
hy the Chapters and other educational groups 


Metal (rvSteis .....ccceeees S31 times 
lron-Carbon Alloys ..... _. 411 times 
lleat Treatment of Steel ..... 58 times 


No plans were laid for additional or future motion pictures produced 
as an ASM activity under this committee. 
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HANDBOOK COMMITTE! 


since publication ot the 1954 and 1955 Supplements, the Metal 

ndbook Committee and stati have devoted their attention to 1 Wn 
ng and organizing the next complete MreTraLs HANpDBOOK, the &th edi 
in, which will be published in two or more volumes, successively. Th 
rst volume, Properties and Selection of Metals, is now in preparation 
y author committees, of which 24 ( with 314 members ) have held meet 
ngs during the past vear. Information on processing, fabrication, test 
ng and inspection will be dealt with by other committees after the first 
olume is completed. 


SPECIAL LIBRARIES ASSOCIATION 


the Metals Division of Special Libraries .\ssociation is holding its 
nnual fall meeting in conjunction with the National Metal Congress 
or the seventh consecutive year. The technical sessions on the 3-day 


program feature the literature of atomic energy for industrial purposes, 


ind the ASM mechanized literature searching project. The other two 


days will be occupied with field trips to local metallurgical libraries and 


plants 

The Metals Division 1s also operating a booth at the Metal Show 
which is designed as a miniature technical library and manned by 
trained personnel to demonstrate the services provided hy Special Ly 
braries. 

MECHANIZED LITERATURE SEARCHING 

Che ASM project for a pilot scale test of mechanized searching ot 
the metallurgical literature, being carried out by the Center for Docu 
mentation and Communication Research at Western Reserve Univer 
sity under contract to ASM, began on November 15, 1955. The ASM 
\dvisory Committee on Mechanized Literature Searching (D. C 
Lliltv, Metals Research Laboratory, Electro Metallurgical Co., chai 
man) has maintained close contact with the project since its inception, 
and held one formal meeting during the year on July 19, 1956. The 
conunittee was pleased to report that the project was proceeding satis 
tactorily, and recommended that the contract for the pilot plant experi 
ment be renewed for a second year. 

lhe goal of 3000 encoded abstracts set as the objective of the first 
vear's work has been attained and limited testing of the system has 
begun. A demonstration of the system on specially designed mechanized 
equipment developed at Western Reserve University is currently being 
exhibited at the National Metal Exposition. A paper describing the 
system will be presented by Allen Kent, associate director of the Center 
tor Documentation and Communication Research, before a meeting 
ot the Metals Division of Special Libraries Association on Thursday 
morning of this week at the Public Auditorium. 
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‘TRANSACTIONS 


Since the last National Metal Congress, Vol. 48 and Vol. 48A of the 
TRANSACTIONS were published and distributed in May to those in ou 
membership who requested them. Vol. 48 totals 1O80 pages and con 
tains 51 technical papers and their discussions. It contains all of the 
papers that were presented at the 1955 Convention held in Philadelphia, 
together with 12 interim papers. The president's, secretary's and treas 
urer’s reports for 1955 and other current items of record were included 
in Vol. 48 together with a report of the 1955 Convention. 

Vol. 48A contains 12 papers (382 pages) presented at the Seminar 
on “Theory of Alloy Phases” held on Saturday and Sunday, October 15 
and 16, 1955, during the National Metal Congress and [exposition in 
Philadelphia. This Seminar was sponsored by the American Society 
for Metals, the subject being selected by a committee appointed by the 
Board of Trustees. The personnel of this committee was : O. T. Marzke, 
Chairman; B. Averbach, P. A. Beck, Bruce Chalmers, R. L.. Cunning 
ham, John C. Fisher, Eric Jette, FE. S. Machlin, R. Maddin, Arthur S 
Nowick, Thornton Read, Jr. and Frederick Seitz. The preparation and 
coordination of the series of subjects and solicitation of authors was 
conducted by P. A. Beck. 


PREPRINTS OF CONVENTION PAPERS 

The Publications Committee selected forty papers from a total of 95 
for presentation at this convention. These papers were preprinted and 
distributed to members of the Society. The total number of pages in 
this series of preprints is 869. 

In addition, four papers were selected by the Publications Committee 
for publication in TRANSACTIONS only. These papers were preprinted 
and distributed to members of the Society. The total number of pages 
in this series of preprints is 74. 

The grand total of preprint pages for 1956 therefore 1s 943 pages. 
\pproximately 52,000 preprint copies were distributed free to members 
who had requested them. 


MrTAL PROGRESS 

In the 12 monthly issues of fiscal 1956 your engineering magazine 
published 894 pages of text matter and 1857 pages of revenue adver- 
tising. Circulation to members of the Society plus paid subscriptions 
totalled 26,717 according to the last report of the Audit Bureau of Cir- 
culations ( June 30, 1956). All of these figures compare favorably with 
those for the past few years. 

1956 started with the September 1955 issue which celebrated the 
25th anniversary. No less than 17 articles were contributed by experts 
in as many branches of the science and art of Metallurgy, describing in 
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eral terms the present status, how we reached that position, and 
further progress we might reasonably expect in the next few years 
e thanks of the Society are due to these men who contributed of their 
wledge and time—as indeed ts true of the scores of authors in the 
her issues as they appeared month by month 
January issue was the fourth annual international review of progress 
metallurgy with 13 articles from abroad, each an account in some 
tail of a notable advance in practice as made recently in the author's 
mitry. This method ot handling a general review is believed to by 
que and of importance to day-by-day operations in American in 
ustr\ 
Several noteworthy series of articles have appeared in Mrrar Prog 
ss during the past twelve months. Among these are the many papers 
bout modern heat treating equipment. Several of them originating in 
cooperating group, the Industrial Heating equipment Association 
\nother series on Powder Metallurgy in Atomic Energy broke into 
irgin territory. Several papers describing recent accidents to large 
rgings and methods of avoiding their recurrence were published since 
the turn of the year. Coverage of new and interesting aspects of surface 
coatings and ot welding metallurgy has been continued and will be a 
celerated in the future 


METALS REVIEW 


During the twelve months from October 1955 through September 
1956, Metats Review published a total of 740 pages, an increase o!| 
IOS pages over the total for the previous year. Of these 740 pages, 341, 
r 460°, were devoted to ASM Review of Metal Literature, 274 pages 
or 37% , were devoted to chapter activities, membership activities and 
headquarters news, and 125 pages, or 17%, were devoted to the Em 
ployment Service Bureau, an increase of 39 pages of advertising ovet 
the previous year. 

Special features which were repeated were the Junior \Mlembers 
Placement Service in the February issue, in which 128 personal resumes 
of graduating students were printed, the Metallurgical News and De 
velopment section, and the Meet Your Chapter Chairman column. The 
June issue carried the Proposed Constitution Changes which are to be 
voted upon during this vear’s annual meeting. 

lhe monthly Review of Metal Literature was again correlated into 
the 12th bound volume, carrying a total of 7463 annotations and 732 


pages 


) 
Books 


During the past fiscal vear 35,183 books published by the Society 
were sold to members of the Society and others. This figure includes 
l8oO ASM Metats Hanppsooks, 1930 Metats HANDBOOK SuPPLi 
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MENTS printed in July 1954, 3894 MretraLts HANDBOOK SUPPLEMENT 
printed in August 1955 and 3107 TRANSACTIONS. 
During this period 5 titles were added to the publication list. The 

are : 

IXmbrittlement of Metals 

Review of Metal Literature, Vol. 12 

‘Temperature Measurements 

Theory of Alloy Phases, 18 Authors 

‘Transactions, Vol. 48 


SEMINAR ON CREEP AND RECOVERY 

The Seminar on Creep and Recovery this year was indeed an out 
standing success in every respect. It was arranged into five sessions, 
three on Saturday and two on Sunday with the meeting room filled to 
capacity. This interest is a great compliment to the Committee and espe 
cially to the authors who presented their subject matter so splendidly. 

The Seminar Committee on arrangements corisisted of the following 
personnel: P. A. Beck, Chairman, Peoria; B. L. Averbach, Boston ; 
M. B. Bever, Boston; Bruce Chalmers, Boston; R. L. Cunningham, 
Ottawa Valley; Pol Duwez, Los Angeles; John Fisher, Eastern New 
York; E. R. Jette, Los Alamos; J. S. Koehler, Peoria; R. Maddin, 
Philadelphia; O. T. Marzke, Washington; A. S. Nowick, New Haven 
and Thornton Read, New Jersey. The preparation and coordination 
of the series of subjects and solicitation of the speakers were under the 
direction of Robert Maddin. 


ASM ScieNcCE ACHIEVEMENT AWARDS 


rom every state, the District of Columbia, from Panama, Puerto 
Rico and from Canada, a total of 2113 young Junior and Senior High 
School students in Public, Private and Parochial Schools completed 
all kinds of Science projects and submitted them to regional judging 
committees in the 1956 Science Achievement Awards program, spon 
sored by ASM. 

It was not alone a program of size; the results have permanently re 
corded it as an important undertaking, with outstanding benefits. 

Of the 2113 entries mentioned, 68 were special projects or investiga 
tions covering the field of metals. These special entries were judged 
by a select committee of eminent Scientists and Researchers—after they 
had been considered by the regional groups. In many instances two 
awards were made, one for the best in the regional classification and 
also the special metals award of $100.00 in U.S. Bonds. Twenty winners 
were declared in the $100.00 special metals category. ASM annually 
sets aside $15,000 to cover its sponsorship of this program. 


\ total of 1056 young students, in grades from 7 through 12 received 
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enition—140 being awarded U.S. Bonds. The remaining winners 
ived certificates of merit and achievement. 

e winning entries in the 1956 Science Achievement program rep 

ented a total of 135 different schools Special \ward Plaques were 
pared and sent to each of these schools. A total of 304 Schools in 43 
tes. the District of Columbia, Panama, Puerto Rico and Canada 
eived citation Awards. 
In carrying forward the administrative details of this year’s ASM 
ience Achievement Awards, the Future Scientists of America divi 
n of the National Science Teachers Association sent out 65,000 an 
incements and 22,816 entry cards and personal data sheets. Many 
SM Chapters also distributed announcements in their local areas. 

It is believed that over 100,000 students, teachers, career counselors, 
chool principals and school officials were keenly aware of the ASM 
Science Achievement Awards program this year. The high point of 
he program has been the Award ceremonies, where entire school en 

iment have witnessed the presentation of U.S. Bonds, Certificates, 
Plaques and special Awards. 

\SM has been ably represented at each of these ceremonies through 

he splendid efforts of ASM Chapters, working closely with the Science 
] 


teacher responsible tor the contestant’s planning, his or her research 


nd the final organization of material. A great deal of interest, atten 


STATISTICAL Report 1956 ASM PROGRAM OF SCIEN( \CHIEVEMEN1 
\WARDS FOR STUDENTS 


\nnouncement and rules fliers distributed ; tievecves eee 
kequests for entry materials 6s ee 1,825 
I-ntry cards and personal data sheets distributed 22.816 
Student entries completed (by regions).... 
Region 1 205 5 539 
2 340 6 205 
3 203 / 322 
4 QO R 200 A440 
Number of schools receiving plaques..... . : ; 135 
Number of students receiving pins, bonds and certificates. . Dhan 1,056 
Number of students receiving Honorable Mention certificates ane 956 
Number of students competing for Special metals awards of $100 68 


leachers involved (by regions ) 


Region 1 40) 5 SY 
2 126 6 5] 
3 49 7 68 
4 46 s Oe ‘gin os cee 
ards were presented in 304 schools in 43 states as well as 
District of Columbia Puerto Rico 
Panama Canada 





1954 
otal Teacher Sponsors of H.M. and Award Winners 392 223 209 
lime winners: 33 2-Time winners: 68 lst-Timers: 29] 
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tion and work has been given by ASM Chapters to the entire program 

Deserved credit also goes to the scores of individuals, giving freely 
and willingly their time from important jobs in industry, business and 
education, who have served as judges in the various regions and who 
have contributed so much toward the program's success. Their time and 
effort has given the Awards the needed factor of local interest and pride 
without losing the larger National interest of the Society. 


ASM VisitTiInG LECTURESHIPS 

The 1955-56 Visiting Lectureship schedule began January 18, 1956 
and closed on May 21, 1956. Nine lectureships were completed by eight 
lecturers. Bruce Chalmers of Harvard filled lectureship dates at both 
Penn State and Minnesota. 

The schedule was as follows: University: of Pennsylvania—B. |. 
\verbach ; Nova Scotia Technical College—J. U. Mackwan; Univer 
sity of Cincinnati—I. IX. Stansbury ; University of Wisconsin—W. S 
Pellini; Missouri School of Mines—L. M. Pidgeon; Illinois Institute 
ot Technology Dr. Walter Boas ; University of Notre Dame Morris 
Cohen; Penn State University—Bruce Chalmers; University of Min 
nesota—Bruce Chalmers. 

Total expense, including honorariums, $2,668.44. Total contribu 
tions—ranging from $25.00 to $62.00—was $327.00. Net expense to 
ASM—$2,341.44. 

Application blanks for 1956-57 have been mailed to all schools with 
degree courses in metallurgy. 


NATIONAL METAL CONGRESS 

The Metal Congress this year has surpassed in added features. 
A number of new and interesting events have been added. It is the 
hope of the Society to be able to increase the interest in the Congress 
to the thousands of visitors who are in attendance at the annual con 
vention. 

While it is granted the Seminars, the technical sessions of the Society 
and the educational lectures are splendidly attended, nevertheless the 
new type of panel session on trial tomorrow (Thursday) at the Ball 
room of the Public Auditorium, has tremendous possibility of creating 
a widening field of interest so that there will be more sessions of broad 
appeal to the thousands who attend the Congress. 


NATIONAL METAL EXPOSITION 


National Metal Exposition has exceeded all previous expositions ; 
in fact, this is the largest exposition to visit Cleveland, as there is not 
one inch of unoccupied space. We believe the exposition this year ranks 





first in attractiveness, first in interest from the many items and devices 













































SECRET 





LRY'’S REPORT 3] 


¢ presented for the first time. We are happy to feel that the Con 


Sebi: 


ss is considered and reported by all as being the kick-off for the 
‘ing industrial year, which has always had its initial impetus at the 
ie of the Metal Show. 

\Ve certainly wish to express our appreciation for the cooperation 
the various societies, associations and exhibitors for the success of 
is Metals Engineering Week. 


VOCATIONAL EDUCATION COM MITTEI 


len state vocational administrations have cooperated with ASM in 

summer teacher-training sessions. New York, Pennsylvania, Kan 

is, and Illinois have held two or more sessions based upon the ASM 
rogram. 

It seems definite now that state administrations are reluctant to take 
hold of this educational item, mainly because it involves curricula ad 
ustments. There have been no direct comments on this from state voca 
tional directors, although in private conversation this feeling has been 
expressed. 

The two most successful programs during the past four years have 
been in Philadelphia and North Carolina. Although the Philadelphia 
sessions were sponsored by the state administration, a substantial 
umount of responsibility was assumed by the University of Pennsy] 
vania and the Philadelphia ASM Chapter. The North Carolina sessions 
were not sponsored by the state administration, but rather by the Caro 
lina’s Chapter ASM and the North Carolina State College. 

In the two instances cited above, curricula adjustments did not 
involve political standards or preferences, and thus were easily made 
and readily adaptable to the needs of skilled trade teaching. 

The Commiittee’s future concern will be to introduce Metals Tech 
nology training into the curricula of the technical institutes. Where the 
matter of standardized subjects is not as important as the flexibility and 
the adaptability of technical subjects to the needs of skilled trade train 
ing, the technical institutes are, for the most part, favorably inclined 
toward the idea of introducing Metals Technology into the curricula 
of skilled trade training. The Committee has made a survey of technical 

: institutes, and has received replies from twenty schools which express 
a willingness to accept the ASM program of teacher-training. 

4 rom the survey sheets on hand it would seem that many of these 
technical institutes will be ready for the ASM teacher-training program 
tor 1957. All committee members have copies of these survey sheets 
and have been asked to make their own analysis and recommendations 
looking toward the 1957 participation of technical institutes. 


siliet ss 


Only two summer sessions for vocational teacher-training were held 
§ during 1956—Philadelphia and North Carolina, previously mentioned. 
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METALLOGRAPHIC [E-XHIBI1 


The twelfth annual ASM Metallographic Exhibit, currently on dis 
play at the National Metal Exposition in Public Auditorium, has beer 
dressed up this year with new lightweight panels which make for a mor: 
adaptable and artistic display. 

As soon as the exhibit at the Metal Show is dismantled, the priz 
winning entries will be assembled in a Traveling Micrograph Gallery 
tor shipment to ASM chapters and engineering schools during the com 
ing winter season. A full circuit has been planned, and many of thi 
chapters are correlating their programs so as to include a talk on some 
phase metallography on the evening the traveling exhibit is scheduled 

This is the third year for this traveling exhibit. During the last chap 
ter season the exhibit was displayed before 11 chapters and 10 eng 


neering schools. 


ASM CoMMITTEE ON LITERATURE CLASSIFICATION 

The purpose of this committee, which was organized in May 1955 
with Frank T. Sisco, director of the Engineering Foundation as chair 
man, is to review, revise and expand the ASM-SLA Classification oi 
Metallurgical Literature. The committee has held eight meetings sinc 
that date and expects to complete the work by the end of the current 
vear. The first edition of the classification, published in 1950, is now 
completely exhausted and present plans are to have the revised edition 
ready for distribution in the spring of 1957. 

The revised edition will represent the combined etforts of the 13 
members of the committee and nearly 100 individuals and groups rep 
resenting various branches of metallurgical science and technology, who 
served as “expert” consultants. The committee has also taken steps to 
promote the use of the classification both in this country and abroad, 
and has been particularly assisted in this effort by the bibliographic 
committee of the Italian Association of Metallurgy. 


ASM METALLURGICAL SEMINARS 


This phase of ASM’s educational plans is intended for senior metal 
lurgists. There is a definite need for high level group meetings to dis 
cuss the latest theories and experiments, published and unpublished, 
so that the most advanced thinking can be widely disseminated. 

Information is being gathered concerning proposed scope, interests 
of ASM members, academic level, and details pertaining to seminar 
operation. Full activation must necessarily await construction of the new 
Seminar buildings, which will contain meeting rooms, as well as dining 
and dormitory facilities. (A few experimental sessions are being 
planned so that full scale operation may develop with a maximum of 
efficiency. ) 
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MrtraALs ENGINEERING INSTITUT 


Che time is rapidly approaching when enrollment privileges will be 





tended to many hopeful correspondence students who are already 
wiring about the kick-off date, details ot operation, fees, and registra 
qualifications. The next few months will see the baptism of the 
|, when its first group of courses will become available to the publi 
(hese courses have been carefully written by the best metallurgical 
ent the ASM could find. The texts have been distributed to industrial 
perts for critical review, as well as to university faculty members who 
e been recipients of ASM awards for the teaching of metallurgy 
rts of several courses have already been printed in quantity, and the 
i<1 staff is developing a “tlow system” to process inquiries and en 
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Ilments. Counsel will also be provided to industry for in-plant training 


iM 


rove Talis 

In March, 1957, as an additional operation, the MIL will offer its 
litanium course in the form of an intensive five-day conference in Los 
\ngeles, during the week of the Western Metal Congress. 

Che Mil looks forward to being of real service to individuals and to 
uning departments of industrial organizations who have need for 
netallurgical education through home study or in-plant advancement 


programs, 


; SECOND WorLD METALLURGICAL CONGRESS 
formal announcement 1s being made at this time for the holding of 
the Second World Metallurgical Congress in Chicago on November 2 
through 8, 1957, simultaneously with the 39th National Metal Congress 
ind [-xposition, As was the case in the First World Metallurgical Con 
3 eress held in Detroit in 1951, the ASM will be the sole sponsor of this 
i world event. The purpose of the Second World Metallurgical Congress 
: will be : 
1. ‘To share scientific knowledge and technical and business “know 
: how” by planned plant inspections, and informal discussions. 
4 2. To interchange technical and scientific knowledge. 
3. ‘To participate in week-long meetings at top scientific levels in 
a 


the metals industry at the National Metal Congress and [-xposi 


% tion, 


4 +. To confer, discuss and exchange latest information, knowl 
: edge and techniques in respective fields of metal fabrication. 

i >. ‘To counsel and discuss conservation, utilization and substitu 
1 tion for strategic metals. 


6. To cement friendship and good will by business and _ social 
gatherings in various American cities. 


\gain, as in 1951, Dr. Zay Jeffries has been appointed Director Gen 
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eral of the Second Congress and will have as his assistant Mr. Kings| 
Given, who served ina similar capacity in the first Congress. The Seer: 
tary General will be the Secretary of the ASM. The conferees will 
on the top level technologists actively engaged in some phase of t! 
metals industry, both ferrous and nonferrous. 

The conferees will meet in New York City on Saturday, October 1! 
leach conferee will indicate in advance a choice of one of nine group 
according to his predominant interests. Each of these groups will the: 
proceed on a guided tour for two weeks during which important plant 
Institutions and operations will be visited and local conferences held 

Qn arrival in Chicago on Saturday, November 2 the last eight day 
of each tour will be spent at the National Metal Congress and Expos 
tion and session of the Second World Metallurgical Congress convening 
in Chicago. 

Conferees will be grouped in the following divisions of the metal 
industry : 

1. Steelmaking and Refining 
Nonferrous Refining and Fabrication 
ferrous Fabrication ( Machining, Forming, Finishing ) 
Heat Treatment 
\elding and Joining 
6. Inspection and Testing 


tm te Ww IQ 


Management Problems in the Metals Industry 


N 


XK 


I<ducation and Research (Private Industry, Government Bu 
reaus, Educational Institutions, and Foundations and Researe!l 
Institutes ) 

9. Metallurgical Aspects of Atomic Energy 


While this is the first public announcement of the Second \World 
Metallurgical Congress in America, the information concerning it has 
heen very widely distributed through the ambassadors of the invited 
countries, as well as information sent to the American ambassador 1n 
these overseas countries, and to all commercial attaches of the embassies 
and consular service. Invitations have been extended to technical so 
cieties which in turn are distributing the invitations to their member 
ship. We have received a fine cooperation and help in the distribution 
of information relative to the Congress. To date, some 300 overseas 
conferees from 28 countries have indicated their intention to participat 
in this Congress, and the distribution of invitations has not vet been 
completed. 

\s an indication of the interest of our overseas friends, the largest 
number of conferees have been as follows: 
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Netherlands a re i eens 14 
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j rs have been received from Argentina, Australia, Austria, Brazil. 
; ark, Egypt, Finland, Greece, India, Indonesia, Italy. Liechten 
Luxembourg, Mexico, Norway, Peru, Spain, Turkey, Union o| 

th Africa, and Yugoslavia. 
he choice of the group each conteree selected has been very nm 
ting. Education and Research have the largest number of enrollees 
6—while Nonferrous Refining and Fabrication have 50: Steelmak 
nd Refining have 47. The Metallurgical \spects of Atomic Energy 

lrawn 34 guests. 

\t the rate the applications to be conferees have been received, we 
eve there will be approximately 500 overseas conferees. Some 750 
hers of the Society will be invited to be the counterparts ot the 
ting conferees. The sessions of the \W orld Congress will be held in 
Sherman Hotel, which will be International Headquarters in Chi 
(he members of the Society will be continuously informed of the 
gress of the World Congress and already many assurances of a 
esire to cooperate and serve as counterparts have been received from 


e \SM Membership. 


SPECIAL ENGINEERING ProGRAM CoMMITTE] 


\t the August 17, 1956 meeting of the Board of Trustees a new 
tanding committee was created and appointed by the Board. This 
mmittee will immediately become active and is composed of the fol 
wing persons: George A. Roberts, Chairman; Paul Nelson. Phila 

delphia; J. C. Hodge, Cleveland; FE. C. Blocks, Chicago: Albert R. 
Mead, New York; I. E. Thum, Cleveland ; Taylor Lyman, Cleveland 
nd Ray T. Bayless, Secretary, Cleveland. 


American Society for Metals 
Foundation for Education and Research 


Annual Report of the President 
GEORGE A. Roperts, President 


HIS report covers the twelve months from September 1, 1955 to 
\ugust 31, 1956, During this period the Trustees have continued 
le policy of concentrating on support for metallurgical education. As 
‘ in earlier years, an undergraduate scholarship of $400 was awarded 


t] 


: each college in the United States and Canada having a day-school 
legree course in metallurgy or metallurgical engineering. The list of 
‘ uch colleges was again carefully reviewed and a total of 49 such 
4 hi ; 


larships were granted to the following schools: 




































lhe following 1s 
with the scholarship winners : 


Sx hool 
University of 
\labama 
( niversity of 
\rizona 
University of 
Br. Columbia 


University of 
California 
Carnegie Inst. 
of Tech. 


Case Inst. 
of Tech. 
University of 
Cincinnati 
( olorado 
School of 
Mines 
(Columbia 
University 


Cornell 
University 


Drexel Inst. 
of Tech. 


Illinois Inst. 
of Tech. 
University of 
Llinois 
University of 
Kansas 
University of 
Kentucky 
lafayette 
College 
Universite 
Laval 


Lehigh 
University 


Massachusetts 
Inst. of Tech. 
Michigan Col 
lege of Mines 
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l_ocation 
University, 
Ala. 
‘Tucson, 
\rizona 
Vancouver, 
mx 


Berkeley, 
Calif. 

Pittsburgh, 
Pa. 


Cleveland, 
Ohio 
Cincinnati, 
( Yhio 
Golden, Colo. 


New York, 
ms We 


Ithaca, N. Y. 


Philadelphia, 
Pa. 


Chicago, Ill. 
Urbana, Ill. 


Lawrence, 
Kan. 
Lexington, 
Ky. 

Easton, Pa. 


Quebec City, 
Que. 


Bethlehem, 
Pa. 


Cambridge, 
Mass. 


Houghton, 
Mich. 


OF 


Dept. Head 
K. C. Wright 
J. B. Cunning 


ham 


FF. A. Forward 


Parker 


*. Mehl 


A. R. Troiano 
Wm. Licht 


H. Gordon 


Poole 


M. D. Has 


sialis 


F. H. Rhodes 


A. W. Gros 


venor 

L. F. Mon- 
dolfo 

T. A. Read 
K. E. Rose 
C. S. Crouse 
Wylie J. 


Childs 
G. Letendre 


R. D. 


Stout 


John Chipman 


C. T. Eddy 


THE 


Jeffrey R. 


ASM 


a list of the 49 participating schools in U. 


Scholarship 
W inner 
John A, Jetton 


David Novick 


David Huntley 


Charles A. 
Kindness 
Bruce A. 
Macdonald 


Krank A. 
Hultgren 
Donald P. 
Moak 

Gerald Van 
Sickle 


Ernst B. 
W eglein 


Edward M. 
Yates 


] ( yseph J . 


Junod 


John L. 
Ledman 
Deane I. 
Biehler 
James L. 
Jellison 
Geo. D. 
Ravencraft 
Charles C. 
Seastrom 
Patrice 
Belanger 


» 


Funsch 


James G. 
Barber 
Arthur D 
Lasilla 


56 





i 


S. and Cana 


\ddress 

Rt. 3, 
Bessemer, Al] 
2725 E. &th St 
Tucson, Ari 
4671 W. 7th 

Ave. 
Vancouver 8, 

B. C. 

2000 Ridge Rd 
Berkeley, Calif 
1241 Bonnie 
view Rd. 
Lakewor rd 7, () 


Box 89] 


2735 Clague Rd 
N. Olmsted, O 
3037 Hull Ave 
Cincinnati, O 
Swink, 
Colorado 


Wash 


245 Ft. 
1 Ave., 


). 
ington 
N. Y. 32 
P.O. Box 238 
Ste. Anne de 
Bellevue, 
Quebec, Can 
1247 Mildred 
Ave. 

Roslyn, Pa 
6521 S. Morgai 
Chicago 21, Ill 
1207 Broadway 
Lincoln, Ill. 
Johnson, 
Kansas 

2245 High St 
Ashland, Ky 
15 S. Fifth St 
Easton, Pa. 
St. Marcel 
l’Isle Co. 

P. Q., Canada 
78 Hillside Avi 


W. Caldwell, 
N. J. 

Bremerton, 
Wash. 


945 Mather 
Green Bay, 


Wis. 


ES Eon 


rsitv of 
ran 


York 


niversity 
niversity of 
Notre Dame 


va Scotia 


echnical 


state 


iversity 


iversity of 


state 


niversity 


niversity of 
Pittsburgh 
‘olytechnic 
lst of 
Brooklyn 
Purdue 

niversity 


Queen s 


3 niversity 


nsselaer 
: Polytechnic 


j institute 


2 5 hool of 


\lines 


Pennsylvania 


south Dakota 


Location 
kK. Lansing, 


Mich. 


\nn Arbor, 
Mich. 


Montreal, 
Que. 


Minneapolis, 


Minn. 


Rolla, Mo. 


Butte, 


New York, 
N. ¥. 


South Bend, 


Ind. 


Halifax, N. S. 
Columbus, O. 


Philadelphia, 


Pa. 


University 
Park, Pa. 

Pittsburgh, 
Pa. 

Brooklyn, 


N. Y. 


lafayette, 


Ind. 


Kingston, 
Ontario 


Troy, N. Y. 


Rapid City, 
So. Dak. 


Mont. 














































NDATION 


Dept. Head 
\. J. 


Smith 


Donald L. 


Katz 


J. U. Mae 


Kwan 


M.E 
Nicholson 


1. W. 


Schlechten 


F. A. 


Hames 


J. P. Nielsen 


Kk. A. Peretti 


A. E. Flynn 


M. G. Fontana 


Mad 


Robert 
din 


Amos J. 
Shaler 
J. Alfred 


Berger 


M. Balicki 


R. Schuh 


mann 

7. V. Lord 
Arthur A. 
Burr 
Paul 


Anderson 


REPORT] 


Scholarship 


Winner 


Gerald 


Wasielewski 


David W 


Harris 


Cae irdon \\ 


Smith 


Wm, ( 


Olandet 
Irving | 
Spencer 


Robert A 
l_oucks 


Clarence 
\nderson 


John C, 


Kirchnet 


Roderick 
David 
MacDonald 

Harvey D. 
Roth 


\lbert Goldis 


Carl M. 


Skooglund, Jr. 


Kemile A. 
Monier 
Gerald I. 
Friedman 


Richard J. 
Choulet 
Robert T 
McAndrews 


Paul A. 


Kammer 


William lI. 
Nissen 





\dd1 ess 


21970 Harding 

Oak Park, 
Mich 

40500 \W 

10 Mi. Rd 
Farmington, 
Mich. 

485 Sherbrooke 
St. W 
Montreal, P 2 

5124—10th Ave 
= 

Minneapolis, 
Minn. 

2429 W oodson 
Rd. 

()verland, Mo 
1204 2nd Ave 
Great Falls, 
Mont. 
1746—S53rd St 
Brooklyn, N ¥ 
174 Skyline 
Drive 
Pittsburgh 27, 
Pa. 

14 Queen Street 
\mherst, N.S 


3040 Chester 
field Ct. 

Columbus, Ohio 

5632 W or xicrest 
\ve. 
Philadelphia, 
Pa. 

4351 Schenley 
Farms 
Pittsburgh, Pa 

700 Pressley St 
Pittsburgh, Pa 
1425 Walton 
\ve. 

Bronx 52, N. Y 
4503 Plymouth 
Ct 

Kansas City, 
Mo. 

#1 School St., 
Copper Cliff, 
Can. 

91 South St. 
Auburn, N. Y 


922 


“LLd 


Maple St. 
Sidney, Neb. 





| hool 


Stantord 


Lniversity 


Lniversity of 


Lenn Sse 


1 XAalS 
Western 


lL niversity of 


loronto 


Loniver 


ltah 


itv of 


Virginia 
Polytechnic 


State College 
of Washine 


ton 


Lniversity of 
Washington 


Wayne 


Lniversity 


lL niversity of 
\WV isconsin 


Yale 


lL niversity 


location 


stantord, 
Calit 


Int 


Penn 


x ville 


Loronto, 
(Ontarie 


Salt Lake 
(itv, Utah 


Black 
Va 


shure, 


Pullman, 


Wash 


Seattle, 


Wash 


Mich 


Detrort, 


Madison, 
\\ IsScOnSIN 


Llaven, 
{ onn 


\ 
VOew 


PLO} )] 
Dept. lead 

(). Cutler 
Shepard 

ke. ke. Stan 
bury 

5. 

Rintelen 1 

1. M. Pidgeon 

John R.clews 

John | keckel 

1. PP. Sprelman 


learl ¢ 


Roberts 


Harold 


(,eore: 


Donnelly 


Pr. ( 


Rosenthal 


Kedward 
l'aishet 


| » 


HE AS) 
scholarship 
Winner 
Ralph P. | 
\dlet 


Llerbert | 
\i ed a\ 


Marvin 7 


Walker 
Lliroshi 
Shimizu 


heron G 
()dekirl 


Donald \ 


\iannas 


David P 


Robert 


Hlenry \ 


Okumura 


loseph Licht 


\rthur | 


lfundhausen 


lohn b 


I“mbersits 


In addition, the Trustees voted to continue the 


Oak 


5 


\SM 





LIOSO Lovo 
1) 


Lo \ lt ( 
121 W. Hu 


Circle 
Ridge 
| Cnn 


>>)? 
oc) ‘Tandl 


LY Grandvi 
\ve 


Loronto, ()) 


1383 | aird 


Salt Lake ( 
| 


\ 


5124 N. 25th 


Arlington, \ 
LOO7 ¢ pal St 
Pullman, \\ 


1523 15th Av 
> 

Seattle 44, 
Wash 


S110 Eastlaws 
Detroit 15 


Mich 
1122—4th Ave 
ye 
Wausau, W1 
4010 Perrysvi 
\\ 


Pittsburgh 14 
Pa 


(;raduat 


Fellowship for advanced study, established in 1955. The ASM Fellow 
ship for advanced study for 1956-57 was won by Glenn Wilson Bush 


who selected the Pennsylvania State University for his graduate work 
Beginning with the 1957-58 academic year, the ASM Graduat 
Fellowship will cover two full academic years, each with a grant ot! 


$2400 for a single person or $3,000 for a married man, with a year 


grant of $1200 to the school selected by the Fellowship winner. Pay 


ment of the Fellowship grants covering the second year for both th 


Fellowship winner and the school, is contingent upon the Foundatior 


Board's approval at the beginning of the second year. 


The Foundation continued in good financial condition, as is evident 


from the audited statement as herewith published. 





BALANCE SHEET 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—November 30, 1956 


ASSETS 
IN DI POST 
Trust Company 
TABLE SECURITIES (approximate marl 
egate $ 413.49 Note A 
INCOMI \SSE'l 
LIABILITY AND FUNDS 
NT PAYABLE 
CIPAL OF ENDOWMENT FUND 
American Society tor Metal SY 346.) 
posal I ecurities 6.8 
PROPRIATED NET INCOME 8.79 
\ Securities obtained by grant from American Society for Metals are stated at marke 


July 1 1952. Subsequent addition ire at cost 


STATEMENT OF INCOME AND EXPENSES AND 
UNAPPROPRIATED NET INCOME 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—Year ended November 30, 1956 


OMI 
I t an liscount earne 
ENSES 
went’ ter ane services * 1.083 
t Trustees 653.15 
nal services 100.00 
ery and supplies 19 
u too YAS | 
NET INCOME : 0,793.04 
d net income at beginnin f yea ; 79 
L191 ¢ 
hip awards ro eer . 1,200.00 
Fellowship award +. 200.00 Ss 400.4 
UNAPPROPRIATED NET INCOME 
NOVEMBER 30, 1956 $ 28,791.63 


ard of | rustees, 
erican Society for Metals Foundation 
kducation and Research, Cleveland, Ohio 


We have examined the balance sheet of American Society for Metals Founda 

tor Education and Research as of November 30, 1956, and the related state 
of income and expenses and unappropriated net income for the year then 

ded, Our examination was made in accordance with generaliy accepted audit 
standards, and accordingly included such tests of the accounting records, and 
other auditing procedures as we considered necessary in the circumstances 

yecurities were confirmed to us by The Cleveland Trust Company, agent 

in our opinion, the accompanying balance sheet and statement of income and 
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expenses and unappropriated net income present fairly the financial positi 
\merican Society for Metals Foundation for Education and Researc} 
November 30, 1956, and the results of its operations for the year then endk 


conformity with generally accepted accounting principles applied on a | 


consistent with that of the preceding year. 

ERNST & ERNST 
Cleveland, Ohio Certified Public Account 
December 12, 1956 


CHANGES IN THE CONSTITUTION 


The proposed changes in the Constitution prepared by the Constitu 
tion and By-laws Committee of the Society and approved by the Bo 
of Trustees on April 30 of this year and had been published in th: 
METALS REVIEW for the information of the membership were presented 
for approval. 

The proposed changes and additions are primarily concerned wit 
placing the present Constitution in coordination with present and pr 
posed activities. 

The new classes of membership are created: 

1. Honorary Life Member which shall be such persons as th 
Board of Trustees shall choose to recognize for distinguished 
service to or in cooperation with the Society and 

2. Life Member shall be any member who has been in good stand 

ing for 35 consecutive years or any member who shall hav 

reached the age of 70 and been a member for 20 years. 

A recommended change also proposes the present junior member 
designation be changed to student member. 

The regulations pertaining to the formation of a chapter have been 
enlarged and provisions made for the logical and proper presentation of 
a petition for a new chapter. 

The Annual Meeting of each local chapter may now be held in either 
March, April or May. 

Another section provides for the new officers of the chapter to assum 
office not later than June 15, as the chapter shall determine. 

There are four other changes in the wording of the Constitution 1 
order to bring paragraphs in conformity with the preceding proposed 
changes, and finally the Recommended Practice Committee will here 
after be known as the Metals Handbook Committee, which is its prin 
cipal function. 

All of the above changes had the unanimous approval of the Con 
stitution and By-laws Committee; of the counsel of the Society, as 
well as the unanimous approval of the Board of Trustees, which recom 
mended to the membership the adoption of these Constitutional changes J 
at this annual meeting. 

A motion for the adoption of the proposed changes as published and 
sent to the members of the ASM was made and carried by the meeting 
The changes in the Constitution of the Society are printed herewith. 





CHANGES IN 


fan 


CDs 2 


CONSTITIt 











LION 





PROPOSED CONSTITUTION CHANGES 


ARTICLE |] 


MEMBERSHIP 


PRESENT CONSTITUTION 


( {asses of Members 


nm 1. Membership of the Society 
consist of 


1.) Founder Members 

bh) Honorary Members 
) Members 

d) Sustaining Members 
e) Junior Members 


are defined and shall possess the 
lifications shown in Section 2 hereof. 


Oualifications 


Section 2. (a) A Founder Member 
be such person as the Board of 
ustees shall determine has been in- 
trumental in the founding of the Soci- 
ty and has rendered distinguished 
rvice tc the Society. 


b) An Honorary Member shall be 
such person as the Board of Trustees 
has determined has made exceptional 
ontributions to the field of metallurgy. 
The total number of living Honorary 
bers shall not at any time exceed 
enty-five (25). 


\1 
Vit 


f New ( lass of Member)-> 


! New Class of Member)> 


tee ENE. Rr, 3 


peeweg> 


VS RE UE RRR Eo 
iy 


BO acer j 


PROPOSED CHANGES AND ADDITIONS 


( lasses of Vembers 


Section 1. Membership of the Society 
shall consist of : 


(a) Founder Members 

(b) Honorary Members 

(c) Honorary Life Members 
(d) Life Members 

(e) Members 

(f) Sustaining Members 

(g) Student Members 


The several classes of membership, 
and the qualifications for admission 
thereto, are defined in Section 2. 


Oualifications 


Section 2. (a) A Founder Member 
shall be such person as the Board of 
Trustees shall determine to have been 
instrumental in the founding of the 
Society and to have rendered distin- 
guished service to the Society. 


(b) An Honorary Member shall be 
such person as the Board of Trustees 
shall determine to have made excep 
tional contributions to the field of 
metallurgy. The total number of living 
Honorary Members shall not at any 
time exceed twenty-five (25). 


(c) An Honorary Life Member shall 
be such person as the Board of Trustees 
shall choose to recognize for distin- 
guished service to or cooperation with 
the Society. 


(d) A Life Member shall be any 
Member who shall have been in good 
standing for thirty-five (35) consecu 
tive years and who shall have reached 
the age of sixty-five (65) years or any 
Member who shall have been in good 
standing for twenty (20) consecutive 
years and shall have reached the age 
of seventy (70) years. A representative 
of a Sustaining Member shall be a Life 
Member if such representative shall 
have been in good standing for thirty- 
five (35) consecutive years and reached 
the age of sixty-five (65) years or shall 
have been in good standing for twenty 
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(c) Any person shall be eligible to 
be a Member who is twenty-one (21) 
years of age or over and who is en 
gaged in work related to the manufac 
ture or treatment of metal or the arts 
connected therewith 


(d) Any person, firm or corporation 
shall be a Sustaining Member who, be 
cause of exceptional interest in the 
work of the Society, contributes the 
annual dues of a Sustaining Member 


as hereinafter set forth. 


(e) Any person shall be eligible to 
be a Junior Member who is interested 
in or engaged in work related to the 
manufacture or treatment of metals or 
the arts connected therewith, provided 
either (1) that the person is under 21 
years of age, or (2) that the principal 
occupation of the person is attendance 
student at institution of 
learning. 


as a some 


Election of Members, Junior Members 
and Sustaining Members 


Section 3. Except in the case of 
founder and Honorary Members, all 
applications for membership shall be 
in writing signed by the applicant. Such 
application shall be presented either to 
the executive committee of the local 
chapter with which applicant desires 
to affiliate, or to the Secretary of the 
Society if the applicant does not desire 
to affiliate with a local chapter. The 
local executive committee or the Board 
of Trustees, as the case may: be, shall 
pass upon such application, and if the 
applicant be elected by a_ two-thirds 
(2/3) vote of the local executive com 
mittee or the Board, as the case may be, 
the applicant shall be classified as a 
Member, a Junior Member or Sustain 
ing Member and shall be notified of 
the election by the Secretary of the 
electing body. In all cases where appli 
cations are presented to the Secretary 
of the Society, the Secretary shall en- 
deavor to have the applicant affiliate 
with a local chapter. Whenever any 
applications are filed with a local exec 
utive committee and action is taken 
thereon, all applications so filed shall 
be forthwith transmitted to the Secre- 
tary of the Society, together with a 
report of any and all action taken by 
the committee thereon. 


INSACTIONS 
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(20) consecutive years and reache 
age of seventy (/U) years 


(e) Any person shall be eligib! 
be a Member who is twenty-one 
years of age or over and who is eng 
in work related to the manufactur: 
treatment of metals or the arts 
nected therewith. 


Member shal 
firm or corporation whi 
because of exceptional interest in 
work of the Society, contributes 
annual dues of a Sustaining Men 
as hereinafter set forth. 


(f) A Sustaining 
a person, 


(g) Any person shall be eligibl 
be a Student Member who is engag: 
or interested in work related to tl 
manufacture or treatment of metals 
the arts connected therewith and wh 
principal occupation is attendance as 
student at an institution of learning 


Ele: tion of Uembers, Student 
Wembers and Sustaining Membe 


Section 3. Every application f 
membership as a Member, Student 
Member or .Sustaining Member shall 
be in writing and shall be signed by 
the applicant. Such application shall be 
presented to the executive committe 
of the local chapter with which the 
applicant desires to affiliate, or to the 
Secretary of the Society if the appli 
cant does not desire to affiliate with a 
local chapter. The local executive con 
mittee or the Board of Trustees, as th 
case may be, shall pass upon such appli 
cation, and if the applicant be elected 
by a two-thirds (2/3) vote of the local 
executive committee or the Board, as 
the case may be, the applicant shall be 
classified as a Member, Student Men 
ber or Sustaining Member and shall be 
notified of the election by the secretary 
of the electing body. In each case wher« 
an application is presented to the Secr« 
tary of the Society, the Secretary shal! 
endeavor to have the applicant affiliat 
with a local chapter. (No furthe: 
change. ) 








CHANGES IN ( 
_ Election of founder and 
Honorary Members 
ection 4. Founder Members and 


rary Members shall be nominated 
riting by at least ten (10) members 
the Society and/or individuals ap 
nted to represent a member firm 
orporation. Nominations shall be 
sented to an annual or special meet 
of the Board of Trustees and an 
rmative vote of all the members 
such Board present at the meeting 
ll be required to elect an Honorary 
Founder Member. 


hange of Grade of Membership 
Section Any member other than 
Honorary or Founder Member, who 
esires to change his grade of member 
ip, shall make application in writing 
erefor to the executive committee of 
he local chapter of which he is a mem 
ber, or to the Board of Trustees if he 

is not a member of a local chapter. 


J. 


Member Affiliation With 
Local Chapter 

Section \ member of any class 
vho not affiliated with any local 
-hapter and desires to become a mem 
her thereof may file application therefor 
with the executive committee of the 
cal chapter with which the member 
lesires to affiliate. The application shall 
be passed upon by such committee in 
like manner as an application for new 
membership and by the same vote. 


9. 


is 


Change of Chapter Affiliation 

Section 7. A member of any class in 
ood standing, who desires to transfer 
afhliation from one local chapter to 
another local chapter, shall make appli 
ation therefor in writing to the execu 
tive committees of both local chapters. 
Che application shall be passed upon by 
such committees in like manner and by 
the same vote as an application for a 
new membership. 


ARTICLE 


; VOTING AND 
PRESENT CONSTITUTION 
Section 1. (a) Each member de 


vote . (No further change. ) 





scribed in Article I, except a Junior 
Member, shall be entitled to cast one 





































Klection of founde r He il 
Honorary Life 
section 4. Founder Members, Hono1 
ary Members and Honorary Life Mem 


rary and 


Vembers 


bers shall be nominated by a special 
member committee appointed by the 
President with the consent of the Trus 


tees. Nominations may be presented at 
any duly called meeting of the Board of 
Trustees and an affirmative vote of all 
members present shall be required for 
election 


Change of Class of Membership 

Section 5. A Member, Student Mem 
ber or Sustaining Member who desires 
to change his class of membership 


(No further change. ) 


Vember A filiation With 
Local ( hapter 
Section 6. A member of any class 
who is not affiliated with any local 


chapter and desires to become a mem 
ber of a local chapter shall make appli 
cation in writing therefor to the execu 
tive committee of the local chapter with 
which he desires to affiliate. Such appli 
cation shall be passed upon in like 
manner and by the same vote as an 
application for membership 


Change of Chapter Affiliation 
Section 7. A Member of any class 
who desires to transfer his affiliation 
from one local chapter to another local 
chapter shall make application in writ 
ing therefor to the Secretary of the 
Society. The Secretary shall submit 
such application to the chapter with 
which the Member desires to affiliate 
Such application shall be passed upon 
in like manner and by the same vote 

as an application for membership. 


[I 


REPRESENTATION 


PROPOSED CHANGES AND ADDITIONS 

Section 1. (a) Each member de 
scribed in Article I, except a Student 
Member, shall be entitled to cast one 
vote . (No further change. ) 
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ARTICLE III 
LOCAL CHAPTERS 
PRESENT CONSTITUTION PROPOSED CHANGES AND AppITio: 
Formation of a Chapter Formation of a Chapter 


(c) Such petition (asking for the 
formation of a local chapter) shall be 
presented to the Board of Trustees. If 
two-thirds (2/3) of the total member- 
ship of the Board at a regular or special 
meeting vote in favor of the petition, 


the petition shall be granted 


(d) Upon receipt of satisfactory evi 

that at least twenty-five (2 
persons, firms or corporations are duly 
qualified as members of such local or 


ganization and of the Society, or have 


dence 5) 


made due application therefor, the 
Secretary shall issue, under the seal 
of the Society, a notification to the 


petitioners of the formation of the local 
chapter. Notice of the formation of the 
local chapter shall also be published in 
the Society's TRANSACTIONS. The local 
chapter so formed shall forthwith effect 
a permanent organization, and elect 
and committees to hold office 
until the next annual meeting of the 
chapter. 


otheers 


Annual Meeting and Fiscal Year 


Section 2. The annual meeting of 
each local chapter shall be held in the 
month of April or May of each year. 
he fiscal year of each local chapter 
shall begin on the date of its annual 
meeting 


Officers of a Local Chapter 


The officers of a local 
chapter shall be elected from its mem 
bership and shall consist of a Chairman, 
Vice Chairman, Secretary, Treasurer, 


Section 3. 


(c) Such petition shall be present 
to the Board of Trustees at any regu 
ol If the Board, 
vote of not less than two-thirds (2 
of its total membership, determines t! 
the formation of the chapter is in 
best interests of the Society, the petits 
shall be granted. In ase whet 
members athliated with an existing 
chapter petition for the formatior 
a new chapter, the Secretary of tl 
Society shall request and shall be fu 
nished a report from the parent chapt 
as to the advantages and disadvantag: 
if any, that would result to the Society 
in the event that such _ petition 
granted, and such report shall be mack 
available to the Board of Trustees 
or prior to the time when such petiti ! 
is presented to it 


special meeting 


any ¢ 


(d) Upon the granting of the petitior 
by the Board of Trustees, the Secretary 
of the Society shall issue, under the 
seal of the Society, a notification to th 
petitioners of the formation of the local 
chapter. In any case where a new chaj 
ter is formed by members of an existing 
chapter or existing chapters, a similai 
notification shall be issued to eacl 
existing chapter affected by the actior 


Notice of the formation of the new 
chapter shall further be announced 1 
an appropriate publication of — the 
Society 


Annual Meeting and Fiscal Year 


Section 2. The annual meeting of 
each local chapter shall be held in the 
month of March, April or May of eac! 
year. The fiscal year of each chapter 
shall begin on the day next 


epesane Ser 


after the 
annual meeting or on such other day 
after the annual meeting, not later thai 
June 15, as the chapter shall determine 


—— 


( ) fhe ers 


of a Local ( hapter 


Section 3. The officers of a_ local 
chapter shall be elected from its mem 
bership and shall consist of a Chairmai 
Vice Chairman, Secretary, Treasure! 


oe 





INGES IA 





embers of an executive committee 

as such, and such other officers 
iy be appointed by the executive 
ittes Che offices of secretary and 


urer may be combined. All the 
except those which may be 
nted by the executive committee, 


he elected at the annual meeting 

local chapter and they shall take 

on the day following the close 
e annual meeting of the local chap 

| shall serve until the close of the 
succeeding annual meeting of said 
| chapter and until their successors 
hosen and qualified 


 . ' , ! 
tf Officers of a Local Chapter 


Section 4. (d) The Treasurer shall 
the financial ofhcer of the local 
pter. He shall deposit all funds of 
local chapter in the name of the 
al chapter in such bank or banks as 
executive committee shall 
termine. He shall disburse all moneys 
the account of the chapter and shall 

ke proper receipt for all moneys so 
bursed by him. He may be required 
the executive committee of the local 
ipter to file a suitable bond with such 
mimittee, approved by the committee 

| conditioned upon the Treasurer’s 
performing his duties faithfully and 
counting for all moneys of the chap 
entrusted to him. He shall make 
annual report to the annual meeting 

f the chapter and shall forward a copy 
f such report to the Secretary of the 
Society before June Ist of each year 


(No further change. ) 


\ 


local 


Amount 
section 
fi yb ws° 


Members $10.00 


junior Members 2.50 
Sustaining Members 
not less than 25.00 


I a Te Fe 
i re ae : 


ONSTIT( 


l. The annual dues shall be 





TION 


the members of an executive committe: 
elected as suc h, and such other officer 
as may be appointed by the executiv 
committee. The offices of Secretary and 
lreasurer may be \ll off 
oOmcel 


combined 

a local chapter, except 
appointed by the executive committee 
shall be elected at or prior to an annual 
meeting of the chapter, and shall take 
othee on the day next after the annual 
meeting or on such other day after the 
annual meeting, not later than June 15 
as the chapter shall determine. They 
shall serve until the close of the next 
succeeding annual meeting of the chap 
ter and thereafter until their successors 
and take (No 


further change. ) 


cers of 


are chosen othee 


Duties of Officers of a Local Chapte 


section 4. (d) The Treasurer shall 
be the financial officer of the local chap 
ter. He shall deposit all funds of the 
local chapter in the name of the local 
chapter in such bank or banks as the 
local executive committee shall dete 
mine. He shall disburse all moneys for 
the account of the chapter and_ shall 
take proper receipt for all moneys so 
disbursed by him. He may be required 
by the executive committee of the local 
chapter to file a suitable bond with such 
committee, approved by the committee 
and conditioned upon the ‘Treasurer's 
performing his duties faithfully and 
accounting for all moneys of the chap 
ter entrusted to him. He shall make 
an annual report to the chapter eithe 
at the annual meeting of the chapter o1 
at such time as may be designated by 
the executive committee of the chapter, 
and shall forward a copy of such report 
to the Secretary of the Society not latet 
than June 15 of each year (No 
further change. ) 


ARTICLE V 


DUES 


lmount 


Section 1. The annual dues shall be 
as follows: 
Members , . $10.00 
Student Members .. 2.50 


Sustaining Members 


not less than 25.00 
\ny Member who becomes a _ Life 
Member shall thereafter be exempt 


from payment of dues, if he so requests 
Founder Members, Honorary Members 
and Honorary Life Members shall not 
be required to pay dues. 
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Exemption From Dues Exemption From Dues 
Section 7. Any member whose dues Section 7. (To be deleted) 
shall have been paid for thirty-five (35) 


consecutive years or whose dues shall 
have been paid for twenty (20) con 
secutive years and who shall have 
reached the age of seventy (70) years 
shall thereafter be exempt from the 
payment of dues. Within the meaning 
of this section representatives of sus- 
taining members shall be considered as 
members. 


ARTICLE XIII 


Recommended Practices Committee Metals Handbook Committee 

Section 4. The Recommended Prac Section 4. The Metals Handbo ' 
tices Committee shall, subject to the Committee shall supervise publicatior 
approval of the Board of Trustees, of the Metals Handbook and may « 
formulate and revise recommended operate with like committees in othe: ' 
practices in the arts or sciences con technical and scientific societies 
nected with the manufacture or treat E 
ment of metals and may co-operate } 


with like committees in other technical 
or scientific societies. Recommended 
practices approved by this committee 
shall automatically become “Tentative 
Recommended Practices” for one year 
and until approved by the members of 
the Board of Trustees. 


ELECTION OF OFFICERS 


PRESIDENT SCHAEFER: We will now proceed with the election of offi 
cers. Complying with the Constitution, I appointed in March 1956 the 
following Nominating Committee selected from a list of candidates sug 
gested by the eligible chapters prior to March 1, 1956: 


CHAIRMAN—Carl B. Post—Lehigh Valley 


Harold J. Roast, Ottawa Valley Oscar T. Marzke, Washington 
D. J. Wright, Peoria \rnold L. Rustay, Worcester 
H. E. Flanders, Utah \. R. Fairchild, Carolinas 
James V. Coulter, Golden Gate \lbert T. Ridinger, Minnesota 


The Nominating Committee met on May 23 and made the following 
nominations : 


FOR PRESIDENT 
Donald S. Clark, Professor of Mechanical Engineering, California Insti 
tute of Technology, Pasadena—l year 
FOR VICE-PRESIDENT 
(;. M. Young, Chief Metallurgist, Aluminum Co. of Canada, Ltd 
Montreal—1 year 
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FOR TRUSTEES 


George A. Fisher, Jr.. Mgr. of St. Louis Technical Sectior ntet 
national Nickel Co.,—2 years 
Carl E. Swartz, Consulting Metallurgist, Hinsdale. [llinois—2 vears 


\ccording to the Constitution, the Committee to nominate a Secre 
of the Society consists of the ASM President as chairman and th 


immediate past-presidents. The following committee met in New 
rk on May 23, 1956: 

A. QO. Schaefer, Chairman 

George Roberts 

Walter Jominy 

Arthur Focke 


itll aime 


Che following attended by proxy: 


James B. Austin 
Ralph L. Wilson 


John Chipman 


er ay a eee ee 


[his committee nominated William H. Kisenman for a two-vear term 
s Secretary. 

Complying with the Constitution, the Secretary has informed me that 
no additional nominations were received prior to July 15, 1956 for any 
of the vacancies appearing on the Board of Trustees. Consequently, the 
nominations were closed. | now call upon the Secretary to carry out 
the prov isions of the Constitution with respect to the election of officers. 

SECRETARY EISENMAN: Conforming to the provisions and require 
ments of the Constitution of the American Society for Metals, | hereby 
cast the unanimous vote of the members for the election of the afore 
named candidates who were nominated on May 23, 1956. 

President Schaefer introduced the newly elected officers and called 
upon President-elect Donald S. Clark for a few words. 

PRESIDENT SCHAEFER: Has any member present anything to bring 
before the annual meeting for the good of the Society? If not, then a 
motion to adjourn is in order. The meeting is adjourned. 


EDWARD DEMILLE CAMPBELL MEMORIAL LECTURE 


\t 10:30 President Schaefer reconvened the meeting by presenting 
Professor Robert F. Mehl, Head of the Department of Metallurgy, 
Carnegie Institute of Technology, the chairman of the Edward De Mille 
Campbell Lecture. Dr. Mehl introduced Dr. Charles S. Barrett, Pro- 
tessor of the Institute for the Study of Metals, University of Chicago, 
who presented the thirty-first lecture in honor of Professor Campbell. 
the lecture was entitled “Metallurgy at Low Temperatures,” and 
s published in full in this volume of TRANSACTIONS beginning on 


- > 
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\SM ANNUAL DINNER 


On Thursday evening, October 11, members and guests assembl 
in the Grand Ballroom of the Hotel Statler for the Annual Dinner 
the Society. The attendance was in excess of 700 persons. 

Those seated at the speaker’s table were: W. J. Barnett, Gener 
[lectric Co., one of the three recipients of the 1956 Henry Mario: 
Howe Medal; Rk. P. Frohmberg, North American Aviation, Inc., on 
of the three recipients of the 1956 Henry Marion Howe Medal; C. S 
Barrett, University of Chicago, Campbell Memorial Lecturer 195: 
G. O. Hayes, Penton Publishing Co.; Walter Crafts, Union Carbic 
and Carbon Co., Trustee, ASM; G. M. Young, Aluminum Co. 
Canada, Vice-President elect ASM ; Bradley Stoughton, retired Dean 
of Engineering, Lehigh University; George A. Roberts, Vanadium 
\lloys Steel Co., Past President-Trustee ASM ; Dr. John R. Dunning, 
Dean of Engineering, Columbia University and speaker of the eve 
ning; Adolph O. Schaefer, Midvale-Heppenstall Co., President ASM 
Charles M. White, Republic Steel Co., Recipient of the 1956 ASM 
Medal for the Advancement of Research; Donald S. Clark, California 
Institute of Technology, Vice President and President-elect ASM: 
EK. H. Dix, Jr., Aluminum Co. of America, recipient of the Albert 
Sauveur Achievement Award 1956; Clarence H. Lorig, Battelle Memo 
rial Institute, Treasurer ASM; K. L. Fetters, Youngstown Sheet and 
Tube Co., Trustee ASM; E. D. Beaudet, Iron Age; Harley A. Wil 
helm, Iowa State College, Trustee ASM ; Carl E. Swartz, Trustee-elect 
ASM: George A. Fisher, International Nickel Co., Trustee-elect 
ASM; William H. Eisenman Founder-Member and Secretary ASM 
anc recipient of the 1956 ASM Gold Medal. 


ALBERT SAUVEUR ACHIEVEMENT AWARD 

The Board of Trustees of the Society established in 1934 an award 
consisting of a stainless steel metal plaque and certificate in honor of 
Dr. Albert Sauveur, distinguished metallurgist and for many years an 
honorary member of the ASM. This award was created to recognize a 
metallurgical achievement which has stood the test of time and stimu 
lated others along similar lines to the extent that a marked basic ad 
vance has been made in the metal arts and sciences. The 1956 cand 
date was Edgar H. Dix, Jr., Chief of the Metallurgical Division and 
\ssistant Director of Research of the Aluminum Co. of America. In 
presenting the candidate, Past President George A. Roberts read th 
citation of Edgar H. Dix, Jr., accomplishments. President Schaetet 

then conferred the award. The citation is: 
Edgar Hutton Dix, Jr. as Chief of the Metallurgical Division 
and as Assistant Director of Research at Alcoa Research Labora 
tories for thirty-three years has exhibited exceptional ingenuit) 
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in organizing and guiding metallurgical research on aluminum 
alloys. He made important contributions in metallography, in 
determining accurate phase diagrams, in development of high 
strength corrosion resistant alloys and in establishing the resist 
ance of aluminum alloys to corrosion in various environments. 
One of his achievements was the invention of the well known 
alclad sheet which contributed significantly to the extensive use 
ff aluminum in extremely corrosive environments. The metal 


lurgical and electrochemical principles involved in this invention 
subsequently led to the development of other important clad prod 
ucts. 

Dix developed the first satisfactory method for polishing alu 
minum metallographic specimens, initiated the use of high purity 
aluminum for the establishment of equilibrium diagrams and is 
the co-author of numerous publications in this field. This funda 
mental research is the basis for the development of most of the 
important wrought aluminum alloys in use today throughout the 
world. 

Dix initiated long range corrosion studies to correlate test re 
sults with service experience. He pioneered research on the causes 
for intergranular corrosion and stress corrosion cracking and the 
development of practices for controlling or eliminating them. 
\lost important has been his inspiring leadership which induced 
others to build on foundations that he so well established. 

Mr. President, | have the privilege to present Edgar Hutton 
Dix, Jr. for the Albert Sauveur Achievement Award. 


President Schaefer then made the presentation of the Albert Sauveur 
\chievement Award to Edgar H. Dix, Jr. 


CONFERRING OF THE ASM MEDAL For THE ADVANCEMENT 
OF RESEARCH 
lhe ASM Medal for the Advancement of Research for 1956 was 
iwarded to Charles McElroy White, Chairman of the Board of the 
Kepublic Steel Corporation. 
In presenting Mr. White, Dr. Bradley Stoughton, Past President 


ot the ASM read the citation engrossed on the scroll which accom 
panies the medal. The citation is: 


During the last few decades the work of scientists and the 
adaptation by industry of their discoveries to the improvement of 
the lot of mankind have gone forward with amazing speed. Re 
search work, involving new processes in major operations re 
quires the combined efforts of the executive and of the investi 
gator : one to point out the need for new approaches to industrial 
development, the other to find them ; one to provide the funds, the 
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other to use them effectively. It is in his capacity as an execut 
that Charles McElroy White has taken a major part in the ; 
vancement of research. 

As President of the Republic Steel Corporation he was in t! 
forefront of a program to replenish our dwindling ore sup; 
through the reworking of deposits in our Eastern States, t 
development of methods for utilizing the refractory taconite ores 
of Minnesota and the development of ore bodies in Africa. He say 
the advantages of high top pressure for blast furnaces and e1 
couraged its study in full-scale operation and he was a leader i 
the adoption of low -alloy steels designed to conserve alloy ing elk 
ments during the war period and in their subsequent standardiza 
tion. 

The Board of Trustees of The American Society for Metals has 
awarded its 1956 Medal for the Advancement of Research to 
Charles McElroy White of Cleveland, Ohio in recognition of his 
vision and of his public-spirited support and encouragement oi 
studies which have been of inestimable value in increasing the 
nation’s steel supply and at the same time conserving its suppl) 
of alloying elements so as to make it adequate for expanded pro 
duction. 


CONFERRING OF THE ASM Gotp MEDAL 


In 1943, the Board of Trustees of the Society established the GoLp 
MeEpAL which had been awarded nine previous times to recipients for 
their outstanding metallurgical knowledge and great versatility in th 
application of science to the metal industry, as well as exceptional ability 
in the diagnosis and solution of diversified metallurgical problems 
The 1956 ASM Gop MEDAL was awarded to William Hunt Eisenman, 
Secretary of the Society for the past 39 years. In making this award, 
President Schaefer read the citation engrossed on the scroll which 
accompanies the medal. The citation is: 

Not all research and development find their inspiration in th 
laboratories nor yet in the mills of the Nation. Nearly forty years 
ago, a group of men in Chicago, all having, as a common bond, 
an interest in metallurgy, realized, largely through their World 
War I experience, the need for metallurgical education that would 
reach “The Man at the Fire.” Teaching of the behavior of metals 
and its control had up until this time been confined to the insti 
tutions of higher education, and their frontier was a narrow one 
These men founded the Steel Treater’s Research Society with a 
slogan : “If you know it all, we need you—if you don’t, you need 
us.” 

Such a group needed direction, and that direction was fortu 
nately found in the selection of William Hunt Eisenman, who, 













































ANNUAI 


l ] N N l R 





in the space of one short year, expanded the Society to include 
groups in all of the large industrial centers of the country. The 
history of the growth of an American metallurgical society, now 
the American Society for Metals, is one of broad devel ypment and 
extension of metallurgy from the status of an art to that of a 

science, and it is the life history of William Hunt Eisenman 
In recognition of the devotion of a lifetime to the promotion of 
metallurgical knowledge and research, the Board of Trustees ot 
‘ The American Society for Metals has awarded its Goup 
MEDAL to one of its Founder Members and the man who has 

been its Secretary from the beginning. 

President Schaefer then made the award of the ASM Gop MEDAL to 
Villiam Hunt Eisenman. In acceptance of this award Mr. Eisenman 
aid : 

‘Mr. President, I am indeed truly honored and grateful for the 
distinguished and signal honor you have conferred upon me. | 
realize how unworthy I am to be the recipient and custodian of 
this medal. 

“While it is true I have expended a life-time of service with the 
Society, it has been a labor of love. At the same time it has been 
a greatly rewarding experience as I have observed and counted 
the steps of progress from a lowly beginning to the top of the 
path of accomplishments where we may now peer into the future 
ind envision the broad field of usefulness of the ASM to the great 
metal industry. It is a vista not of today or tomorrow or for a 
few years to come—but a vision into the far future, the next 100 
years at least, wherein the ASM will become an ever increasing 
agency of advancing educational standards and activities for the 
metals industry as long as that industry is a part of the national 
economy. 

“It will not be within the life span of those here this evening to 
witness to completion the changing scene because the ASM will 
never have completed its term of usefulness and service. But you 
who are here should take just pride in the fact that you have 
helped set the sights and launched the ASM of Tomorrow on the 
sea of service. 

“| am very humble indeed, President Schaefer, at the compli 
ments so liberally bestowed in this citation as well as the mag 
nanimous treatment Mill and I have always received from the 
officers and trustees of the Society. The thoughtful consideration 
of the present Board has been especially heartwarming and sin 
cerely appreciated. 


«ade 
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“But I must re-emphasize at this moment a statement | have 
made on many previous occasions—that the stature of the ASM 
of Today is not and never could be the accomplishment of a 
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single individual. The ASM of Today is the handiwork of thoi 
sands of hard-working, self-sacrificing, enthusiastic members « 
ASM who have labored since its foundation to the present. It 
they who have caused the crown of success to be placed on tl 
Society. 

‘And so, President Schaefer, | accept this ASM Gotp Mepa 
and will hold and treasure it, in Trust, and in loving memory, as 
living and enduring recognition of the valuable contributions and 
untiring efforts of the thousands of members—both then and noy 

who, with the capable assistants with which I have been asso 
ciated (most for many years) have played a major role in placing 
the Society in the position to carry on—with speed and dispate! 

into the ASM of Tomorrow. 

“Mr. President, with a heart full of gratefulness to the Board 
and to our friends, you may be sure this night will live forever in 
the memories of Mill and Bill.” 


ADDRESS OF THE EVENING 

President Schaefer then presented Dr. John R. Dunning, Dean of 
the School of Engineering at Columbia University and one of the na 
tion’s foremost atomic scientists. Dr. Dunning was closely identified 
with the epoch-launching Manhattan District Project which began on 
the Columbia campus and culminated with the first atomic bomb. He 
also represented the Manhattan District at the Operation Crossroads 
atom bomb tests at Bikini Atoll in July, 1946. Dr. Dunning’s address 
was entitled “Engineering for Tomorrow.” This was a stimulating talk 
on a subject of great interest and importance to members of ASM. 

Following the address of the evening a very entertaining stage shov 
went past the stroke of twelve. 










METALLURGY AT LOW TEMPERATURES 
(1956 Edward De Mille Campbell Memorial Lecture) 
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INTRODUCTION 
HE PURPOSE of this annual lecture of the American Society for 
. Metals is to honor the name of Edward De Mille Campbell, a great 
cher and researcher in metallurgy, a man who was one of the world’s 
lers in applying the principles of physical chemistry and x-ray dif 
ction to metallurgical problems, a man who devoted over 30 years 


4 his life to training students in his inspiring way and working with 
; hem in research on many subjects. It is well that we pay a tribute to 
1 each year for the world has never at any time had enough metallur 
ists with attributes approaching his, particularly his teaching skill, 
; s creative imagination, his devotion to the profession, and his great 
: urage in the face of obstacles. 

; In these days when great demands are being made on metals at high 
3 temperatures and great progress is being made in the field of high tem 
: erature metallurgy, it is well to point out that the field of metallurgy 
: t low temperatures is also an important one, even though it is not yet 


usually thought of as an entity. 

It nay be treated as an entity, however, as I hope this lecture may 
show, for there are several unifying principles that apply throughout 
the field. The temperature range involved is one in which long dis 
tance diffusion does not occur; atoms change position by making very 





few jumps. Imperfections in the crystalline structure have even a 
greater influence on properties than they do at room temperature. The 
effects due to some imperfections have become much better understood 
in recent years—in fact in recent months. There are many subdivisions 
of this low temperature field that are closely inter-related, as I shall 
point out, and it has its engineering aspects as well as its fundamental 
science aspects. To many investigators, including myself, it is as attrac- 
tive as any field of research. 

The scientist interested in metals always hopes that the complexities 
{ metal behavior will be less at low temperatures so that experiments 
can reveal the fundamental laws more clearly. In practice, of course, it 
may turn out that when we dig beneath the complexities of the high 
temperature range by going to dry ice, liquid air, liquid hydrogen or 
wid helium temperatures, we often uncover not simplicity but new 
omp'exities. Nevertheless, whether simple or complex, the principles 


Chis is the Thirty-first Edward De Mille Campbell Memorial Lecture, presented 
(. S. Barrett, Professor, Institute for the Study of Metals, University of 
icago, Chicago. The lecture was presented October 10, 1956, during the Thirty 
th Annual Convention of the Society, held in Cleveland. 
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established through low temperature research are basic ones on whi 
the whole structure of understanding of metals must rest if it is to b 
sound structure. 

Research on solids at low temperatures has been tremendously stim 
lated in recent years by the increased availability of liquefied gases 
most laboratories. Liquid nitrogen and liquid oxygen can be purchas: 
by the truckload and in large quantities they are about as cheap as mill 
liquid helium is available “‘by the barrel” in many laboratories and cit 
culating cooled helium gas is used in some. Liquid hydrogen is use 
freely in the larger laboratories by those who understand the associat 
dangers and—more briefly—by some who don’t. Metal storage cot 
tainers, transfer equipment, cryostats, production machinery and tech 
niques of all kinds are now well developed and available in many 
laboratories. If one is fortunate, as I have been, one even finds a co 
operative group of scientists in charge of the equipment who take 
pleasure in helping the ignorant newcomer to the field. 

Much of the most interesting research in physics and physical chem 
istry is done in cryogenic laboratories, but this is a metallurgical lecture, 
not one on physics, physical chemistry or cryogenics. Therefore it 
would seem appropriate to start with a discussion of the Number On 
metallurgical problem : low temperature brittleness. I have been watch 
ing research in this field for about ten years from the vantage point of a 
seat on the Ship Steel Commiitee of the National Research Council and 
find it a fascinating problem both from the engineering standpoint and 
from the scientific one. I shall first survey some of the current thought 
on the practical side of the matter. (Forgive me if I overstress one o1 
two favorite ideas here). I shall then turn to the scientific side and 
discuss some fundamental research that is directly related to brittleness. 

It is clearly useless to attempt to survey all of low temperature metal 
lurgy in a lecture such as this, so I have chosen to omit many subjects 
and to include some research of my own that involves the crystallog 
raphy and transformation of metals at low temperatures. And, finally, 
| shall include a survey of what is undoubtedly the most rapidly de 
veloping and at the same time the most puzzling subject in low tempera 
ture metallurgy: the effects of high energy radiation on metals. 


Suip STEEL FRACTURES 

Metallurgists will have no difficulty recalling that during World Wat 
II there was a spectacular outbreak of failures of welded merchant ships 
and tankers. Hundreds of rapidly running brittle cracks appeared 1 
the welded steel ships, sometimes with disastrous results. It was obvious 
that up to this time there had been a poor understanding of the meta! 
lurgical problems in the field. Some plates of steel that met all ordinary 
standards were nevertheless brittle when built into structures that wer 
designed to operate at reasonable design-stress levels. It is now know! 
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many structures, both riveted and welded, that had been built prior 
his had occasionally suffered similar brittle failure both here and 
id (1),' but it was the importance of the problem to the war effort 
stimulated an intense study of it. Many important engineering and 
ntific studies were begun under a 
the Secretary of the Navy in 194 


Board of Investigation appointed 
3. Research has continued undet 
auspices of the Ship Structure Committee, the Ship Steel Commit 
and other organizations more or less continuously since that date. 
a result of the combined and coordinated effort of a great variety 
research programs more is known about this type of failure than 
ut any other that involves large structures. 
It was quickly recognized that the problem involved toughness of 
teel in the presence of stress raisers such as notches. In the early de 
ns of the all-welded ships there were plenty of such stress raisers. 
improvement of design in places where operating stresses were par 
ticularly intensified there was a very marked reduction in the tendency 
crack. Another design change that was very effective was the break 
of the continuity of the all-welded hulls of the ships by riveting cer 
tain rows of plates to serve as crack arresters. By making these changes 
nd by improving the quality of the welds, which had contributed to the 
failures by providing many built-in notches, the number of cracks 
10 feet long or longer that developed was reduced from 200 to 35 per 
1000 ship-years of service in the Liberty ships. The Victory ships, 
vhich were a later design with improved details and improved fabrica 
tion practices, reached a casualty rate even lower, namely, 7 per 1000 
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ship-vears of service. Improvements in the T-2 tankers, however, re 
duced the rate of failures only slightly (2). 

It seems clear that even with perfect welds and good design there 

in still be notches that act as stress concentrators on a ship. Notches 

iy result from handling during construction, from tack welds, from 
repair operations and from minor dents and impacts in service. These 
must be expected as a normal hazard. Since notches cannot be avoided 
throughout the life of a ship, it seems obvious that it is necessary to 
build the ship of material that is tough even in the presence of notches 
under conditions of service. 


Propagating Stresses at Low Temperatures 
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ests have shown that a crack will not propagate in a brittle manner 
cross a plate if the stress level is sufficiently low. Is it then feasible 
rr merchant ships to be designed to a stress level so low that there is 
o danger of brittle fracture? If you will take the word of a man who 
is never designed a ship, the answer to this is, no! 







} 
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Consider, for example, the results of some tests by the Standard 
il Development Company, shown in Fig. 1. In this test (3) a large 





figures appearing in parentheses pertain to the references appended to this paper 
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plate specimen under uniform tension 1s cooled to a uniform low te: 
perature and then confronted with a running crack that has been starte 
by a local impact. At any temperature below the transition from du 
tile to brittle behavior, about 10 °F in Fig. 1, cracks propagated across 
the mild steel plates used in this test at stresses far below the yield 
strength of 40,200 psi, namely at 12,000 to 13,000 psi, and in othe: 
low carbon steels at stresses as low as 8000 to 11,000 psi. It is unec: 


Brittle Breaking Stress, S.O.D. Test 





- 100 -50 0 50 
Temperature °F 

lig. 1—Crack Propagation Stresses in Standard Oil Development Com 

pany Tests of a Steel with 0.20% C, 0.71% Mn, 0.25% Si, 40,200 psi 


Yield Strength, 68,800 psi Ultimate Tensile Strength, 25% Elongation (3). 


nomical to design large structures to such low stresses and unwise to 
take the risk of accidental overload in service; a better solution to the 
problem is to lower the transition temperature so the steel will be notch 
tough at service temperatures. 


Transition Temperatures 

The transition from ductile to brittle behavior can be measured by 
many different tests. The temperature of this transition varies in the 
different tests and frequently differs from the temperature of the transi 
tion in large structures but tests have nevertheless been of tremendous 
value in developing our understanding of the problem and its possible 
remedies. Fig. 2 illustrates the transition in mild steel as seen by the 
V-notch Charpy test, the upper curve indicating how the energy ab 
sorbed in breaking a specimen drops as temperature is lowered, and 
the lower curve indicating how the appearance of the fractured surface 
changes from the ductile, fibrous fracture over all the area of the break 
at high temperatures to increasing areas of transcrystalline cleavage 
type fracture at lower temperatures. 

An energy value is arbitrarily chosen to define a “transition tempera 
ture’ (say 15 ft-lbs, see Fig. 2). Or a point on the fracture appearanc« 
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may be chosen to define a “‘fracture-appearance transition tem 
ture” | say, the first appearance ot brittle cleavage, or, say 50% of 

surface being the cleavage type rather than the shear type of 
cture). Let us consider the 15 ft-lb V-notch Charpy transition tem 
ratures that were determined at the Bureau of Standards for steel 
tes from World War II ships that failed. A correlation has been 
tablished between this transition temperature and behavior in service 
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ig. 2—-Ductile-brittle Transition Curves, Show 
ing Transition Temperature Phenomenon 
















\ll plates which contained the source of a fracture had a transition 
temperature of 60°F or higher. This is seen in the block diagram of 
‘ig. 3. In every case in which the plate at the source of fracture and 
the plate at the end of the fracture for a single long crack were available 
the source plate had the higher transition temperature. Because of these 

ndings and others, it has become fairly universally accepted that 1m 
proved performance results when transition temperatures are lowered. 

Because of uncertainties in the relative worth of different tests much 
study has been given to intercomparisons of tests and correlations of 
tests with service failures but the time is about here for agreement 
preferably international agreement—on one or two tests to be used 
tor most work in the future. Otherwise unnecessary effort will be ex 
pended that could better be directed to improvement of product and 
to research on basic principles. It seems to some of us that there should 
be steady progress toward quality control and specifications based in 

me way on notch-toughness tests. This progress will be hastened if 
vorld-wide service experience is made available to all and is reduced to 
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a common standard of measure by the use of standardized test pri 
cedures. 

Harris and Williams (2) have recently made a statistical analys 
of transition temperatures in World War II ship plates and post-w: 
plates with the object of determining how much lowering of the transi 
tion temperature would be necessary to substantially eliminate shi 
failures. Referring to Fig. 3, the distribution of transition temperatur: 
is plotted for samples of ship plates in which the source of fractures 

















Irpy 5 Ft-Lb Transition Temperat sre °F 


Fig. 3—-Distribution of Transition Temperatures (V-notch, 15 ft-lb Charpy) 
Ship Plates of ABS Class B, in World War II Average Plates, and in Wot 
War II Plates Containing Source of Fracture. After Harris and Williams (4) 


occurred, for average plates in World War II ships, and for the post 
war ship steel of improved notch toughness (American Bureau of Ship 
ping Class B, semi-killed, 34-inch thick). Only the tail of the latter 
curve overlaps the source-plate curve (block diagram) a little. From 
this overlap and other data they estimate by statistical methods that 
had this ABS Class B steel been used in the World War II ships th 
failure rate would have been only 5% of that of the World War II 
steel, an even greater improvement than was obtained by improvement 
in design during the war. Further statistical analysis indicates that 
service failures should be virtually eliminated by the use of steel with a 
mean V-notch Charpy 15 ft-lb transition temperature of 10°F ot 
lower. 

The 10° F estimate may be compared with the 70°F value for th 
iverage transition temperature of World War II plates. It was com 
puted by assuming a mean operating temperature 10 °F below that oi 
the operations during World War II, 
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several comprehensive studies of the relationship of metallurgical 
bles to the transition temperature of ship steels have evaluated 
way by which suitably low transition temperatures can be provided 
mention these only briefly; most of them are not applicable for 
nomic reasons or would not be available in time of high output dur 
an emergency. 
a ) Killed steel has very gor «1 notch toughness but for this reason 
‘s also in demand for other critical uses such as aircraft, ordnance. 
ship armor. The capacity for producing this is strictly limited, 
iounting to only about 15 million tons per year out of a total of over 
K) million tons. Semi-killed steel] would probably have to be used in 
ree measure in an emergency. 
(b) Normalizing ship plate improves notch toughness to some 
tent, chiefly in the killed grades, but the normalizing capacity of this 
untry would be completely absorbed by ordnance and other applica 
ns in an emergency. 
(c) Control of finishing temperature, according to investigations in 
his country and reports from the Netherlands, may provide substantial 
wering of the transition temperature. It has been stated that “con 


trolled rolling,” with plate coming out of the last mill pass at 1475 °F 
instead of our usual practice of about 1850 °F, improves the transition 
temperature by something of the order of 70 °F. This is a solution that 
is neither easy nor inexpensive in many mills in this country, but is 


vorthy of study. 

(d) Adjustment and control of composition and ferrite grain size, 
ccording to investigations at the National Bureau of Standards, at 
Battelle Memorial Institute, and at the Naval Research Laboratory 
in make important changes in transition temperature. The important 


variables are those listed in Table I. As a result of these studies it has 
become clear that a suitable way to improve notch toughness in a given 


Table I 
Relation Between Composition and Grain 
Size and Transition Temperature of Steel 


Change in 15 ft-lb Charpy V-Notch Transition 

Factor lemperature Per Unit Change in Factor 
n Content +300 F per increase ot 1% 

ganese Content 100 F per increase of 1% 

sphorus Content +-1000 F per increase of 1% 

7 n Content 300 F* per increase of 1° 

51ze 22 F** per increase of 1 ASTM grain size numbet 
p to about 0.2% silicon 


ed on Charpy keyhole, mid-span transition temperature 


ss of steel is to increase the manganese content and decrease the 


carbon content from the World War II composition. By changing both 
| a > > 


rbon and manganese the yield strength and tensile strength can be 
intained. The importance of a shift to higher manganese-to-carbon 
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ratio than was formerly used is now widely recognized.* In fact. 4 
American Bureau of Shipping Class B specifications 
steel have been changed this year trom a carbon maximum of 0.23 
down to 0.21% and a manganese percentage has been incre: 
0.60 — 0.90% up to 0.80 — 1.10% 
perature near 5 °F 


for semi-kil], 


ised fri 
, Which should give a transition ter 
and virtually eliminate failures. 

in large structures such as ships it 
use plates with a transition temperature 


To summarize: is important 


low enough to provide note] 
ductility. The crack-stopping quality of plates can be controlled to an 
| by production methods. Corre] 
failures have established the value 
compositions and steel] making practices 
that can provide satisfactory performance in the 
ranges. Research has led to higher 


important degree by composition an 
tions ot test results with service 
tests and have indicated the 


()7 


various thickness 
manganese-to-carbon ratios tha; 
were formerly employed in semi-killed ship plate. 


Unanswered Questions 
lf these brief statements on ship steel toug 


ilea that the problems of toughness are all solved they are misleading 
Many problems remain that have to do with testing, sampling, statistics 
of tests, and variability of 1 


roperties over a plate. Additional resear h 
in the laboratory and in the mill is desirable 
lead to optimum performance at low 
tionships among alloy content, cooling 
oxidation practice, and microstructure 
about factors ox verning the 


hness have conveyed thi 


on relationships that can 
temperatures, particularly rela 
rate, austenitizing practice, de 
(4,5). More should be known 
ductility of other metals that are deficient in 
Ss: tungsten, molybdenum, chromium. mag 
nesium, beryllium, uranium, some titanium alloys, zinc and tin (4 ). 
Many applications involving new uses of metals in arctic regions have 
increased the importance of knowing about the nature and control of 
the low temperature properties of these metals. 

On the fundamental side. the number of 
research is very large (5). A few will be 
follow. Only with continued progress in r 


ductility at low temperature 


questions needing further 
pointed out in the sections to 
esearch, discussion, and edu 
can the practical problems be 
obtained. 


cation on matters of fundamental science 
tully understood and optimum results be 


MECHANICAL METALLURGY AT Low TEMPERATURES 


The Mechanism of Brittle Fracture 
Turning from the problems of 





transition temperatures to the basic 





‘ A maximum change of about 100 °F in transition temperature seems to be 
hanging only carbon and manganese. Semi-killed steel with a 


00 to 1.35% 


possible ! 
maximum of 0.20% carbon. 
o manganese, and 0.04% silicon has been proposed (2) as an acceptable alte: 
native to the ABS-Class ( killed steel for use in thicknesses greater than 1 inch should thet 
be an emergency in which killed steel is not available. Recent tests of this composition, sp 
sored by the Ship Steel Committee, have indicated that the desired notch toughness has, 
tact, been reached in a semi-killed steel of this composition. The Charpy V-notch 15 ft-ll 
transition temperature was no higher than 0 °F even in plate thicknesses of 13% inches. 
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e of the mechanical properties of metals at low temperatures we 
uld discuss first the initiation and propagation of cracks within the 
ttle temperature range. To keep the length of the discussion within 
its we confine it primarily to metals and alloys having the bod) 
ntered cubic structure. 

[he event that initiates brittle fracture appears to be the formation 

micro-crack. Microstructural studies of mild steel by Low (6) 
licate that micro-cracks are one or two grains in diameter when first 
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Fig. 4—Compressive Yield Stress and Brittle Fracture Stress in Tensioi 
for Mild Steel at 196 °C (—320 °F) as a Function of Grain Siz 
Low (8). 


seen. He has fourid no evidence that these cracks exist prior to the ap 
plication of the load, although this idea has been favored by some inves 
tigators. The applied stress must be enough to initiate these micro- 
cracks and then must be high enough to propagate them if complete 
fracture 1s to occur (7). Low has found that the applied stress that will 
produce the first micro-cracks is equal to the yield stress. In the brittle 
range he has found that the brittle fracture stress measured in tension 
igrees exactly with the yield stress measured in compression over a 
series of grain sizes of iron (8) as seen in Fig. 4. 

Knough data now exists to conclude that cracking in polycrystalline 
iron is always preceded by some plastic deformation. This is true even 
lown to liquid helium temperatures according to Wessel (9) and 
others. Why should slip be necessary to start the micro-crack ? Theories 
initiated by Zener (10) and developed in turn by Koehler (11), Petch 
(12) and Stroh (13,14) have given one possible answer to this question 
ind we will return to it later. The basic idea of these theories is that 
leformation on a slip plane, i.e., the movement of dislocations, en 
ounters a barrier and being stopped by the barrier builds up local 
tresses high enough to initiate the crack. At the same time the local 
stresses fail to initiate slip in neighboring regions soon enough to drain 
the stress, because the dislocations in the neighboring regions are 
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locked by solute atoms. Tt IS | 
body-centered cubic metals 
which the dislocations can 


roposed in these theories that onl 
and those hexagonal or other metals 
be quite firmly locked by solute atoms 

the brittle fracture phenomenon occur, and that these will be met 


which have a distinct upper and lower vield point produced by the 
locking.* 


At the lowest temperatures, the ] 
less energy than it does 
local deformation occurs 


ropagation of a crack involves far 
at higher temperatures where a great deal 

at and near the crack. 
Below the transition temperature there may | 


e enough elastic enero 
available in the 


propagate the cleavag 
Above the transition region, on th 
other hand, crack propagation is slow 
tinuously be done 
phasized (17,18). 


specimen or in the structure to 
crack rapidly to complete failure. 


and external work must 
to continue propagation. In fact 


Con 
as Irwin has em 
ropagation of any crack will cease unless the strain 
energy released by an incremental] extension of the 


crack exceeds the 
work absorbed by tl 


le material as a result of the extension. It has noy 
become clear where much of this work is localized. 

Micrographs show that a cleaved surface 
lt contains many cleavage 
the plane of the 


pre CeSS 


Is not atomically smooth 
steps or tear lines which represent steps i1 
crack as it propagates through a crystal. The 
at each step must absorb extra energy, 
the steps may originate are illustrated in mi 
commonest of these is probably the 
crack (19). Fig. 5 illustrates cle 


tearing 
Several ways in which 
crographs by Low (8) : the 
cutting of screw dislocations by a 
avage steps originating at a low-angle 


twist boundary, which contains screw dislocations. This micrograph 
also shows that particles of 


a second phase may cause local differences 
of level in the plane of the crack and thus may orig 
step. High angle boundaries when crossed by 
steps, as in Fig. 0. 


inate a cleavage 
a crack initiate many 
Cleavage steps may also be generated by plastic deformation oc 
curring ahead of an advancing crack if the crack vel city is small enough 
and the yield stress low enough so that slip 
then be many dislocations that have to be 
Mig. 7 is a picture of the fracture surface o 
cleaved at 195 


can occur, since there will 
cut by the advancing crack 
{ a silicon-iron single crystal 
C (—320°F) the upper part of which was first 
cleaved, then the crack was stopped and 
traversing the lower part of the 


immediately started again, 
picture. The lower area shows man) 
cleavage steps resulting, doubtless, from the | 
had time to occur while the crack was stopped. 


* Other mechanisms ot crack 
though they are 


lastic deformation that 


formation that have been discussed should be 
at present purely geometrical concepts. One dey 
screw dislocation moving in a slip plane will produce a line 
another screw dislocatior 


mentioned 

ends upon the principle that 
ot vacancies when it cuts acro 
1 oblique to the slip plane (Seitz (16) ). [f several screw dislocatior 
Pass In succession, then a sheet of vacancies should be produced that might grow into a crac 
(provided it does not prefer to collapse). Or if a smaller number of dislocations cross a low 
angle twist boundary a vacancy sheet might he generated (8,15). Another possibility is th: 


edge dislocations of “Pposite sign approaching each other on neighb« 
i sheet of vacancies. 










ring planes may genet 
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Fiz. 5—Cleavage Steps Originating when a Crack Crossed a Low-Angle Boundary in 
Silicon-Iron. The boundary contained screw dislocations producing a 3-degree 


bout an axis normal to the boundary. Direction of crack propagation was from 
upper left to lower right. Low (8) 





In polycrystalline aggregates, micro-cracks can form in advance of 
the propagating main crack. As Irwin and his co-workers have shown, 
important tear steps can originate from the misalignment of these micro 
cracks. 

[-ven in the absence of cleavage steps the stress concentration at the 
root of an advancing crack may be such as to cause local slip and in 
some cases twinning, which in turn requires some accommodation 
slip around each twin. 

(he stress requirement for a micro-crack to propagate has been 
calculated by Griffith for glass and by Orowan (20) for plastic solids. 
his relationship states that the fracture stress should be related to 

p/c) 17? where p is the plastic energy involved in creating a unit area 
of crack and ¢ is the length of the crack. In polycrystalline metals ¢ ap 
pears to be approximately equal to the grain size d, so the fracture stress 
should vary as d~1!/?. In tests of ferritic materials this dependence on 
grain size is actually found, as we will discuss later. As the temperature 
is lowered and the yield stress thereby increased the quantity p de- 

reases and consequently a larger fraction of the grains fail in cleavage 
rather than in shear, there is less slip and fewer tear lines and thus the 
iverage energy for crack propagation is lowered. 
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Fig. 6—Cleavage Steps Originating when a Crack Crossed a High-Angle Boundary 
in 3% Silicon-Iron. Direction of crack propagation was from top to bottom. Low (8) 


In tensile tests conducted at various rates and temperatures it is 
found that the reciprocal of the absolute temperature for full brittleness 
is roughly proportional to the logarithm of the strain rate, at least down 
to —195°C (—320°F). This relation is indicated in Fig. 8 from 
data of Magnusson and Baldwin (21). 

The factors governing the initiation and propagation of cracks lead 
us into considerations of the grain size, temperature, and rate depend- 
ence of yield stress and fracture stress, times for yielding, dislocation 
theories of flow and fracture, and a discussion of twinning. 


Fracture Strength versus Yield Stress, Grain Size, and Orientation 

It was mentioned that ferrite grain size is a very important variable 
in brittle fracture. Numerous experimenters have found that decreas 
ing the grain size lowers the transition temperature, not only in iron 
and steel but also in other metals with transition temperatures. 

When tensile tests are conducted in the brittle temperature region, 
the stress for fracture increases linearly with the reciprocal squar« 
root of the grain diameter, that is, d~'/*. This relation holds over 
a considerable range of sizes, as will be seen from Fig. 4 and from 
Low’s measurements (6) on low carbon steel shown in Fig. 9. In th 
tests of Fig. 9 cracks formed across individual grains when the yield 
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a I 7—Cleavage Steps Originating when a Crack was Stopped and then Started Agait 
¢ iately at 195 °C (—320 °F). Direction of crack propagation was from uppet 
right to lower left, in 3% silicon-iron crystal. Low (8) 
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Fig. 8—Brittleness as a Function of Strain Rate in Polycrystalline 
Metals. Tensile test data for the transition temperature at which 
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elongation reaches the minimum value. Magnusson and Baldwin (21) 
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stress was reached, but did not propagate spontaneously at the yi 
stress except in the large grained specimens. In the small grained spe Ci 
mens the stress had to be raised more, to a value proportional to d 
before propagation could occur. Results by Petch (12) on electrolyti 
iron, ingot iron, and mild steel also show a linear dependence of clea\ 


Grain Size, d, mm, 


1.0 0.25 0.11 0.063 0.04 
200 ! 





x- Fracture Stress 
160 ©o- Yield Stress 


120 


Stress, |OOO psi 


O 2 i 3 4 5 6 
! 
d 2(mm, 2) 
Fig. 9—Yield and Fracture Stress in Tension at 195 °( 
(—320 °F) as a Function of Grain Size for a Low Carbon Steel 
Low (6). 


age strength on d~!/?, Fig. 10. In this study, a small correction was 
made for the increase in cleavage strength that resulted from flow 
prior to cleavage, so that the curve refers to cleavage with no deforma 
tion. 

The dependence of lower yield point in ferrite on grain size is also 
proportional to d~'!“? as measurements of Petch (12) clearly show, 
Fig. 11, and does not depend on the carbon content within the range 
investigated. 

The upper yield point in low carbon steel also increases with decreas 
ing grain size in tests at liquid air temperature, according to Smith, 
Spangler and Brick (22) though the scatter is considerable, and the 
presence of substructure or veining in the ferrite can cause increases 
in the yield point similar to a refinement of grain size. 

Both upper and lower yield points of mild steels varied with d 
(in tests at —195°C (—320°F) and at room temperature) in tests 
by Owen, Averbach and Cohen (23). 
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Cleavage Strength of Ferrite at 195 °( 
Grain Size. Petch (12) 











Lower Yield Point Stress of Ferrite at iyo Se 4G 320 °F) as a Functior 
of Grain Size. Petch (12). 


\llen, Hopkins and McLennan (24) have made the only exhaustive 


‘ tudy of single crystals of iron at low temperatures. They used iron of 
= 96% purity. Slip, twinning and cleavage were all observed at 
‘ 196 °C (—321 °F), the choice being determined by crystal orienta 


ion. Some crystals deformed by slip only (those near the [111] orien 
tion) ; some by twinning followed by cleavage, some by twinning, slip 
| cleavage and some (near the [001] orientation), cleaved without 
easurable slip. A detailed study of resolved stresses showed that at a 


ne 
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given temperature, cleavage did not occur at a constant value of th 
maximum resolved normal stress on cleavage planes, nor slip at 
constant resolved shear stress, laws that had been widely accepted { 
many years. 

Failure of the normal-stress law for cleavage was also observed r 
cently in zinc by Greenough and Deruyterre (25) ; apparently fractur 
follows somewhat more closely a law of constant shear stress than of 
constant normal stress, as might be expected on the basis of a theory 
fracture such as Stroh’s. 


Strain rate and Temperature versus Flow and Fracture stresses 

Both crack initiation and crack propagation appear to be aided by 
conditions that raise the yield stress and flow curve. The flow stress is 
known to be raised by high rates of strain. In controlled-rate tensil; 
tests of polycrystalline metals, the Jogarithm of the stress to produce a 
given amount of plastic strain is often found to be proportional to the 
logarithm of the strain rate (26,27). The constant of proportionality 
varies with testing temperature and the relation holds only when the 
heat generated in the material by plastic flow is conducted away so 
that there is no local hot spot. This strain-rate effect on flow stress is 
presumed to be largely responsible for the effect of strain rate on th 
transition temperature, presented in Fig. 8. 

In body-centered cubic metals the effect on yield strength of lower 
ing the testing temperature is outstanding. By going from room tem- 
perature to liquid nitrogen temperature an increase in yield strength 
by a factor between about three and eight is found in various pol) 
crystalline body-centered cubic metals and in single crystals of high 
purity iron (24). Some results of tensile tests of polycrystalline metals 
by Bechtold (28) and by Wessel (29) are reproduced in Figs. 12 and 
13 to illustrate the trends. The corresponding increase is smaller in 
single crystals of face-centered cubic alloys, and is still smaller in pol) 
crystalline face-centered cubic alloys or in single crystals of face 
centered cubic metals. This has been shown by a number of investi- 
gators in recent months (Jamison and Sherril, Honeycomb, Suzuki, 
Hibbard and others). 

To some extent there is a correlation between the rapid rise in yield 
stress with decrease in temperature and the tendency toward low tem 
perature brittleness of the different metals : molybdenum and steel have 
yield strengths that increase rapidly with falling temperature, beta 
brass increases less and shows less pronounced loss of ductility, whereas 
nickel and zirconium show little increase and no loss of ductility. How 
ever, there are important exceptions to a general correlation of brittle 
ness and yield point trends. Tantalum, as Bechtold has shown (28 
increases its yield stress by as much as ship plate when the temperature 
is reduced to liquid nitrogen temperature, yet it remains ductile. In 
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I‘racture strength, defined as the load per unit area at fracture, 
hanges very little with temperature in polycrystalline body-centered 
ubic metals over the range in which they are brittle, the plateau region 


curves 


of 


Fig. 
ling fracture is very small in this range, 


12, for example. 


The amount of plastic strain 
so the fracture stress 


innot be much influenced by this strain ; at higher te mperatures where 


here is appreciable elongation before fracture this is no longer true. 
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Much effort has been put into attempts to determine a fundamental 
uation expressing the temperature dependence of the yield stress. 


\Vithin limited temperature ranges this has been successful. For ex- 
Zener and Hollomon have accounted for their data on steel 


(26,27), and Bechtold for his data on molybdenum (31) and tungsten 
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(32), for the temperature range in which the yield stress incr 
rapidly, by using the relation that the yield stress is proportion: 
eT, However, the recent data at lower temperatures (Figs. 12 and 13 
for example ) shows that this relationship does not hold, at least 
steels, tantalum and molybdenum. On a plot of logarithm of the 
stress verses 1/T the relation would plot as a straight line, but the ol 
served values tend to level off at the lowest temperatures. 

\nother relationship that holds over a limited range is the one { 
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Fig. 13—-Yield Stress of Polycrystalline Metals as a Function of Tem 
perature. Plotted to test linearity of logarithm of stress with 1/1 
Wessel (29). : 


is derived from the Cottrell-Bilby (33 )theory of the yield point, whic! 
in the simplified form derived by Fisher (34) requires that the product 
of the yield stress and the absolute temperature is a constant. This 
theory fits the data adequately for molybdenum over the range 200 
600 °K, and iron over the range 70—375 °K, as will be seen in Fig. 14, 
but at lower temperatures it would predict rapidly rising stress in 
stead of the leveling-off that is evident in Figs. 12 and 13. 

In the Cottrell-Bilby theory a yield point is produced by the segre 
gation of solute atoms at dislocations, where they exert an anchoring 
force. Yield occurs when the applied stress with the aid of thermal 
energy fluctuations rips dislocations from their restraining atmospheres 
of solute atoms. 

Since we return repeatedly to the concepts of dislocation loops being 
generated by a source and moving to a position of equilibrium, and 
dislocations being anchored by solute atoms, it is well to look at an 























VWETALLURGY AT LOU 





l E WP! R 11LUk ES /\ 


picture of these defects, Fig. 15. This has been prepared by 

using infra-red light and a crystal of silicon, which is a substance 

s transparent to this light. Several dislocation lines are seen. These 

- are locked in position and made visible by copper that has been 

ised into the crystal along them and precipitated ; copper is opaque 

he infra-red light. The crystal has been etched, and it will be seen 

etch pits—the notches at the bottom of the crystal image—are 
he point of emergence of the dislocations. 

his photograph illustrates one of several new methods of making 

ocations visible. The moving pictures prepared by Hirsch of Cam 
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Fig. 14—Stress Corresponding to a Delayed Yield Tim« 

of 0.01 Second as a Function of Temperature, for an 

Annealed 0.17% Carbon Steel. Experimental points from 

Clark and Wood, solid curve from equation of Fisher 
(34). 


bridge University in recent months are a remarkable advance in this 
held, actually showing the movement of individual dislocations in 
aluminum foil. In other experiments, the etch pits that form at the 
uds of dislocations and the impurities that segregate along dislocations 
re being used in several laboratories to see how dislocations behave in 
metals and in transparent crystals. (Work of this kind is particularly 
ctive at the General Electric Company, the Bell Telephone Company, 
the University of Ghent in Belgium and the University of Bristol, 
nd will be published soon in the Report of the Lake Placid Conference 
n Dislocations and Mechanical Properties, September 1956) (113). 
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A modified version of the Cottrell-Bilby theory, assuming a diffet 
ent distribution of solute atoms near the core of a dislocation, has r 
cently been worked out by Louat (35). With a proper choice of its 
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| constants, his equation can be made to follow the data for mild 
ut it is difficult to provide a rigorous test or to make any use of 
ry having as many arbitrary constants as this. 

ssible reasons for failure of a given law at low temperatures are 
olverystalline iron and perhaps some other metals start to twin 

n the temperature is reduced to about (or exactly?) that at which 

ield stress levels off and (b) dislocations may be torn from their 
spheres without the aid of thermal agitation when this stress 
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teau is reached. 
single crystals of high purity iron, the critical shear stress for slip 


i ; not level off as a result of twinning, but continues to increase as 

| 4 peratures are lowered to 20 °K, both in crystals that twin and those 
| at do not twin (24). 

\n adequate summary of current theories of yield stresses and flow 
ves cannot be included here, but the basic mechanisms on which 

me of them have been built should be mentioned. In different metals, 

in a given metal at different purities or different temperatures, 

hese mechanisms are given varying degrees of importance. We have 
entioned two in previous sections: (a) locking by Cottrell atmos 

pheres and thermally activated release of dislocations from these ; the 

cking is weaker in face-centered cubic than in body-centered cubic 

metals, since both edge and screw components are locked in the latter 

but only edge dislocations are strongly locked in face-centered cubic 

etals, according to theoretical calculations by Cochardt, Schoeck and 

\Viedersich (35a); (b) stresses from the piling-up of dislocations at 

harriers. Other mechanisms include (10,11) (c) the cutting of a 

‘ forest” of dislocations by moving dislocations of edge or of screw 

) type, forming jogs in the dislocations; (d) the movement of jogs, in 

} some instances resulting in the production of point defects (presumably 

= vacancies); (e) the resistance to cutting extended half-dislocations, a 

| factor which may enter when the fault plane energy is low and the 

» then widely separated dislocations must be brought together to permit 


) cutting (in face-centered cubic and hexagonal metals) ; (f) coalescence 


; 


it dislocationymoving on different planes so as to form Cottrell-Lomer * 
sessile dislocations, which can be dissociated again with sufficient stress 
aided by thermal fluctuations; (g) a temperature-dependent width of 
i single dislocation, with a consequent variation of the force required 
to move it; (h) production of disorder in superlattices resulting from 
lislocation motion ; (i) variation of the lengths of dislocation sources.* 


Cottrell has remarked that when dislocations form a tight network such that dislocation 
ire short, the stress to operate the sources should be large and substantially inde- 

ent of temperature; this may ~ the situation in face-centered cubic alloys. But when dis 
sources are long and yield strengths are determined not by source lengths but by 

lly activated tearing of dislocations away from atmospheres, or thermally activated 

t of dislocations that contain many jogs, the yield strength should be temperature 
nt. This latter may be the case in alloyed face-centered cubic single crystals, which 
yield strengths moderately strongly dependent on temperature. Perhaps the same is true 
liation damaged metals in certain temperature ranges, since these also belong to the 
rature-dependent class (35b). 
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DELAYED YIELD 


Many investigators believe that the phenomenon of delayed yi 
is of utmost importance in understanding brittle fracture. As ( 
pointed out in his Campbell lecture in 1954 (36), mild steel 
loaded rapidly up to a constant stress resists the load elastically 
cept for microstrains of small magnitude) for a certain time—the ci 
time—before yielding occurs. Since fracture occurs only when plasti 
flow fails to keep stresses below the level at which cracks form 
propagate, it is a natural suggestion that any phenomenon that de 
flow should increase the tendency to fracture. 

There is, in fact, a qualitative correlation between the existenc 
delayed yield and the existence of a transition temperature for brittk 
fracture. Comparing different metals and alloys with each other, cd 
layed yield is found in steel (36) and in molybdenum (37) ; both of 
these metals are body-centered cubic in structure and have brittleness 
transitions ; it is also found (38) in beta brass, which is body-centered 
cubic and which shows some ductility deficiency at sub-zero temper 
atures ; it is absent in face-centered cubic materials, and these are 
brittle at low temperatures. Materials that do not show delayed yield 
and do not have a brittle transition include 24S-T and 75S-T alumi 
num alloys, 18% chromium-8% nickel stainless steel, and alpha brass 
(38,39). 

On the other hand, there does not seem to be a simple quantitativ: 
relationship between delayed yield characteristics and the transitio1 
temperature of a given metal. This was pointed out by Clark (36) sev 
eral years ago on the basis of his experiments on steel. With rapid 
loading of steel at a series of decreasing temperatures a stress level can 
be reached, the ‘upper limiting stress,” at which the delay time is 
wiped out, yet there is no obvious correlation of this characteristic witl 
the brittle fracture phenomenon.* One wonders whether local stress 
concentrations at notches and cracks are so large that instantaneous 
yield always occurs in practice ; there is, in fact, evidence that notched 
specimens do not show delayed yield. Krafft (40) emphasizes that 
what should be of practical importance is the fact that impulsive load 
ing leads to a substantial increase in flow strength throughout the 
whole time of loading, even when stress concentrations have elim 
inated the delay time. 

Krafft has been making an extensive study of delay times on steels 
of various compositions (40,41), using the Hopkinson bar techniqu« 
He plots the stress for each test versus the logarithm of the delay time 
and finds that the data often fall on a curve having either one or two 
linear portions (see Fig. 16). The curves for a given steel at different 


* Dr. C. F. Tipper tells me that tests at Cambridge University have likewise failed t 
close a simple correlation between the transition temperature of various steels and their ) 
delay times, at least those measured at room temperature and at —80 °C (—112 °F) 
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Fig. 1¢ Delayed Yield Data for Annealed Mild Steel. Dots 
and circle from Clark and Wood's data, crosses from Krafft 


data. (40) 


temperatures are not necessarily parallel, however, so he concludes that 
much data must be collected before it can be decided whether there is 
iny sort of quantitative correlation between these characteristics 01 
perhaps work-hardening rates and the transition temperature. 

Thus, even though delay times are large at low temperatures there is 
no way that has yet been determined by which the transition tempera- 
ture can be predicted from delayed yield data. As for the “upper limit- 
ing stress” above which delay times are nonexistent or at least too 
short to measure, it has been suggested that this is probably due to the 
onset of twinning (40), though full proof of this seems to be lacking. 
Nevertheless delay times are of scientific interest in themselves and 
serve as a testing ground for theories of plastic flow. 

Theories of delayed yield are based on the Cottrell-Bilby theory of 
the yield point (33,42). Campbell (43) has developed a theory that 
relates the applied stress to the delay times and finds reasonable agree- 
ment with experiment. Fisher has also developed such a theory (34) ; 
he concludes that delay times are dependent on the parameter G?/rT 
where G is the rigidity modulus, + is the resolved shear stress on the slip 

lane and T is the absolute temperature. His approximate theory gives 

he logarithm of the delay time equal to —A + BG?*/rT. The two ad 
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kig. 17—-Delay Time for Yielding of Annealed 0.17 Carbon Steel 
is a Function of Stress and Temperature. Experimental points fron 
Clark and Wood; solid curves calculated from the relationship 1 
t A + BG?/r T. Fisher (34) 


justable constants A and B can be chosen so that the theory fits th 
experimental data of Clark and Wood both for yield points (Fig. 14 
and delay times ( Fig. 17) for various steels over the range from 400 °K 


down to 140°K. The yield point is taken as the stress necessary to 


produce yielding after a standard delay time (0.01 second was chosen 
Below 140 °K the tendency for yield strength to become constant in 
dependent of temperature is accounted for by assuming that disloca 


tions are dislodged even without the aid of thermal fluctuations. Certain 
quantitative aspects of the theory are giving rise to doubts (45) and are 


being re-interpreted (35a). 


Neither theory seems to explain fully the data Krafft has obtained 


on mild steel at very short delay times (Fig. 16) (below 10~* sec. at 
23 °C), for reasons as yet undetermined, but Fisher finds his in reason 


able agreement with data for molybdenum and iron. Since Cottrell at 


mospheres lock the dislocations much less strongly in face-centered 


cubic metals, the lack of delay times with these metals is accounted for 
There appears to be a distinct upper and lower yield point in tensil 


tests of metals that exhibit yield delays, as the theories predict, though 
a distinct yield point in static loading may be removed (at least in room 


temperature tests) by decarburization of a steel and still leave a delay 
time and a distinct yield point in rapid loading tests (36). 
Yield delay times are related to Luders band propagation. One may 
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t the motion of the front of a Luders band as the successive yield 
adjoining regions along a test piece. As each region (say a grain 
thgrain ) yields, it throws added stress upon the region ahead of 
| this in turn yields after a certain delay time. If delay times fol 
the law stated above, Fisher and Rogers (44) point out that a 
lers band should propagate with a velocity V given by 


megreee 


log V . D/o T 


re og is the applied stress and T the absolute temperature. This was, 


ct. found to account for observed data on Luders bands in steel 
es when the experiments were conducted so as to avoid strain aging 
1 < reep, which tend to decrease the velocity. 


Pre-Yield Microstrain 
luring the delay time for the initiation of yielding a small strain 
urs that amounts to a few per cent of the magnitude of the elastic 
rain at the upper yield point. If a tensile stress is rapidly applied and 
hen held constant, this plastic and anelastic microstrain begins at an 
itial rate that depends on stress and temperature, then slows down, 
lif stresses are high enough finally accelerates to become the familiar 
oss yielding process. 
(he phenomenon 1s of particular interest in connection with brittle 
ness because it is believed to be evidence of the build-up process by 
hich local stresses reach the high values that can initiate either frac 
ture or abrupt yielding. Vreeland, Wood and Clark (45) attribute it to 
he dislocations first released from their anchoring atmospheres of 
ute atoms. ach active source of dislocations is presumed to send out 
islocation loops that travel outward until they pile up at surrounding 
riers. Piling up continues until the pile-up creates local stresses that 
either bring the source to a stop, or start up new Frank-Read sources 
eyond the barrier, in the yield phenomenon, or open a crack near the 
atte 
Che total microstrain produced by stresses less than the vield point 
ibout 30 x 10~-® in/in) seems to be a magnitude that can be accounted 
tor by this theory. Also the slowing of the rate of microstrain from its 
nitial maximum would be expected, since the net stress acting on a 
uurce decreases as the dislocations it has generated continue to pile 
up around it. However, the initial microstrain rate should be propor 
onal to the number of dislocations released per unit time, which can be 
estimated by theory. In Fisher’s statement of the theory (34) this num 
is proportional to 1/oT where oa is the stress and T the tempera 
ture, a relationship that fits the experimental data over the range 243 
298 “KK but the proportionality constant is found to be a different one 
339 °K, Fig. 17. The Fisher relationship is inadequate, also, in that 
binding energy per unit length of a dislocation with its Cottrell 
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atmosphere computed from the microstrain rate does not agre 
that computed other ways. Perhaps the Campbell form of the tl 
can produce better agreement with experiment or perhaps these dis 
crepancies could be removed by not too drastic revision of the det 
picture assumed for the pulling away of the dislocation from the loc! 
atmosphere. Further tests at temperatures well below this narrow rang 
would be desirable. 








Stress Between 


t.L. and o,. 


me 
Fig. 18——Types of Strain-Time Curves Obtained for Mild 
Steel Tested at Low Temperatures for Three Different 
Stresses. “Creep” starts at C, Luders strain at S. Owen, 


Averbach and Cohen (46) 


Returning to the experimental side, we call attention to studies at 
MIT (46,47) dealing with microstrains, particularly recent ones ot 
ship steel at temperatures down to —195 °C (—320°F). It appears 
from the tensile tests conducted on this Ship Steel project that th 
permanent strain occurring before gross yielding develops is of tw 
types ; one type occurs quickly even at —195 °C (—320 °F) provided 
the applied stress is greater than a certain minimum, the elastic limit 
This plastic microstrain does not exceed 50 x 10~® in/in and ceases 
within a few seconds after the load is applied. If the applied stress is 
somewhat higher, the instantaneous microstrain is followed by the 
second type of strain beginning at point C in Fig. 18. This is some kind 
of slow creep which at low temperatures may continue for many min 
utes and which finally accelerates into gross yielding if the stress 1s at 
the upper yield point. This occurs at point S, Fig. 18. At room tempera 
ture the creep stage is obscured by the rapid onset of gross yielding 
unless rapid loading equipment is used. 
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195°C (—320°F) there is a minimum stress at which this 

can be observed in a few minutes at constant load (say, 4 min 

[his stress depends on composition and grain size and shows the 

trend as the yield stress. The total creep strain that occurs at 

f 5™< ff 320 °F), which amounts to 10-8 to 10~* in/in, was in 

sed strongly when austenitizing temperatures were increased, but 
not primarily grain size dependent. 

he elastic limit is probably the stress at which the first dislocation 

rces become active, and pile-up of dislocations presumably occurs 

ng the almost instantaneous microstrain. The creep process, on the 

er hand, may involve penetration of barriers or perhaps the ther 

lly activated release of further dislocations from their anchoring 

ospheres and further pile-up. Identification of the processes should 

ecome more certain after further research, but it currently appears 

the creep stage consists of slip occurring at widely distributed 

ints before Luders bands, nucleating near the grips, reach these 


ints. 


Dislocation Theory of Crack Initiation and Propagation 
Current theories of crack initiation and propagation make use of the 
vield point and delayed yield theories previously mentioned. These will 
be briefly outlined with reference to Fig. 19. Under an applied stress, 
lislocations are generated in a few grains before the stress reaches the 
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Fig. 19—Dislocation Sources, Barrier, and Pile-up as Assumed in Re 


cent Theories of Crack Initiation. 


upper yield point, causing the pre-yield strains mentioned earlier. These 
lislocations run across a slip plane until the leading one of them en- 
counters a barrier, such as a grain boundary. The dislocations then 
press against each other, reducing the applied stress and eventually 
stopping the generation of dislocations. The number of dislocations in 
the pile-up, », is then proportional to the applied shear stress + and 
roportional to the distance from source to barrier. With a source near 
the middle of a grain of diameter d the relation between these quantities 
then n= k7rd where the constant k depends upon the elastic con- 
nts of the material. 


le i PI SS 


‘his array of n dislocations produces high tensile stresses across 
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planes near the head of the array, stresses of a magnitude n times th, 
applied stress, that is, they reach the value o— Knr where K is 
constant. Substituting the value of n mentioned above, this becomes 


Cc r d 
In cases of brittle cleavage it is assumed that this intensified stress 
reaches the value of normal stress necessary for cleavage on a cleavag: 
plane nearby, o = o-, and thus 


r «x \V/o,/d, 
so that for brittle specimens of differing grain size the applied shear 
stress (or tensile stress) for fracture should vary as d—}. This is in fact 
observed (see Fig. 10). The data follow the law o, =o6,-+ kd-? in 
ferritic materials. 

The above outline of the theory follows Petch (12). Much the same 
basic ideas were developed by Stroh into a more detailed theory (13,14) 
Stroh calculated the normal stress on planes of all orientations around 
the head of the pile-up, found the plane on which it is a maximum, and 
applied Griffith’s criterion for opening up a crack on this plane. This 
also led to a fracture strength proportional to d~*. Stroh also showed 
that the Griffith criterion for a crack in brittle material, when applied 
to this case, predicts that a crack of any size that starts will continue to 
grow in the stress field of the dislocation pile-up, so he concluded that 
the question of the size assumed for the nucleus of the crack is not 
important. 

The crack may initiate either in the same grain as the slip band, or in 
a neighboring grain, depending upon the orientations of the availabl 
cleavage planes. Stroh proposes that potential sources of dislocations 
near the pile-up (Fig. 19) are locked at low temperatures by Cottrell 
atmospheres so as to produce brittle behavior, whereas at higher tem- 
peratures they are thermally activated and produce ductile behavior 
The theory accounts for the variation of the lower yield point with grain 
size and temperature (over a considerable range of temperatures), and 
accounts, in order of magnitude, for the absolute value of the yield 
point. 

Stroh has further extended the theory to cover the phenomenon of a 
transition temperature for crack formation (14). To do this he con- 
siders the probability that a source will break away from its locking 
solute atoms in a certain interval of time at a given temperature and 
stress, and he integrates this probability over the time required for 
pile-up. The result comes out that the probability of sources becoming 
active and preventing crack initiation increases quite sharply with tem 
perature near 30°C, thus accounting for the abrupt ductile-brittle 
transition in ferrite at temperatures not far from this calculated tem- 
perature. 
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roh applies the same principles to qualitative explanation of a tran 

n temperature for crack propagation. The time over which he inte 
tes his probability function in this case is the time for a running 

k to pass a potential source, i.e., a time t, which is proportional to 

where r is the distance of closest approach of the crack to the source 

v is the crack velocity. If sources become active in time t, they 
orb the stored elastic energy and the crack is stopped, otherwise it 
reads in a brittle fashion. 

\lers (48) is working on a modification of this theory, noting that 
for a crack to form, the elastic energy of the material with a crack must 
e less than with the pile-up in the absence of a crack, and assuming 
that if a crack forms, the dislocations in the pile-up will run into the 
crack rather than remain immobile as was assumed by Stroh. 


Interstitial Solutes versus Brittleness 


Carbon and nitrogen in solution in ferrite are responsible for the 
presence of an upper and lower yield point, and produce increased 
resistance to flow at all strains. The success of the theory of Cottrell at- 
mospheres in explaining this has been mentioned. 

Charging a metal with hydrogen produces some effects of a similar 
nature, but the interpretation is not as simple, owing, for example, to 
the difficulty of eliminating effects due to small amounts of carbon 
and nitrogen, also to possible local strains that may accompany charging 
with hydrogen. If the carbon and nitrogen yield point is removed from 
a 1020 steel by prestraining a sample, a yield point can be introduced 
by charging with hydrogen and testing at temperatures below about 

120°C (—184°F), according to Rogers (49). 

Chang and Gensamer have found an internal friction peak in iron 
at about —120°C (—184°F) that is dependent on the presence of 
hydrogen, and that may be related somehow to the hydrogen-induced 
yield point; perhaps when the temperature is raised to this point the 
dislocations that were previously tied down by hydrogen begin to move 
in response to the applied stress (50). The effect is currently under 
turther investigation. At a still lower temperature, about 50 °K, Gen- 
samer finds another internal friction peak, presumably one related to 
the shifting of hydrogen atoms from one set of interstices in the lattices 
to another as a result of the applied stress (51). 

Hydrogen is not usually considered responsible for the low- 
temperature brittleness of ordinary steels, although it can produce 
microcracks in welds when present in sufficient quantity. Petch (52) 
suggests that hydrogen adsorption on the surface of microcracks should 
be expected since iron is a strong chemisorber of hydrogen, and such 
chemisorption should lower the stress necessary to open a crack. 

There appear to be interactions involving certain interstitial elements 
that may have a bearing on brittleness. Internal friction studies have 
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indicated that the precipitation of nitrogen from Fe-N alloys is gr 
retarded by the presence of manganese (53). This suggests that inter 
actions between various substitutional elements and the interst 
elements may alter their mobility and may thereby influence eithe; 
transcrystalline or intercrystalline brittleness characteristics. Evid 

of other interactions are seen in the grain boundary brittleness in i: 
that is found when oxygen is present. This is removed by adding as 
little as 0.002% carbon (54,55). Possibly the carbon reduces an oxid 
film at the boundary; an alternate suggestion has also been made, that 
the grain boundaries in the absence of carbon are weak, with interatomi: 
distances frequently larger than normal, and that when carbon is pres 
ent it segregates in the boundaries, strengthening them (55). 

Some alloying elements alter the transcrystalline cleavage strengt! 
of mild steel and others apparently do not. In the carbon range 0.04 t 
0.15% C, when tensile results at constant grain size are corrected t 
zero deformation, Petch (12) finds no effect of carbon content on th 
cleavage strength. On the other hand it can be argued that the cleavag: 
strength of mild steel is raised by manganese additions, since the yield 
stress is increased yet the impact transition temperature is lowered 
(90). 

Brittleness versus Twinning 

Mechanical twinning (the formation of Neumann bands) occurs 
when iron and steel is deformed at low temperature or at high rates oi 
straining. Twinning tends to be suppressed by decreasing the grain siz 
or by prior cold working at higher temperatures. Because the effect o! 
these variables on twinning is similar to their effect on brittleness, man) 
have puzzled over the question of whether or not twinning nucleates 
cracks and is the essential cause of brittleness. 

There is a long history of experiment on this subject that is now 
rather well known, so we merely need to summarize by saying that 
many thorough studies have shown that in general there is no necessar) 
embrittlement as a result of twinning. Some special conditions hav 
been encountered, to be sure, where there is a close correlation between 
twinning and the onset of brittleness in iron but in the great majorit) 
of cases it has been proven that twins were not necessary for brittleness, 
and that any twins present were produced by the stresses around a 
rapidly spreading crack after the crack had nucleated (55,57). Excep 
tions appear to be low temperature tensile tests of iron single crystals oi 
certain orientations (24,58), and of some high purity iron containing 
oxygen and very little carbon, which failed in the boundaries (54). 

From single crystal measurements we know that the critical stresses 
for twinning in iron are of the same order of magnitude as those for 
slip and cleavage when temperatures are below about 80 °K (24). This 
is the basic reason for their occurring together at times. The sam 
situation apparently holds in tungsten and molybdenum, since twins 
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Brass. Wessel (29), 


have sometimes been noticed after brittle cleavage of these metals, but 
in the more ductile metal tantalum there seems to be no twinning (28), 


t least above 78 °K. A current series of tensile tests on polycrystalline 
iron by Low indicates that at least under the conditions he employed the 
upper yield point stress increases as temperature is decreased until the 
temperature is low enough for twins to form; below this temperature 
the stress is substantially independent of temperature and twinning al- 
ways accompanies yielding. This suggests that at least in iron the 
plateau of Fig. 12 is due to twinning, and the same may be true of the 
plateaus for polycrystalline tungsten and molybdenum. 


Characteristics of Stress-Strain Curves at Low Temperatures 

before continuing the discussion of brittleness a striking characteris 
= tic of stress-strain curves at low temperatures should be discussed, 
which is illustrated in Fig. 20 by Wessel (29). Serrations more or less 


ike those seen in this figure have been observed in many materials 


rhb. 


tested at liquid hydrogen and liquid helium temperatures and in some 


sical: 


iterials at even higher temperatures. Serrations have been seen with 
mn, mild steel, alloy steel (SAE 4340, SAE 3335), beta brass, cad 
lum, austenitic steels, copper, irradiated copper, aluminum, nickel, 
nel, inconel, super-pure aluminum, aluminum alloy (24S solu- 
nized), and tantalum. 
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Blewitt, Coltman and Redman (58) have shown that certain of the 
serrations (not all) are associated with twinning in the case of tensile 
tests of single crystals of copper at helium temperatures ; those in beta 
brass may be accompanied by a strain transformation as we shall se 
later. In general, however, it appears that most serrations on stress 
strain curves at very low temperatures are due to cataclysmic, localized 
slip. It has frequently been proposed (27,29,30) that local heating 
lowers the flow stress and permits flow until strain hardening sets in 
Basinski has recently reported some evidence of such local heating, but 
no one seems to have clearly demonstrated that the heating is sufficient 
to account for the magnitude of the load drops. 

Another peculiarity in stress-strain curves run at any temperature 
below the recovery range is the small yield point that is produced by 
re-loading after unloading. This has been observed by many investi- 
gators and in many metals, including aluminum, copper, alpha brass, 
mild steel and nickel. Various suggestions have been made as to its 
cause. Haasen and Kelly (59) have now shown that it is not due to 
strain-aging, but occurs in the absence of any diffusion process, for it 
can be seen even at 20°K and below. It has its origin in dislocation 
rearrangement during the unloading (it does not occur strongly unless 
the load is reduced by more than half). 

Apparently the same kind of interactions that limit reverse deforma 
tion on release of load, produce this yield point on reapplication of load.’ 


Low TEMPERATURE TRANSFORMATIONS 


A field of low temperature metallurgy that has developed rapidly 
in recent years is the science of martensitic transformations. The most 
basic characteristic of these is now generally accepted to be the change 
of shape that takes place in a metal during a martensitic change of crys 
tal structure, which can occur without diffusion processes. This change 
of shape is revealed on a smooth surface by a tilting of the surface where 
each of the martensite plates intersects the surface, and is clear evidence 
of cooperative movements of the atoms involved. Experiments on or- 
dered Cu-Al alloys by Kurdjumow (60) indicate that order existing 
in the parent phase is retained in the transformation product, confirm- 
ing the theory that there are regular, not random movements of atoms 
at a martensite interface. 


Crystallographic Theories 
It has been the aim of several investigators to understand quantita- 
tively the relation between the change of structure, the surface tilts, 
the habit planes on which martensite forms, and the relative orientation 


* At the Lake Placid Conference on Dislocations and Mechanical Properties, Sept. 
several relished the idea that the lack of reversibility of plastic flow is due to interfering stress 
systems arising from dislocations on secondary slip systems. 


somEPRERN OT 


oe en eee 


Ri Oy gglibabes- able RF 





METALLURGY AT LOW TEMPERATURES 85 


the lattices; that is, to understand fairly exactly the atomic move 

nts in each martensitic transformation. 

[his aim has now been reached in the vast majority of cases. Starting 

ith Bain’s (61) suggestion as to the atom positions in austenite that 

ransform into certain atom positions in martensite—a correspondence 
etween atoms that has been used in all subsequent theories—important 

lvances in deciphering the transformation mechanism were made by 
Greninger and Troiano (62); Jaswon and Wheeler (63); Bowles 
64): Wechsler, Lieberman and Read (65) ; and Bowles and Macken- 
zie (66). The steady progress toward a general theory that would 
apply to all transformations has been summarized elsewhere (67,68,69 ) 
and need not be repeated here. The two major attempts to achieve a 
ceneral theory applicable to all martensitic transformations, one by 
Wechsler, Lieberman and Read (65), the other by Bowles and Mac- 
kenzie (66), are essentially equivalent except with regard to a small 
dilatation, which appears in the latter theory only. Both are successful 
in relating in quantitative fashion the habit planes, surface tilts and 
orientations that accompany a given change in crystal structure in a 
erowing list of transformations. 

The essential bases of these general theories are that the transforma- 
tion product and the parent crystal must be in reasonably good coherent 
contact over their interface, that the interface is a plane that is common 
to both structures, that the interface is left unrotated and either fully 
or nearly undistorted by the deformations that accompany the transfor- 
mation, and that the transformation proceeds by a movement of the 
interface. 

Another theoretical approach to the problem, developed chiefly by 
Bilby and Frank, has been to consider the matching of the parent and 
product lattices at the interface and to specify the array of dislocations 
in the interface that would be required to bring about the transforma- 
tion (70). This two-dimensional array of dislocations at the interface, 
which has been called a surface-dislocation, is being studied as a con- 
cept that can perhaps be applied with profit to all martensitic trans- 
formations as well as to the simpler problems. 

The three generalized theories just mentioned seem to serve equally 
well in some transformations. However, in other transformations they 
differ somewhat, and it may be some time before there will be data 
sufficiently precise to decide between them. In fact, there may be too 
much inherent scatter in the actual habit plane of a given transforma- 
tion, or too much variation in habit plane with temperature or composi- 
tion (71) to be fully accounted for by any of the current theories. 


Nucleation and Growth 


it may eventually turn out that the surface-dislocation concept can be 
integrated with the current developments in nucleation theory, for it is 
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now concluded from various experimental investigations that mart 
ite in polycrystalline samples nucleates at imperfections of some s 
That some dislocation array is involved in nucleation has been s 
gested by Cohen, Machlin and Paranjpe (72) and that nucleation 
heterogeneous on some kind of singularities rather than homogeneous 
has been indicated by observations on iron-nickel samples by Kaufi 
and Cohen (73) and by Cech and Turnbull’s experiments (74) on cast 
spheres of iron-nickel alloy a few microns in diameter, some of whic! 
cooled more than 175°C (345°F) below the M, temperature of th 
bulk alloy before starting to transform. 

The free energy of formation of a nucleus in martensitic transfor 
tions in the absence of imperfections has yet to be determined. Presum 
ably experiments with highly perfect crystals in the form of whiskers 
could prove useful on this question. It is abundantly clear, at any rat 
that the activation energy for growth of a nucleus is extremely small 
compared with that for nucleation, and, in fact, is virtually zero, sine 
martensite plates grow within microseconds even at temperatures as 
low as 4.2 °K (74,75). 


Some Crystallographic and Metallographic Experiments 


Some experiments I have been conducting at the Institute for th 
Study of Metals of the University of Chicago have a bearing on imper 
fections and their relation to low temperature transformations. And 
since transformations influence metallic properties, these experiments 
also aid in interpreting some of the properties that are measured in the 
low temperature range. The work has been concentrated on body- 
centered cubic (BCC) metals and alloys, because a majority of metals 
and alloys of this structure transform; it is the exception that does 
not. 

Using rather simple x-ray diffraction equipment, it was discovered 
in 1948 that lithium transformed as a result of cold work at liquid 
nitrogen temperature into a face-centered cubic (FCC) structure (76 
Cold work at any temperature under about 110°K was found to pro 
duce this partial transformation, the amount that transformed being 
increased by lowering the temperature of cold working. It was then 
found that a low temperature phase formed spontaneously when a sam 
ple was cooled below an M, temperature of 72 °K, a temperature that 
was sensitive to grain size and surface condition (77,78). The phas 
formed on simple cooling was close-packed hexagonal. Both the prod 
ucts formed by simple cooling and by cold working contained many 
stacking faults, as could be seen by an analysis of certain streaks t! 
appeared on the x-ray films. 

The transformation of lithium had much in common with other mat 
tensitic transformations; for example, there was marked stabilizatt 
of the high temperature phase when it was cold worked at a tempera 
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Fig. 21—-Lower Portion of Cryostat. A, copper rod leading to liquid helium chamber; 
8, copper specimen holder; C, cavity for specimen; D, copper radiation shield bolted 
liquid nitrogen chamber that surrounds helium chamber; E, vacuum chamber which 
s on X-ray spectrometer; F, window for X-ray beam, aligned with windows in B 
' D; G, “O” ring seal around circular port; H, tool for cleaning and working 
imen; I, sylphon bellows; J, ball and socket assembly with adjusting nuts, servins 

as pivot for tool. (80). 
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ture above Mg and below the recrystallization temperature. Both low 
temperature phases reverted to BCC on heating, with a large hysteresis ; 
he temperature at which reversion began was higher in cold worked 
lithium than in lithium that had been simply cooled. 
In 1955 a much improved low temperature x-ray diffraction appa- 
ratus was put into use (79,80) in which the specimen is surrounded by 
shield at liquid helium temperature and a shield at liquid nitrogen 
temperature and mounted on a recording spectrometer, Fig. 21. 
\ stainless steel rod enters the evacuated specimen chamber through 
ball-and-socket joint and flexible bellows, and can be manipulated to 
cold work the specimen (80). The end of the rod is shaped and sharp 
ened so that downward strokes cut off layers from the metal and re 
nove an oxidized surface, in-and-out strokes cold work the specimen, 
nd upward strokes rub the surface smooth. All of these operations can 
e conducted at temperatures down to 5 °K. 
! Che lithium transformations of the earlier studies were confirmed ; 
uple cooling produces a close-packed hexagonal (CPH) phase and 
| work converts the body-centered cubic and the CPH structures 
i FCC transformation product containing many faults. With the new 
ta available the unit cell dimensions have now been revised (80). 
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The earlier work had suggested that sodium also transformed but the 
evidence for this was extremely tentative (78). The new apparatus. 
however, showed very clearly a partial transformation in sodium to 
CPH on simple cooling, with a change of volume that is negligible (80), 
Unlike lithium, the CPH sodium that forms on simple cooling is not 
changed to FCC as a result of cold work; it remains CPH even after 
severe deformation at the lowest temperatures, as may be seen from 
the diffraction pattern of Fig. 22 made at 5 °K. Certain CPH lines on 
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Fig. 22—Portion of Diffraction Pattern from Sodium at 5 °K after Cold Working 
Corrected spacings in A indicated; CuKa radiation (filtered). (80). 


this pattern are about as sharp as the lines from the BCC residue, but 
others are extremely broad. It is found that the broadening of the lines 
having certain indices is accounted for by assuming the presence of 
many stacking faults. Lines with H — K = 3n where n is an integer 
are unbroadened while those with indices H—K—=3n=+1 are 
broadened. 

Severe cold work at 5°K transforms about half of the sodium to 
the hexagonal form and this reverts to the cubic form starting at about 
60-65 °K upon heating. The reversion is completed at 100-110 °K or 
at lower temperatures if there has been no cold work. Well below the 
recrystallization range, (100°K) the reversion process can be aided 
by cold work during the heating, for example, by working in the range 
45-100 °K. 

Magnetic resonance measurements have disclosed some important 
anomalies in sodium in the low temperature region below 60 °K 
(Knight (81)) and it became of interest to determine whether the 
anomalies were due to this sodium transformation. The specimens used 
by Knight in his examination of these anomalies (which have become 
known as the Knight Shift) were sent to us and examined. On cooling 
to 5°K no transformation was found. The sensitivity of the apparatus 
was such as to have detected a 5% transformation. The small size of 
the particles of which the specimen was composed and the fact that the 
particles were dispersed in paraffin must have inhibited the transfor- 
mation. 
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‘iz. 23—Micrograph of Sodium after Transformation. Sample with smooth surface, 
cooled to 20.4 °K, and returned to 0 °C. x25. (82). 


To determine the M, temperature for the transformation in sodium, 
metallographic studies were conducted on a polished surface (82). It 
was found that the sodium martensite plates caused severe local dis- 
tortion of the surface which could be seen even after returning the 
sodium to room temperature, as also occurs in lithium (83). To prepare 
a metallographic surface it was merely necessary to cool a globule of 
sodium in a vacuum capsule. By suitably manipulating the globule it 
could be cooled without introducing strains from its contact with the 
glass. The martensite plates are seen in the photomicrograph of Fig. 23. 
The M, temperature determined in this way was 36 + 2 °K. 

The relation of this transformation to specific heat measurements on 
sodium is not obvious. Probably many specific heat determinations have 
been influenced by strains due to differential thermal contraction be- 
tween the sodium and the copper or brass containers. Rayne (84) has 
found a marked excess specific heat on heating a sample of sodium be- 
tween 0.6 °K and the upper limit he investigated, 1.0°K, for a sample 
cast in a copper cylinder around an axial copper wire. It is probable but 
still not certain that this is due to the same transformation as shown 
by x-rays and by metallography. The electrical resistivity of sodium 
wires cast in glass capillaries (85) show no anomalies suggesting trans- 
formation, but here the adherence to the glass may have suppressed 
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the transformation. Measurements of MacDonald and Pearson (§ 
show that there were deviations of the thermoelectric power of sodiu 
from what would be expected with the existing theories, below al 
15 °K, but the interpretation of this finding is uncertain since thet 
serious quantitative disagreement with the current theories at all ten 
peratures. 

It seems clear that measurements of physical properties should al 
ways be made on samples completely free of strains from differentia 
cooling of the alkali metals and their container or else on samples 
dispersed or prepared in such a way as to suppress the transformatio: 
completely. 

The remaining alkali metals potassium, rubidium and cesium wer 
studied in the same manner as lithium and sodium. Using the metallo 
graphic technique, which is sensitive to extremely small amounts oi 
transformation product, and using the x-ray equipment even wit! 
severe cold working, no transformations were discovered on cooling 
to 1.2°K or on cold working at 5°K (80,82). This is in spite of th 
fact that cesium has a pressure-induced transformation at 23,000 kil 
grams per square millimeter. 

Barium also has a high pressure transformation as do calcium and 
strontium, and is chemically rather similar to calcium and strontium 
each of which has two transformations on cooling at atmospheric pres 
sure, namely BCC to HCP to FCC. However, applications of the abov 
techniques did not disclose any transformation in barium down t 
5 °K (87). 

Europium is the only rare earth with BCC structure, so for this 
reason alone an investigation of this element was called for. Physicists 
have also pointed out that the europium atom is commonly regarded 
as trivalent whereas it has metallic radius that suggests divalency in 
the metallic state; conceivably in the metal the trivalent state might 
be closely competitive with the divalent state under some conditions 
(88) with a possible transformation like that of cerium. However, 
cold work at 5°K produced no structure change in our experiments 
(87). 

With the new apparatus the BCC solid solution of magnesium in 
lithium is found to transform over a wide range of compositions (89 
confirming our earlier work (77). The phase that appears on simpl 
cooling is found to be CPH with frequent stacking faults. The axial 
ratio of this phase is of interest in connection with the electron theory 
of alloy phases, for it tests the question of whether distortion of a CPH 
unit cell from the ideal value of 1.633 for close-packed spherical atoms 
can be viewed as the result of a distorting force arising from the inter 
action of the Fermi surface with the Brillouin zone boundaries. It has 
been proposed, for example, that distortion should result when the 
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i; surface approaches a Brillouin zone boundary.* The results for 
ithium-magnesium alloys are of interest because they are the only 
solution known at present in which the electron concentration can 
nereased from 1 to 1.16 to study the possible distorting of a unit 
 CPH structure in this concentration range. It was found that the 
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Fig. 24—Ms and Ma Temperatures of Lithium-Magnesium Alloys 
(77, 89 


mean of seven different determinations on alloys within this range is 

a = 1.635; this value differs from the ideal 1.633 by less than is re 
carded significant; therefore we conclude that there is no detectable 
deformation of the unit cell. Sodium also has an axial ratio within prob 
able experimental error of 1.633. 

The tendency of the BCC solid solution of magnesium in lithium to 
transform varies greatly with concentration, as seen in Fig. 24. It is 
reasonable to assume that this varying tendency to transform may be 
related, at least in part, to varying magnitudes of the stacking fault en- 
ergies. Current theories of the BCC-FCC transformation include the 
ilea that the transformation product is either composed of many twin 
lamellae or, alternatively, that the product is formed with the aid of 
slip on planes spaced a few atom layers apart, the twinning or the slip 
being distributed so as to minimize the strain energy associated with 

1 spherical Fermi surface is assumed in the nearly free electron approximation, the 
tace would touch the Brillouin zone A face (which stands parallel to the c-axis) when the 
ron concentration of the solid solution has increased to the value 1.)4 in the case of a unit 
th c/a=1.633. An early theory (90) on this subject has been criticized (91) but de 
calculations covering lithium-magnesium alloys have not yet been made on a more 


us theory. Additional theoretical uncertainties can be cited (89), and as Slater empha 
' )2), theory has far to go before it becomes quantitatively useful for metallurgists 
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the change of shape that would otherwise occur in and around each 
plate of the product. Either point of view would involve stacking fay} 
energies. It does not appear likely that a quantitative theory can be de 
veloped, but at least there is a basis for feeling that undercooling should 
depend in some way upon stacking-fault energy and this in turn upo. 
concentration—perhaps on electron concentration (92). | 

Beta brass, one of the BCC electron compounds, has been studied 
rather extensively by Massalski and myself in recent months (94,95 
[t will be recalled that this was known to undergo a partial martensiti 
transformation on cooling to liquid nitrogen temperature when the com- 
position is less than 42 weight % zinc but not when more than this 
amount of zinc is present. It is now found that straining will produc 
transformation in practically the entire range of beta compositions: 
there is no such thing as “stable beta brass.” It is amazing that this 
strain-induced transformation went undiscovered for so many years 
Perhaps it is because the product reverts to the BCC form rather 
rapidly at room temperature, at least partially, for zinc contents above 
50 weight %. 

The diffraction patterns reveal an interesting change in crystal struc- 
ture of the strain-induced product as the zinc content is increased (Fig 
25). The product is a close-packed structure at all compositions but the 
nature of the structure changes from cubic packing at the low zinc end 
to hexagonal packing (with c/a near 1.633) at the high zinc end with 
stacking faults common throughout but increasing in frequency with 
increasing zinc content. At the FCC or low zinc end of this series it 
might be expected that the lattice constants would be an extrapolation 
of the alpha phase which is stable FCC. This, in fact, is found to be the 
case. 

Beta brasses of any composition below about 50 weight % zinc trans- 
form if cold worked at room temperature. As summarized in Fig. 26, 
the Mg temperature drops about 47 degrees per each additional weight 
per cent zinc and is a curve similar in slope to the M, curve of the trans- 
formation that has long been known to occur on cooling of the low 
zinc metastable beta brasses.* 

Plastic strain is unusually effective in overcoming the barrier to 
transformation in this system compared with other low temperature 
BCC transformations. This can be seen if the Mg curve is extrapolated 
to lower zinc contents ; there is a temperature interval between Mg and 
M, of about 625 °C (1155 °F) at 42% zinc. Presumably this and other 
characteristics of the transformation are related to the fact that de- 


* From a series of experiments on Cu-Zn-Ga ternary alloys we conclude that electron cor 
centration is not a major factor controlling the instability of the beta phase. This control ma) 
be exerted by the changing degree of order in the ternary alloys with different amounts 0! 
gallium present or perhaps with the changing size factor, i.e., the relative number and size 0! 
the solute atoms with respect to the solvent, a factor which has been studied by Hume-Rother) 
Reynolds and Raynor (96) and by Massalski and Raynor (97). 








AT LOW TEMPERATURES 


WETALLURGY 


($6) pesodusedns 49g NOY siNjoNIIs FYqD sey ‘uosiszeduiod 103 uMOYS ‘AOTTE BH-ND ‘oinjzer9duia}; woo 
uolzyIsodwmoy) 4yIM SuldieA s1njon13g BZuraey sseyg peonpuy-ulesjg Zuimoysg susszjeg uoyoesyiq Ael-x— 


Ge 
O9 08 OO| Od! Ov! O9| 


38 Paly siam sarduies CZ ‘“31y 


S99Ipu 
ob ON Bey 
Nm 


Nm 
994 2 S oO s @ 
er Gl'lb 


OS'ep 
6S'‘SP 
2¢e'lv 
S¢e'Sv 
S30!pu| nN 86'6b 


EE9'| = % YsImM AOl|y 09-ND 


>9DIPU} 


oO 
G 
' 
N 
a 
> 
°o 
< 
wo 
= 
©. 
Oo 
sa 
+ 
° 
o~ 
N 
a 








“4 TRANSACTIONS OF THE ASM 








600 


400 


Temperoture °C 


| 
| 
| 





30 40 50 60 
Weight % Zn —> 


Fig. 26—Copper-Zinc Diagram with Ms and Ma Temperatures Indicated 


formation produces disorder in the parent phase and thereby changes 
its free energy. 

Ardley and Cottrell (98) in tensile tests of single crystals of beta 
brass at various temperatures observed serrated stress-strain curves 
(jerky flow) apparently not due to nitrogen. It appears from the pres 
ent results that their jerky stress-strain behavior may have originated 
from the strain-induced transformation. Jerky flow in beta brass ot! 
49 weight % zinc has also been observed in polycrystalline samples, but 
only in the very low temperature region as discussed earlier. 

Whenever the application of strain induces the formation of a clos 
packed product in beta brass, there should be some effect on the m« 
chanical properties of the alloy. Consider, then, Fig. 27. The topmost 
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curve shows the temperature variation of the V-notch Charpy impact 
values of polycrystalline cast samples as determined by Rogers (99). 
his curve is very similar to the curve of elongation versus temperature 
impact tensile tests (Perryman) (100). It is also similar to the 
curve obtained (101) if one measures the diameter of indents made 
in impact hardness tests on polycrystalline recrystallized samples, 
shown in the middle curve of Fig. 27. The yield stress, on the other 
and, rises steadily with decreasing temperature below room tempera 
ture when the temperature is decreased from 30 °C to 4.2 °K (Fig. 13). 
On the curves of Fig. 27 we note first the intense effect of disorder 
bove about 450°C (840°F) (the critical temperature of ordering is 
08 °C). From that temperature down to about —100°C (—148 °F) 
there are clearly increasing trends in the ductility, softness and impact 


| 
7 Sssesieesseshnepcernebemareeiiemsadinamacapee MI ital 
Fig. 27—-Impact Characteristics of Beta-Brass. Top—V-notch Charpy impact 
irve (H. C. Rogers (99)). Middle—Diameter of indent in impact hardness 
tests (101). Bottom—Nature of fractured surface after impact, expressed as 
percent fibrous transcrystalline fracture 
ilue, each of these trends being unusual for BCC metals. 
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Fig. 28--Tear Lines on Grain-Boundary Fracture Surface of Beta Brass Notcl 
impact fracture at 25 °C. x25. 


Under impact, fracture is almost fully along grain boundaries when 
it occurs at 200 to 400 °C (390 to 750 °F), but at lower temperatures 
a substantial fraction of the surface is fibrous (and transgranular) as 
indicated by the area count in the lowest curve of Fig. 27. The energy 
per unit area for fracture is far greater in the fibrous regions than in 
the intergranular. Some additional energy is also required even for the 
intergranular fracture if the temperature is below about 200°C 
(390 °F) because tear lines (cleavage steps) are produced, as in Fig 
28, which are not found on the glassy smooth boundaries of breaks 
that occur above 200 °C (390 °F). 

An obvious tentative suggestion from all these observations is that 
the strain-induced transformation may be the cause of the increased 
numbers of cleavage steps in the low temperature range. The revers¢ 
trend below —100 °C (—148 °F), on the other hand, appears to be a 
mild version of normal low-temperature BCC embrittlement. 

The possibility of a transformation in mercury at low temperatures 
is strongly suggested by Bridgman’s experiments (102) at high pres- 
sures summarized in Fig. 29a. He found a transition between two solid 
phases, labeled I and II in the figure, at pressures from 35,000 atmos 
pheres down to 10,000 atmospheres, the corresponding temperatures 
being 23 °C down to —109°C (—165°F) respectively. If the curve 
through Bridgman’s measured transition points is extrapolated to one 
atmosphere the transition would be expected near —200 °C (—328 °F) 
Recent specific heat data, obtained by Busey and Giauque (103), show 
no evidence of a transformation, and electron diffraction patterns of 
mercury deposited at 4.2 °K showed a structure the same as at room 
temperature (104), as did earlier x-ray work at temperatures down 
to —150°C (105). With the present low temperature x-ray apparatus 
it was found that the rhombohedral structure of mercury characteristic 
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Fig. 29—Transformation at High Pressures in 
Mercury. A—Bridgeman’s results. B—A_ possible 
extrapolation. C—Possible triple-point. DD—Shaded 


region indicates possible lack of equilibrium 
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Energy Line Between CPH and FCC 
Phases in Cold-Worked Cobalt-Nickel 
Alloys (107). 


of temperatures in the neighborhood of the melting point was retained 
down to 5 °K even after cold work at that temperature ; no evidence of 
transformation was found (106). Three possibilities present them- 
selves to explain this null result. One involves the extrapolation of Fig. 
29B. The possibility of a triple point with three solid phases is sketched 
in Fig. 29C, and the possibility of a frozen-in phase is represented in 
Vig. 29D. (Since the recrystallization temperature observed in the pres- 
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ent tests is 196 + 4°K the movement of a high energy boundary 
existed between the phases, would become very sluggish below 
200 °C.) 


Determining Equilibrium Lines for Martensitic Transformation 

Certain lines on an equilibrium phase diagram can be determin 
temperatures so low that equilibrium can never be reached by anneal 
ing. An example of this is furnished by the work on cobalt-nickel alloys 
that Hess and I did several years ago (107). The cobalt-rich solid soly 
tion is FCC at high temperatures and is CPH at low temperatures ; th; 
lines representing equal free energy cannot be determined because eve; 
at the highest temperature it 1s only 417 °C and at any temperatur 
below 700°C (1290°F) prohibitively long annealing times are r 
quired to reach equilibrium. The Mg curve was determined by x-raying 
a series of polycrystalline samples that had been severely peened at vari 
ous temperatures. The results are shown in Fig. 30. Then the revers 
transformation was studied by first peening at a low temperature t 
form a large amount of the hexagonal material, x-raying, and ther 
peening at a higher temperature and again x-raying. The second peer 
ing, with no intermediate annealing, caused reversion of some of th 
hexagonal material back to cubic whenever the temperature of the se 
ond deformation was sufficiently high. The curve for the beginning oi 
the strain-induced reversion is also shown in the figure. 

The CPH phase and the FCC phase differ only in the manner oi 
stacking. The transformation mechanism is exceptionally simple ; con 
version from cubic to hexagonal merely involves passage of an arra) 
of Shockley partial dislocations in one direction and reversion repre 
sents the passage in the opposite direction, and it is probable that the 
barrier to be overcome in the conversion and reversion processes art 
equal at the temperature for which the free energies of the phases are 
equal. 

The curves of beginning strain-induced conversion and reversio1 
agree so well that it is felt that the equilibrium line can be established 
from these results to an accuracy of about + 12 °C in these simple ex 
periments. The line refers, of course, to phases of the same compositio 
since the transformation is a diffusionless one. There are many solid 
solutions with transformation lines similar to this one which could be 
determined in a similar way. One of these, the iron-nickel system, has 
been extensively studied by Kaufman and Cohen (108). In this cas 
also there is reason to believe that the line midway between the conver 
sion and reversion lines is the line for equal free energy between FC( 
and BCC phases. 


RADIATION DAMAGE 


A field of low temperature metallurgical research that belongs strict) 
to the “atomic age’ is that of radiation damage to metals and alloys 
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| by neutrons from nuclear chain reactors (‘‘piles’’), or by elec 
r nuclear particles from high energy accelerators. Most radiation 
d effects are studied best at very low temperatures, since anneal 
rins to produce recovery in the samples from some of the effects 
elow room temperature. 


i : ; : ; ‘ 
; effects have been traced to a variety of defects introduced by 
t mbardment of high energy particles: an atom may be knocked 


f its lattice position, becoming an interstitial atom and leaving be 
i lattice vacancy ; some of these knocked-on atoms may in turn dis 
additional atoms nearby, thereby forming a “displacement spike” 
in which disarrangement 1s severe. In a displacement spike of say 
itoms there may be a central part that becomes momentarily very 
[his “thermal spike” then quenches rapidly (roughly 10~'! sec 
after it is formed). The interstitials and vacancies (“point de 
ts’) tend to recombine both inside and outside of the spike. Some 
fuse to dislocations and to impurity atoms if temperatures are high 
ugh ; some may also cluster together. 
(hese basic disturbances produce a remarkable variety of changes 
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t are of interest to metallurgists : changes in elastic properties, yield 
nts, flow curves, internal friction, age hardening, electrical resist 
nee, superlattice order, stored energy, and volume. Several of these 
properties are important in reactors, but this aspect will not be covered 
since these are being summarized by men engaged in reactor engineer 
ing. Detailed reviews of the field have appeared by Seitz and Koehler 
109), by Kinchin and Pease (110), and by Glen (111) ; others are ap 
earing from time to time (112,113). 
Elastic and Anelastic Effects 


\ striking example of changes induced by irradiation is provided by 
the copper tuning fork. Pile irradiation reduces the internal friction of 
pper so greatly that a very good tuning fork can be made of a copper 
single crystal, which normally has far too high a damping to “ring”’ for 
iny length of time when struck. Since one source of internal friction is 
the reversible movement of dislocations, it is believed that the point de 
lects produced by irradiation pin down the dislocations at many points 
and prevent their oscillatory movement. Internal friction measurements 
therefore provide certain information on the numbers of point defects 
ind dislocations, as well as the rate of diffusion of these defects at low 
temperatures (114). It appears that at room temperature the pinning 
dislocations occurs by the diffusion of mobile defects to the disloca- 
ions, Whereas at temperatures near the liquid helium range there is no 
‘usion, and pinning can occur only where a dislocation encounters a 
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tionary “displacement spike” of damage (a region containing 10* to 
‘atoms) (115). Now Koster has shown that cold work causes a rise 
nternal friction in metals (116); thus clearly the fall in internal 
tion during irradiation shows that the effect of radiation is unlike 
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the effect of cold work. Presumably cold work increases the number 0; 
movable dislocation segments and irradiation reduces the number 

Changes in elastic modulus accompany changes in internal friction 
during irradiation. This would be expected if the view is correct that 
dislocations are pinned by irradiation since a reversible movement of 
portions of the dislocations under applied stresses lowers the modulus 
The idea of pinning dislocations by point defects also explains Thomp 
son and Holmes’ experimental result (114) that the changes in internal 
friction and modulus approach saturation. This occurs in copper crys 
tals at room temperature when the integrated neutron flux reaches 
about 10?* neutron/cm?. 

Changes in these elastic and anelastic properties occur relativel; 
early during irradiation at liquid helium temperature according t 
Blewitt (113,115a)—1.e. when the number of neutrons incident on the 
sample has reached about 10'! per cm* whereas much greater fluxes 
are required to alter the plastic properties, fluxes in the range 10° or 
1. 


: 
3 
fi 
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Effects on Flow Stress 

The critical shear stress for flow of copper single crystals is raised 
enormously by neutron bombardment (116a), sometimes by a factor 
of a hundred (115), and the changes in the tensile stress-strain curve 
are somewhat different from those that would be produced by cold 
work: in addition to an increased yield stress, irradiation develops a 
considerable elongation at the yield point, as in Fig. 31, though only 
occasionally a drop in load at the yield point (113). If strain is con 
tinued further a crystal then returns to the strain hardening curve of 
the undamaged material. Cold work, on the other hand, increases flow 
stress throughout the stress-strain curve. The effect of the damage is 
therefore to convert a copper crystal into a crystal with the flow curve 
of a solution-hardened alloy like alpha brass rather than the flow curve 
of a cold worked crystal (117,118,113). The hardening occurs even at 
room temperature. 

At the lowest temperatures some hardening may result from direct 
hits of dislocations by displacement spikes; but at temperatures that 
permit vacancy diffusion the hardening seems to be best accounted for 
by assuming that the vacancies diffuse to the dislocations and hinder 
dislocation motion, perhaps by producing jogs in them. The hardening 
effect in copper persists up to about 300°C (570°F), even though 
annealing at much lower temperatures than this eliminates the change 
of density that accompanies irradiation ; therefore it appears that clus- 
tered vacancies or cavities are not directly the hardening agent (Cot- 
trell) (113). 

Copper crystals that have suffered radiation damage have a large 
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erature dependence of the critical shear stress for slip. On the other 


copper crystals in the annealed state have very little (113) 
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Accelerated Age-Hardening 


| 
! Precipitation hardening alloys in the solution quenched state show 
‘ irkably increased hardness when irradiated. For example, a Cu-Be 
» containing 2% Be increases from Rockwell G 18 up to 80 with 
posure to 102° neutrons per sq. cm. at room temperature, and since 
S .ce-hardening would be negligible in the same time period without 
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Fig. 31—Stress-Strain Curves for an Unirradiated Copper Single Crystal 
and for one after Irradiation with 2 x 10% neutrons per Square Centi- 
meter, (145). 


irradiation this represents a great acceleration in precipitation (119). 
Further studies by Murray and Taylor (120) showed that neutron 
bombardment produced property changes that were like those produced 
by heat treating the alloy at temperatures 75—-150°C (165-300 °F) 
above the temperature of the alloy during the time of neutron irradia- 
tion. When a specimen was first solution-quenched, then irradiated 
with 10'* neutrons per sq. cm. at 20 °C and subsequently aged at 325 °C 
it was found that the effect of the irradiation annealed out in 20 seconds 
and thereafter the rate of aging was nearly identical with that of an 
unirradiated sample. Studies have been made of “retrogression,” which 
occurs when an irradiated specimen aged at one temperature is raised 
to a higher aging temperature, and it has been concluded that the 
effect of neutron irradiation is to accelerate the formation of precipitate 
particles too small to be stable at the higher aging temperature (120). 
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Similar studies of the precipitation hardening alloy Ni-2.5 
showed that irradiation was responsible for forming more preci 
from the supersaturated solid solution than would occur with a s 
precipitation anneal in the same length of time; but in this all 
extra precipitation only occurred if the temperature during irrad 
was elevated above room temperature enough to permit some diffusio; 
in the matrix. It appears that the local diffusion rate is enhanced by ¢! 
additional point defects introduced by the neutron bombardment 





Resistivity Increase 

The electrical resistance of metals increases as the result of irr 
tion by high energy electrons and nuclear particles of all kinds, a1 
has been extensively studied as a means of learning about the natur 
radiation damage ; summaries of the work have recently appeare 
3room (122), Seitz and Koehler (109,123,124), and Siegel (125 
Resistance changes are most marked, of course, at temperatures in t 
liquid helium and liquid hydrogen range, where some investigators ha 
found that Matthiessen’s law is very nearly obeyed in that the resistivity | 
due to imperfections arising from cold work (126) and from radiatio: 
damage (122) are additive to the resistivity due to thermal motior 
( There is some disagreement at present as to whether the law holds 
cold work; however it surely holds for the additive resistivity du 
impurities in metals.) The increase is roughly proportional to the int 
grated flux passing through a specimen. Annealed copper wire sul 
jected at 120 °K to 10'* deuterons/cm* from a cyclotron has been fou 
to undergo a seven-fold increase in the residual resistance measured 
4.2°K (125). This increase may be compared with the factor of te: 
increase that has been produced by twisting a copper wire in liqui 
helium, in experiments of Eggleston (127). There remains some wu 
certainty as to how much of this increase in resistivity is due to point 
defects and how much is due to disorder within displacement spikes 

Attempts are being made to calculate theoretically the magnitude o! 
the contribution to resistivity from interstitial atoms and vacancies, and 
the most recent theoretical calculation estimates that in copper the in 
creased resistivity arising from interstitial atoms is 10.5 x 10~® ohm cn 
per atom percent, and that arising from vacancies is 1.5 x 10~® per 
atom %. (Overhauser and Gorman) (128). A value estimated fron 
electron irradiation of copper below 10 °K (129) is between 1.88 and! 
x 10~-® ohm cm per 1 atom % of displaced atoms, probably near 5 to / 
(130). This added resistivity is about thirty times greater per displaced 
atom than the theoretically estimated resistivity per atomic length of 


* The direct contribution to this diffusion from momentary high temperatures 
postulated high spots within displacement spikes appears unimportant because an experi! 
at 35 °C and one at 300 °C (570 °F) should have given rather similar results if diffu 
a hot spot were important whereas the 35 °C experiment actually resulted in no accel 
by irradiation and the 300 °C (570 °F) experiment disclosed a strong effect (Kernohan, B 
ton and Lewis) (121). In these studies, the change in the Curie temperature served 
unambiguous indicator of the amount of Be in solid solution. 
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tion. On the other hand, if the dislocations are dissociated and 
ted with wide stacking faults joiing each pair, several experi 
suggest that they make an important contribution to resistivity. 
ccurs when stacking fault energies are so low that large numbers 
le faults are produced by deformation. 
his connection, Broom has pointed out the correlation that exists 
n increased resistivity in cold worked samples and the number 
cking faults (122,131), a particularly striking example of which 
sented by Fig. 32 (132). In this plot the increase in resistivity due 





O 20 40 60 
Nickel, Weight % 


Fig 32—Electrical Resistivity of Cobalt-Nickel 
\lloys after Cold Work. Maximum occurs where 
stacking faults are at a maximum (132) 


wire drawing of Co-N1 alloys of different composition reaches a 
iximum at 30%. Ni which is the composition at which Hess and | 
had concluded that stacking faults are at a maximum (107). 


Effects on Superlattices 

Interesting and complex effects are seen when alloys with super- 
lattice transformations are irradiated (109,111,122). Experiments on 
CugAu and NigMn in which electrical resistance has been used as a 
measure of the degree of order have indicated that both disordering and 
rdering tendencies can be produced by irradiation. Exposure within 
reactor at temperatures too low to change the degree of order by sim 
le thermal annealing brings about an initial increase in order in speci- 
ens that were initially in the partially ordered condition, followed 
by a decrease in order ; and in specimens that were initially in the 

rdered state the irradiation brings about some ordering.* 


d 

3 

7 ‘eutron bombardment of the superlattice NisMn has induced disordering at 50 °C at the 

. ‘ } 4 . . * e eo o 

$ bout 5000 atoms being disordered per primary collision of a fast neutron (Aronin) 
Dugdale (134) has found that gamma rays from radioactive cobalt as well as 0.3 Mev 


ire capable of inducing order in partially ordered CusAu. By making a number of 
ms Dugdale is able to make a rough estimate that 10.5 gamma-ray photons per cm?, 
found to produce detectable ordering at 100 °C, must have displaced about 10° of 
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From a large number of experiments at different temperatures ang 
with particles of different energies it has been concluded that the ato; 
displacements caused by the irradiation are one cause of disordering 
another may be the production of disorder by thermal agitation in a hot 
spot of a displacement spike, and the quenching-in of this disorder 
during cooling. It has also been proposed that plastic deformation 
occurs around the hot spots, and contributes to the disorder (1) ; a 
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Fig. 33a—Fractional Change in Electrical Resistance of Beta-Brass, as 
a Function of Milliampere Hours/Cm? Irradiation by 33 Mev Alpha 
Particles at —146 °C (—230 °F) in a Cyclotron. 

Fig. 33b—Results of Annealing Subsequent to the Irradiation. Eggleston 
and Bowman (138). 


present, however, there are grounds for doubting that this deformation 
can occur as postulated. Opposed to these disordering mechanisms is 
an ordering tendency that results from the production of an excess num- 
ber of point defects which speed up local diffusion before they become 
trapped, and thus speed the ordering of a disordered or partially or- 
dered superlattice. 

This local ordering occurs without being accompanied by appreciable 
long range diffusion. For example, Johnson and Martin (135) found 
no increase in the rate of self-diffusion of silver after proton bombard- 
ment, presumably because vacancies produced by radiation reached 
sinks so quickly that their concentration in the silver did not increase 
by more than 0.01%. 

Somewhat related to this field are experiments in which other kinds 
of disorder and of phase changes are produced: the Russians have re- 
ported at the Geneva Conference examples in which two-phase samples 
have changed toward the single-phase condition that is characteristic of 
a higher temperature, as a result of neutron irradiation (136). Simi- 
larly, Oak Ridge investigators have noticed that zirconium dioxide can 
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inged from the monoclinic low temperature form to the cubic 
temperature form by neutron irradiation, and quartz can be ren 

| amorphous (137). 
eta-brass is a superlattice that always becomes ordered after a very 
t time at temperatures even as low as room temperature. Irradia- 
at —146°C (—230°F) by alpha particles of 33 million electron 
ts energy from a cyclotron produces rapid disordering, as indicated 
the resistance increase shown in Fig. 33a; annealing briefly at suc 
ssively higher temperatures recovers the ordered state by the time 

C is reached, as seen in Fig. 33b (138). 

Observations of the rate of ordering during annealing as a function 
of the domain size in the superlattice indicates that irradiation produces 
only local disorder, leaving the skeleton of long range order, the domain 
structure, intact (139). 


Recovery Experiments 

One of the most effective tools for studying the nature of the defects 
introduced by irradiation is to determine the temperature dependence 
of the recovery of the radiation damage during low temperature anneal- 
ing. Suppose, for example, that the defects consisted entirely of individ- 
ual, unclustered vacancies ; it would then be expected that thermally 
induced diffusion of these defects would proceed with a temperature 
dependence given by exp(—Q/RT) where the activation energy of 
vacancy motion Q would have a definite value independent of the tem- 
perature T. In studying activation energies a series of stepwise increas- 
ing temperatures (‘‘pulse annealing’) is frequently used. When an- 
nealing a sample with a wide spectrum of activation energies the 
predominant contribution to the recovery of resistance during a brief 
anneal at a given temperature will be due to the recovery process that 
has a characteristic recovery time at that temperature equal to the 
annealing time (140). Slower processes will not have started and faster 
ones will have been completed at lower temperatures. 

Single activation energy, first order reaction kinetics do, in fact, de- 
scribe the changes during annealing in some experiments on quenched 
metals and alloys in which it appears reasonably well established that 
excess numbers of vacancies are present and are being annealed out to 
sinks (crystal surfaces, grain boundaries or subboundaries and jogs 
on dislocations). For example, annealing experiments between —30 °C 
and +15 °C showed that Q = 0.66 electron volts for the change of 
resistance attributed to the motion of vacancies in gold. In these experi- 
ments the vacancies were trapped in supersaturated concentrations 
by rapid quenching from elevated temperatures (Koehler and co- 
workers) (141,142). Similar experiments on beta Au-Cd indicate that 
quenched-in vacancies move with an activation energy of 0.58 in this 
alloy (Wechsler) (143). 
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When annealing experiments are carried out on neutron dai 
metals, however, it becomes clear that conditions are very complex. } 
single activation energy, but a wide spectrum of activation ener; 
generally found. In copper much of the added resistivity anneals 
temperatures between 30 and 45°K when a specimen that has be 





irradiated at 20 °K or below is raised for periods of a few minutes , 
to successively higher temperatures in this range (144,145,130 
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Fig. 34—-Decrease in Resistivity During Pulse Annealing after Irradiatio: 
with Deuterons. Cooper, Koehler and Marx (144). 


annealing continues to remove damage at much higher temperatures 
as in Fig. 34. The progressive annealing indicated by the sloping lin 
above 45 °K in this figure corresponds to a broad spectrum of activa 
tion energies, suggesting a complex annealing process or an unpala 
table mixture of individual processes, which has been given the colorfu 
name of “garbage” by Blewitt. It is stimulating much research and 
speculation. 

One of the models that has been proposed to account for the “gar 
bage’”’ is the recombination of interstitial-vacancy pairs with varying 
separation distances. An objection to this theory has been raised, how 
ever. It has been thought that such recombination would produce anom 
alous results on specific heat measurements when a metal irradiate¢ 
at very low temperatures is warmed up. But thus far no effects of t! 
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ve been observed in experiments at Oak Ridge in the temper 
inge (below 48 °K) in which half of the added resistivity an 


ut (115). It now appears that the number of defects may be 


all to give observable heat effects, contrary to early estimates 
ce perhaps more likely, the point defects become trapped at 
rity atoms and evaporate from these traps at higher temperatures, 
oposed by Lomer and Cottrell (146).* 
ttempts have been made from time to time to determine the ‘order 
iction”’ from logarithmic plots of data obtained in annealing studies 
to discriminate between various theories in this way. It is becoming 
erally realized, however, that misleading and untrustworthy an 
ers can be obtained from this procedure when a range of activation 
re1es is present, 
luntington (148) estimated theoretically that the activation energy 
the movement of interstitials in copper should lie in the range 
07-0.27 electron volts, that for vacancies about 1.0 ev. It appears 
reasonable at present to ascribe the annealing that takes place near 
5°K in irradiated copper to the movement of interstitials in some 
anner (either freely to sinks or traps or to recombination with va 
ancies), and the annealing in the range —60°C to 0°C, both in ir 
radiated and cold worked copper, to the movement of single vacancies, 
with an activation energy of about 0.68 electron volts. This view is 
strengthened by very recent results with high-purity copper bom 
barded with electrons that should have produced no large displacement 
spikes (1.35 Mev electrons at 1O°K) (129). Most of the excess elec 
trical resistivity in this experiment annealed out between 30 and 45 °K, 
with an activation energy of the order of 0.05 ev, which could be ac 
counted for by interstitials but not by vacancies (130). But in addi 
tion to the uncertainties in the theoretical estimates of activation ener- 
gies for the various processes mentioned, there is a lack of information 
as to whether vacancies and interstitials rapidly coalesce into pairs or 
clusters or attach themselves to impurity atoms, either event doubtless 
altering their mobility. It does not seem possible at this time, therefore, 
to interpret unambiguously the data that have been obtained from an 
nealing experiments. 
here is now a move toward studies of damage in zone-refined ma 
terials of the highest purity and alloys of carefully controlled composi- 
lions, using particles with low energies (particularly electrons) and 
ising small fluxes so as to produce the least complicated effects, and of 
ourse at temperatures below 20 °K so that loss of defects during irr: 
ation will be minimized. Full understanding of the defects that move 
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mer and Cottrell have found it useful in developing a theory for garbage annealing t 
del of a “‘crowdion” proposed by Paneth (147), the “‘crowdion’’ consisting of m+ 1 
cupying m sites along a close-packed row of the lattice; it is a defect that would movs 

1 close-packed row. Crowdions might carry interstitial atoms rapidly away from a dis 
t spike by a momentum process that should separate the interstitials at low tempera 

rom the immobile vacancies. 
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at each annealing temperature must be based on comparable studies 
many different properties, including specific heats, conductivity, lengt 
changes, lattice parameters and x-ray diffraction characteristics. Th, 
ratio of the changes of two different properties can then be used 
means of tentatively identifying the defect that is annealing out at 
given temperature. 

The results of annealing experiments on metals cold worked bel 
20 °K have disclosed that there is an absence in these of the annealing 
process that takes place in the 30-45 °K range in radiation damag 
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Fig. 35—Expansion of Copper Resulting from 21 Mev Deuteron Irra- 
diation at —196°C (—320°F), then at 25 °C. McDonnell and 
Kierstead (153). 

specimens, although other processes are present, including one wit! 
an activation energy of about 0.7 ev (149,150). If these results ar 
interpreted in the light of Huntington’s theoretical values of 1.4 ev for 
the formation of a vacancy and about 4.5 ev for the formation of an 
interstitial, they suggest that cold work produces vacancies and nm 
interstitials, whereas irradiation produces both; also that the 30-45 °k 
annealing process in irradiated metals involves interstitial migration of 
some sort without vacancy migration. 


Volume Changes 


Irradiation produces changes of volume in metallic specimens that 
can be particularly useful in developing the quantitative theory of 
radiation damage, because vacancies should produce a slight contraction 
and interstitials a much larger expansion of the lattice per defect (151, 
152). Expansion measurements at or above —196 °C (—320 °F) are 
difficult to interpret however, because much local diffusion and an 
nealing goes on during the experiment, as seen from Fig. 35 (153 
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ime changes for irradiation at 4.2°K, and subsequent pulse an 
ng, are currently under study (109). It is already known, how 

that the volume increase accompanying irradiation can be an 
led out at temperatures too low to alter the strengthening effect of 
S the irradiation. This is true provided transmutation has not occurred, 

if the absorption of neutrons results in fission and produces rare 
ses such as helium krypton, and zenon, these may form large gas 
ibbles in the metal (136). 


Embrittlement 


\ number of observers have noted that the transition temperatures 

metals are raised by irradiation. This effect is of considerable impor 
tance in the design of reactors and is worthy of more study than has 
been given it thus far, for the increase may be considerable (154) ; at 
the Geneva Conference on Peaceful Uses of Atomic Energy it was re 
ported that the transition temperature of a pressure-vessel steel was in 
creased from —22 °F to +122°F (—30 to +50°C) by exposure to 
2.5 x 10!* neutrons per cm?. It is known that embrittlement occurs also 
in molybdenum (155) and in uranium (136). 


CONCLUSION 


This lecture was begun on the theme that there was a field of low 
temperature metallurgy that was worth considering as an entity, rather 
than as a set of isolated and unrelated problems, remedies, and observa- 
tions. If there is any merit to this idea I should now be able to define 
the field and to highlight the unifying features. Some may feel that the 
chief characteristic of the field is uncertainty, unlimited speculation 
and confusion. This is normal, of course, with a rapidly developing 
complex area of research, and results in discussion and critical experi- 
ments that differentiate true from false experimental conclusions and 
theories. But closer acquaintance in recent months with the field and 
with the more active investigators in it has convinced me that there is 
; already more certainty and agreement on basic principles and inter- 


}  pretations than is generally realized. 
The field can be defined as metallurgy at temperatures so low that 
} long range diffusion cannot occur. Changes can take place, however, by 
4 atoms jumping into neighboring positions and migrating only short 
) distances. Phase changes in this temperature range occur without 
4 change of composition. The mechanical and physical properties of 
; 


metals and alloys in this temperature range can only be understood 
through a knowledge of crystal imperfections. The equilibrium con- 
centration of point defects is negligible at these temperatures, but de- 
tects can be introduced in various ways: by cold work, by martensitic 
transformations, by bombardment with high energy particles, or by 












































































110 TRANSACTIONS OF THE ASM 





quenching-in the defects that are in thermal equilibrium at | 
temperatures. 


The following types of defects serve to interpret property chai 


in the low-temperature field: point defects, which are vacancies and 
interstitials ; ine defects, which are dislocations with or without anc! 


ing atmospheres ; surface defects, including arrays of dislocations act 
ing in unison, and thin microcracks ; and volume defects, in which class 
we might put displacement spikes, and rounded cavities. 

From a great number of studies, investigators have related specit 
defects to certain properties of metals, with at least moderate cont 
dence. The point defects, when present in excess numbers in metals 
and alloys, increase the electrical resistance, specific volume, rate oj 
local diffusion, rate of local ordering, and rate of precipitation. Th 
point defects interacting with dislocations produce increased elasti 
constants, decreased internal friction, yield points (in body-centere 
cubic alloys), delayed yielding, and under certain conditions also a large 
temperature dependence of yield stress. Dislocation arrays at marten 
site interfaces produce martensitic phase changes when they move, and 
this movement may be impeded by the presence of other defects (cold 
work stabilization ). Displacement spikes influence the density, elasti 
constants, and perhaps also the yield and flow stress and their temper 
ature dependency. No one set of defects is responsible for low temper 
ature brittleness of metals, for this is related to the presence of anchor 
ing atmospheres, dislocation arrays that produce stress concentrations, 
and possibly in some instances to microcracks—all being factors that 
raise local stresses on cleavage planes. 

In closing this Campbell Memorial Lecture I wish to thank the many 
friends, too numerous to mention individually, who have helped me t 
understand some of the principles involved in this rapidly developing 
field. 
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SLIP, TWINNING AND FRACTURE IN 
SINGLE CRYSTALS OF IRON 


By J. J. Cox, G. T. Horne, anno R. F. Men 


Abstract 

The slip, twinning, and fracture characteristics of singl 
crystals of decarburized mild steel have been investigated at 
temperatures from +- 392 to — 321 °F. 

For slip, the integrated glide ellipse was found to occup 
various positions in the <111> zone, deviations from th 
planes {110}, {112}, and {123} being real. The operativ. 
slip system was determined by the relative shear strengths o} 
the planes along the <111>, the position of the plane of 
maximum shear stress in this zone, and the test temperature. 
A critical shear stress law was found to be a valid criterion 
for slip at all temperatures. 

A critical resolved shear stress for twinning was found on 
(112\ planes in <111> directions; however, the direction 
of the applied stress must be considered. A burst phenome 
non was observed in twin formation and prior slip was found 
to prevent or inlubit twinning at low temperatures. 

Crystals whose nearest (001) pole fell less than 55 di 
grees from the tensile axis fractured in cleavage and con 
formed to a normal stress law only with wide variation. The 
fracture process was complicated by slip and twinning dur 
ing parting. (ASM-SLA Classification: Q24, Fe) 


INTRODUCTION 
N THE past few years, there has been an increased and renewed in 
terest in the mechanism(s) of deformation of metallic single crys 
tals. The anomalous behavior of the body-centered cubic lattice in slip, 
and to some extent in twinning and cleavage, has not yet been satisfac 
torily resolved. There appears to be almost no doubt that a critical re 


solved shear stress is the criterion for the initiation of slip, even in th 
body-centered cubic lattice. However, a review of the literature reveals, 
in general, three points of view as to the active slip mechanism. Taylor 
and Elam (1,2)! found that the [111] direction was always the slip 
direction, but that the macroscopic giide ellipse was noncrystallographic 
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nal” in that it did not coincide with one of the low index planes 
111> zone. Barrett, Ansel and Mehl (3) and others (4,5) 
roposed that slip occurs in a [111] direction but on planes of the 
110%, {112}, or {123}; for ferrites containing 4% of silicon and 
ned at any temperature, and for silicon free ferrites deformed at 
| nitrogen temperature {110} slip predominated. The third posi 
taken by Chen and Maddin (6), strengthened the observations of 
wr in that the glide ellipse was found to occupy various noncrystal 

eraphic positions in the <111> zone. However, they proposed a 

hanism of di-planar cooperative slip where alternate motions on two 

more sets of nonparallel {110} planes is averaged to produce a 

inal” glide ellipse. 

Recently Vogel and Brick (7), and Steijn and Brick (8) have per 

rmed extensive investigations of slip in ingot iron and various high 

rity ferrites. Their analyses have modified the theory of Taylor (2) 

include a quantitative variation in the shearing strengths of planes 

long the <111> zone from the {110} to the {112}. In tension and 
low temperatures the glide ellipse was found to deviate away from 
the plane of maximum resolved shear stress toward the nearest {110}, 
vhile for compression and at elevated temperatures the deviation was 
always toward the nearest {112}. Steijn and Brick (8) have postulated 
i mechanism of slip involving the atom movements of a hard sphere 
modei which agrees qualitatively with the experimental results of sev 
eral investigators (1,3,5,7). 

[he twinning system for alpha-iron is generally reported to be (112) 
[111]. (9-18,7,8). Recently Paxton (19) has proved conclusively by 
measurement of the shear angles of twins that this is correct. That a 
critical resolved shear stress exists for twinning has been suspected 
lor some time (21) although the experimental results have shown a 
rreat deal of variation—too much to verify a critical resolved shear 
theory. Recently King (16) has found a constant critical resolved shear 
stress for twinning in cadmium. 

Cleavage in iron, as determined by a study of facets in polycrystalline 
material, and as observed in a few single crystals, is reported to occur 
on {100} planes. Paxton’s (20) alpha-iron crystals fractured without 
noticeable plastic flow at liquid air temperature, yielding a resolved 
normal stress of 27 kg/mm? (38000 psi). 


Materials and Crystal Preparation 


\iter several unsuccessful attempts to grow large single crystals 
irom various high purity irons it was decided to use a special SAE 1008 
steel, silicon-killed and hot-rolled to 34 inches diameter. The specimens 
were machined to a 5-inch overall length with 5¢-inch diameter 
threaded ends and a reduced gage section 2 inches long by 14-inch 
diameter. These. were decarburized in moist hydrogen at 1740 °F 
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(950°C) tor 200 hours and cooled slowly through the Famm 
transformation to obtain a final grain size of ASTM #3—4. After 
strained to the previously determined critical value of 3.2% elo 
they were heated rapidly to 660°F (350°C), then program 
at about 5.4 °F per hour to 1470 °F (800 (), held there for 100 
and furnace-cooled to room temperature the entire treatment 
carried out under dry hydrogen atmosphere. About 50% of th 
mens so treated yielded single crystals which occupied the entiré 
section extending into the threaded ends where they were bound 
the polycrystalline material. A complete chemical analysis yielde 
following values of residual impurities ; 

( Si Mn Pr S ir Ti Mo Ni Cu Ov He 
0.010 0.14 046 0.01 0.03 0.08 0.01 0.01 0.07 0.05 0.009 0.0003 


Experimental Techniques 

A few thousandths of an inch of surface were electrolytically r 
moved from each crystal to eliminate the small grains which always 
form the surface in strain-annealed crystals. A bath composed of 90 
orthophosphoric acid and 10% chromic acid anhydride was used 
polish all cry stals. Contrary to the recommended procedure for this 
electrolyte it was found necessary to use a stainless steel beaker as bot! 
the container to hold the solution and as the cathode, the unit being 
submerged in a cold running water bath. A controlled cycle of 30 se 


onds of polishing and 30 seconds of rest was used as a further pri 


caution against overheating. 

Keach specimen was scribed with a longitudinal fiducial marking on it 
shoulder, placed in a special one circle goniometer and oriented usin; 
the precision Laue technique described by Opinsky (5). Straining was 
performed on a chain driven Dillon tensile machine having a cross-head 
travel of 0.01 inches per minute. Loading was accomplished throug! 
chains attached to the cross-head by spherical joints, and was measured 
by a strain gage load cell, the output of which was recorded on a Sanborn 
strain recorder. lor the tests at temperatures other than room tempera 
ture an insulated flask was constructed integral with the lower or mo\ 
ing cross-head and filled with various constant boiling liquids to give 
temperatures in the range — 321 to + 392 °F (— 196 + 200 °C). Each 
specimen was allowed to equilibrate with its liquid environment for 
20 minutes while an air driven stirrer served to minimize temperature 
gradients in the medium. 

Che special goniometer used to hold the specimen for its initial Laue 
photo was used for the Laue taken after deformation. After this second 
orientation determination the goniometer, still containing the crystal 
was placed on the stage of the metallograph, thus combining its one 
circle movement with the one circle movement of the metallograph stag 


to give the 2 degrees of freedom necessary to define the position of any 
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trace. Two independent sets of observations were made on each 
o ensure the elimination of psychological bias in the averaging 
lope of the glide ellipse. In every case the optical and x-ray data 
insferred to a standard (O01) projection for analysis and 
ition 
experimental work splits naturally into three separate sections 
slip, on twinning and on fracture; the work on slip covered 


nge from 321 to + 392°F | 196 + 200°C), while that on 


rand fracture was contined essentially to 321 °F} 


EXPERIMENTAL RES > AND Disc 


the slip studies, it was early found that some 4% elongation was 
sary to secure slip plane traces, suitable for indexing on the electro 
hed surfaces. All of the slip data here reported were obtained after 
; elongation ; the yield stress was taken from the load-time curve (at 
tant strain rate) as the lower yield point, if one existed, or as the 
oportional limit—the first measurable deviation from linearity. The 
umption was made that the slip throughout the first 4% elongation 
vas all of the same type and identical to that at the yield stress. 
lwelve single crystals were tested for slip behavior at various tem 
eratures; their orientations cover the unit stereographic triangle 


as 
1] 
\\ 


can be expected from a random sample. In Fig. 1 the angular re 
tionship between x, the angle between the (101) and the maximum 
esolved shear stress plane containing the slip direction, and y, the 
ngle between the (101) and the position of the integrated glide ellipse, 
ire set out along the horizontal straight lines. By the integrated glide 
ellipse is meant that plane defined by the average slope of the wavy slip 
lines taken at thirty-six 10-degree intervals around the circumference 


} 
(1 


the crystal. It is seen that in no case does the integrated glide ellipse 
exactly coincide with any of the planes (101), (312), or (211) al 
though in some cases they are nearly coincident. If these deviations 
trom the low index planes resulted only from errors of measurement, 
he dey iations should lie W ithin a circle whose radius iS equal to the error 
of measurement and whose center is the pole of the low index plane in 
uestion. For only one specimen, A-3, did the glide ellipse fall more 
than 1 degree off the <111> zone: 
graphic planes are thus real 
ental error. 


the deviations from cry stallo 
much larger than the indicated experi 


'o compare the relationship between y and y for an alloy of similar 
position, the results from the two tests at room temperature were 
plotted on the curve obtained by Stein (8) for his 0.023% carbon 
loy; the results fall almost exactly on his curve. It may be seen from 
| that as the test temperature is decreased the glide ellipse tends 
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more toward the (101) for a given position of the plane of maximu 
shear stress: 1.e., at low temperatures the value of y is smaller fot 
given x. Although not enough data was obtained to plot a rigorous cur 
of xy versus y for each temperature, it would appear that the slope of th 
x versus y curve 1s a constant and that only the intercept changes wit! 
temperature, None of the specimens tested at liquid nitrogen temper 
ture were expected to exhibit (110) slip from their position in the unit 
triangle yet all of them showed marked slip on this plane. The behavior 
of specimen A-11 wherein three sets of slip traces were observed is 
not readily interpretable on the basis of any of the proposed mecha 
nisms of slip. Above room temperature the integrated glide ellipse | 
closer to the maximum shear stress plane indicating that the shearing 
strengths of the {110} and the {112} planes are approaching each other 
In fact if the maximum shear stress plane is sufficiently close to a (112 
then the glide ellipse may deviate toward this plane (Crystals A-1 and 
Bik-2). Migration of the tensile axis as measured from the Laue pu 
tures taken before and after deformation reveal the slip direction to be 
always [111]. 


Variation In the Critical Resolved Shear Stress for Slip Wath 
lemperature 
Fig. 2 summarizes the stress measurements for all crystals tested 
in the slip study. The values are slightly lower than those reported b) 
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lemperature. The crystals prestrained at room temperature betor 
represented by 


wit! 
twinning are 


Vogel (7) for ingot iron and by Steijn (8) for a vacuum melted ferrite 
ontaining 0.023% carbon. In order to determine whether these lowe1 
values could be the result of plotting the stress on the glide ellipse rather 
than on the (101) as done by both Steijn and Vogel, the yield stress 
vas resolved onto different planes of the <111> zone. These values 
do not differ by more than a few per cent and cannot be responsible 
tor the lower resolved shear stress of this material at any temperature. 
It should be noted that the data obtained at — 321 °F (— 196 °C) are 
complicated by the occurrence of twinning. No marked yield point was 
bserved at this temperature from which a true resolved shear stress 
tor slip could be calculated, but rather the first noticeable deviation from 
elastic behavior was a sharp drop in load caused by the formation of a 
burst of twins and accompanied by a loud report. The sensitivity of the 
ioad measuring device was not sufficient to determine whether any 

ill amount of plastic flow had occurred prior to twinning, but all 
specimens removed from the test after the first twin burst were found 

contain some slip lines. It is possible that the heat liberated by the 
twin formation causes localized heating which favors the slip process. 
For all crystals tested at liquid nitrogen temperature the load at which 
he twin burst occurred was used to calculate the stresses for both slip 
ind twinning. 
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The Character of the Slip Markings 
The nature of the slip markings in iron is radically different 
those in metals of other crystal structures. The waviness and forkednes« 
of the lines when viewed in a plane perpendicular to the slip direct 
and their more or less striated appearance when viewed in a plan 
parallel to the slip direction has often been reported. It was found that 
in general, electropolished specimens showed slip markings that appx 


as undulations of the surface while crystals polished carefully by norma! 


metallographic techniques exhibited clear, discrete lines. Paxton (20 
regarded the fine striated appearance of the lines on the electri polished 
surface to be the true structure. To determine whether these two effects 
were indicative of the same cause a small electropolished cylinder of a 
single crystal was scratched longitudinally with a Bierbaum microchar 
acter hardness indentor. After being deformed only slightly past the 
yield point in compression and microscopically examined, the crystal 
was found to exhibit discrete forked slip lines within the scratch while 
the remainder of the crystal was devoid of any semblance of slip lines 
Further deformation of this crystal caused the “normal” undulatory 
slip lines to appear on the electropolished surface at about 4% com 
pression in one inch. These new lines were found to join with the dis 
crete lines in the scratch—several of the fine lines on the electro 
polished surface joining to form one wide, discrete line. 


Twinning 

A representative series of orientations was investigated for behavior 
in twinning. The critical resolved shear stress for twinning was calcu 
lated from the load at which the first twin burst occurred accompanied 
by the twinning noise. The dark circles in Fig. 2 represent the critical 
resolved shear stress values for these crystals while the open circles 
with crosses indicate the values for crystals prestrained 4% — 
in one inch at room temperature and then strained at — 321° 
(— 196°C) until twinning occurred. The scatter amounts to ee 
about a mean stress of 14,100 psi for the virgin crystals and only 8% 
about a mean of 20,800 psi for the prestrained specimens—all data be 
ing taken at — 321 °F (— 196°C). This degree of constancy is indica 
tive, though certainly not proof, of a critical resolved shear stress 
criterion for twinning in alpha-iron. 

Even more favorable evidence for the existence of a critical resolved 
shear stress for twinning is found in the selection of the twinning plane 
For all specimens except one the plane (211) was subject to the great 
est resolved shear stress, yet this plane was never a twin plane. Further 
investigation, however, reveals that this plane can twin in the “e asy’ 
direction (10) only with a resulting shortening of the specimen ; 1.« 
compression. In every case the plane of initial twinning was the es 
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est resolved shear stress that could twin with an extension of 
stal. It is evident from the resolved shear stress values of the 
ined specimens that previous high temperature slip can inhibit 
ing at low temperatures. Therefore, it is not strange that much 
reported data has been opposed to a constant resolved shear stress 


Fig. 3—Twinning Adjacent to, and as a Direct Result of, a_ Brittle 

I’racture. Note the hackly nature of the fracture caused by the intersection 

the twins with the fracture surface, and also the large displacement of 
the crystal where a twin intersects a polishing 5 


pit. xZ5 

for twinning when in reality varying amounts of slip may have been 
responsible for the large scatter. Then too, the direction of twinning 
has not always been considered. 


\ few crystals were tested to examine the quantitative effect of room 


temperature prestraining upon the low temperature twinning charac 


teristics. It was found that as the amount of prestrain was increased 
the low temperature twinning stress increased until a point was reached 
where the amount of prestraining was sufficient to prevent all twinning 
prior to fracture at 321 °F (— 196°C). Any crystal prestrained 
more than 4% elongation in one inch, formed twins only adjacent to, 
ind as a result of, the fracture. This phenomenon has been described 
vy Low (18). Fig. 3 illustrates this profuse twinning near the fracture 
surface. These twins, intersecting the fracture surface, are found to 
tribute in part to the characteristic nature of the fracture. 

Opposed to the wavy and indiscrete nature of the slip lines, the twins 
ire essentially distinguished by their width and regularity. Large twins 
ropagate through the entire crystal while certain narrow ones fade out 

appear to end within the crystal boundary. In most specimens, 
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vins were found which had apparently been caused by low, 

es negative, shear stresses ; these are felt to be accommodation 

sulting from localized stress fields produced by primary twins 

re usually, by the intersection of twin and twin or slip, or by 

e That these are accommodation twins is indicated by their thin 

heir tendency to fade out and end inside the crystal and thei 

nt generation in the tace of an adverse stress. That internal 

es remain after a twin burst was evident from the load-time 

es, A second burst of twins was usually seen to form before the 
recovered its original value preceding the first twin burst. 


Irracture 

hree groups of crystals were tested at 321°F (— 196°C) to 
letermine their fracture characteristics. The first group, the test results 
which are shown in Fig. 4, had the same dimensions as those used 
the slip and twinning studies, while those the test results of which 
re shown in Figs. 5 and 6 had a gage section of 1 inch by 0.120 inches. 
(he results of eight large crystals fractured at — 321 °F (— 196°C) 
ire plotted in Fig. 4 as a function of ¢, the angle between the stress axis 
nd the normal to the cleavage plane. The area of the fracture was 


btained by projection of the fracture on a ground glass screen. Cleay 
ge planes were found to be {001} as expected, but were not atomically 


smooth as are some found in hexagonal metals. 

[wenty-six small specimens were fractured at — 321°F 196°C). 
(he orientations were plotted in a single unit triangle after which 
hey were separated into pairs of similar orientation. One group was 
prestrained 4% at room temperature and fractured at a68 °? 

196°C); the other group was fractured without prestrain. Each 
specimen was tapered so that its midsection was 0.004 inches smaller 
than the rest of the gage length in an attempt to ensure that plastic flow, 
if any, would occur at the same point as fracture. Contrary to expecta 
tions, the specimens broke randomly throughout the gage length 
twelve crystals exhibiting “brittle fracture.’ * The normal stresses for 
these crystals are plotted versus ¢ in Fig. 5 where it is seen that the 
scatter is marked. If a resolved normal stress theory of fracture is to 
be confirmed then the plot of RNS versus @ would yield a horizontal 
straight line. No conclusions as to the validity of a normal stress law can 
be drawn from this data. 

able | summarizes the results from the small specimens. For values 
‘| » greater than 35 degrees ductile fractures resulted. Room tempera 
ire prestraining prevented twinning prior to fracture in all specimens 
but did not appear to further the cause of “brittle fracture” for speci 
mens where ¢ exceeded 35 degrees. Laue pictures taken at the ductile 

term “brittle fracture” is defined here to mean a fracture whose surface could be 
llographically indexed by optical trace methods in a specimen whose orientation could be 


ly determined by a Laue picture taken as close as possible to fracture. By ‘ductile 
r is meant chisel-edged fractures occurring at a neck after severe plastic flow 
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Summary of Fracture Data 


where 
broke 
nec k 
other 


ne k 
other 


other 
nec k 


othe: 
shoulder 


neck 
neck 


nec k 


neck 


neck 


neck 
neck 


neck 


neck 
neck 


other 
other 
other 
neck 
ne ck 
neck 
neck 


typ 


tracture 


brittle 
brittle 


brittle 
br ittl 


brittle 
brittle 


brittle 
brittle 


brittle 
duct 


Brittle 


trac stress 


psi 
0400 
$2500 


»J2400 
41600 


41300 
»Y900 


+2800 


ductile 
ductile 


ductile 
duct. & bri none 


duct. & bri 
duct. & bri 


ductile 
ductile — 


brittle 50400 


brittle 
brittle 


ductile 


brittle 


52500 
70000 


51500 


duct. & bri 
ductile none 


% R. A. at 
ductile 
tract 
per cent 


none 


none 


13000( 


143000 
124000 


146000 


133500 


non 
none 
none 
14140¢ 
none 
12500 
146000 


fractures gave complete diffraction rings, thus indicating that the crystal 
was so severely deformed and fragmented that its behavior should b 
almost polycrystalline. The relationship between fracture stress and 
reduction of area at the fracture bears this out (Fig. 6). Why th 
prestrained specimens should have a lower fracture stress is not known 
neither is the downward trend of the curve with increasing ductility 
readily explicable. 


That the process involved in “cleavage” of ferrite at liquid nitroge 
temperatures 1s not a simple one has been shown previously (22) ; Fig. 7 
is typical of the surfaces observed. Because of the width of the “cell” 
walls and the 71-degree angle between the walls in Fig. 7, it is felt that 
most of the cells are generated by twins ( {211} traces on {100} surfaces 
can intersect at angles of 18°26’, 36°52’, 53 °08’, 71 °34’ and 90 
although other {001} fracture surfaces are no doubt present. But the 
process is obviously complicated by shear during the propagation ot 
the fracture ; the three modes of deformation, slip, twinning and cleav 
age all play a part. The stresses for brittle fracture measured here then 
are the stresses to produce this structure; little can be said about the 
stresses in relation to the mechanisms. 
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Fracture Surface of Crystal BR-3, Cleaved at 321 F. The cell boundaries which 
lie at 71° to each other are apparently {112} twins. x100 


Conclusions 

|. The integrated glide ellipse in iron can occupy any position in the 
111> zone. Deviations from the three low index planes {110}, {112}, 
ind {123} are real and cannot be accounted for by experimental error. 

’. The selection of the glide ellipse is determined by the relative 
shearing strengths of the planes along the <111> zone and by the 
position of the maximum shear stress plane containing the slip direc 
tion. The distribution along the <111> is markedly affected by tem 
perature ; lower temperature increasing the strengths near {112} more 


1 
+} 


than {110}, thus favoring {110} slip regardless of the distribution of 
the applied stress. Mechanical polishing of the crystal surface increases 
the visibility, changes the character, and hastens the appearance of the 
slip markings. 

3. The critical shear stress law is a valid criterion for the initiation 

t slip in alpha-iron. The critical stress for slip is found to remain essen- 
tially constant from + 32 to + 392 °F, but to increase rapidly in the 
range from + 32 to — 321 °F. 
} 


‘) 


A critical resolved shear stress for twinning on {112} planes in 
11] directions has been found. The initial twin plane is always that - 
plane predicted by the critical shear stress theory but the direction of 
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strain, tension or compression, must be considered. Other twit 
accommodation twins are formed to relieve local stress concent) 
A burst phenomenon is found to occur, similar to that in ma; 

5. Slip induced by room temperature prestraining can pri 
inhibit twinning prior to fracture at 321 °F. Twinning aly 
companies the fracture process and occurs adjacent to the 
surfaces. | 

6. Crystals in which the pole of nearest {001} plane lies | 
35 degrees from the tensile axis fracture in a brittle fashion, but 
form to a constant normal stress theory only within wide limits of e 
The shear component of stress as manifest by slip and twinning 


fracture plane 1s active to a varying degree. lor specimens wher 


greater than 35 degrees a ductile fracture always results. Fractograph; 


examination bears out the proposal that the “brittle fracture” proc 
is one of combined shear and parting ; the proportion of the shear bei 
increased by large angles of @ and prestrain and probably being 


creased by high strain rates. 
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DYNAMIC BIAXIAL STRESS-STRAIN 
CHARACTERISTICS OF ALUMINUM AND 
MILD STEEL 


By GEORGE GERARD AND RALPH PAPIRNO 


Abstract 

A new technique for obtaining dynamic stress-strai) 
characteristics of circular diaphragms in the yield region 
presented, The technique utilizes the impact tube for rapid 
applying a pressure wave to the diaphragm. The specimen 
response ts measured in terms of strain and deflection. Fro 
the measured data, the stress-strain characteristics are d 
termined. The various aspects of this new approach are d: 
tailed and discussed in terms of other techniques. 

For strain rates of the order of 1 sec~', no significant 
difference was observed between static and dynamic tests 
annealed aluminum. For mild steel, however, increases in 
dynamic yteld strength of 80% over the static values were ol 
served, m conjunction with radically different Luders lin 
formations. 

The impact tube technique described in the Appendix, is 
an adaptation of the aerodynamic shock tube principle fo 
applying loads of an impulsive nature to diaphragms or 
plates of various shapes. Upon rupturing a diaphragm sepa 
rating high and low pressure chambers, an expansion wav 
travels towards the opposite wall of the high pressure cham 
ber containing the specimen under investigation. Behind thi 
specimen ts a second high pressure chamber. As the wave 
impinges on the specimen, the pressure differential between 
the second chamber and the expansion wave ts applied to th 
specimen ina mullisecond time interval. (ASM-SLA Classi 
fication: O23, QO, Al, CN) 


INTRODUCTION 
ITHIN THE past several years, the field of impact researc! 


has expanded considerably as a result of interest in rapid load 
applications on large scale structures. Coupled with this has been ar 


increasing awareness of strain rate effects on the physical properties 0! 


materials aided, in a large measure, by developments in the field of ele: 
tronic instrumentation. Since one of the pressing needs in this field has 


Che information reported herein results from contracts sponsored by the Office of QO: 
Research, US Army. 


\ paper presented before the Thirty-eighth Annual Convention of the Societ 
held in Cleveland, October 8 to 12, 1956. Of the authors, George Gerard 
assistant director and Ralph Papirno is associate engineering scientist, Reseat 
Division, College of Engineering, New York University, New York. Manuscript 
received March 26, 1956 
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levelopment of satisfactory testing techniques, considerable 
has been devoted to this area. 

erence (1),' several of the recently developed techniques have 
iewed. In particular, the development of the impact tube tech 
r rapidly applying loads to plates and diaphragms was discussed 
detail. A briet description of the operating principles of the 

tube are presented in the Appendix of this paper. 
of the primary aims of the impact tube program has been to 
an experimental technique for determining dynamic stress 
characteristics of materials. In the present form of the equip 
nd its associated instrumentation, this objective has been realized 
ircular diaphragms loaded into the yield region. This paper is con 
ned with a description of the latest developments in the impact tube 
hnique and the results of dynamic biaxial stress-strain tests on alu 

‘num 1100—0 and annealed low carbon steel SAE 1010. 


ANALYSIS OF BULGED DIAPHRAGMS 


\ considerable research effort has been devoted to static bulging of 

hin circular plates. This work is related to formability studies of vari 

aterials and also serves as a simple model analogous to structural 
ponents in other investigations. 

Gleyzal (2) studied the behavior of various steel diaphragms by 

refully measuring strain distributions, deflections and bulge contours 

. function of pressure. He then pre ceeded to a complete theoretical 
analysis of the diaphragm using simple tensile stress-strain character 
istics as the basis for computations. 

Sachs et al (3,4) conducted an extensive series of bulge tests on a 
large variety of aluminum alloys in which detailed strain, deflection and 
curvature measurements were obtained. Since they were concerned pri- 
marily with the formability limits of the aluminum alloys, considerable 
ittention was devoted to analysis of tension instability of the diaphragm. 
Che instability is similar to necking of a tensile specimen at maximum 
load and is indicative of the formability limit for a balanced biaxial ten 
sion stress field. 

Others have analyzed the circular diaphragm under pressure using 
n ideally plastic stress-strain relation. While such analyses often pro 
vide useful first approximations, they are of limited usefulness to the 
current investigation since the objective here is to determine the biaxial 
stress-strain characteristics by interpretation of measured data. In a 
sense, this study is concerned with the inverse problem of those dis- 
cussed above. 


Equilibrium Considerations 


[he test specimens used in the present investigation are relatively 


hgures appearing in parentheses pertain to the references appended to this paper. 
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thin (0.008 to 0.013 inch) and are subject to pressure over 
area of 6 inch radius. Thus, the radius-thickness ratio is 
large to justily the assumption that the specimens act as m 
with the neglect of any bending stresses. 

‘rom conditions of static equilibrium, the tensile stress o at 
of an axisymmetric membrane is independent of the stress strai 
teristics and is given by 


o pk 2t | q 


where p is the pressure, Rk is the local radius of curvature, anc 
thickness. 

Under dynamic loading conditions, /:quation 1 must be mo 
incorporate inertial effects as follows : 


o = (R/2t) (p — ptn) quati 


where p is the density of the material and n is the acceleration i) 
units. During the initial stages of dynamic loading, tests have indicat 
that the acceleration may be significant. However, by the time that 
stress level has reached approximately 1000 psi, the specimen conti: 
to deflect under approximately constant velocity. Therefore, in 
present investigation, the stress levels may be computed directly fro 
I<quation 1. 


Kinematics of Bulging 


During both the static and dynamic tests, the pressure, p, is meas 


directly . To determine the stress, however, the local radius of curvatu 
must also be determined. One method of determining the radius 1 
volves measuring the central deflection of the diaphragm and assumi 
a spherical deflection shape to calculate the radius. For the rang 

deflections obtained in this investigation, however, it 1s found tl 
greater accuracy could be obtained by making a second deflect 
measurement at the quarter point of the diaphragm and using the { 
lowing procedure to determine the local radius of curvature. 

As a more general assumption than that of sphericity, the shape o! 
diaphragm bulged under pressure over a circular opening of radi 
a is approximated by a surface of revolution of quadratic form. Sin 
the surface is symmetric about the pole axis, the most general quadrati 
form for the deflection w measured relative to the pole deflection w 


(x/a)? + ec: (w/wo)? + ce(w/wo) 1—0 Equation 


The coefficients c, and cs can be evaluated from two deflection meas 
urements. As shown in Fig. 1, the measurements are taken at the pol 
w(Q) W,, and at a second point w(b) Ww». In terms of these meas 
urements, the coefficients have the following values, where m 

m — 1 + (b/a)? 


qs. ———— Equatior 
m(1— m) : 





Fig. 1 Deflections of Bulged Specimen 


m? (b/a)? 


[Equation 
m(1 m) I 


to be noted that the shape of the surface is determined by the 
of ¢,: hyperbolic for ¢; > 0, parabolic for ¢; = 0 and elliptical for 
\t the pole, the curvature is 
1/Ro = d?w/dx? Iquation 
is, from Equations 3 to 6, the pole radius can be determined as 


(b/a)? — (1+ m)? 


Equation 7 
2m(1 m ) 


Deflection Data 


Ly utilizing the techniques described in a subsequent section of this 
per, deflections were measured at the center and quarter chord of 
luminum and mild steel diaphragms. Tests were conducted under both 
tatic and dynamic conditions to determine if the bulge shape was the 
une under these loadings. Further, it was of interest to determine the 
relation between the quarter chord and pole deflections. 
Uhe results of this phase of the investigation are shown in Figs. 2 and 
3. It can be observed that for the aluminum and mild steel specimens, 
e relation between the quarter chord and pole deflections 1s essen 
tially the same for both static and dynamic loadings. Thus, it may be 
concluded that the shape of the deflected diaphragm is essentially the 
same under the two types of loadings. 


he linear relation between the two deflections shown in Figs. 2 and 
; noteworthy. It immediately affords a simple method of calculating 
the radius by use of the experimentally determined value of the slope 


1 this line, m, in Equation 7. 


in the cases investigated herein, for b/a = ™% the slope m has a value 


ery 


close to 34. Inserting these values into Equation 4 indicates that 
0 and therefore the shape of the deflected diaphragms 1s very close 
DD irabolic. 





Static Tests 


Dynamic Tests 


Static and Dynamic Deflection Data for Aluminum 


Static Tests 3 © 

40 
i. 
cA 


Dynamic Tests 


0.10 0.20 0.30 0.40 0.50 0.60 0,70 


Wo, in. 


Fig. 3—Static and Dynamic Deflection Data for Mild Steel SAE 1010 Specimens 


Test PROGRAM 


Materials 


The materials tested in this program were aluminum 1100-0 of 0.01- 
inch nominal thickness and annealed low carbon steel SAE 1010 
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h nominal thickness. The chemical analyses and processing 
these materials are given in Table I. 


Table I 


Chemical Analysis and Processing Data 


Mild Steel 
ninum Alloy 1100-0 SAE 1010 
99.00% *e 99.491% 
1.00 0.080 
0.05 i 0.320 
0.10 » 0.009 
Zt 0.05 ~ 0.040 


Others each 0.05 

Others total 0.15 

lard processing Cold milled from 

lures used 0.100” to 0.0083” 
Box annealed at 
1325 °F. Sheets 
rolled flat from 
coil stock 


Instrumentation and Test Procedure for Dynamic Tests 
‘ressure was determined from the output of a high frequency elec 
| pressure transducer. A wire resistance strain gage, Baldwin type 
5, in a temperature compensated circuit was cemented at the pole 
{ the diaphragm such that the gage axis corresponded with the rolling 
is of the specimen. Deflection transducer elements were mounted at 
pole and at a point 3 inches from the pole along the rolling axis 
ssuring that strain and deflection would be measured in the same direc- 
tion in the specimen. The dynamic deflection transducer used to meas 
ure deflection is essentially an inertialess instrument and is described 
n Reference (5). The 12-inch aperature clamping ring with specimen 
nd instrumentation installed is shown in two views of Figs. 4a and 4b. 
Prior to the dynamic test the deflection transducers were connected 
. strip chart recorder in order that the plane of reference correspond 
g to the clamping surface of the specimen could be established for 
he transducer outputs. The signal of the dynamic deflection transducer 
is digital in nature and unaffected by drift, hence the reference position 
ld be established in advance of the dynamic test. 
he outputs of all the measuring instruments were applied to a multi 
nnel cathode ray oscilloscope arranged for a single triggered sweep 
peration. The sweep was triggered at the start of the dynamic test 
| the oscilloscope traces for the 20 millisecond sweep were photo 
raphed by an open shutter camera. Thus all data appear on one sheet 
<7 film. A timing trace for use in data reduction is prerecorded on 
him, 


\ typical trace record for an aluminum alloy specimen is shown in 
>. In this record, the maximum pressure was 20 psi with calibra- 
traces at 5 psi increments from zero psi to the maximum pressure. 

the loading period which occurs during the steep pressure drop off is 
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Fig. 4a—Specimen Installation. View of specimen prior to installation showin 
instrumentation 


approximately 10 milliseconds. Each half wave length on the deflectior 
traces corresponds to a movement of 0.050 inch. The line of zero strait 
the condition prevailing prior to loading is shown on the record. Th 
strain trace indicates pole strain increasing in phase with load 
plication. 


Static Test Instrumentation 

lor the static tests of the diaphragm, the applied pressure was meas 
ured by a mechanical gage utilizing the static chamber of the impact 
tube. Strain was determined from a resistance strain gage mounte 
in the same manner as in the dynamic test and connected to a Baldwn 
strain indicator. For deflection measurements, two dial gages wer 
mounted in a jig which was fixed to the specimen mounting ring su 
that one gage was at the pole and the second gage 3 inches away on 
line corresponding to the rolling axis of the specimen. The reference 
plane was established in advance of all the measurements. 





Fig. 4b—Specimen Installation. Specimen installed in static chamber. 


Test Data 

\ summary of the deflection measurements for the two materials 1s 
own in Figs. 2 and 3. The static and dynamic stress strain data fort 

luminum 1100-0 is shown in Fig. 6. 
or the low carbon steel specimens, stress-pole deflection data ar¢ 
wn in Fig. 7. The formation of Luder’s bands in both static and 
namic biaxial tests shown in Fig. 8 prevented any interpretation of 
train data in the yield region, due to lack of uniformity in straining 
er the surface of the specimen. A valid method of obtaining pole 
in from deflection data is not available although it is possible to 
letermine the stress in the specimen from double deflection measure 


ents. Thus, in Fig. 7 the pole deflection of the specimen serves to 
licate the deformation response of the specimen. 


\ssociated with the Luders band formation are two significant ef 
: the increase in yield strength under dynamic conditions shown 
ig. 7, and the fact that the diaphragms continued to deflect after 
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Fig. 5—OQOscilloscope Trace Record for Aluminum 1100—0 Specimen. (unretouched 
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-Dynamic and Static Biaxial Stress-strain Data for Aluminum 1100 
Specimens. 
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imum pressure was attained. By five milliseconds after the 


ection increased by 0.005a, 


B 
um pressure was reached, the defl 
() milliseconds by 0.010a and after 35 milliseconds by 0.014a. The 
1 of these specimens is discussed further in the next section. 





Dynamic 
Specimens 


Static 
Specimens 384 


0 0.02 0.04 0.06 O.08 0.10 


Wo/0, in./in. 
Fig. 7—Dynamic and Static Stress-pole Deflection 
Data for Mild Steel SAE 1010 Specimens. 
he pertinent stress and strain data rates for the dynamic data given 
in Figs. 6 and 7 are presented in Table IT. 


Table II 
Stress and Strain Rate of Dynamic Tests 


Stress Rate Strain Rate 
Specimen psi/sec in/in/sec 


Aluminum Alloy 1.1 x 108 2.0 
Aluminum Alloy 1.1 2.6 


Mild Steel 8.! 
Mild Steel 2 9. 
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Fig. Sa Mild Steel Specimens atter Static Test 


Fig. 8b—Mild Steel Specimens after Dynamic Test showing Luders 
lines configurations. 
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Accuracy oO} Results 

lid comparison can be made between the results of dynamic and 

ulge tests since identical experimental conditions were main 

The same Bourdon type gage with 0.5% accuracy was used to 

line pressure in static tests and as a calibration standard in the 

calibration procedure for the dynamic pressure transducer. The 

ire resistance strain gages accurate to within 1% for both static and 

lvnamic tests were of the same lot number and were mounted in the 
me fashion. 

Strain calibration for dynamic tests could be made within 1% while 
the accuracy of the Baldwin strain indicator is only limited by the stated 
accuracy of the wire resistance strain gages. The timing oscillator was 
calibrated against a frequency standard to an accuracy of within 0.2%. 
[he error of the dynamic deflection transducers was within 1% while 
static deflections could be determined to within 0.5%. It was estimated 
that the dynamic data could be reduced from the film record with a 

iximum error of 2% 


DISCUSSION OF RESULTS 
Aluminum 1100-0 


[he biaxial stress strain results of Fig. 6 for aluminum 1100-0 under 
static conditions and strain rates of 2 sec~! (or stress rates of 10° 
psi/sec) indicate no significant difference in behavior. Any scatter in 
the results can be attributed to small variations in the physical proper 
ties which normally arise in specimens taken from different sheets of 
the same material. 


It is of interest to note that uniaxial stress strain data obtained by 
other test techniques on aluminum 1100-0 do indicate a small but sig 
nificant increase in properties in the yield region. Nadai and Manjoine 
(6) used a high strain rate tensile testing machine and found a 16% 
increase in the ultimate tensile strength of this material at a strain rate 


of 2 sec~'. By successively impacting a bar of aluminum 1100-0, 
Campbell (7) obtained approximately a 16% increase in yield strength 
at average strain rates of 15 sec~?. 

Johnson, Wood and Clark (8) conducted plastic wave propagation 
tests by subjecting aluminum bars to compression impact. From the 
test results they inferred the dynamic compressive stress strain charac 
teristics of this material. Under probable mean stress rates at the im 
pacting surface in the range of 2 x 108 to 7 x 10° psi/sec, they found 
that the dynamic stress was the same as the static value at the elastic 
limit and increased progressively to an excess of 20% at a strain of 
U.045. They also noted that the excess stress decreased as the final strain 
decreased. 

\Ithough none of the uniaxial tests results are in the same range of 
stresses and rates as the biaxial tests of the current investigation, it is 
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pertinent to consider some of the possible reasons for the appa 
of any dynamic effects in the biaxial stress strain data. 

A first cause may be that the strain rates were not sufficiently hijo! 
in the biaxial tests, although Nadai and Manjoine did obtain a 
increase in ultimate tensile stress for this strain rate. However. th, 
uniaxial tests of Campbell and Johnson et al under rates of at least a; 
order of magnitude higher produced an increase of only 16% 
yield region. 

A second effect may be associated with plastic wave propagatio, 
effects. In all the uniaxial tests which were conducted on bars, plasti 
wave propagation effects may have significantly influenced results. ]; 
the impact tube, on the other hand, significant wave propagation effects 
are absent. 

A final cause may be due to differences in behavior of a materia! 
under uniaxial or biaxial stress fields. These possibilities are current; 
under investigation by use of uniaxial tension impact tests on the sam 
material used for the biaxial tests. 


Mild Steel 


In the case of mild steel, upper and lower yield points are readil 
discernible in stress-deflection diagrams of Fig. 7. The upper yield 
point under static conditions is of the order of 50,000 psi while under 


stress rates of the order of 10‘ psi/sec the upper yield point is approxi 
mately 90,000 psi, an increase of 80%. 

Until the upper yield point is reached the entire diaphragm is com 
pletely elastic. The yield point is marked by the appearance of Luder’s 
lines in the specimen which continue to grow as the pressure acting o1 
the specimen increases. However, the appearance of Luder’s bands at 
yielding is accompanied by a sharp decrease in the central radius o! 
curvature initially, which accounts for the decrease in stress. Later in 
the loading history, the increase in pressure on the diaphragm is com 
pensated by a decrease in radius with the result that the flow stress r 
mains essentially constant. 

The continuous increase in deflection of the diaphragm after max! 
mum load has been attained in the dynamic tests indicates that strain 
ing over the surface of the diaphragm continues with no change in load 
as a result of continued Luder’s lines formation. It appears that this 
process continues even after maximum load is attained. Apparentl) 
equilibrium is not reached for at least 35 milliseconds after maximun 
load. 

The increases in yield strength under dynamic conditions obtained 
in this investigation for a biaxial stress field are comparable with r 
sults obtained for uniaxial specimens of mild steel under impact load 
ings. The latter have been summarized by Campbell (9) who stated 
that “. . . in all these tests, there is considerable agreement, remarkabl 
in view of the widely differing methods of test and of interpretation of 
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that in cases where an impact load of duration of the order of 
roseconds iS applied to mild steel the stress required to initiate 
ibout double that required under static conditions.” 


Failure of Mild Steel Diaphragms 


particular note in the investigation of the mild steel diaphragms 


he unexpected failures which were occasionally experienced in the 


ic tests. These failures were unexpected since they occurred at 
ressures below those to which the static test diaphragms were sub 
ected without failure, the latter being in the flow region prior to strain 
rdening under these pressures. 
\ specimen which failed under dynamic loading is shown in Fig. 9. 
was observed that failure occurred by progressive thinning of a 
uder’s line generally oriented in the rolling direction. For the speci 
men shown in Fig. 9, the fracture zone has considerable extent. In other 
cases, the fracture zone was approximately one-half inch in length. The 
ndency for fractures to occur in individual specimens is apparently 
random process and therefore requires a large number of specimens 
establish the significant variables. 
Upon yielding, the diaphragm becomes nonhomogeneous. Because 
f its high degree of redundancy as a structural element, it is possible 
(or failure to occur in a manner different than that observed in a simple 
tensile test. In this respect the dynamic strength of a mild steel dia- 
phragm may be of greater significance than that of the usual tensile test 
tor plate type structural elements. In fact, the catastrophic failures of 
diaphragms are suggestive, in some respects, of brittle failures of plate 
elements. 


APPENDIX 
ImpAcT TUBE TECHNIQUE 

he basic features of the impact tube technique for applying impulse 
loads to plate or membrane elements resides in the fact that the loading- 
time history and specimen response are measured test data. In addi- 
tion, the impulse load can be maintained at a specified static level for 
in indefinite period of time, if desired, and the method of loading is 
not hampered by wave propagation effects in the specimen or load 
measuring device. An overall view of the 18 inch diameter impact tube 
is shown in Fig. 10. 

The impact tube loading system consists of two pressure chambers 
vith a suitable specimen attached to a holder which is clamped between 
“ two chambers so as to form a common wall as shown in Fig. 11a. 
‘he dynamic chamber has a sealing diaphragm on the opposite wall 
whi h can be eee to admit outside air into this chamber. Initially, 
. ambers 1 and 2 are either subject to pressure or evacuated thereby 
. causing a pressure differential relative to the outside air. Then the 
liaphragm is ruptured. 


% 
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Fig. 9—Mild Steel Specimen Fractured in Dynamic Test. 


(a) If pe >ps, an expansion wave travels toward the specimen. 
When it impinges on the specimen, a pressure differential is created 
across the specimen due to the pressure in chamber 1. This pressure dif- 
ferential varies with time until the pressure differential (p; — ps) is 
established (Fig. 11b). 

(b) If pe < ps, then a shock wave impinges on the specimen fol: 
lowed by a loading sequence similar to that described in (a). 

By the proper selection of the pressures p;, pe, ps and the length of 





4LUMINUM AND MILD STEEI 


Sealing 
Diaphragm 


Fig. 10—Over-all View of 18 i: 


Strain Gage 
P 


Static Chamber 


Test Specimen ~ 


d 


D 


Static — 
(schematic). 


Fig. 11—Impact Tube 


and Dynamic 


Static 
Chamber 


Dynamic 
Chamber 


Diameter Impact 


Pressure 


/. Transducer 


Pe 


Dynamic Chamber 
i. 


Sealing Diaphragm 
To Be Ruptured 


Chambers 
























































148 





TRANSACTIONS OF THE ASM Vo 





the dynamic chamber, the duration of the pressure pulse can be var 
from microseconds to milliseconds. Also, if py ~ pe before the sealing 
diaphragm is ruptured, then the specimen is statically loaded by 1 : 
pressure differential (p; — pe). 
The development of the impact tube as an experimental device fo; 
applying loads of an impulsive nature appears to have several distinct 
advantages over test techniques commonly employed: 


ne 


cliil 


and fracture characteristics without the fundamental limitations of th 
Charpy or Izod type of test or the wave propagation effects associated 
with the tension impact type of test. As such, the impact tube constitutes 
an advancement in dynamic testing techniques. In addition, the impulse 
loading is applied directly to the specimen and is not transmitted 
through auxiliary devices such as a specimen holder. 

(b) The impact tube permits testing of materials under various bi- 
axial tension strain conditions. This type of test is of fundamental im- 
portance in establishing the behavior of structures composed of plate 
elements under blast loading conditions. It is important to note that the 
test specimen can be subject to a static preload upon which the dynamic 
loading can be superimposed. The method of applying impulse loads 
employs a distributed pressure and therefore does not introduce a 
localized failure of the specimen as could occur in the case of a concen- 
trated load. 
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SOME EXPLORATORY OBSERVATIONS OF THE 
TENSILE PROPERTIES OF METALS 
AT VERY LOW TEMPERATURES 


By E. T. WEsSsEL 


Abstract 

The tensile properties and flow characteristics of several 
metals of various lattice structures have been investigated 
over a wide range of sub-zero temperatures as lowas 4.2 °K. 
The particular metals studied, including body-centered « sented 
structures, exhibited appreciable ductility at the very lox 
te mpe ratures. Plastic de formation occurred primarily by a 
series of repeated discontinuous yields. The temperature de- 
pendence of the yield strength of the body-centered cubic 
metals investigated did not conform to any of the existing 
theoretical relationships, particularly at the lower tempera- 
tures. (ASM-SLA Classification: Q general) 


INTRODUCTION 


OW TEMPERATURE research is making an important contri- 
L bution to the understanding of the fundamentals governing the 
flow and fracture properties of metals in that the knowledge obtained 
at these low temperatures provides clues to the behavior of metals at 
normal operating temperatures. Much of the current work is concerned 
with metals of the body-centered cubic crystal structure since the yield 
strength of metals with this structure depends markedly on tempera- 
ture and they often exhibit a sharp transition from ductile to brittle 
behavior. In contrast, the yield strength for the face-centered cubic 
metals changes relatively little with test temperature and the ductility 
is retained at low temperatures. However very little experimental data 
have been obtained for any of these materials at extremely low tem- 
peratures or over a wide range of low temperatures. 

In order to provide a background for more specific investigations 
of the basic flow and fracture properties of metals and to elaborate on 
our present understanding and concepts, a limited observational study 
has been conducted using metals of various lattice structures. Tension 
tests have been made using quenched and tempered steels, B-brass, 
nickel, and zirconium over a range of temperatures extending from 

269°C (4.2°K) to moderately elevated temperatures. The results 
of these tests on various metals are described and the interesting aspects 
are discussed. 


\ paper presented before the Thirty-eighth Annual Convention of the Society, 
held in Cleveland, October 8 to 12, 1956. The author, E. T. Wessel is research 
engineer, Westinghouse Research Laboratories, Beulah Road, Pittsburgh. Manu- 

ript received March 26, 1956. 
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MATERIALS AND TEST PROCEDURES 
Materials representing three different lattice structures were chi 
for this study. The particular selection of metals was limited to tl 
which were most readily available and for which some data have alr 
been accumulated. The pertinent information regarding the met 
composition, condition, etc. is shown in Table I. 


Table I 


Condition 
lattice Composition ASTM — and/or Heat 
Metal Structure % by weight Grain Size Treatment 


Quenched and Body- 0.30 C, 0.61 Mn, 0.035 P, No. 1 Austenitized 2 |} 
Tempered Alloy Centered 0.04 S, 0.24 Si, 2.64 Ni, at 2000 °F, Oil 
Steel Cubic 0.15 Cr, 0.07 Va, 0.57 Mo quenched. Tem; 
(SAE 4340 Type) 2 hours at 110( 
and air cooled 
Beta Brass Body- 0 Annealed—30 
(annealed) Centered 50.85 Cu, 49.10 Zn, utes at 930 °F 
Cubic 0.008 Sn, 0.006 Fe, Argon atmospher 
0.012 C, 0.009 Ne, <0.000 Pb 
Commercially Face 0.02 C, Fe 0.40, Si 0.35 oO Annealed—1 hour 
Pure Nickel Centered- Mn 0.35, S$ 0.01, Cu 0.25 at 1300 °F in hyd: 
(Annealed) Cubic (supplier analysis) gen atmosphere. 
C=0.03, Ne=—0.013 (W) 
Zirconium Close- High Purity. No. 7 Annealed—1 hour 
(Annealed) Packed Crystal bar, vacuum at 1400 °F in argon 
Hexagonal are remelted atmosphere. 
Quenched and Sody- 0.34 C, 0.38 Mn, N Austenitized 1 hour 
Tempered Alloy Centered 0.26 Si, 3.52 Ni, at 1475 °F, oil 
Steel Cubic 1.65 Cr, 0.02 Mo quenched. Tempered 
SAE 3335 0.019 P, 0.032 S 1 hour at 1100 °F 
and water-quenched 


The testing apparatus and techniques for the sub-zero tests are 
described in the literature (1,2,3).1 Conventional procedures were used 
for the tests at moderately elevated temperatures. All samples were 
tested in a relatively soft tensile machine in uniaxial tension at a con 
stant strain rate of 100% per hour (2.8 x 10~* sec—'). The data were 
taken from autographic load-extension curves and measurements of the 
test sample. The values reported as proportional limits represent the 
first observable deviation from a straight line on the autographic curv: 
and are more truly indicative of the stress at 0.01% plastic strain. 


RESULTS 


The tension data obtained for the different metals are illustrated in 
Figs. 1 to 5. The variation of the tensile properties of annealed com 
mercially pure nickel (f.c.c) in the temperature range from 600 °C to 

- 269 °C (1110 to — 452° F) (4.2 °K) is shown in Fig. 1. The yield 
strength of nickel is shown to have only a small dependence on tem 


1 The figures appearing in parentheses pertain to the references appended to this paper 
































Pete 








‘ALS AT LOW TEMPER. 








- 200 -100 O 100 20 300 40 500 600°C 
cndincncimamiagil 
O 100 200 300 400 500 600 700 800 °K 
Temperature 


Fig. 1—The Effect of Temperature on the Tensile Properties of Annealed Com- 
mercially Pure Nickel. 


perature as measured by either the proportional limit or the 0.2% yield 
strength criterion. The increase of yield strength with decreasing test 
temperature is gradual over the entire temperature range, the yield 
strength at — 269°C (—452°F) being about twice that at 600°C 
(1110°F). The ultimate (tensile) strength increases about five times 
tor the same temperature range, indicating an increase in capacity for 
work hardening at the lower temperatures. As shown in Fig. 1, nickel 
remains quite ductile at the very low temperatures. The reduction in 
area decreases slightly with decreasing temperature while the total and 
uniform elongations increase with decreasing temperature. By these 
latter criteria, nickel is most ductile at the lowest test temperature. A 
decided dip in the ductility curves occurs in the range from + 25 °C to 
200°C (77 to — 328°F). This inconsistency can possibly be at- 
ributed to the precipitation of impurity elements during straining. 
The tensile properties of annealed zirconium are shown in Fig. 2 for 
ie temperature range of + 200°C to — 269°C (390 to — 452 °F). 
Uhe temperature dependence of the tensile properties of this c.p.h. 
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Fig. 2—The Effect of Temperature on the Tensile Properties 
of Annealed Zirconium. 


metal is slightly more pronounced than for the f.c.c. nickel. An increase 
in proportional limit of almost three times occurs in the temperature 
range from -++ 200 to — 200°C (390 to — 328 °F). At temperatures 
below — 200°C (— 328°F) there is essentially no temperature de- 
pendence of the proportional limit. For the flow stress measured at 
higher strains, i.e., 0.2% yield strength, there is a definite change to a 
positive temperature dependence at — 200°C (— 328°F) indicating 
some change in the factors influencing plastic flow with particular refer- 
ence to work hardening. The ultimate strength of zirconium rises to 
relatively high values at the lower temperatures. The ultimate strength 
is almost five times greater at — 269°C (—452°F) than it is at 
200 °C (390 °F). The yield to ultimate ratio is 0.34 at 200 °C (390 °F) 
and decreases to 0.265 at — 200°C (— 328°F). A further large de- 
crease of YS/US to 0.175 is observed when the test temperature is 
lowered to — 269°C (— 452 °F). These changes show that the work 
hardening capacity of zirconium is twice as great at — 269°C 
(— 452 °F) as it is at + 200°C (390 °F). The ductility of zirconium 
remains quite high at — 269°C (— 452 °F). The reduction in area 
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Fig. 3—The Effect of Temperature on the Tensile Properties of 
Annealed Beta-brass. 


and total elongation are found to decrease with decreasing temperature 
from 200 °C to — 100°C (390 to — 148 °F). Further decrease of test 
temperature from — 100 °C to — 200 °C (— 148 to — 328 °F ) results 
in a considerable increase of ductility. Below — 200°C (— 328 °F) 
the ductility remains essentially constant. The pronounced dip in duc- 
tility in the temperature range from 25°C to — 200°C (77 to 

328 °F), which is the same as observed for nickel, may be the result 
of precipitation of impurity elements during straining. Further evi- 
dence of strain aging is indicated by a corresponding rise in the ultimate 
strength curve in the same temperature range where ductility is most 
seriously lowered. 

The tensile properties for a b.c.c. metal, 8-brass, are shown in Fig. 3. 
in contrast to nickel and zirconium, the B-brass shows a relatively 
strong dependence of yield strength upon temperature. An increase of 
vield strength of about seven times is observed between room tempera- 
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Fig. 4—The Effect of Temperature on the Tensile Properties of 
an Alloy Steel (SAE 4340 type) in the Quenched and Tempered 
Condition. 

ture and — 269 °C (— 452 °F). Previous work (4,5,6,7) has shown that 
the yield strength of b.c.c. metals rises quite precipitously and results 
in brittle failure at low temperatures. In the case of B-brass the yield 
strength rises fairly precipitously below — 200°C (— 328°F), but 
not to sufficiently high stress levels as to cause brittle failure. In tests 
at 269 °C (4.2°K) a dull, fibrous, ductile fracture occurred after 
appreciable plastic deformation, i.e., 20% elongation. This behavior of 
8-brass appears to conform to the general correlation of modulus ot 
elasticity to the ductile-to-brittle transition temperature suggested by 
Sechtold (8). The yield to ultimate ratio of B-brass is 0.074 at room 
temperature and increases to 0.36 at — 269°C (—452°F). This 
change illustrates a decided decrease in the capacity of this metal to 
strain harden at the lower temperatures. The various measures of duc 
tility show a substantial decrease of ductility from 25 °C to — 100°C 
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148 °F). Below — 100°C (— 148 °F) only a slight gradual 
ise in ductility is observed. The high amount of uniform elonga 
ionifies that nearly all of the plastic deformation was of a uniform 

; |e 
x. 4 shows the tensile properties of a quenched and tempered alloy 
(forging steel of SAE 4340 type) over a range of temperatures 
room temperature to — 209°C (— 452 °F). The specimens had 

n highly tempered, the microstructure being essentially spheroidized 

ides in a ferrite (b.c.c.) matrix. Although the ductility decreases 
vith lowered test temperature there is no sharp transition from a ductile 

. brittle behavior. The yield strength rises rather markedly with de 

easing temperature above — 200°C (— 328°F). Below — 200°C 
328 °F), however, the rate of rise of yield strength with decreasing 
temperature begins to decrease and a general rounding of the curve is 
bserved. The percentage increase in yield strength between room tem 
perature at — 269°C (— 452 °F) is relatively small for reasons dis 
issed later. The ratio of YS/US increases with lowered test tempera 
ture indicating a decreased capacity for work hardening at the lower 
temperatures. 

Data (9) are shown for another quenched and tempered steel (SAE 
3335) in Fig. 5. In general this steel behaves in the same fashion as the 
previously described steel. As in the previous steel the yield strength 
increases considerably with decreasing temperature but the percentage 
increase is quite small. The ultimate strength follows the same trend 


0 


as the yield strength, the two values approaching equality at — 225 °C 


~~ 


373 °F) indicating that at low temperatures there is little capacity 
for work hardening. 

The ductility of this steel in the condition examined remains quite 
high at the lowest test temperature, the reduction in area being about 


12% at — 269 °C (— 452 °F). The reduction in area decreases gradu- 
ally as the test temperature is lowered from 25 °C to — 185 °C (77 to 

301 °F). An unexplained discontinuity occurs in both the reduction 
of area and total elongation curves at about 185°C (— 301 °F), 
below which these ductility values remain relatively constant. The uni 
iorm elongation increases slightly from 25°C to — 225°C (77 to 

373°F) and suddenly drops to zero just below — 225°C 


3/73 °F.) 

The temperature dependence of the yield strengths of the various 
materials investigated are summarized in Fig. 6 for the temperature 
range from room temperature to — 269°C (— 452 °F). It is interest- 
ing to note that the only materials to show a tendency towards a pro- 
nounced increase of yield strength with decreasing temperature are 
the b.c.c. metals. In contrast, the f.c.c. nickel and the c.p.h. zirconium 
behave quite similarly, exhibiting only a slight increase of yield strength 
with decreasing test temperature, the rate of increase being less pro 
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Fig. 5—The Effect of Temperature on the Tensile Properties of 
SAE 3335 Steel in the Quenched and Tempered Condition. 


nounced at the lower temperatures. Of further interest is the general 
rounding of the yield strength curves for steel at the lower tempera- 
tures. It is possible that a general rounding also occurs in -brass at 
the lower temperatures. More data are necessary in the temperature 
range from — 200°C to — 269°C (— 328 to —452 °F) to establish 
this point. The significance of this rounding will be discussed in more 
detail later in the paper. 

The effect of test temperature on the type of stress-strain curve for 
each material investigated is shown for various temperature levels in 
Figs. 7-11. Fig. 7 describes the stress-strain curves obtained for nickel. 
The overall effect of decreasing test temperature on the stress strain 
curves of nickel is to raise the flow stress required to produce continued 
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Fig. 6—-The Effect of Temperature on the Yield Strength 
(0.61% offset) of Several Materials of Various Lattice 
Structures. 


plastic flow and to increase ductility. Most significant is the curve for 
the test at — 269°C (4.2°K). Plastic deformation commences with 
the occurrence of a very small discontinuous yield and then proceeds 
in what appears to be a smooth glide type of plastic flow. However after 
the flow stress level has risen due to strain hardening and a strain of 
approximately 12% has been achieved, serrations appear in the stress- 
strain curve and plastic flow proceeds by a series of discontinuous yields. 
The magnitude of the drop in load between consecutive serrations con- 
tinuously increases as deformation proceeds. At the same time the fre- 
quency of the serrations decreases and the magnitude of the strain 
accompanying each drop in load increases. During the loading portion 
of each serration the extension appears to be elastic, and the slope of 
this elastic loading portion decreases as further serrations occur, i.e., 
with increasing amounts of total strain. This would indicate that the 
elastic modulus of the test specimen decreases with increasing amounts 
of strain. 
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Fig. 8—The Effect of Temperature on the Stress-strain Curves of Crystal Bar, 


Arc-remelted Zirconium in the Annealed Condition. 










Representative stress-strain curves for zirconium tested at different 
temperature levels are shown in Fig. 8. Of major interest is the curve 
for the — 269°C (4.2°K) test where early plastic deformation pro 
ceeds smoothly, but after a small amount of strain has occurred, re- 
peated yielding starts and the curve becomes serrated. The serrations 
grow in size and decrease in frequency as deformation proceeds and 
continue to occur until failure at 47% elongation. 
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xamples of stress-strain curves for B-brass tested at various tem 
eratures are shown in Fig. 9. Once again the peculiar serrated stress 


strain curve consisting of innumerable repeated discontinuous yieldings 
is obtained at — 269°C (4.2°K). The general effect of temperature 


on ductility is quite pronounced in this b.c.c. material, with a decided 
decrease of ductility with decreasing temperature. The stress-strain 
curves further illustrate that nearly all of the plastic deformation is 
uniform with but little necking (general localized deformation) occur 
ring before fracture. 

Stress-strain curves for a quenched and tempered alloy steel of 
SAE 4340 type are shown in Fig. 10. In this material tests at the 
lower temperatures again produced serrated stress-strain curves. In 
the test at — 230 °C (43 °K) a discontinuous yield occurs after about 
1¥2% strain and is followed by five more discontinuous yields produc- 
ing serrations of considerable magnitude. At 269°C (4.2°K) a 
large discontinuous yield occurs without any appreciable prior pli istic 
strain, During this yield the stress level falls over 20%. After yielding 

e specimen is observed to load elastically towards the previous stress 
evel and suddenly ruptures. During this single yield (serration) a 12% 

luction of area and 24%4% elongation occurred indicating that the 
plastic deformation was quite highly localized. 

Stress-strain curves for another quenched and tempered steel (SAE 
333) (9) are shown in Fig. 11 and are similar to those obtained for 
previous steel. Evidence of repeated discontinuous yielding in the 
form of serrations is observed in tests at — 234°C (39°K) and 
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209°C (4.2°K). Several serrations occur in the — 234°C test 
while only two relatively large ones occur at — 269°C (— 452 °F) 
In the latter case a drop in stress of about 27% occurred with each 
yield. The specimen appeared to fail upon elastic loading after the sec 
ond yield ; however, it is possible that the steel actually yielded a third 
time and rupture occurred during this yielding. A large amount of 
localized plastic flow occurred during this type of plastic deformation 


as exemplified by a 42% reduction in area and an 8% elongation. 
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Fig. 11—The Effect of Temperature on the Stress-strain Curves of SAE 3335 Steel 
in the Quenched and Tempered Condition. 


DISCUSSION 


In considering the influence of temperature and strain rate on flow 
stress, Zener and Hollomon (10) demonstrated that the tensile flow 
stress, ay, of a steel could be expressed as a function of only two vari- 
ables, the strain, e, and the parameter P = ¢€ e®/8T, where ¢€ is strain rate, 
Q is the activation energy for flow, and T is the test temperature in 
°K. When test results for the temperature range from room tempera- 
ture to — 190°C (—310°F) were plotted as In oy versus In P, < 
straight line resulted, thereby indicating that oy ~ p". Q was considered 
to be relatively insensitive to changes in é€ or T in this temperature 
range and was treated as a constant. If strain, e, and strain rate, €, are 
held constant, cy ~ e!/T, This indicates that the increase in flow stress 
caused by a decrease in temperature is much greater at the lower tem- 
peratures and a plot of In oy against 1/T then would yield a straight 
line and facilitate extrapolation of oy to lower temperatures. Experi- 
mental data for pearlitic and martensitic steels of Zener and Hollomon’s 
original work (10,11) conformed to this simple relationship for the 
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Fig. 12—The Effect of Testing Temperature on the Yield Stress of 
Several Metals (In cy versus 1/T). 


temperature range examined. Recent work on body-centered cubic 
metals, molybdenum (4), and tungsten (5,12), showed that the yield 
stress obeyed the relationship, oy ~ e'’ for the temperature range 
where the yield strength increases rapidly with decreasing test tempera- 
ture. This recent data coupled with the earlier work on steels made it 
reasonable to generalize, that, at least for metals of the b.c.c. structures 
ay ~ eT, Hence the yield strength would be extremely high at low 
temperatures and would therefore be likely to cause brittle failure when 
the yield strength exceeded the brittle fracture strength as was found 
to be the case for tungsten and molybdenum. 

The results of the experiments at low temperatures described earlie1 
in this paper show that the yield strengths of b.c.c. metals do not obey 
the simple relationship oy ~ e'’7 at the lower temperatures and do not 
rise to sufficiently high values as to always produce brittle fracture. 
The yield stress as a function of temperature is shown for several 
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Fig. 13—Temperature Dependence of the Yield Strength of Several Metals (ay 
versus I/T). 


metals in Fig. 12 where In oy is plotted against 1/T. As may be seen, 
none of the metals studied obeyed a, ~ e!/7 over a very wide range of 


temperatures. Likewise, Fisher’s (15) relationship o, T = “constant’’ 


is not applicable at the lower temperatures as illustrated in Fig. 13 where 
sy (yield strength) is plotted as a function of 1/T. The Cottrell and 
bilby (16) theory, as illustrated by Fisher (15) in Fig. 9 of his paper, 
predicts a continued rapid rise of yield strength with decreasing tem- 
peratures. It also does not conform to the experimental data at the lower 
temperatures where yield strength is found to be rather insensitive to 
temperature changes. 

The relatively pure b.c.c. metals which have been investigated have 
exhibited a characteristic strong temperature dependence as exempli- 
ned by a pronounced increase in yield strength with decreasing test 
temperature. Increases of yield strength of over five times have been 
measured over relatively narrow temperature ranges, e.g., the data for 
beta-brass, mild steel, molybdenum and tantalum as shown in Figs. 12 
ind 13. In contrast to the behavior of these relatively pure b.c.c. mate- 

ls, the alloy steels exhibited percentage wise only a relatively mild 
increase of yield strength (approximately 11% times) over the entire 
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Fig. 14—Comparison of the Temperature Dependence of_oyr of 
Alloy Steels with Measured Yield Strength, cy, of Ingot Iron. 


range from room temperature to — 269°C (— 452°F). There is a 
reasonable explanation for this apparent disagreement in behavior. The 
yield strength of these alloy steels can be considered to be essentially 
composed of two major components ; “ayo” which is due to the size and 
distribution of the carbide particles and is relatively independent of tem- 
perature, and oyr which is due to the ferrite with some alloying elements 
in solid solution and which is dependent upon temperature. The meas- 
ured yield strength can be expressed : 


Oy — Oyo + OyF 


ayo can be determined approximately by taking the difference in yield 
strength measured at room temperature between the alloy steel and 
pure iron. oyy can then be found by taking the difference between 9; 
and oyc. The resulting oyy should have approximately the same tem- 
perature dependence as pure iron. Such is the case as illustrated in 
Fig. 14 where oyr for several steels are compared to oy for a relatively 
pure ingot iron (7). In this light the characteristic strong dependence of 
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| strength of the alloy steels is shown to conform to the general 
trong temperature dependence pattern established for b.c.c. metals. 
Such a relationship can be quite useful in predicting the yield 
+rength of alloy steels at low temperatures. The oye could be readily 
etermined at room temperature for the steel in question and added 
direc ly to existing data for pure iron to obtain the approximate rela 
hip of oy versus temperature for the steel. The exactness of the 
estimation could be improved by applying some corrections for elements 
in solid solution, grain size, etc. 
\nother very interesting observation made in this exploratory study 
is that all of the metals investigated deformed plastically at — 269 °C 
{52°F) (4.2 °K) and the plastic deformation proceeded primarily 
by a series of abrupt discontinuous yields. The resulting load-extension 
urves have an appearance quite similar to those produced by strain 
cing (blue brittleness) in low carbon and mild steels as observed at 
noderately elevated temperatures and discussed by many investigators 
16-20). Similar curves have been obtained for a and B-brass (21) 
hen tested at room and moderately elevated temperatures. Serrated 
stress-strain curves of varied types have also been observed for mate 
rials strained at sub-zero temperatures. The phenomena has been re- 
ported for cadmium (22), austenitic steels (23,24), iron (20,25,26,27), 
copper (28), aluminum alloys (24), Monel (24), and Inconel (24). 
In general the mechanism of a discontinuous yield is thought to be 
associated with anchoring of dislocations by impurity atoms, the drop 
in load upon yielding being the result of dislocations tearing free of 
their anchoring atmosphere (16). With respect to dislocation theory as 
ipplied to repeated yielding as observed during strain aging, the speed of 
diffusion of the impurity atoms is considered to be sufficiently great to 
re-anchor dislocations very quickly once these are slowed down or held 
up anywhere in the material. At the same time the rate of diffusion is 
not quite fast enough to permit the anchoring atmosphere to move with 
the dislocations. Thus certain conditions of temperature and strain rate 
are necessary to provide the proper balance of diffusion rate and speed 
of dislocation propagation to obtain repeated yielding during straining. 
The Cottrell theory (16) of strain aging does not appear to be a reason- 
able explanation for the repeated yielding at very low temperatures 
since it is quite unlikely that diffusion is possible at temperatures ap- 
proaching absolute zero. 
The exact mechanism responsible for the repeated yielding at very 
low temperatures is unknown at this time. Several possibilities can be 
suggested. One possibility is that plastic deformation occurs in a form 
of cat istropic twinning at these very low temperatures. Some experi- 
mental evidence (28) indicates that this may be the case, however 


\V 


ft 1 


is not entirely conclusive that this is the general case for all mate- 
ils. No twins were observed in the steels where very large amounts 
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of deformation were associated with each yielding (ser; 

Another possibility concerns thermal instability at these low t 
tures as discussed by Zener and Hollomon (10). The relativ: 
stresses required to produce plastic deformation in metals at | 
peratures when combined with relatively low specific heats and | 
thermal conductivities at these low temperatures could cause consider 
able local heating in the vicinity of the localized deformation. Thi: 
localized temperature increase would therefore lower the required flo, 
stress and permit considerable localized plastic deformation to occur 
Consistent with this aspect a considerable evolution of heat was o 
served with each drop in load during the larger serrations which wer, 
present in the tests of steels. Several factors could then be influential j; 
stopping localized plastic flow once it had started. Among these are: tly 
release of elastic energy stored in the testing machine to such a level a: 
not to sustain further plastic flow, the counteracting effect of wor! 
hardening to raise flow stress, an increased rate of heat dissipation fro: 
the localized area because of its increasing specific heat and thermal con 
ductivity, and/or a localized heating of sufficient magnitude to permit 
rapid enough diffusion of impurity atoms to re-anchor the dislocations 
when they are slowed down or held up. However one major question 
arises concerning localized heating as a possible mechanism. How could 
this mechanism be applicable for the nickel and zirconium where floy 
stresses are relatively temperature independent ? 

Repeated yielding at very low temperatures may also be the result 
of a burst type formation of dislocations. The relatively high stresses 
required for the release of a dislocation at very low temperatures 
may be sufficient to trigger a mass formation (burst) of dislocations 
resulting in considerable plastic flow. The interlocking of these dis 
locations with one another could readily form a strong effective bar 
rier to stop and restrict further plastic flow. Upon reloading a new 
source elsewhere in the metal would then be activated to produce a new 
burst of dislocations and resulting plastic flow. The drop in load and 
accompanying deformation during each serration is assumed to be : 
burst formation. The observations of serrated stress-strain curves for 
the many metals of various lattice structure tested at low temperatures 
in this exploratory program suggest that one such general mechanism 
may control the deformation behavior of a wide variety of metals at 
these extremely low temperatures. 


SUMMARY AND CONCLUSIONS 
The tensile properties of several metals of various lattice structures 
have been determined over a wide range of sub-zero and moderately 
elevated temperatures. The metals with a b.c.c. lattice structure were 
the only ones to show a strong dependence of yield strength upon tem- 
perature. However the yield strength of these b.c.c. metals did not 
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s rapidly at the lower temperatures as predicted by current 
f the temperature dependence of the yield strength. Quenched 
pered steels and beta-brass exhibited considerable plastic de 
nin tests at 4.2 °K 
trast to the b.c.c. metals the f.c.c. metal, nickel, and the c.p.h. 
irconium, showed only a slight dependence of yield strength 
mperature. The lack of any temperature dependence of yield 
at the lower temperatures was considerably more pronounced 
se metals than it was in the b.c.c. metals, the yield strength re 
ng essentially constant below 50 °C (123 °R). 
he quenched and tempered alloy steels did not show the usual large 
tage increase of yield strength with decreased test te mperature 
iracteristic of b.c.c. metals in that only about 1% times increase of 
strength was noted in the range from room temperature to 
269 °C (4.2 °K). It is felt that this behavior can be attributed to an 
high room temperature yield strength resulting from the carbide 
rticle size, Shape and distribution. A relationship is proposed which 
ides a simple method of approximating the temperature dependence 
f the yield strength of alloy steels. 
(he work hardening characteristics of the various materials that were 
lied as related to test temperature may be divided into two cate 
ories. The f.c.c. and c.p.h. metals show a decided increase in capacity 
work hardening at low temperatures while the b.c.c. metals show a 
lecided decrease in ability to work harden. 
Pronounced, repeated discontinuous yielding occurred in all of the 
etals when tested at — 269°C (4.2°K). The resulting stress strain 
irves were quite similar in appearance to the serrated curves produced 
y a strain aging mechanism as have been observed for some materials 
oderately elevated temperatures. The accepted dislocation concept 
| the strain aging mechanism does not appear to be applicable for these 
w temperature observations of repeated yielding in that z is difficult 
to conceive that any diffusion is taking place at — 269°C (4.2 °K) 
"he exact mechanism for repeated discontinuous yielding extreme ly 
low temperatures has not conclusively been determined, but is thought 
to be associated with repeated mass release (bursts) of dislocations 
triggered by the high stresses involved, and aided somewhat during 
propagation by localized heating. The appearance of this behavior in so 
ny metals of different lattice structures suggest that one general 
mechanism may be responsible for the flow behavior of all metals at 
these very low temperatures. 
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DISCUSSION 


Written Discussion: By G. W. Geil, metallurgist, National Bureau of Stand 
rds, Washington, D. C. 

[he author’s observation of discontinuous flow or yielding, as shown by the 
errated stress-strain curves for the tests at — 269°C, for metals of different 
lattice structures is of special interest. Has the author carried out tension tests at 
lifferent strain rates on these metals at very low temperatures, and if so, were 
there any pronounced changes in the number, magnitude or general shape of the 
serrations in the stress-strain curves? Data of this type should provide additional 
valuable information on the mechanism of deformation at these temperatures. 

\s most of the data reported were obtained on metals of commercial purity, (not 
high purity) the question arises as how much of the observed behavior may be 
issociated with the impurities instead of the basic metal and its lattice structure? 
[he data presented for the annealed commercially pure nickel show a decided dip 
in the ductility curves (Fig. 1) in the range from + 25 to — 200 °C. The author 
states that this phenomenon can possibly be attributed to the precipitation of im- 
urity elements during the straining. Thus, this feature may not be characteristic 
if the face-centered cubic lattice structure. Is there any assurance that the ductility 
values at lower temperatures are not affected greatly by the impurities? 

Some tensile data* obtained at the National Bureau of Standards on annealed 
nickel of relatively high purity (99.8% nickel at temperatures within the range 
f + 100 to — 196 °C did not show any dip in the ductility curves similar to those 
shown by the author. The true strain at maximum load increased continuously 
vith decrease in temperature from + 100 to —196°C. The curve presenting 
luctility (as measured by the true strain at initial fracture) versus temperature 
was convex with a slight maximum near 0 °C. A continuous decrease, although 
relatively small, was observed with a lowering of temperature from 0 to — 196 °C. 

[t appears plausible that the difference in behavior of the two samples of nickel 
it low temperatures is associated with the impurity elements. This emphasizes the 


tional Bureau of Standards Circular 520, ‘‘Mechanical Properties of Metals at Low 


eratures.”’ 
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importance of using metals of very high purity in tension tests at low ten 
for an evaluation of the deformation mechanism of the basic metal and ; 
structure. 

The author evaluates the influence of temperature on the yield st 
several materials of different lattice structures and apparently bases his « 
mainly on the absolute magnitudes of the change in stress values. The di 
of the opinion that an evaluation based on the percentage change in yield 
may be more representative of the temperature effect. If the data pr. 
Fig. 6 of the author’s paper were considered in this way, the depende: 
yield strength (0.01% offset) on temperature of the nickel and zirco; 
not greatly different from that of the steels; the percentage increases on | 
of temperature from + 25 to — 269 °C of the nickel, zirconium, SAE 434 


SAE 3335 are approximately 50, 70, 70 and 95% respectively. 
Written Discussion: By Peter Haasen, Institute for the Study of Metals 


versity of Chicago, Chicago. 

Concerning the mechanism on the repeated yielding found by Dr. Wess 
very low temperatures I would like to draw attention to a recent calcul 
J. D. Eshelby and P. L. Pratt.* These authors estimate the heating eff 
group of dislocations moving along a slip plane with about the velocity of sow 
Using a reasonable dislocation array they determine a maximum temperatur 
AT in a slip plane of aluminum at room temperature of about 0.5 °. AT deper 
on the specimen temperature through the heat conductivity K and the specific he 
per unit volume c, in the form (KC,)~”*. Now going from room temperaturs 
20 °K where serrated stress strain curves can be observed in some fee metals 
is lower by a factor of about hundred while K in a deformed metal is not decreas: 
much in this temperature range.‘ Thus even at 20 °K the temperature ris 
slip plane of Al is only a couple of degrees. This situation seems to be simular fo: 
other fec metals. Considering the relatively weak temperature dependence of t 
flow stress in these metals the heating effect of moving dislocations does not seen 
to explain generally the instabilities of the deformation at low temperatures 
observed so strikingly by Dr. Wessel. 


Authors’ Reply 

The author is indebted to Dr. Haasen for his enlightening discussion. Consistent 
with the results of the calculations cited in the discussion, no temperature rises 
were observed or could be associated with the serrations for the face-center: 
cubic metal, nickel. It is possible that some small local temperature rise may hav 
occurred but was not detectable with the temperature measuring techniques (3 
which were employed. However, as has been pointed out, even a rather larg: 
temperature rise would not be expected to have much influence on the behavior 
of those metals where the flow stress is relatively insensitive to temperatu 
changes. 

In the case of the two alloy steels (bcc), where very large serrations and as 
sociated plastic flow occurred during the low temperature tests, a substantial 
temperature rise was observed during each serration. In the tests at —2069°( 
(4.2 °K), the samples were submerged in a bath of liquid helium during straining 
and average temperature rises of about 10°C were observed even though t! 
sample was surrounded by this infinite supply of available coolant. The actual 


ae J. D. Eshelby and P. L. Pratt, Acta Metallurgica, Vol. 4, 1956, p. 560. 
4H. M. Rosenberg, Royal Society, Philosophical Transactions, Vol. 247, 1955, p. 441 
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re rise in the local region undergoing plastic deformation was un 
much higher for several reasons. The observed 10 °C rise was obtained 
ermocouple which was tied (not welded), to the surface of the sample 
ter of the gage length. The local deformation during a serration may 
t have occurred at this particular point in the test sample; hence the 
rved could only be an approximation of the average change in temperature 
ilk mass of the sample. Furthermore, since the largest portion of the 
irea of the thermocouple bead was not in contact with the test specimen 
surrounded by coolant, the temperature change detected by the thermo 
uuld not be an accurate indication of the heat that was being generated 
deformation. When these and other various detailed aspects are con 
it is concluded that the actual local temperature rise was no doubt well 
of the rather crude observation of 10 °C. 
riments are currently being designed to permit more accurate measure 
f the amount of heat being generated during plastic deformation using 
of known physical properties, e.g., lattice structure, orientation, thermal 
tivity, spec ific heat, etc. These efforts are directed primarily at determining 
uch of the total energy involved in plastic deformation is dissipated in the 
f heat. 
Since the calculations and results described by Dr. Haasen are appaiently 
1 a particular model for the face-centered cubic lattice structure, the ob 
itions for the case of the nickel (fcc) in these experiments would tend to 
rt these calculations. However in the case of the alloy steels (bec), the 
is undoubtedly much different. As indicated by the nature of the stress 
rain curves (Figs. 10 and 11), a large amount of shear occurs simultaneously in 
her localized region. This behavior provides a much closer approach to the 





epts developed by Freudenthal and Weiner, Orowan and Cottrell * which in 
ral predict an appreciable rise in temperature when large amounts of shear 
on many closely-packed planes. Thus the justification for the author’s con 
ision that once a burst of dislocations is initiated (beginning of the drop in load 
i serration), localized heating could aid in the subsequent deformation process. 
e amount of localized heating and its associated influence on plastic flow un 
loubtedly does vary considerably between various metals of various lattice struc 
res 
(he author appreciates Mr. Geil’s interest in and discussion of this work and 
lies as follows: 
No experiments were conducted during this early exploratory investigation 
cerning the effect of strain rate on the nature of the serrations observed in the 
ress-strain curves. As a result of these initial observations, subsequent detailed 


: 


studies are planned and certainly include strain rate as a variable. 
(he anomalous behavior of ductility in the temperature range 25 to —200 °C 
nickel and zirconium was not interpreted to be characteristic of the particular 
ittice structure. In the absence of the impurities which are probably responsible 
this anomaly, it is believed that the ductility could be described with smooth 
urves such as might be drawn for the data of Figs. 1 and 2, if the dips were neg 
d. With the exception of the anomalous behavior, the trend of the ductility 
ivior of nickel reported in these experiments agrees quite well with that re- 


M. Freudenthal and S. H. Weiner, Journal of Applied Physics, Vol. 27, No. 44, 1956 
Orowan, “Principles of Rheological Measurement,” p. 180, Nelson, 1949. A. H. Cottrell, 
locations and Plastic Flow in Crystals,” p. 6, Oxford, 1953. 
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ported by Mr. Geil.** The general trend in both cases indicates that 


uniform elongation increase while reduction in area decreases slightly 


creasing test temperature. The somewhat lesser degree of impurity of M 
nickel could be responsible for the absence of any anomaly in its duct 
havior. 

The author certainly agrees that basic studies of the mechanism of defor 
at low temperatures should be conducted using very high purity mate: 
fact, high purity single or bi-crystals of controlled orientations would 
more preferable for fundamental mechanistic studies. However, the pri 
vestigation was confined to exploratory observations rather than fundan 
mechanism studies and for this reason did not stress the use of very hig! 
materials. If one assumes that the temperature dependence of the ductility 
yield stress is associated with impurity content, it is quite significant tl 
relatively impure nickel (fcc) did not show any strong temperature deper 
in the presence of the rather large amounts of impurities. This observatior 
tainly suggests that the mild temperature dependence of the ductility and yi 
strength of nickel is primarily an inherent characteristic of the particular metal 
perhaps more specifically, its lattice structure. 

The author recognized that the quenched and tempered alloy steels did ; 
exhibit the characteristic strong temperature dependence (percentage wise) of t! 
yield strength that is usually observed for the relatively pure single phase bod) 
centered cubic metals. Considerable discussion of this subject is presented in th 
original paper. 

** “Mechanical Properties of Metals at Low Temperatures,’’ G. W. Geil and N. L. Carw 


“Tensile Properties of Copper, Nickel, and Some Copper-Nickel Alloys at Low Temperatures 
NBS Circular 520, 1952, p. 67 








EFFECT OF STRAIN RATE AND TEMPERATURE 
ON THE PLASTIC DEFORMATION 
OF HIGH PURITY ALUMINUM 


By T. A. Trozera, O. D. SHERBY AND J. E. Dorn 


Abstract 

The effect of temperature and strain rate on the stress 
strain curves of aluminum were obtained over the ranges of 

mperatures, T, from 78° to 818°K and strain rates, «, 
from 0.0035 to 600 per hour. The stress-strain curves so ob 
‘tained formed a homologous set illustrating that identical 
stress-strain curves were obtained for constant values of the 
‘ener-Hollomon parameter Z = ceS8/8T where AH ts an 
ctivation energy and R 1s the gas constant. For a series of 
low stress-strain curves AH had the constant value of 
35,000 calories per mole. Since this agrees with the activa 
tion energy for self-diffusion in aluminum, it is believed that 
in these cases the mechanism of deformation ts controlled 
hy a dislocation climb process. Higher stress-strain curves 
gave correspondingly lower activation energies. The rather 
sharp transition from constant values of AH to decreasing 
values of AH as the stress-strain curve increases suggests a 
chanae in the rate-controlling process for deformation. The 
lower values of AH obtained in this range further suggest 
that for the higher stress-strain curves more of the energy 
necessary for deformation is supplied mechanically and 
therefore the contributions due to thermal fluctuations de- 
crease. (ASM-SLA Classification: Q24, Q27, Al) 


INTRODUCTION 
pie over ten years ago Zener and Hollomon (1—4+)! sug 
gested that the effect of temperature and strain rate on the stress- 
strain curves of metals could be correlated by the functional relationship 


o = o(e, Z) , Where Z = eeSH/RT Equation 1 


nd where o« = flow stress, 
e — plastic strain, 
e = plastic strain rate, 
T = absolute temperature, 
R = the gas constant, and 
AH = the activation energy for plastic flow. 


(he figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-eighth Annual Convention of the Society, 
ld in Cleveland, October 8 to 12, 1956. Of the authors, T. A. Trozera is a 
graduate student, O. D. Sherby is research engineer and J. E. Dorn is professor 
t physical metallurgy, University of California, Berkeley. Manuscript received 


January 30, 1956. 
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This relationship implies that identical stress-strain curves are o 
when Z has the same value. The nominal validity of Equation | 
originally based on the observations that the yield strengths a: 
ultimate tensile strengths correlated fairly well with Z = ¢e44/! 
rather wide ranges of ¢and T when AH was selected to be an appropriai 
constant for each metal that was investigated. 

As originally formulated, Equation 1 demands that the stress he 
single-valued function of the instantaneous values of the strain. strai, 
rate and temperature of test regardless of the previous strain rate an 
temperature of straining. But several investigators (5-10) have clear} 
shown that such types of mechanical equations of state are invalid 
since the flow stress depends on the previous conditions of temperatur; 
and rate of straining as well as the instantaneous values of the straip. 
strain rate, and temperature. Obviously, the flow stress is a functio 
of the instantaneous values of the structure, strain rate and tempera 
ture. Consequently, the failure of the mechanical equation of state mus 
be ascribed to the fact that the structural changes attending plastic «& 
formation do not depend solely on the strain but also on the tempera 
ture and strain rate at which the deformation is conducted. In the lan 
guage of dislocation theory this means that the patterns of dislocations 
arising from plastic deformation depend on the temperature and strai: 
rate as well as the extent of the deformation. 

Equation 1 must be modified in such a way as to be consistent with 
the failure of the mechanical equation of state. If the same sequence 
of structures are obtained as a function of strain for the same value of Z, 
a simple modification of Equation 1 is suggested ; namely, 

AH 
e=f.(e), = ar Equation 2 

This merely implies that the same functional relationship is obtained 
between stress and strain for a constant value of Z; each new value of 
Z gives a new unique functional dependence of the stress on the strain 
as dictated by the sequence of structural changes that result from de 
formation at each particular value of Z. Equation 2 does not imply the 
validity of a mechanical equation of state. 

If Equation 2 were correct, the correlations suggested originally b 
Zener and Hollomon would be obtained provided AH were a constant 
But the data used by Zener and Hollomon exhibited some systematic 
as well as random scatter from perfect correlation. Therefore the pres: 
ent investigation was initiated in an attempt to assess the possible valid 
ity and utility of Equation 2. 


MATERIALS AND TECHNIQUES 


_ High purity (99.997%) Al? was used in this investigation in order 


2 27 he authors gratefully acknowledge their indebtedness to the Aluminum Research Lz a 
tories of the Aluminum Company of America for their contribution of the high pur 
aluminum alloy sheet used in this investigation. 
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nate the possible incidental effects that might arise in alloys 
sult of short range ordering, Cottrell interactions, Suzuki lock 
Tensile specimens 0.100 inch thick and 0.250 inch wide having 

h long gage section were carefully machined from rolled sheet 

er to remove the effects of machining and for the purpose of 

ing a uniformly annealed material having a constant grain size, 
pecimens were annealed for 50 minutes at 783 °K. Uniform equi 
| grains having a mean diameter of about 1.0 mm were produced 
this treatment. 

tests were conducted on a constant strain-rate tensile testing 
hine. Complete stress-strain curves were obtained over a series of 

peratures from 78 to 818 °K for each of a series of four strain rates 
f 0.0035, 0.169, 7.0 and 600 per hour. Photographic methods were 
ised to obtain the data for the highest testing speed. 

\ resistance furnace controlled with a resistance thermometer was 
ised to maintain constant high temperatures. Low temperatures were 
tained by the use of several constant temperature freezing or boiling 
liquids about the specimen. The specimen temperature was maintained 
constant to within about + % °K throughout each test as detected by 
specially calibrated chromel-alumel thermocouples that were attached 
directly to each specimen. 

Stresses were measured to the nearest 10 psi by means of a proving 
ring and strains were determined to the nearest 0.0002. 


RESULTS AND DISCUSSION 

(he experimentally determined stress-strain curves are recorded in 
ig. 1. Each curve is documented in terms of the temperature and strain 
rate of the test. Lower stress-strain curves were obtained as the tem 
perature of test was increased or the strain rate was decreased. And, 
the entire set of stress-strain curves formed a nonintersecting homol 
ogous series, regardless of the temperature or the strain rate. Such 
homologous behavior suggests that the same stress-strain curve is ob 
tained over a series of increasing temperatures and increasing strain 
rates. For example, within the limits of experimental error, the same 
stress-strain curve is obtained at « — 600 per hour and T = 140 °K as 
at ¢= 7 per hour and T = 115 °K. Several additional examples of such 
correlations are readily noted in Fig. 1. 

These observations can be formalized by stating that 


o=f.(e), Vle,T) =Z Equation 3 


where the function ¥(é, T) has not yet been shown to equal ep4H/RT, 
[Equation 3 merely confirms the experimental observations that if é and 
T are changed so that ¥(e, T) equals the same constant Z, the same 
stress-strain curve is obtained. But a hidden implication is also con 
tained in Equation 3 based on the concept that when the stress-strain 
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Fig. 1—Stress-strain Curves for High Purity Aluminum 
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are identical the structural changes attending deformation are 
entical functions of the strain. This infers the experimentally 
ble concept that over the sequence of « and T for which ¥(¢, T) 
nstant the same stress-strain curve is obtained and the structures 
ed are merely functions of the strain. equation 3 does not imply 
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a mechanical equation of state since it is only applicable for the pre 
scribed temperature and strain rate history for which &(¢, T) is a 
constant. 

\ simple check of the identity of the structures for W(¢, T) equals 
i constant is shown in Fig. 2. A preliminary survey of the data given 
in Fig. 1 revealed that identical stress-strain curves are obtained at 

0.169 per hour and T= 295 °K as for ¢=7 per hour and T= 
333 °K. This coincidence in stress-strain curves is also revealed over 
the first 10% strain in Fig. 2. As shown by the triangular points, 
when the specimen is prestrained 10% at ¢—0.169 per hour and 
T= 295 °K and is then strained at é=7 per hour at T= 333°K 
the entire stress-strain curve again coincides with that obtained by 


¢ 
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Fig. 3—Effect of Temperature and Strain-rate on the Flow Stress for a Straii 
of 0.05. 


straining exclusively at «0.169 per hour and T= 295°K. Thus, 
prestraining 10% at ¢=0.169 per hour and T= 295 °K leads to 
the same structure as prestraining 10% at ¢=7 per hour and T: 
333 °K. The data represented by the diamonds and the squares reveal 
that large changes in the stress-strain curves occur when only the tem 
perature is changed. Consequently, the observed coincidence of the 
stress-strain curves that is obtained when both € and T are changed 
appropriately cannot be ascribed to insensitivity of the test ; it appears 
necessary to conclude that such coincidence of stress-strain curves 
arises from identity of the structures produced by these alternate strain 
rate and temperature paths. 

As a step in arriving at the functional form of ¥(é, T) = Z, the orig! 
nal experimental data were first replotted as shown in Figs. 3 to 6. A 
series of strain rates and temperatures can be obtained corresponding to 
a given flow stress at a given strain. Such series of ¢s and Ts should pro- 
vide the ¥(¢, T)= Z relationship for the stress-strain curve that gives 
the selected stress for the selected strain. The data obtained in this way 
are reproduced in Fig. 7 when In « is plotted as a function of 1/T. Con 
sider first the line at the extreme right of Fig. 7. The circled points on 
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+—Effect of —Temperature and Strain-rate on the Flow Stress for a Strain 
of 0.10 
is line refer to the combination oi €s and Ts that give a flow stress of 
7000 psi at a strain of 0.05. All stress-strain curves, however, appear to 
be homologous. Consequently, all combinations of strain rate and tem 


perature that give a flow stress of 7000 psi at a strain of 0.05 should give 


i flow stress of 10,000 psi at a strain of 0.10 as interpolations of the data 
given in Fig. 1 reveal. The combinations of és and Ts that give the ex 
pected flow stress of 10,000 psi at a strain of 0.10 are shown by the 
triangular points of the right hand line of Fig. 7. The residual data were 
leduced in an analogous manner. 

The coincidence of the es and Ts for a single-stress strain curve, 
regardless of the strain or stress at which a comparison of the identity 
is made, again emphasizes that the stress-strain curves form a homolo- 
vous set. Each line of Fig. 7 therefore represents the strain rates and 
temperatures that give the same stress-strain curve. Furthermore, 

ithin the minor scatter of the experimental data, and neglecting the 
slight tendency of the In « versus 1/T lines on the right to curve slightly, 

straight line relationship can be assumed suggesting that 
In ¢ — — 4H/RT + In Z or 
AH 


CRT Z Equation 4 
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Fig. 5—Effect of Temperature and Strain-rate on the Flow Stress for a Strain of 0.15 


where Z and AH are constants for a given stress-strain curve. Conse 
quently, the nominal validity of Equation 2 is confirmed experimentall) 

The values of the activation energies AH for each stress-strain curve 
can be obtained directly from the slopes of the lines of Fig. 7. The acti- 
vation energies obtained in this way are given adjacent to each line of 
lig. 7. Contrary to the original assumptions of Zener and Hollomon 
such activation energies are not simple constants. The stress-strain 
curves corresponding to each line of Fig. 7 are shown in Fig. 8 as docu 
mented by the capital letter symbols. These curves were obtained by 
appropriate interpolation of the original data given in Fig. 1. Only the 
three lowest stress-strain curves A, B, and C have the same activation 
energy of 35,000 calories per mole. As the stress-strain curve increases 
from D to H the apparent activation energy decreases from 35,000 
calories per mole to 8700 calories per mole. In order to illustrate this 
fact graphically the apparent activation energy was plotted as a func- 
tion of the stress obtained at a strain of 0.15 as shown by the solid 
circles given in Fig. 9. Here AH is seen to remain constant at 35,000 
calories per mole until a stress of about 1000 psi is exceeded, where 
upon AH decreases uniformly with increasing stress. The constant value 
of AH of 35,000 calories per mole obtained for the three lowest stress 
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Fig. 6—Effect of Temperature and Strain-rate on the Flow Stress for a Strain of 0.20 


strain curves agrees well with the activation energy for high tempera 
ture creep (11), grain-boundary shearing (12) and self-diffusion (13) 
in aluminum. This coincidence suggests that the mechanism of plastic 
leformation for these low stress-strain curves is controlled by a disloca 
tion climb process just as is suspected in the case of high temperature 
creep ( 14). 

The decreasing values of AH over the range of increasing stress 
strain curves from D to H, however, are not so easily rationalized. Un- 
doubtedly, new processes of deformation occur for the higher stress- 
strain curves. And, it is possible that the decreasing values of AH for 
the correspondingly higher stress-strain curves arise from the fact that 
more of the energy required to cause flow is supplied mechanically re- 
sulting in a decrease in the amount of energy required by thermal 
(luctuations. 

ach stress-strain curve is characterized not only by a unique AH 
but also by a unique value of Z. The values of Z appropriate for each 
stress-strain curve were obtained by using the values of 1/T of Fig. 7 
corresponding to a unit strain rate. Since «=1, In Z = AH/RT. The 
values so obtained are recorded on the typical stress-strain curves of 
‘ig. 8. As shown in Fig. 8, the values of Z increase as the stress-strain 
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curves increase. In order to visualize the increase in In Z with increas 
ing stress-strain curves the In Z values were plotted as open circles 1 
Fig. 9 as a function of the stress at a strain of 0.15. Again, a sharp break 
is noticed in the In Z versus o curve at a stress of about 1000 psi, cor 


relating exactly with the corresponding sharp break in the AH versus 
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Fig. 8 —Stress-strain Curves for Various Values of In Z 
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Strain of 0.15. 


rve. Over the low stress range where AH is equal to a constant value 
)9,000 calories per mole, Z increase precipitously. Above a stress ot! 
11f 


it 1000 psi, a new In Z versus o curve applies over which In Z in 
ses much less rapidly with increasing o. 
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CONCLUSIONS 

1. Over wide ranges of temperature and strain rate identical stres 
strain curves are obtained at identical values of Z = ée48/B8T, Ag 7 
increased higher stress-strain curves were obtained. 

2. For small values of In Z, below In Z equals about 29, the activation 
energy AH for plastic deformation of high purity aluminum was found 
to be a constant value of 35,000 calories per mole. Since this is also the 
activation energy for self-diffusion of aluminum, it is suggested that 
in this range, the controlling mechanism for plastic deformation is q 
dislocation climb process. 

3. Above In Z equals about 29, AH decreases rapidly with increas 
ingly higher stress-strain curves. The relationship between In Z and th 
stress at a given strain also exhibits a sharp change at this same point 
These observations suggest that new controlling mechanisms of de 
formation are introduced for the higher stress-strain curves. It is sug 
gested that the decreasing values of AH for the correspondingly higher 
stress-strain curves might arise from the fact that more of the energy, 
required for plastic flow is supplied mechanically resulting in a decrease 
in the amount of energy required by thermal fluctuations. 
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DISCUSSION 


Written Discussion: By H. W. Wiedersich, Westinghouse Electric Corporation, 
Research Laboratories, Pittsburgh. 
rhe authors have made an excellent contribution concerning the plastic behavior 
iluminum, yet there still remains a lack of understanding of the elementary 
cesses governing this behavior. A detailed physical interpretation of the gov 
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Fig. 10—Flow Stress in Dependence of Temperature (e 


ning process at intermediate temperatures, or more preferably for the stress 
train curves at intermediate stress levels appears to be possible (authors’ Fig. 8, 
urves D to G). If one plots true flow stress o, instead of log o as the authors did, 
versus temperature for constant strains it becomes apparent that a linear relation 
xists between o and T in the intermediate temperature range. (Fig. 10). 

\ detailed analysis of the data given by the authors in terms of a stress-aided 


BST aaa 





186 TRANSACTIONS OF THE ASM 


activation process is now possible, and leads to the following physical pictur 
dislocations moving through the lattice must intersect dislocations thread; 
glide planes. This process requires an energy U. which is partly supplied the 
and partly by the work done by the stress during the activation process. | 
type of rate governing process, Seeger * has proposed an equation where 
rate, é, is expressed as a function of temperature T and stress o. For a ten 


the equation reads: 


{ | : 
2 N Ab Uo € oes iKquatik 


It is assumed that the deformation proceeds mainly on planes which are ij 
at 45 degrees from the tensile specimen axis. N is the number of sites per wy 
volume where dislocations that are capable of movement are held up by the rat 
governing obstacle. 
\ is the average area swept out by a dislocation after an activation process 
b is the Burger's vector. 

is of the order of the Debye frequency. 
v is the “activation volume” and is equal to / db (See Fig. 11) ; / = mean di 


i 


Fig. 11—Dislocation in its Glide 
Plane Held up by Dislocations Thread 
ing the Glide Plane. 


between the obstacles, d = distance over which the dislocation moves during 
the activation process and should be of the order of the dislocation splitting 
width, 8. 


a, is the internal stress. 


a, can be composed of two parts i , 
0 “quation - 
og — ac +o’, aii 

2A. Seeger, “The Generation of Lattice Defects by Moving Dislocations, and Its Applicat 
to the Temperature Dependence of the Flow-Stress of F.C.C. Crystals,”” Philosophical M 
sine, Vol. 46, 1955, p. 1194 
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iue to the short range stress field caused by the piled-up groups in neigh 
slip planes and should be approximately proportional to the applied stress o. 
ue to the long range stress fields and should remain relatively constant afte1 
eformations, (~ 2.0%), have occurred. Equation | then leads to 
¢ =2U./v (1 kT/U. In v/e) + (ao+a 


2U./vC1 a) (1—kT/U, In v/e) + o° Equation 4 
NA b vo. 

12 shows that one can represent the data for the considered temperature 
ind for a constant strain rate, but different strains, by the empirical equation 

o Be) (l— T/Ter) + C Equation 5 
lifferent strain rates, one obtains similar equations with different T,. (e), 

t the same B (e) and .. 

proper identification of the coefficients in Equation 4 and 5, one obtains a 


>of U 1.2 eV, using the data given by the authors. This is in good agre« 


OK ) 
Fig. 12—-Flow Stress in Dependence of Temperature (€ 1.69 x 


t 


ent with the theoretical estimate of the activation energy for the most difficult 
pe of intersection (two edge dislocations intersecting each other, thereby creat 
ng a jog in both dislocations) which is given by Schoeck® as 1.16 eV. The 
trequency factor of about 10° sec™ obtained from the data is very reasonable 
\ separation of v and a on the basis of Equation 4 is not possible. Equation 3 
suggests that a sudden temperature or strain rate change should lead to a separate 
letermination of v. The internal stress term og = ao + o°, should be the same im 
liately before and after the change since the adjustment of the piled-up groups 


the new conditions will take some time. Consequently, the monetary stress 
inge Observed should be due to the change in the first term. The test suitable 


evaluation reported by the authors (change of the temperature from 333 °K to 
> °K at a strain of e = .1) lead to an activation volume of 1.7 x 10- cm* and in 
turn, to a dislocation density of 2.3 x 10" cm™’, which is very reasonable for this 
lue of strain. 


+. Schoeck, to be published in Acta Metallurgica 
I ( 


( 
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Authors’ Reply 


Dr. Wiedersich’s application of the modified Seeger equation to our 
extremely interesting to us, and of general fundamental significance. 7 
cellent correlations he obtained using the single stress modified activation « 
of 1.2 electron volts per atom of aluminum (about 26,400 calories per mol 
tainly seems to be more than fortuitous. Though the relationship is not 
chanical equation of state for tensile testing, as og is a function of the strai: 
and temperature history of the specimen, it does represent a correlation of tes; 
variables with a single activation energy which may find widespread practical as 
well as theoretical application. The fact that it is derived from a specific dis 
location model with isolable constants which can be individually checked agains 
theory enhances its theoretical value. 


In private communication, Dr. Schoeck said that the numerical value of t! 


activation energy for the specific dislocation cutting process mentioned by D; 


Wiedersich in his discussion has been revised downwards in latest calculati 
so that the exact mechanism of the activation is still unknown. This, however 
cannot detract from the intrinsic worth of the discussion. 

It should be noted that Seeger’s equation cannot be applied to the problem of 
creep with the same success as to tensile testing. The observed low temperatur: 
activation energy in creep rises more steeply with temperature than the equatior 
predicts, levels out to a constant value of about 27,500 calories per mole below 
Tc, and is independent of applied stress.* Thus, some more complex process thar 
the one envisaged here must be involved. 


* “The Spectrum of Activation Energies for Creep” J. E. Dorn, ASM Seminar, 1956, or 
“Creep and Recovery” (to be published). 








rHE EFFECT OF SUBBOUNDARIES AND CARBIDE 
DISTRIBUTION ON THE NOTCH TOUGHNESS 
OF AN INGOT IRON 


By J. C. DANKo AND R. D. Stovu1 


Abstract 

The effect of subboundaries and carbide distribution on 
notch toughness of an v0 iron was investigated. The 
rount 0} tf subboundaries in the ferrite was controlled by the 
ing rate through the ya transformation. Carbide dis- 
rersion was altered by furnace ¢ -ooling and by — treat- 
ents followed by quenching and aging. Charpy V-notch 
tran sition temperature of the ferrite with a constant subgrain 
size was found to increase ap proximat. ly 20°F with an in- 
>in one ferrite grain size number. Carbide distribution 
ar rbedly affected the notch toughness; for the solution 
treated, quenched and aged ingot iron had a transition tem- 
rature approximately 100 °F lower than annealed iron of 
the same ferrite grain size. An increase in subboundaries 
raises the transition temperature particularly in solution 
treated, quenched and aged ingot tron. (ASM-SLA Classi 

fication: 023, Q6, Fe) 


[INTRODUCTION 


YUBSTRUCTURES, also referred to as ferrite veining have been 
S observed in ferrites of pure iron and commercial iron of low carbon 
mtents that have undergone the gamma to ferrite transformation. 
(he subboundaries in the ferrite are probably a result of the internal 
stress that accompany the transformation and cause subsequent poly- 
gonization. Subboundaries in ferrite have been examined by electron 
icroscopy (1) and the formation of substructures has been investi- 
gated in pure and commercial iron (2). 

Uhe effect of subboundaries on the properties of ferrite has not been 
tully evaluated. The notch toughness of ferrite of a 0.02% carbon steel 
vas investigated by Hodge, et al (3). They found that the Charpy key 

le transition temperature was raised 30°F with an increase of one 
i vit grain size number. However, the authors made no reference to 

ibboundaries in the ferrite that was subjected to the y > a transforma- 

n. Hultgren and Herrlander (4) found that rapid cooling of ferrite 

ugh the transformation temperature causes more veining than slow 


hgures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-eighth Annual Convention of the Society, 
| in Cleveland, October 8 to 12, 1956. Of the authors, J. C. Danko is instructor 
= Stout is professor of metallurgy, Lehigh University, Bethlehem, Penn 
. Manuscript received March 30, 1956. 
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cooling. Substructures in high purity low carbon ferrite raised 4 
transition temperature (5) when compared to ferrite of identical graj; 
size without the substructures. Since commercial ingot iron e 
appreciable subboundaries, an investigation was undertaken to evaly 
ate the effect of subboundaries on notch toughness. In addition th, 
carbide distribution can be altered by furnace cooling and _ solutio; 
treatments, and therefore, the effect of carbide dispersion may 
evaluated. 


EXPERIMENTAL PROCEDURE 


A commercial ingot iron that was received in a % inch thick plat 
was used throughout the investigation. The chemical composition of th: 
material is shown below. Specimen blanks ! 


treated 


2 x Y% x 3 inch were heat 


ce Mn Si P S O H N 
0.020 0.10 0.01 0.009 0.012 0.055 0.0003 0.002 


to vary the ferrite grain size, subboundaries, and carbide dispersio: 
The following heat treatments were employed: 


1. Two series of specimens were annealed from: 

a. 1650°F (900 °C) 

b. 1850°F (1010 °C) 

c. 2000 °F (1095 °C) 

d. 2200 °F (1205 °C) 
One series of specimens was reheated to 1300 °F (705 °C) for 
YY hour, water-quenched and aged for 24 hours at 400°F 

200 °C). 

Two series of specimens were normalized from 2000 °F 
(1095 °C) and reheated to 1300 °F (705°C) for “% hour. On 
series was furnace cooled and the other series was water 
quenched and aged for 24 hours at 400 °F (200°C). 
Two series of specimens were austenitized at 2100°F 
(1150 °C) furnace-cooled to 1700 °F (925 °C) water-quenched 
and reheated to 1300 °F (705°C) for % hour. One series was 
furnace-cooled and the other series was water-quenched and 
aged for 24 hours at 400 °F (200°C). 


The cooling rate from 1300°F (705°C) to room temperature was 
approximately 100 °F per hour. Subboundary size was varied by the 
different cooling rates of the ingot iron through the y — a transforma 
tion. Carbide distribution was altered by furnace cooling or by a solution 
treatment followed by water quenching and aging. Thus, by testing two 
series of ingot iron with the same ferrite grain size and same subgrain 
size, the effect of carbide morphology could be evaluated. The effect 
of subboundaries could be evaluated by comparing two series of ingot 
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th the same ferrite grain size but different subgrain size that 
from the different cooling rates through the transformation 


Standard Charpy V-notch specimens and two standard 0.250 inch 
specimens were used to obtain the mechanical properties. The 
Charpy specimens were tested in a conventional impact tester of 240 
pacity. Temperature variations were achieved by a dry ice and 
| bath for low temperatures and a glycerine bath for high tem 
tures. The tensile specimens were tested at room temperature. The 
ition temperature was measured at the 15 ft-lb level and at the 

int of 4% maximum energy absorbed. 
ferrite grain size and subboundary measurements were made by the 
ineal analysis technique (6). The ferrite grain boundaries and sub 
undaries were revealed by a picric acid etchant. Carbide distribution 
1 the ingot iron was observed with the picral etch and also with an 

trolytic alkaline picrate etchant. 


{ CA 


RESULTS AND DISCUSSION 


(he results of the experimental work are reported in Table I. 


he Effect of Ferrite Grain Size with Subboundaries on Notch 
Toughness 
\nnealed ingot iron revealed pronounced subboundaries and a typi 
| microstructure of an annealed specimen is illustrated in Fig. la. 
\ companion specimen solution treated, quenched and aged after an 
nealing is shown in Fig. 1b. The subboundaries are very evident in the 
innealed iron whereas in the solution treated and aged sample the sub 
boundaries are not clearly defined. Transition temperature curves for 
e fine and coarse-grained ferrite annealed and in the solution treated 
ind aged condition are shown in Fig. 2. The fine-grained ferrite shows 
a significant improvement in notch toughness in both the annealed and 
the solution-treated and aged ingot iron. In all of the ingot iron tested, 
the solution-treated and aged specimens exhibited superior notch tough 
ness. The ferrite grain size in the annealed and in the solution-treated 


- 1 
| 


and aged ingot iron was essentially the same. Subboundary measure 
ments were made on the annealed specimens and the results are re 
ported in Table II. These data indicate that the subgrain size of the 
innealed iron is essentially constant. The solution treatment of Y% hour 
it 1300°F (705°C) would not appreciably change the subgrain size 

the subboundaries remain after prolonged heat treatments below 
ie transformation temperature. Therefore, it may be assumed that the 
subgrain size of the solution treated and aged ingot iron is essentially 
the same as the annealed iron. 


+} 


Che effect of ferrite grain size with subboundaries present on the 
notch toughness of the annealed and the solution treated and aged ingot 
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Table I 
Mechanical Properties 


0.2% 
Tensile yield 
Ferrite Grain Trans. Temp. °F Strength strength 
Size No 15 ft-lb 14 max E psi psi % El. % 
Heat Treatment 


2200 °F furnace 
cool 3 22,000 


2200 °F furnace 

cool, reheated 

to 1300 °F 

quenched and 

aged at 400 °F 2. an ff 40,600 


2000 °F furnace : 
oe 3. l 40,500 


2000 °F furnace 

cool, reheated 

to 1300 °F 

quenched and 

aged at 400 °F 3 38,500 


1850 °F furnace 

cool 3.4 5 $1,250 
1850 °F furnace 

cool, reheated 

to 1300 °F 

quenched and 

aged at 400 °F 3.3 : 5 40.550 


25,600 
1650 °F furnace 

cool 5.5 2 41,750 26,050 
1650 °F furnace 

cool, reheated 

to 1300 °F 


quenched and on 
aged at 400 °F 5.¢ - 40,600 30,500 


2000 °F air cool, 

reheated to 1300 °F ee 
and furnace cool f 7 75 43,000 24,500 
2000 °F air cool, 

reheated to 1300 °F 

quenched and 

aged at 400 °F : < 43,100 

2100 °F quenched, 

reheated at 1300 °F 

and furnace cool 

2100 °F quenched, 

reheated to 1300 °F 


quenched and 
aged at 400 °F * 3,35 40.5 


iron is shown in Fig. 3. A criterion of 15 ft-lb was used to determine 
the transition temperature. The transition curves are very much alike 
in the region of ductile behavior but differ appreciably in the lower 
portion of the curve. With a constant subgrain size in the ferrite of 
ingot iron, an increase of one primary ferrite grain size number raises 
the Charpy V-notch transition temperature approximately 20 °F. This 
value is somewhat lower than the results of Hodge, et al (3), who re- 
ported a 30 °F change in the Charpy keyhole transition temperature of a 























VOTCH TOUGHNESS OF INGOT IRON 





> 


Microstructure of Ingot Iron Austenitized at 00 °F (1205 °C) and Furnace 
(a) furnace-cooled (b) reheated to 1300 °F (705 °C) quenched and aged at 
400 °F (200 °C). Picral etch x100. 





Legend 
A B Cle D! A-Fce Cooled 1650°F, 
Solution Treated 
Ferrite G.S. 5.4 
B-Fce Cooled 2200°F, 
é Solution Treated 
Ferrite G.S. 2.5 
C-Fce Cooled I650°F, 


ee ° Ferrite G.S. 5.5 
; ag D-Fce Cooled 2200°F, 
om Ferrite G.S. 2.4 
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Fig. 2—The Effect of Austenitizing Temperature and of Solution Treatment on 
the Notch Toughness of Annealed Ingot Iron. 
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Fig. 3—The Effect of Ferrite Grain Size on the Notch 


Toughness of Ingot Iron Annealed and in the Solution 
Treated and Aged Condition. 


0.02% carbon steel ferrite with a change of one ferrite grain siz 
number. 


The Effect of Carbide Distribution on Notch Toughness 


The influence of carbide distribution on notch toughness is illustrate 
by the difference of approximately 100°F (55°C) in the transition 
temperature of the annealed ingot iron and the companion solution 


Table II 
Primary Ferrite and Subgrain Size 


Heat Treatment Ferrite Grain Size Subgrain size 
2200 °F (1204 °C) furnace-cooled 2.4 


2000 °F (1093 °C) furnace-cooled 3.1 
. (1010 "e) furnace cooled 5. 
°F (900 °C) furnace-cooled 


2000 °F (1093 °C) air-cooled, reheated 
to 1300 °F (705 °C) furnace-cooled 


2100 °F (1150 °C) quenched, reheated 
to 1300 °F (704 °C) furnace-cooled 









VOTCH TOUGHNESS OF INGOT IROA 195 


2 °; 
\ Ais Pia ; b 
‘ oe : , 
. 
. . ® > 
* > 
\ ’ . . * 
:. . . , 
*s a 
. . = 
. 3 . 
. >. 
. ‘ .-©@ 
4 . * 
. e) 
. —_ , 


‘ 
° . 
. . 
‘ 
+ ° ° . e 
* 
. 
6 
6 . 
7 er. 
o 
~ 
~~ . ‘ . 
& 
° .™ 
. 
- 
.* ° os « 
. >. , 
> s° . 


Grain Boundary Carbides in Ingot Iron Annealed at 2200 °F (1205 °C) 
Electrolytic alkaline picrate etch x500 





—Carbide Distribution in Ingot Iron Annealed at 2200 °F (1205 °C) (a) an 
microstructure (b) reheated to 1300 °F (705 °C) quenched and aged at 400 °F 


Electrolytic alkaline picrate etch x1500 


(200 °C). 
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Fig. 6—Microstructure of Ingot Iron Austenitized at 2000 °F (1095 °C) and Air-Cook 
(a) reheated to 1300 °F (750 °C) and furnace-cooled (b) reheated to 1300 °F (705 
quenched and aged at 400 °F (200 °C). Picral etch x100. 


Fig. 7—Microstructure of Ingot Iron Austenitized at 2100 °F (1149 °C) Furnace-Cooled 

to 1700 °F (925°C) and Quenched. (a) reheated to 1300 °F (705 °C) and_furnace- 

cooled, (b) reheated to 1300 °F (705 °C) — and aged to 400 °F (200 °C). Picra 
etch x100. 
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ind aged specimens with identical primary ferrite grain size 
likely the same subgrain size. Metallographic observations on 
‘he annealed and the solution treated and aged ingot iron revealed a 
| le difference in the carbide dispersion. A microstructure of the 
-on annealed from 2200 °F (1205 °C) is illustrated in Fig. 4. Carbides 
larkened by the electrolytic alkaline picrate were located in thin dis- 
ntinuous networks in the ferrite grain boundaries. At higher magnifi- 
ions, carbides appeared as fine discrete particles in the subboundaries 
as shown in Fig. 5a. Most of the carbides were located in the ferrite 
rain boundaries and subboundaries. A few needle carbides were also 
bserved in the matrix. 

On the other hand, the solution-treated and aged ingot iron did not 
exhibit the grain boundary network of carbides. The carbide precipi- 
tated throughout the matrix and subboundaries during the aging treat- 
ment as illustrated in Fig. 5b. Carbides associated with the matrix ap- 
peared in the form of platelets. Similar observations were reported by 
sou, et al (1), Samuel and Quarrell (2) and Williams and O’ Neill 
7). In addition to the segregation of carbides at the subboundaries, 
nitrogen which is present in the ingot iron may also segregate at the 
subboundaries. Samuel and Quarrell (2) have calculated the activation 
energy for the reappearance of a-veining networks in ingot iron by 
aging treatments. The activation energy is consistent with the view 
that carbon and nitrogen were the impurities which concentrate at sub- 
boundaries. Concentration of impurities at the subboundaries should 
produce well defined substructures upon proper etching. Annealed 
ingot iron revealed much sharper subboundaries with shorter etching 
times than the solution-treated and aged iron. Samuel and Quarrell (2) 
concluded that the concentration of impurities in the subboundaries 
during slow-cooling treatments was responsible for the discernible 
boundaries. Northcott (8) made similar observations during his ex- 
tensive studies of veining. In view of these observations, it appears that 
the solution-treated and aged specimens contain less impurities in the 
subboundaries than the annealed ingot iron. With the ferrite grain size 
ind subgrain size essentially constant, the difference in notch toughness 
of the annealed ingot iron and the solution-treated and aged iron may 
be attributed to the carbide distribution and segregation of impurities 
at the subboundaries. 


The Effect of Subboundaries on Notch Toughness 
The subgrain size of the ingot iron was found to be independent of 
the austenitizing temperature and dependent upon the cooling rate. 
» therefore, normalizing and water quenching treatments were substi- 
© tuted for annealing to change the subgrain size. 
Two groups of specimens were normalized at 2000°F (1095 °C) 
before reheating to 1300 °F (705 °C). Of these, one series was furnace- 
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cooled to encourage precipitation of carbides in the ferrite grain 
aries and in the subboundaries along with other impurities. Th: 
series was water-quenched and aged to alter the carbide dis; 
These subsequent heat treatments given to the normalized ir 


vor 
W é 


also employed on ingot iron that was water-quenched from 1700 
(925 °C). Microstructures of the normalized ingot iron after furna 
cooling and after solution treatment and aging are illustrated in Fig, 
6a and 6b respectively. The water quenched ingot iron microstructur: 
are shown in Figs. 7a and 7b, for the furnace-cooled specimen and th, 
solution-treated and aged specimen respectively. 

Subboundaries in the normalized ingot iron after furnace coolin 
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Fig. 8-—The Effect of Subboundaries on the Notch Toughness of Annealed, Nor 

malized, and Quenched Ingot Iron Solution Treated and Aged or Furnace-Cooled 


etched very rapidly whereas the subboundaries in the solution-treated 
and aged iron were more difficult to etch. A thin network of discontinu- 
ous carbides were observed in the ferrite grain boundaries of the 
furnace-cooled specimens. At high magnification (X2000) carbides 
were found in the subboundaries. The solution-treated and aged speci- 
men showed no evidence of ferrite grain boundary carbides. However, 
carbides were present in the subboundaries and also randomly dis- 
tributed in the matrix as platelets. Similar metallographic observations 
were made on the water-quenched ingot iron after furnace cooling and 
the solution treatment and aging. However, the carbides in subbound- 
aries in the water-quenched ingot iron specimens were difficult to detect. 








VOTCH TOUGHNESS OF INGOT IRON }09 


ing 


» volume increases, the concentration of carbides and impurities 


behavior of the subboundaries suggests that as the sub 


n area of boundary material decreases, and consequently, the 
characteristics are markedly affected. Therefore, the subbound 
wuld be least evident in the quenched ingot iron because of the 
mount of subboundaries. 
subgrain size was measured most readily on specimens that were 
cooled. The subgrain size of annealed ingot iron was found to 
5.9: of normalized iron, 7.4; and of water-quenched iron, 8.5. The 
ition curves for the annealed, prenormalized, and prequenched 
ecimens are shown in Fig. 8. After solution treating and aging, the 
nealed iron had a transition temperature approximately 80 °F lower 
the water-quenched iron of approximately the same ferrite grain 
In the furnace-cooled condition, the annealed iron had a transition 
perature 30 °F lower than the quenched ingot iron. Since the ferrite 
size is essentially the same, the difference in notch behavior of 
he annealed and the water-quenched ingot iron can be attributed to the 
lifference in subgrain size. 
[he normalized ingot iron had a coarser ferrite grain size (4.0 vs. 
5.5) and a coarser subgrain size (7.4 vs. 8.5) than the water-quenched 
sot iron. In spite of the coarser ferrite grain size of the normalized 
after solution treating and aging it had a transition temperature 
roximately 35°F lower than its water-quenched counterpart and 
15°F higher than the annealed iron. In the furnace-cooled condition, 
he water-quenched curve is somewhat lower than that of the nor- 
lized ingot iron. However, if a correction is made for a difference of 
ne ferrite grain size number, the transition curve for the prenormal- 
ized iron would be located at an intermediate position between the 
nnealed and the prequenched ingot iron. Thus, the effect of subbound 
ries 1s to raise the transition temperature appreciably in the solution 
treated and aged ingot iron but the effect is decreased in the furnace- 
ooled condition. 


SUMMARY 
he results of this investigation may be summarized as follows: 


|. In annealed ingot iron with a constant subgrain size of approxi- 
mately 5.8, the effect of primary ferrite grain size with the 
presence of the subgrains is to raise the Charpy V-notch transi- 
tion temperature approximately 20 °F with an increase of one 
ferrite grain size. 

-. Carbide distribution has an appreciable effect on the notch 

toughness of ingot iron. At the same ferrite and subgrain size, 

annealed and solution-treated iron has a transition temperature 

approximately 100 °F lower than in the as-annealed condition 
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because segregation of carbides at the primary ferrit 
boundaries is eliminated and the segregation of carbic 
impurities in the subboundaries has been reduced. 
Subboundaries raise the transition temperature appreciably }; 
the solution-treated and aged ingot iron but the effect is som, 
what lessened in the furnace-cooled condition. 

The etching characteristics of the subboundaries suggest th, 
as the subgrain volume increases, the concentration of impuri 
ties per unit area of subboundary decreases. 
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DISCUSSION 


Written Discussion: By R. M. Brick, director of research—metallurgy, Cont 
nental Can Company, Chicago. 

The careful work here reported in general duplicates and confirms earlier r 
sults by G. J. London (ref. 5) on high purity iron with about 0.02% carbon 
The relatively impure ingot iron used by the present authors has two important 
compositional differences. It contains nitrogen but since nitrogen atoms ma) 
be expected to segregate like carbon atoms at subboundaries, presumably arrays 
of dislocations, the nitrogen effect is probably equivalent only to raising the 
carbon content. 

The relatively high oxygen content, 0.055%, of this ingot iron may or may not 
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nt. I would be interested to know if the authors carefully studied the 
ir fractures particularly in transverse microsections. At. this oxygen 
ture should be intergranular according to work in England. At the 
of Pennsylvania, when determining the effect of ferrite grain size of 
on transition temperature, we found that all fractures were inter- 
[ would be surprised if at least some of the treatments recorded here 
esult in intergranular fractures. Such could explain why the present 
found a 20°F change in 15 ft-lb transition temperature per one ferrite 
e number change whereas Hodge, Manning and Reichold found a 30 °F 

per ferrite grain size number. 
though this be the case the present results confirm an effect of sub- 
ries and carbide state. One remarkable effect is the change of the transition 
erature curve from a sloping line to a vertical line as shown in the authors 
s. 2 and 8 upon changing from a relative coarse precipitated (from alpha) 
e( to a fine precipitate (solution treated and aged). It would seem that the 
er precipitates (furnace cooled from 1300 °F) can nucleate cracks but that 
) not propagate too readily; thus intermediate fracture energies are ob- 
If the precipitates be fine, then localized fracture is more difficult to 
leate but once started, propagation is easy. Thus only completely brittle or 
letely ductile states are usually observed, i.e., the transition temperature 

irve is a vertical line. 

Finally, those interested in fracture must be puzzled to find that a finer ferrite 
grain size reduces transition temperatures whereas a finer sub-grain size increases 
the transition temperature (Fig. 8). The validity of this conclusion is weakened 
by the fact that the data are only on states where carbide and nitrides are precipi- 
tated. It would be useful if the data presented in Fig. 8 included the state of being 
juenched from 1300 °F but not aged, in fact kept below — 40°F for all time elaps- 
ing between the 1300 °F quench and testing. With this addition to the observa- 
tions, one would be better able to reason as to the relative effects of small angle 
und large angle boundaries. 

Written Discussion: By L. L. Wyman, chief, Chemical Metallurgy, National 
Bureau of Standards, Washington, D. C. 

[t is probable that the authors of this excellent paper might enhance the reader’s 
understanding by enlarging somewhat in explanation of their quite unusual use 
{ ASTM grain size numbers in terms of “tenths” of a grain size. 

Lineal analysis, as used by the authors, is effectively a mechanized Heyn Inter- 
ept method of grain counting which results in an average grain “diameter,” or 
area calculated therefrom, which is inherently in the decimal system. 

\STM Grain Sizes series is a geometric progression, and though half-sizes are 
shown (ASTM, E-112-55T) for the convenient use in some areas of application, 
these intermediates are geometric—not arithmetric. One wonders, therefore, as 
to how the authors arrived at their values of “tenths” of a grain size, and also if 
they would not have been more nearly correct in using their primary data as co- 
rdinates for their curves and indicating the recognized ASTM grain sizes on a 
secondary scale. 


Authors’ Reply 


In regard to Dr. Brick’s comment on the fracture characteristics, extensive 
ransverse microexaminations were made on furnace cooled impact bars of ingot 
l‘racture was observed to be partially intergranular. Similar observations 
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Fig. 9—The Effect of Subgrain Size with Essentially a 
Constant Ferrite Grain Size on the Notch Toughness of 


Ingot Iron Annealed and in the Solution-Treated and 
Aged Condition. 


were reported by Rees, Hopkins and Tipler * of England in their study on hi 
purity iron with 0.002—0.003% oxygen. As pointed out by Dr. Brick, the hig 
oxygen content of this iron may explain the change of 20 °F in transition tempera 
ture per one ferrite grain size as compared to the 30 °F change reported by Hodg 
Manning and Reichold. 


The difference in the transition temperature curves between the furnace-cool 
and the solution-treated and aged ingot iron may be attributed to the differen 
in the size of the carbide precipitates. However, the precipitation of carbides at 
the primary ferrite grain boundaries in the furnace-cooled iron may play an in 
portant part in the initiation of fracture. Microcracks were very evident in t! 
thin networks of grain boundary carbides. The results of Allen et al ** also in 
cate that carbide films crack in impact specimens of high purity iron-carbon alloys 
of low carbon content. 

Finally, the solution treatment without subsequent aging suggested by Dr. Bric! 
would strengthen the conclusions of this paper; for the effects of the precipitat 
carbides and nitrides would be removed. However, some recent data obtain 


* W.P. Rees, B. E. Hopkins and H. R. Tipler, “Tensile and Impact Properties of [ron a 
Some Iron Alloys of High Impurity,” Journal, Iron and Steel Institute, Vol. 169, 195 
p. 157 

** N. P. Allen, W. P. Rees, B. E. Hopkins and H. R. Tipler, ‘“‘Tensile and Impact Pr 
erties of High Purity Iron Carbon and Iron-Carbon Manganese Alloys of Low Carl 
Content,” Journal, Iron and Steel Institute, Vol. 174, 1953, p. 108. 
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A} 
itch toughness. 
ita are plotted with the original data in graphic form as shown in Fig. 9 


er was submitted for publication add support to the effect of sub 


illustrates the effect of subgrain size with essentially a constant ferrit 
m the notch toughness of ingot iron in the annealed and in the solution 
| aged condition. Although the data reveal some scatter, it is evident 


fect of an increase in subgrain size number is to increase the transitiot 
ure of both the annealed and the solution-treated and aged ingot iron 


y to Dr. Wyman’s discussion, the grain size determinations were based 


m derived from a relationship between the number of grain boundary 


ts and the ASTM grain size designation of n 2" where n numbet 


;/square inch and N = grain size number. Ten measurements were made 


lath 


specimen and the average value of the number of intercepts was sub 


into the derived equation. The grain size number was reported to thx 
tenth of a grain size instead of rounding the value to the nearest half-siz« 


e to ASTM standards 





NOTCH DUCTILITY OF MALLEABLE IRONS 


By G. A. SANpoz, N. C. Howe tts, H. F. Bisuop, W. S. P: 


Abstract 

The notch ductility of malleable trons was investigated { 
conditions entailing the presence of sharp notches. The 
drop-weight test was used to establish nil ductility transitioy 
(NDT) temperatures and the explosion crack-starter test 
was applied to establish the resistance to fracture propaga 
tion at temperatures above the nil ductility transition ten 
perature. The results obtained from these tests were corr. 
lated with Charpy V-notch tests. The notch ductility of 
ferritic trons is impaired by the presence of phosphorus, 
carbides and primary gr aphite. The NDT te mperatures of 
commercial ferritic irons (P 0.10 to 0.15%), in sections up 
to 3 inches in thickness, compare favorably with those oj 
other unalloyed ferrous materials. The NDT te mperatures 
of pearlitic irons are higher than those of the ferritic irons 
and are affected by hardness, method of heat treatment and 
phosphorus content. Explosion tests demonstrated that the 
complete change from nil ductility to complete resistance to 
brittle fracture occurs over the te — range indicated 
by the Charpy V transition curve, despite the characteris 
tically low level of the energy % ides at the upper shelf of 
the curve. Similar findings have been reported by the au 
thors for the case of nodular irons and for steels. ( ASM- 
SLA Classification: Q23, CI) 


INTRODUCTION 


ETAL PARTS generally fail with fractures characterized by a 
brittle appearance (cleavage fracture) and with little or no evi- 
dence of deformation (ductility) preceding the development of fra 
ture. Until recently, the unexpected, nonductile failure of metals, which 
show good ductility in tensile tests, caused considerable confusion re 
garding the significance of tensile tests. It now is appreciated gener 
ally that ductility as measured by tensile tests is significant only tor 
conditions of service entailing smooth, notch-free surfaces—that 1s, 
conditions equivalent to those of the tensile test bar. 

Brittle fractures in service generally result from the presence o/ 
notches. Notches of various types are ordinarily present in structures 
and machinery components. Such notches may be design features 
(notches, threads, keyways) or defects (grinding or quench cracks, 

A paper presented before the Thirty-eighth Annual Convention of the Society 
held in Cleveland, October 8 to 12, 1956. The authors G. A. Sandoz, N. C. Howells 
H. F. Bishop and W. S. Pellini are associated with the Metal Processing Branch 
Metallurgy Division, Naval Research Laboratory, Washington, D. C. Manuscript 


received April 2, 1956. 
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se or hot cracks in castings, weld flaws, etc.). Consequently, it 


sary to evaluate the ductility of metals not only by tensile tests, 
. by various tests entailing the presence of notches. 

Whether or not a cast part would be subject to brittle failure at a 
c temperature depends not only on the properties of the ma 
but also on the sharpness of the notch which it contains. It 
be impractical to conduct tests for different notch acuities, 

oreover, many flaws are very small and it is virtually impossible to 

letermine the most severe notch condition present. The method de 
eloped by the Naval Research Laboratory for the evaluation of the 
‘eacture initiation characteristics of metals is based on tests featuring 
he presence of the sharpest possible type of notch—a cleavage crack. 

[he cleavage crack which serves as the notch in the tests to be de 
scribed is developed in the test material by the use of a brittle weld of 

type ordinarily used for hard surfacing applications. Tests featuring 
the use of the brittle weld are defined as crack-starter tests. One of 
the tests, known as the drop-weight test, utilizes a sample approxi- 
mately 3% x 14 x 1 inch (or % inch) which is loaded by the impact 
of a falling weight. A stop between the specimen supports limits the 
bending of the specimen to approximately 3 degrees of static bend or 
5 degrees of dynamic bend. Details of the construction of the test 
equipment and preparation of specimens have been reported in Refer- 
ence 1.1 The test is aimed at determining if the base material permits 
the development of a small amount of deformation in the presence of 
the sharp notch—-the alternative is the development of brittle fracture 
which is indicative of nil ductility in the presence of the sharp notch. 
Fig. 1 illustrates the results obtained in a series of malleable iron speci- 
mens subjected to the drop-weight test at the temperatures indicated. 
The sharp change from no fracture to complete fracture, observed by 
lowering the testing temperature from —10 to —20°F, is typical of 
the behavior observed in a wide variety of ferritic materials including 
steels and nodular irons. The highest temperature of fracture is defined 
as the nil ductility transition (NDT) temperature. 

The engineering significance of the NDT temperature was dis- 
cussed in Reference 4. Briefly, within a narrow range of temperatures 
ierritic materials lose their ability to deform in the presence of sharp 
cracks, reaching a critical point of essentially nil ductility. The drop- 
weight test locates this critical temperature in a material by means of a 
go-no go test procedure ; after the development of a minute amount of 
deformation the specimen either breaks completely or remains essen 
tially intact. The nil-ductility transition temperature is considered 
critical for the usual type of service loading which may result at most 
in the development of a small amount of yielding at a point of unfavor- 


able geometry. 


e figures appearing in parentheses pertain to the references appended to this paper. 
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-20°F 


-40°F 


Fig. 1—Series of Malleable Iron Specimens Subjected to the Drop-weight Test; Nil 
Ductility Transition (NDT) is —20 °F. 


lf loading conditions in service are such that gross plastic deforma 
tion occurs, fractures may be started at temperatures above the ND! 
temperature. In order to establish the relative resistance of materials 
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Charpy Curve and Explosion Crack-starter Tests for Semi-killed Rolled Steel 
lenotes change from complete to partial fracture; NDT refers to nil ductility 
transition temperature established by drop-weight test 


to the initiation and propagation of fracture at temperatures above the 
NDT, the explosion bulge test (2,7) is employed. In this test a 14 x 
14x 1 inch or 3% inch plate containing the crack-starter weld is placed 
over a circular die and bulged (approximately a 34 inch deep dish) by 
explosion loading. Fig. 2 illustrates the results for conventional semi- 
killed 1 inch thick steel plate which is widely used for welded con- 
struction. The NDT temperature of this steel was found to be 20 °F. 
This figure also illustrates the general correlation between the crack- 
starter tests and Charpy V notch transition curves. The NDT temper- 
iture, as determined by means of drop-weight testing, 1s located at a 
point near the lower toe of the Charpy V curve, while complete re- 
sistance to brittle fracture is obtained at a point near the shelf of the 
transition curve. 

Tests of nodular irons (2,3,4), which are characterized by Charpy V 

nsition curves which do not exceed 18 ft-lb, served to illustrate that 
the transition range rather than the absolute value of Charpy V energy 
is the significant aspect of the Charpy test. The NDT temperatures of 
nodular irons were also found to be related to the toe region of the 
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Charpy curve and complete resistance to fracture was obser 
temperatures approaching the upper shelf of the curves. 

The present investigation was developed with the aim of su 
the notch ductility characteristics of malleable irons because of int, 
in the use of malleable iron castings at low service temperatures 
formation regarding the notch ductility of malleable irons is not 
able. For this study, malleable irons of various compositions wert 
in a basic induction furnace to permit evalyation of variables kn 
from results of earlier work on nodular iron, to influence notch ductiji: 
characteristics. Since nodular and malleable irons are essentially simj! 
microstructurally, it was believed that their fracture characterist 
should be influenced by the same variables. Ferritic and pearlitic mal] 
able iron test castings were also obtained from several foundries 
order to determine the notch ductility properties inherent to commerce; 


malleable iron castings. The results obtained with the crack-starter tey 


were also correlated with the Charpy V notch test to determine if | 
characteristics of initiation and propagation of brittle fractures in mall 
able irons correspond to the Charpy test in the same pattern as obser 
previously for other ferrous materials investigated. 


INVESTIGATION OF VARIABLES 


The laboratory malleable iron heats were made with Armco 


melting stock to which additions of ferro alloys and Mexican graphit: 


were made to obtain the desired compositions. The irons were cast 


temperatures of approximately 2700 ° F into drop-weight and explosio 
bulge specimens and were annealed by heating to 1700 °F for 40 hour: 


followed by controlled cooling to 1200 °F at a rate of 4°F per how 
The fifteen irons listed in Table I were cast into standard 14 x 3! 


34 inch drop-weight test specimens. These irons were made from thre: 


base heats, each of which was split into five fractions to which all 
additions were made to produce the composition variables indicat 
Of the two phosphorus series, heat 29 was completely ferritic, whi 


heat 27, because of its low silicon content, contained spheroidized pear! 


ite. The series of heat 28 contained increasing amounts of sulphur an 


manganese with the balance between these two elements adjusted suc! 
that there was approximately 15% excess of manganese over that 
needed to combine with the sulphur. Fig. 3 shows the microstructures 
of the low and high phosphorus fractions of heat 29 and also the pear! 


itic structure of heat 27. 


The nil-ductility transition (NDT) temperatures of these irons ar 
listed in Table I and shown graphically in Fig. +. The specimens of thi 
sulphur series were tested after the decarburized surface was remove( 
by machining. The specimens of the ferritic 1ron, phosphorus series 


were tested in both the machined and unmachined conditions; Fig 
indicates that the NDT temperatures are raised approximately 2! 


y 
) 
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resence of the decarburized surface skin. This effect is com 
to that observed in tests of commercial malleable irons as will 
ribed later. The pearlitic malleable irons were tested only in the 


hined condition. 
ppears, Fig. 4, that sulphur with sufficient manganese present 


‘tt impair the notch ductility characteristics of malleable iron; 
ns in this heat, which also had very low phosphorus content, have 
temperatures below 150 °F. The deleterious etfect of phos 
son notch ductility 1s clearly indicated in Fig. 4. The irons from 
phosphorus series 27 and 29 were affected to the same degree by 

phorus content. The presence of spheroidal pearlite in series 27 
ted in NDT temperatures approximately 80°F above those of 
parable ferritized irons of series 29. Additivity of phosphorus and 
lite effects indicated by this study corroborates similar findings for 
ise of nodular iron (2). 
Section Size E ff ee [s 
order to determine if the notch ductility characteristics of malle 
irons were influenced by mass, NDT temperatures were deter 
ned for 34, 2, and 3-inch sections cast from the same ladle of metal. 
hese sections were made in widths of 3% inches and lengths of 14 
hes; after annealing, the 2 and 3-inch thick specimens were sawed 

x 34% x 14-inch specimens for drop-weight testing. Three differ 

ladle additions which are generally recommended to insure the de 
lopment of a completely white iron structure in the heavy sections 
were used. A 2200-pound heat of the base analyses shown in Table I] 
s split into four equal fractions with no addition being made to one 
iction and ladle additions made to the other three as follows: (1) 
005% bismuth as metallic bismuth plus 0.0015% boron as ferro-boron 


Table II 


S 
S% SI 
0.06 100 
0.06 + 1,300 
0.06 35,000 


1) O6 é 000 

0.06 121 $3,300 28,100 
0.06 116 500 28,100 
0.055 111 », 300 29,650 
0.055 21 47.900 30,000 
0.055 ) 46,100 9,900 
0.058 »,000 29.600 


0.058 ; $4,700 30,100 
0.058 ) 3,800 30,100 
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Fig. 4—Effect of S, P, and Pearlite on the NDT Temperatures of 


Malleable Irons. 
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Inoculated Heats (Table II ) 
64-2 0.001I5%B & 0.005% Bi 
64-3 0.00125 Te 
64-4 1.0% Steel 


2 
Section Thickness, inches 


5——-Relation of Casting Thickness and Ladle Inoculation to NDT Temperature 
of Malleable Irons. 


(12% boron), (2) 0.00125% tellurium as copper-tellurium (50% 
tellurium) and (3) 1% of steel (small pieces of mild steel). 

The nil-ductility transition temperatures of the untreated fraction 
were raised markedly as section size increased, Table II and Fig. 5. 
he transition temperatures of the inoculated materials were essentially 
independent of mass within the limits studied ; the three types of inocu- 
lation treatments were equally effective in preventing a section size 
effect on the notch ductility of the malleable irons. 

The marked size effects observed in the castings poured with un 
treated melts are the result of the increasing tendency for the formation 
of primary graphite with increasing section size, Fig. 6. All of the sec- 
tions poured with the three inoculated melts exhibited a nodular graph- 
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Fig. 6a—Microstructure of 34-Inch and Fig. 6b Microstructure of a 2-Inch Sect 
Poured with no Ladle Addition x100. 


ite structure typical of properly made malleable iron; Fig. 6 illustrates 
the structure developed in the inoculated 3-inch sections. 


Correlation of NDT with Charpy V Notch Data 
Charpy V notch transition curves, Fig. 7, were determined for the I> 
irons listed in Table I, using specimens machined from the broken drop 
weight bars. The maximum Charpy energy values for these irons d 
not exceed 17 ft-lb. However, as is characteristic of other ferrous ma 
terials, the toe region of the temperature range of transition from high 
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6c—Microstructure of a Typical Structure of a 3-Inch Section Poured with no 
lle Addition. Fig. 6d—-Typical Structure of 3-Inch Section Poured with Ladle 
Inoculation x100. 


to low values is related to the NDT temperature shown by the drop 
veight test. It may be noted, Fig. 7, that the NDT temperature of each 
aterial (indicated by points on the curves) corresponds with energy 
alues of 3 to 6 ft-lb in the Charpy V test. Thus, the NDT temperature 
ta malleable iron may be approximated by reference to its Charpy V 
nergy transition curve. Correlations of similar type have been devel 
ped for normalized steels (5), 12% Cr steels (6), nodular irons (2), 
3), (4), and various alloy steels. The correlation is always found at a 
milar position near the “toe” of the Charpy V transition curve. 
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Phosphorus Series 27 (Partially Spheroidized ) 
Carbon -2.13% 

Silicon -0.93% 

Mangonese - 0.22% 

Sulphur - 0.02% 

Phosphorus - As Indicated 


| : 


Phosphorus Series 29 (Ferritized) 
Carbon - 2.08% 

Silicon- 1.04% 

Manganese - 0.27% 

Sulphur -0.024% 

Phosphorus - As Indicated 





nergy, Ft-Lb 


- 
we 


Sulphur Series 28 (Ferritized) 0.103%S, 0.29%Mn 


Carbon- 2.08% 0.055%S, 0:21%Mn 
Silicon - 1.01% 0.024%S, 0.13% Mn 
Phosphorus -0.006% 0.150%S, 0.38%Mn 
Sulphur - As Indicated 


Mangonese - As Indicated 0.200%S, 0.51%Mn 


=<) 


, Ft-Lb 


cnergy 


~ 





40 -160 -80 0 80 I60 
Temperature °F 
Fig Charpy V Notch Transition Curves for Irons Listed in Table I. Points on 
curves indicate NDT temperatures established by the drop-weight test. 


The Charpy curves clearly reflect the detrimental effect of phos- 
phorus and pearlite on notch ductility shown by the drop-weight tests. 
It may be noted that the transition ranges of the irons are shifted to 
higher temperatures as phosphorus content is increased, and the family 
of curves of the pearlitic irons containing various phosphorus contents 
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Ferritic 
Malleable Irons 
C% Si% Mn%& P% 
L775 1.20 0.36 01S 
Ss 1.13 Gs @.01 





idl hi 4 = 
200 -I60 -120 -80 -40 0 40 80 20 160 200 
Temperature °F 


$—Explosion Test Series of Malleable Irons as Related to Charpy V—-Notch 
Energy Transition Curves. 
is at a higher temperature level than the corresponding ferritic series. 
Sulphur lowers the maximum energy level at the shelf of the Charpy 
transition curve, but has a negligible effect on the lower portion of the 
curve which is the critical index of the transition from notch-brittle to 
notch-ductile behavior under conditions of yield point loading. 


EXPLOSION TESTS 

The fracture characteristics of ferritic malleable irons containing 0.01 
and 0.13% phosphorus were investigated under conditions of explosion 
loading. The selection of these two limits of phosphorus content was 
based on the marked effect of this element on notch ductility as meas- 
ured by both the drop-weight and Charpy V tests. The appearance of 
the two series of castings after testing is shown in Fig. 8, along with 
their respective Charpy curves. The drop-weight test NDT tempera- 
tures for these two materials are indicated by the heavy points on the 
Charpy transition curves. It may be noted from this figure that there 
is a good correlation between the severity of cracking in the test plates 
and the relative position of the test temperature in the transition interval 
of the Charpy test. As the Charpy V energy curve rises with tempera- 
ture, crack propagation in the explosion test plates becomes more diffi- 
cult and essentially complete refusal to develop brittle fracture is 
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indicated at temperatures near the shelf of the Charpy curve. N 

difference in performance of the two materials tested at 0 
40 °F. As predicted by the Charpy data, the low phosphorus n 

remained intact while the high phosphorus material shattered. 


Comparison of Ferritized Nodular and Malleable Irons 


The microstructural characteristics of malleable iron are suffici 
similar to those of nodular iron, that these two materials, despit: 
different methods of processing, can be considered metallurgically 
one class. The only apparent microstructural difference between thes: 
materials may be in the appearance of the graphite. The graphite oj 
nodular iron has a smooth, rounded appearance, while malleable iro 
graphite often has an irregular surface appearance ; however, this dif 


ference has no evident effect upon the mechanical properties. Thy 


Charpy curves of the two materials are of the same general shape ar 
encompass essentially the same range of energy values; their tensil 
properties and notch ductility characteristics are modified to the ; 
degree by chemistry and matrix microstructural variables. This similar 
ity between the two materials extends even to their ductility characte: 
istics in the tensile test, both having percentage reduction of area values 
approximately equal to their percentage elongation values. 

It was found in previous studies of nodular irons that variations i1 
carbon content did not affect notch ductility. This suggests that th 
lower carbon content inherent to malleable irons should not be expected 
to cause differences in the notch ductility of the two materials. How 
ever, lowering the silicon content of nodular irons decreased tensil 
strength and improved notch ductility ; each 0.10% reduction in silicor 
content resulted in lowering the NDT temperature by 10 °F. Malleabk 
irons must be made with a silicon content which usually is 1.00% less 
than that of nodular irons ; thus, under like conditions of matrix micro 
structure and phosphorus content it would be expected that the NDT 
temperatures of malleable irons would be approximately 100 °F lower 
than those of nodular irons. That this is actually the case is indicated 
in Fig. 9 showing Charpy curves for malleable and nodular irons con 
taining increasing amounts of phosphorus. The temperatures at whic! 
the curves pass through the 3 to 6 ft-lb energy range, which have been 
demonstrated to correspond to the drop-weight test NDT temperature, 
are approximately 100 °F lower for the malleable irons than for nodular 
irons containing comparable amounts of phosphorus. 


TENSILE PROPERTIES 
The tensile properties of the various malleable irons are listed in 
Tables I and II. Tensile blanks were removed from the broken drop 
weight bars and hence the properties obtained are undoubtedly inferior 
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C% Si% Mn% 


——Malleable Iron 2.08% 1.04% 0.27% _--- 
—+-Nodular Iron 3.07 86 O14 ai 
3.32% “2.11% ~O0.34% ao o* 
=i 4 





~ 
> | 
320 -240 -160 -80 9 80 iGO 240 
Temperature °F 
j—Effect of Phosphorus on Charpy V—Notch Energy Transition Curves for 


Malleable and Nodular Irons. 


to those which would have been obtained from separately cast coupons. 
This is the usual occurrence in comparing tensile properties of castings 
ind test coupons. 

The known strengthening effect of increasing phosphorus contents 
is exhibited by series 27 and 29. The presence of partially spheroidized 
pearlite in the 27 series causes an increase in tensile strength and a 
lecrease of tensile elongation and reduction of area, but has little effect 
n the yield strength. The effect of increasing sulphur contents (series 
28) on tensile strength is minor, but the tensile ductility properties de 
teriorate slightly. The minor changes which occur in the sulphur series 
may be associated with increasing numbers of MnS particles distributed 
vithin the matrix. In general, the tensile strength properties of the mal 
leable irons are somewhat lower than those of nodular irons, as should 
be expected because of the lower silicon contents. 

\s would be expected from the presence of primary graphite, a 
marked deterioration in tensile strength and ductility resulted, Table I, 
as section size increased for the case of irons made without a ladle addi 
tion to the melt. The castings made with iron containing the tellurium 
additions were insensitive to section size effects in the tensile test; 
minor effects were noted for the case of the bismuth-boron and steel 
inoculation treatments. 

While low phosphorus is desirable for maximum notch ductility 
properties, Table I indicates that it might be difficult to meet present 
tensile specifications with irons having very low phosphorus contents. 
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Fig. 10—Typical Microstructures of Pearlite Malleable Irons x1000. Top—reheat 

treated BHN 197; NDT 60 °F; C, 2.32%; Mn, 0.34%; Si, 1.22%; S, 0.08%; P, 0.10 

Bottom—Arrested anneal BHN 172; NDT 120 °F; C, 2.16%; Mn, 0.79%; Si, 1.23% 
S, 0.08%, P, 0.13%. 


Investigation of Commercial Malleable Irons 


Asa further evaluation of the notch ductility characteristics of malle 
able irons, drop-weight test specimens of both ferritic and pearlitic 
grades were obtained from five commercial foundries. The ferritic ma 
terials were obtained in section thicknesses of 34 to 3 inches in order 
to permit evaluation of metallurgical effects due to mass. The pearlitic 
irons were either 34 or 1-inch sections and were made by three heat- 
treating methods: 1. reheat-treatment of ferritic irons, 2. air-quench 
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Table III 


Commercial Ferritic Malleable Irons 


Charpy 

NDT Ft-lb 
Si% r S% F at ND1 Remarks 
1.14 0.14 0.10 3 +0) 
es . 0.15 0.09 »2 30 
1.38 0.09 0.08 6 41) 
l. 0.17 0.07 . 40 
1.41 0.15 0.09 3 30 
l. 


0.13 0.08 20 


Primary Graphite 
Primary Graphite 


l. 0.11 0.11 33 30 5 Primary 
72 0.16 0.10 3 
l 0.15 0.09 
l. 0.15 0.08 
0. 0.13 0.07 


Graphite 
Primary Graphite 


l. 0.09 0.09 
5 0.12 0.08 
0.12 0.07 


arbides Present 
arbides Present 


0.06 0.09 
0.12 0.08 
0.12 0.07 


‘arbides Present 
arbides Present 


Table IV 


Commercial Pearlitic Malleable Irons 


Charpy 
NDT Ft-lb 
Heat Treatment BHN °F at NDT 
Reheat-Treat. ‘ 60 6.0 
Reheat-Treat 8: 70~=5.5 
Reheat-T reat. 7 10 
Reheat-T reat. y 30 
Reheat-T reat. 50 
Reheat-T reat. ' 40) 
Reheat-T reat. 90 
Reheat-Treat. / ov 


Mn% 
0.42 
0.44 
0.45 
0.41 
' 2 
0.20 


0.18 


oh week ae ee 


34 


0.40/0.44 
0.40/0.44 
0.40/0.44 
0.40/0.44 
0.40/0.44 
0.40/0.44 
0.40/0.44 
0.40/0.44 


Air Quench & Temper 20 
Air Quench & Temper 60 
Air Quench & Temper 23 180 
Air Quench & Tempe 3 180 
Air Quench & Tempe 25 200 
Air Quench & Tempe 2 210 
Air Quench & Temp 2 >210 
Air Quench & Tempe 5! 210 


DS DO DO bo bo Pe be Do 
mmm 
eh ee tt et 

ww www 
munuUnwno 


ne wn ww 


0.87 
0.83 
0.79 


0.89 


Alloy Arrested Anne: 160 
Alloy Arrested Anne: 160 
Alloy Arrested Anne: 2 120 
Alloy Arrested Anne: 3 120 


bowie 


pam ed fe pet 
bo bo bo bo 


and temper, and 3. alloy arrested anneal. The first two processes pro- 
luced microstructures approximating that shown in Fig. 10a while 
the arrested anneal process produced spheroidal structures of the type 
shown in Fig. 10b. 


(he transition temperatures were determined with specimens from 
which approximately 1/16 inch of metal was machined from the sur- 
faces on which the weld beads were placed in order to remove possible 
decarburized material and other surface imperfections. 

The compositions and properties determined from the commercial 
irons are shown in Tables III and IV. A few of the ferritic irons con- 
tained primary graphite and carbide structures, Fig. 11, which had a | 
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deleterious effect on notch ductility. With the exception of the 
the commercial ferritic malleable irons had NDT temperatures bet 


LWween 


60 and —10 °F; no mass effects were noted in fully ferritize« 


These transition temperatures are in good agreement with those o| 
tained for the previously described laboratory irons of comparable phos 
phorus content, Fig. 4. 

The NDT temperatures of the pearlitic irons, Table LV, vary , 
wide range ; however, when the irons are classified according t: y metho 
of heat treatment and hardness, the transition temperature range j 
each classification is relatively narrow. The reheat-treated and air 
quenched and tempered irons with Brinell hardnesses in the range oj 
160 to 190 have NDT temperatures between 10 and 70 °F. With hard 
nesses above this range there is a corresponding increase in NDT ten 
perature ; pearlitic irons with hardness values in excess of 240 Brine! 
are notch brittle to temperatures up to at least 200 °F. 

The four irons made by the alloy arrested anneal process had trans; 
tion temperatures between 120 and 160°F despite the fact that th 
were relatively soft (163 to 174 BHN). The NDT temperatures o/ 
these irons were higher than those of the previously described labora 
tory irons, heat 27, Table I, which had the same type of spheroidiz 
microstructures and a lower hardness (120 to 149 BHN ). 

The effect of the minor phosphorus variables of the commercial ma! 
leable irons is not always reflected in the NDT temperatures becaus 
there were usually simultaneous variations in microstructures whic! 
obscured the phosphorus effect. 

It may be noted from Tables III and LV that in several cases Char 
V notch energy values were determined at the NDT temperatures. |: 
all cases the Charpy values were between 3 and 6 ft-lb which 1s in agre: 
ment with similar data obtained for the synthetic malleable irons. 

Fig. 12 shows micrographs of the decarburized surface zones whic! 
were present in the commercial iron drop-weight test specimens anc 
also of the microstructures at the interiors of the same bars. The cd 
carburized surfaces are usually free of graphite nodules, and the struc 
tures vary from that of high silicon ferrite to that of eutectoid pearlit 
both of these structures have been shown (2,4) to raise the nil du 
tility temperature. In a number of cases where a sufficient number o/ 
specimens were available, drop-weight tests were conducted on spec! 
mens with and without a machined surface. A minor detrimental effect 
due to the decarburized rim was observed in that the transition tem 
peratures are generally raised 10 to 20 °F; this same effect was noted 
for the case of the laboratory irons. 


Vel 


Comparison with Other Materials 
It is of interest to compare the usual NDT temperatures for coi 
mercial malleable irons as established in this investigation with char 
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Surface and Fig. 12b Interior Microstructures of a Commercial Ferritic 
Malleable Iron x100. 
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ind MON te 


12c—Surface and Fig. 12d Interior Microstructures of a Commercial F 
Malleable Iron x100. 
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values established for other commercial materials. 


hese 
ns (Table V) show that properly made malleable irons are 
notch ductile and suitable for low temperature applications. 


rison with “tonnage” steels the ferritic malleable irons retain 
tility to lower temperatures while the pearlitic types may be 
ave comparable notch ductility properties. 


Table V 


Summary Comparison 


\TERIAL 


lleable Iron 


Ferritic 
Pearlitic (best grade) 


i Killed Mild Steel 
; to l-inch plate 


lly Killed Mild Steel 
As-Rolled 
Normalized 


t Steel, Class B 


Normalized 


\lloy Steel (Rolled or Cast) 
Quenched and Tempered 


ritic Nodular Iron 

Average Silicon (commercial acid « 

Low Silicon and Low Phosphorus 
(commercial basic cupula) 


Chromium Steel 


High Silicon (1.25%) 
Low Silicon (0.40%) 


SUMMARY AND CONCLUSIONS 


Urop-weight tests of malleable irons were conducted to establish 
he temperature at which there is complete loss of ductility in the pres 
e of a sharp, crack-like notch. The subject temperature 1s defined 
is the “nil ductility transition” (NDT) and signifies that below this 
mperature the material cannot be made to deform even slightly in 
he presence of a sharp notch without the development of brittle frac 
ture. The sharp, crack-like notch is developed by the use of a brittle 
eld (crack-starter) ordinarily used for hard surfacing. 

I-xplosion tests of plates with the crack-starter welds were also con 
iucted to establish the relative resistance to the starting and propaga 
tion of brittle fractures at temperatures above the NDT temperature. 
or a range of temperatures above the NDT, fractures may be started 

ly if “foreing’”’ (drastic deformation) is applied; with further tem- 
perature increases, the propagation of fracture becomes increasingly 
lificult such that only shear fracture becomes possible. This behavior 
has been observed for steels and nodular irons. The subject tests were 
| at determining if malleable irons behaved in a similar fashion. 
Charpy V transition curves were established for various irons and 


tT 


‘ated to the behavior of the irons in the drop-weight and explosion 


mes 
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tests. These studies were aimed at determining the significance 0; 
Charpy V test for the case of malleable irons and paralleled sini); 
relation studies made for other iron-base materials. 

The following conclusions may be made from this invest 


igati 

1. The NDT temperature of malleable irons increases proportio; 
ately with phosphorus content. With very low phosphorus contents (}, 
low 0.03% ) the NDT temperatures are below —150 °F while for }; 
phosphorus contents (0.20% ) the transition temperatures are in 4 
order of 0 °F. 

2. The presence of up to 0.20% sulphur, in the presence of suf 
cient manganese to effect a combination, has no effect on the Np 
temperature. Sulphur, however, lowers the energy level of the upp 
shelf of the Charpy curve which makes the iron less resistant to teari 
(shear ) type fractures. 

3. The notch ductility of ferritic malleable irons is insensitive 
section size if the composition of the iron and/or ladle treatment 0; 
the melt is such that primary graphitization is prevented. Well mad 
commercial ferritic irons have NDT temperatures in the order 
—50 °F in section sizes up to 3-inch thick bars. 

4. Pearlitic malleable irons of the reheat-treated and air-quenched 
and tempered type having Brinell hardness values in the range of 14 
to 190, develop NDT at temperatures between 10 and 70 °F. The note! 


ductility of pearlitic irons appears to be highly sensitive to the type 
heat treatment as indicated by limited tests of alloy arrested anneal 
irons. 


5. The above stated values are characteristic of specimens fro 
which the decarburized surface layers were removed. With the decar 
burized surface present the NDT temperatures are generally raise 
approximately 20 °F. 

6. There is good correlation between the NDT temperatures of 
malleable irons and the Charpy V notch energy transition curves. Th 
NDT occurs at the temperature where the Charpy V energy values ar 
3 to 6 ft-lb (lower toe region of the transition curve ). 

7. The explosion crack-starter tests show that brittle fractures 
may be forced to occur at temperatures above the NDT only if sever 
deformation is developed. At temperatures approximately 50 °F abov 
the NDT temperature, the propagation of brittle fracture becomes diff 
cult to the extent that complete fracture of the test plate is no longer 
obtained. 

8. The relatively low maximum energy values of malleable irons 
in Charpy V notch tests have no relationship to the development oi 
brittle fracture. These low values of energy for ductile failure in the 
Charpy test signify that the material may be ruptured in shear with 
relatively low energy absorption if excessively high overloads are de- 
veloped. 
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) The transition from easy initiation of fracture in the presence 

4 sharp notch (no deformation possible) to complete resistance to 

rittle fracture (shearing fracture only) occurs within the range of 

sition developed by the Charpy V test. Similar correlations have 
ven established for steels and nodular iron. 
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DISCUSSION 


Written Discussion: By James H. Lansing, technical and research director, 
Malleable Founders’ Society, Cleveland. 

Messrs. Sandoz, Howells, Bishop, and Pellini have brought forth some very 
interesting and useful information in their paper, “Notch Ductility of Malleable 
lrons.” A quantitative measure of the impact behavior of malleable irons includ 
ing the effect of notch, low temperature, section thickness and chemical composi 
tion has been well presented. 

Records have been presented,’ in the past, of the behavior of small malleable test 
wedges when subjected to repeated impact blows of 70 foot-pounds, a continued 
curling of the wedge, without fracture, being effected by some 20 plus blows. II- 
lustrations of good impact service of malleable bridge railings and posts in com- 
parison with non-shock-resistant materials formerly used, have also been presented 


\merican Malleable Iron, Handbook of Malleable Founders’ Society, 1944. 
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earlier.* Excellent low temperature behavior of a military malleable 
tested in impact has also been illustrated.‘ The present authors, hy 
made a contribution beyond those of earlier publications in prese! 
quantitative data of more direct use to designers. 

Earlier notch fatigue tests of malleable iron® establishing a notch 
of 33%, accounted substantially for the material's relative freedom f 
sive or fatigue fracture. The present authors’ work tends to confirm t] 
and to augment them with useful information on the notch impact 
malleable. 

Work by W. R. Bean and associates * reported in 1923 indicated 
effect of phosphorus in temperature-impact behavior of malleable espec 
ing galvanizing treatment and in relation to silicon content as well. | 
work to confirm our experience and that of others formed the basis 
mendation ‘ that phosphorus content be maintained at a relatively loy 
that it be adjusted in relation to silicon content, in malleable castins 
temperature service. The findings of the present authors have even mor: 
established the effect of various amounts of phosphorus. 

In the present paper, Fig. 9—“Effect of Phosphorus on Charpy 
Energy Transition Curves for Malleable and Nodular Irons,” present 
tive nil ductility transition temperatures of the two materials. As th 
point out, malleable irons possess the advantage of having approximatel 
lower NDT temperatures than nodular irons containing comparable at 
phosphorus. It is interesting to note the relative values in the normal 
phosphorus in malleable iron, 0.06 to 0.16%. At 0.06% phosphorus the N 
perature for nodular iron is — 10°F, that for standard malleable 14 
0.16% phosphorus content, the NDT temperature for nodular iron is 
that for standard malleable — 50°F. In each of these instances standa 
able has the advantage of possessing 130 °F lower nil ductility transitio: 
atures. 

The findings with regard to the effectiveness of various treatments t 
primary. graphite in heavy sections confirm practice in the malleabl 
Late steel additions have long been made to molten metal prior to tapping, f 
purpose. In more recent years the alloys used by the present investigat 
been employed effectively. 

The paper contributes to a better understanding of the properties of 
iron in two particular connections. First it points out that properly mad 
able irons are inherently notch ductile and suitable for low temperature ap; 
tions. This usefulness is further shown by a comparison with “tonnage” 
which “the ferritic malleable irons retain notch ductility to lower temper 
(than these steels), while the pearlitic malleable types may be made to 
comparable notch ductility properties.’ Secondly is demonstrated the ta 


“the relatively low maximum energy values of malleable irons in Charpy 


tests have no relationship to the development of brittle fracture. Thes 
Enrique Touceda and James H. Lansing, ‘“‘Developments in Malleable Iron P1 

Their Automotive Applications,’”’ World Automotive Engineering Congress, Societ 
motive Engineers, June 1939 

James H. Lansing, “Tolerances and Specifications of Malleable Castings,” 
Engineering, American Society of Mechanical Engineers, Vol. 75, Aug. 1953, p. 6 

5C, F. Lauenstein and W. M. Murray, American Malleable Iron, Handbook 
Founders’ Society, 1944. 

®W. R. Bean, “Deterioration of Malleable in the Hot-Dip Galvanizing Process, 
ictions, American Institute of Mining and Metallurgical Engineers, Vol. 69, 1923, p. 

‘James H. Lansing, Malleable Founders’ Society Technical Bulletins, private, 
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ergy for ductile failure in the Charpy test signify that the material 
tured in shear with relatively low energy absorption if excessivel) 
ids are developed 

sion, the authors again should be commended for their excellent 
ntribution of data on the behavior of standard and pearlitic malleabk 
rd of caution to readers of their paper is not to become confused by 
references to ferritic and pearlitic irons. In every case “ferritic iron” 
he writers to refer to “standard malleable iron” and “pearlitic iron” to 
irlitic malleable iron.” The distinction is one worth bearing in mind 
iders may be misled into thinking of pearlitic iron as referring to high 


a nonductile material, rather than to pearlitic malleable, a ductile 


Written Discussion: By Lyle R. Jenkins, metallurgist, Wagner Malleable Iron 
Decatur, Illinois. 

ithors are to be congratulated on their development of a paper which pre 
e factual information about the notch ductility behavior of malleable and 
nalleable irons. The malleable industry owes them a debt of gratitud 
ing and publishing this data. 
icro constituents shown which cause poor notch ductility should not be 
1 commercial castings. Gating, casting design, molten metal control. and 


‘ 


iting processes are engineered to eliminate the presence of these con 


phosphorus contents of the irons tested in this project appear to be 0.10 and 
Do you think the present-day duplexed malleable and pearlitic malleable 
ontaining 0.03-0.05% phosphorus, due to the low pig iron content of the 
harge, would show lower NDT temperatures ? This would be more repre 


tative of the greater tonnage of commercial production 


Authors’ Reply 


ering the phosphorus content of malleable iron by any means will improve 
stance to brittle failure. Fig. 6 in the paper shows that each 0.01% decrease 


sphorus lowers the NDT temperature approximately 6 °F 


NEW NODULAR IRON PROCESS 
$y Harry K. [HRIG 


Abstract 

After many attempts the graphite in cast irons now may 
be made in nodular form in the as-cast condition by the addi 
tion of some alkali or alkali earth metals. However, the ad 
dition to molten iron of these reactive elements is usua 
quite violent unless they are diluted. The diluting element; 
may be undesirable in the final casting. 

A new process for the production of nodular iron by th 
use of the halides of the above metals is described. The 
halides are reduced with calcium-silicon. Sodium, magne 
sium, lithium, barium, strontium, misch metal and rubidium 
chlorides and sodium bromide were used experimentally. A 
mixture of sodium and magnesium chlorides reduced with 
calcium silicon was found to be the best commercially. Th 
chemical analyses, mechanical properties and photomicro- 
graphs of nodular irons made by this process are given. 

It 1s concluded that the new method of using halides of 
nodulizing metals is a safe and efficient method of producing 
nodular iron castings. (ASM-SLA Classification: E25, Cl 


INTRODUCTION 


HERE HAVE been many attempts to modify the structure | 

the graphite in cast irons. The most widely used modification i 
malleable iron made by the long annealing of white irons. Since th 
starting material of malleable iron is white iron, heavy sections whic! 
cannot be chilled to form white iron all the way through cannot b 
malleabilized successfully. Hence, these heavy sectioned castings cai 
only be made with the properties of gray cast irons. 

Occasional samples of gray irons were found to have spherical grap! 
ite particles. Keil in 1930 (1)! found graphite nodules in some rapidly 
cooled cast irons. Krynitsky and Saeger in 1942 (2) reported the graph 
ite in one of their alloy irons to be spherical in shape. The mechanical 


properties were also higher than normal for these irons. Their phot 
micrographs show structures which are very much like the nodular iro 
structures of today. In 1934 Keil, Mitsche, Legat and Trenkler (3) re 
ported that nodular graphite was produced by treating molten cast iro1 
with magnesium. 

Morrough and Williams (4) in 1947 in a detailed study of graphit' 


1 The figures appearing in parentheses pertain to the references appended to this pape! 


A paper presented before the Thirty-eighth Annual Convention of the Society 
held in Cleveland, October 8 to 12, 1956. The author Harry K. Ihrig is associate 
with the Allis-Chalmers Manufacturing Company, Research Laboratories, M1 
waukee, Wisconsin. Manuscript received December 19, 1955. 
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in cast irons showed that graphite nodules were produced in 

S el-carbon and nickel-carbon iron alloys by adding calcium to the 
wever, calcium produced nodular graphite only in alloys con 

ining ver about 50% nickel. 

rhey realized the commercial value of nodular graphite in as-cast cast 

n. They first tried several alloys of alkaline earth metals in nickel 

rbon melts. Magnesium was found to be a factor in the production of 
herulites. Magnesium metal, a nickel-magnesium alloy containing 
magnesium and a 43% magnesium-copper alloy all gave nodular 
sructures. Somewhat similar results were obtained in cobalt-carbon 

In the same paper Morrough and Williams report the production of 
dular graphite structures in cast irons which are rapidly cooled with 
hypereutectic melts. They also cite the production of nodular graphite 


by other investigators. 

Morrough (5) admitted that in the work cited above “it was pre- 
sumed that calcium and magnesium could not be alloyed with iron-rich 

elts. Since then, however, it has been found that this was due to the 
methods of addition used, and subsequently nodular structures were 
roduced by appropriate additions of these elements.’ They chose 
erium as a nodularizing agent because of the above assumptions. 

In 1948 in a discussion of Morrough’s (6) paper announcing the 
roduction of nodular graphite in cast irons by the use of cerium, 
Wickenden (7) announced the use of nickel-magnesium alloys for the 
introduction of magnesium into cast irons. Patents have been issued to 
\illis, Gagnebin, and Pilling (8) for the nickel-magnesium process and 
to Morrough (9) for the cerium process. 

In less than 10 years after the original work, over five hundred papers 
ind patents are listed in Chemical Abstracts and the ASM Review of 
the Metal Literature on this subject. 

The magnesium process seems to be the one most used commercially 
today. The cerium process is more expensive because of the high cost of 
misch metal used as an additive. 

Magnesium is a very difficult metal to add to molten iron because of 

s high vapor pressure at the temperature of molten iron, and because 
it high temperatures it reacts with explosive violence with the oxygen 
of the air. So it is added in the form of dilute alloys such as those of 
nickel, copper, or other alloys. In addition to increasing the cost of the 
nodulizing agent, the diluting elements which stay in the final product 
are often undesirable. In some cases these elements tend to concentrate 
because they are not eliminated from the foundry scrap upon remelting. 
Magnesium tends to form hard spots in castings so it is necessary to 
anneal such nodular iron castings for best machinability. 

Therefore, a process for making nodular iron that would not be ex- 
pensive, would not be difficult or dangerous to practice, and which 


+? 
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would leave minimum to no residual magnesium and no oth 
in the final castings would seem to be desirable. Such a p, 
been successfully developed and is described in this paper. 


EXPERIMENTAL WorkK 
Instead of using the very active metals such as si dium or n 
as nodulizing agents, the halides of these metals with a reduci: 
are brought into contact with molten iron. In addition to th 
lithium, strontium, barium, rubidium. and cerium halides 
used during the experimental work to produce nodular graphit 


eS 


iron, as-cast. Calcium, potassium and barium have been us 
ducing agents. 

The least expensive reducing element is calcium and when 
the form of calcium silicide containing about 30% calcium it 
added to the molten iron without resulting in violence. The ch) 
the preferred halide to be used as a nodulizing agent. The nod 
element in the form of its halide often provides a heavy protectiv: 
above the melt to exclude air. When it is reduced to the metal the acti 
nodulizing element is formed in atomic fineness and hence is ab 
immediately in the molten bath. In contrast. solid magnesium 
does not disperse, but forms explosive vapor at such temperatures 
if the metal is very finely ground or powdered it still is man) , 
larger than the atoms of metal formed by the reduction of the halides 

No explosive reaction has been encountered even when a large la 
of iron is poured directly on a large quantity of the nodulizing and r 
ducing agents. Both electric furnace and cupola irons have been n 
successfully, Even all steel scrap charges may be used in a basic cup 

All of the halides of nodulizing metals have been used successfull 
experimentally but the chlorides are the cheapest and hence have be: 
used most commercially. Mixtures of sodium and magnesium chlorides 
with calcium silicide as the reducing agent were found to give the best 
commercial results. 

It has been reported that calcium alone as the metal or as calciun 
silicide will not produce nodular iron unless 50% or more of nickel | 
present (3). The function of the calcium in the calcium silicide us 
with the halides is primarily as a reducing agent which frees the nod 
larizing element. 

During the experimental work, chlorides of sodium, magnesiu 
lithium, strontium, barium, rubidium and cerium (misch metal) hav 
been reduced with calcium silicon to nodulize low sulphur irons. T! 
molten base iron was poured on a mixture of calcium silicon (30% cal 
cium) and the individual halides listed above. After the reaction had 
taken place the slag was skimmed off and the molten metal was pour 
into molds. The analyses of the base iron, the additions, and the mecha 
ical properties of these heats are given in Table I. Figs. 1 to 8 sh 
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Table I 


Chemical Analyses and Mechanical Properties of Some Experimental Nodular 


Iron Heats with Different Nodulizing Elements 


[ron Analyses 


Percent by Weight 


Furnace Additions 


P, % > 3% Mn, & 
0.045 0.023 0.10 
0.035 0.039 0.10 
0.025 0.029 0.11 
0.060 0.026 0.13 
0.055 0.034 0.15 
0.055 0.034 0.15 
O.oss 0.034 0.15 
iw 0.030 0.029 0.13 


Base 

Iron CaSi 
% oy / 
92.0 0.70 
88.4 0.69 
89.6 0.70 
79.5 0.62 
83.5 0.60 
90.0 0.6060 
95.3 0.76 
85.6 0.67 


Pouring 


lemp 

oR oC 

2675 1470 
2800 1540 
2700 1480 
2750 1510 
2860 1570 
2750 1510 
2780 1525 
2750 510 


Analyses of Nodular Irons 


Heat T.C. Mn P 


E N % ( ( 


69 0.10 0.035 
r, 3.15 0.13 0.030 
r R3 0 14 0.025 
; 79 0.15 0.025 
2.59 0.18 0.030 


19 3.04 0.15 0.035 
2.76 0.19 0.020 
8 3.18 0.14 0.070 


S 


0.008 
0.002 
0.013 
0.003 
0.007 


0.002 
0.024 
0.006 


Si Meg 
2.48 0.095 
4.83 0.001 
4.71 <0.001 
4.20 <0.001 
4.77 <0.001 


4.34 0.001 
3.09 <0.001 
3.94 <0.001 


Na Si 
‘ : 


<0.0005 
<0.0005 
<0.001 
<0.0005 
<0.001 0.00 


<0.001 


<U.UU0U05 


Mechanical Properties, As-Cast 


N Tensile Strength, 
psi 
80,500 
90,200 
95,600 
64,800 


51,000 


Yield Point, 
psi 


47,500 
85,000 


55,000 


49,500 


small to determine all mechanical properties 


Elongation, 
13 
3 


l 


Ladle A iit ns 


Halide, CaSie 
3.5 MeCle , 
+.5 NaCl 6.¢ 
22 Lees 6.36 
14.03 BaCle 61 


10.50 SrCle 


65 Misch Metal o.a 


Chlorides 
2.10 RbCI 


NaBr 6. 


Oo UOT 


srinell Hardne ss 


hotomicrographs of the heats after nodulizing. The sodium and mag- 
nesium chlorides give the best nodular structures. Mixtures of these 


1 1 ® 
alides are used commercially. 


COMMERCIAL HEATS 


ollowing the experimental work in the laboratory this process has 
been proven by several months of commercial operation in the foundry. 
l'ypical commercial heats melted in a 36-inch basic lined cupola were 


} 


harged with either straight pig iron, mixtures of pig iron and nodular 


iron scrap or even with straight steel scrap. Table II gives the charging 
letails, analyses and mechanical properties before and after nodulariz 
ing. Figs. 9 and 10 show the microstructures of typical commercial 


upola heats before and after nodulizing. 


4 


\pproximately 1400 tons of various castings, varying in size from 


tew pounds to over five tons have been cast so successfully that a 


)4-inch basic lined cupola with a melting rate of 10 tons per hour has 
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Magnesium Chloride, Heat No. 140. x100. Nital etch 

Sodium Chloride, Heat No. 156. x100. Nital etch. 
‘ig. 3—Lithium Chloride, Heat No. 161. x100. Nital etch. 
‘ig. 4—Barium Chloride, Heat No. 264. x100. Nital etch. 
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4 


Strontium Chloride, Heat No. 331. x100. Nital etch. 
Misch Metal Chlorides, Heat No. 349. x100. Nital etch 
Rubidium Chloride, Heat No x100. Nital etch 


8—Sodium Bromide, Heat No. 258. x100. Nital etch 
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Table II 
Nodular Iron Foundry Heats 
Produced in a 36 Inch Basic Cupola 


Cupola Charge Ht. No. 
1000 lb. Charges 1179-A 

Pig Iron (lbs.) 

Nodular Iron Scrap (lbs.) 

Steel (lbs.) 

Silicon Briquettes (2 lbs. of Si 

per briquette) lbs Si 

( oke (lbs ) 

Limestone (lbs.) 

Fluorspar (lbs.) 

Calcium Carbide (lbs.) 


Chemical Analysis 
(at the spout before nodulizing) 
Total Carbon 
Sulphur 
Manganese 
Phosphorus 
Silicon 


Mechanical Properties 
(at the spout before nodulizing) 
Tensile Strength 
Yield Point 
Elongation m 2 — 
BHN 121 
Nodulizing Additions (% of metal treated) 
0.4% NaCl; 0.8% MegCle; 1.8% 
Total of 3% 
FeSi (85% Si) added to Pouring 
Ladle 8 Ibs. per ton 
Chemical Analysis 
(after nodulizing) 
Total Carbon 3.34 
Sulphur 0.009 
Manganese 0.44 
Phosphorus 0.050 
Silicon 2.90 
Magnesium 0.023 


Mechanical Properties 
(after nodulizing) 
Tensile Strength 79,500 ; 84,400 
Yield Point 60,000 64,000 
Elongation in 2 inches 19.5 12.5 
BHN 187 197 


been put into service, thus doubling the previous capacity of the 36-inch 
cupola. 
DISCUSSION 


Besides having the characteristic high strengths of nodular irons it 
was found that the ductility of the irons as-cast in this process is con 
sistently high. They seldom show less than 10% elongation in 2 inches 
The machinability is also very good as-cast. In fact, all of the castings 
made commercially are machined as-cast without difficulty. This is in 
contrast to nodular iron castings made with metallic magnesium or its 
alloys which require annealing to develop similar machinability. 

The residual magnesium content in the heats where magnesium 
chloride is used is low. In every case it is below 0.03% and complet 


/ 


nodulizing has been obtained with as little as 0.015%. 
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ee @, °° 
> oY. > 

Heat No. 1179-A. Basic Cupola Heat with Pig Iron, Return Scrap and Steel 

odulized with Mixture of Sodium and Magnesium Chlorides and Calcium 


Fig. a shows structure of sample taken at cupola spout. Fig. b shows structur 
after nodulizing. x100. Nital etch 


10—Heat No. 1179-D. Basic Cupola Heat with 100% Steel Scrap. Nodulized with 
ixture of sodium and magnesium chlorides and calcium silicide. Fig. a shows structure 
' sample taken at cupola spout. Fig. b shows structure after nodulizing. x100. Nital etch 
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In this process no alloying elements are introduced into the 
less desired and hence return scrap may be used in any amount yy 
100%. The nodulizing ingredients used are either common 
materials or cheap, non-strategic ones. Any gray iron foundry 
basic lined cupolas or with other methods for producing low sul; 
iron may be used for nodular iron production with this process and ; 


annealing furnaces are necessary. The reactions are nonviolent 


SUMMARY AND CONCLUSIONS 


\ new process has been described for making nodular iron, 7) 
process uses the halides of nodulizing elements in combination wi 
reducing agents such as calcium. 

experiments on the use of sodium, magnesium, lithium, bari 
strontium, cerium and rubidium chlorides are described. 

Commercial cupola heats using mixtures of sodium and magnesin 
chlorides with calcium silicide as a reducing agent are given in deta 
with analyses and physical properties of the iron before and afte; 
nodulizing. 


[t is believed that this commercial process is a safer and better proc 


to produce easily machinable and ductile nodular iron without annea 
ing and without introducing other elements with the nodulizing eleme: 
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THE DEFORMATION AND RUPTURE OF GRAY 
CAST IRON 


sy W. R. Croucu ANbD M. E. SHANK 


Abstract 

Some of the mechanical properties of gray cast iron have 
heen investigated by means of thin walled combined stress 
specimens, immersion type density measurements, and 
microscopic methods. Little or no elastic behavior was noted. 
There is a density decrease during plastic deformation. This 
density change 1s a smooth function of applied stress, and 
is greater for biaxial tensile stressing than for uniaxial 
stressing. It appears to be due to the opening up and sepa 
ration of the graphite from the matrix material. The plastic 
lateral contraction ratio increases with increasing tensile 
stress, but is considerably less than the classical value of one 
half. Fracture occurs in a direction normal to the greatest 
tensile stress, and may contain a few patches of brittle cleav 
age fracture; however, most of the fractured surface is 
through graphite or of a ductile nature. Ductile fracture 
occurs tn local regions of high strain, and can result in an 
extensive internal crack network. It is shown that certain 
fracture criteria recently suggested by other investigators 
for gray tron cannot ade quately e xplain the mechanism o| 
fracture or the fracture envelope determined by combined 
stress tests. Such explanation is dependent upon solution of 
the problem of randomly distributed “saucer” like particles 
in a plastic medium, as well as certain assumptions concern 
ing fracture of the ductile matrix. (ASM-SLA Classifica 
tion: O24, O26, CI) 


INTRODUCTION 
INCE gray cast iron is one of the older economically important en- 
S gineering materials, it is not surprising that a wealth of information 
(lealing with the mechanical and physical properties is to be found in the 
technical literature. An idea of the extent of this literature can be 
gained by reference to some of the extensive review articles, such as 
hat prepared by Battelle for the Gray Iron Founder's Society in 1939 


Chis - is based on a thesis by W. R. Clough, submitted in partial fulfillment of the 


nts of the degree of Doctor of Science, to the Massachusetts Institute of Technology 


A paper presented before the Thirty-eighth Annual Convention of the Society, 
eld in Cleveland, October 8 to 12, 1956. Of the authors, W. R. Clough is researc h 
engineer, Metals Research Laboratories, The Electro Metallurgical Company, 
Niagara Falls, New York and M. E. Shank is associate professor of Mechanical 
Et gineering, The Massachusetts Institute of Technology, Cambridge, Mass. 
Manuscript received April 2, 1956. 
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(1).4 Some of the results and conclusions of other workers \ 
of interest to this paper will be briefly reviewed. 
All classes of gray iron are characterized by small ductility in 


A proportional limit does not exist, stress is not proportional to st 
and hence the modulus of elasticity is usually taken as the 
modulus at the origin of the stress-strain curve or by the tangent 


Tall 


Th aryt 
LLiVe] 
~ 


strain one-fourth as great as the tensile fracture strain. The c 
sive strength is usually 2% to 4 times the tensile strength, a proper 
utilized in design. It appears to be universally accepted that besid 
breaking up the continuity of the matrix, the graphite causes an interna 
notching effect which introduces severe stress concentrations at th 
periphery of the thin flakes. Coffin (2) and Fisher (3) have both co: 
sidered a stress concentration factor of approximately three as bein 
applicable for a properly oriented graphite flake in a tensile stress fie| 
Flinn and Ely (4) have stated that the flakes would have the sany 
effect on tensile properties as voids, and that the modulus of the matriy 
between the graphite should be the same as for steel. According { 
MacKenzie (5) in compression, the graphite would act as voids filled 
with an incompressible fluid. 

litaka and Yamagishi (6) have defined four distinct categories oj 
fracture for cast iron, one of which is characterized by fracture cross 
ing the metal grains and running along the dendritic boundaries. T| 

; 


microscopic examination of many gray cast iron fractures resulted | 
their placing of the fracture characteristics of the present material i 
this category. 

The first combined stress tests on gray iron were probably those 
Cook and Robertson (7) who subjected thick walled tubes to the coi 
bined effect of internal pressure and axial compression, They investi 
gated only stress ratios between circumferential tension and pure shear 
Ros and Eichinger (8) later obtained data for thin-walled tubes su! 
jected to internal pressure and axial tension, and this was followed | 
the similar work of Siebel and Maier (9). In general the results hav 
been interpreted as conforming to the maximum normal stress theor) 
for fracture. The fracture characteristics of gray iron are often men 
tioned in theoretical articles dealing with brittle fracture and strengt! 
of solids (10,11). 


RECENT DEVELOPMENTS 


Grassi and Cornet (12) were the first to obtain a smooth fractur 
envelope for gray iron biaxially tested throughout the tension-tension 
and tension-compression regions. No strains were measured in these 
tests. Their fracture data have been interpreted by Fisher (3), and the 
interpretation is based on the premise that plastic flow in ductile metals 
begins when the elastic strain energy of distortion, a quantity propor- 


i The figures appearing in parentheses pertain to the references appended to this pape! 
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Photomicrograph of Gray Cast Iron, x50 


| to the octahedral shear stress, reaches a critical value. This occurs 


1% | (0)? +(e gs)" + (o3— 01)? 


Equation 1 


| this equation 0; og and o3 are principal stresses. The quantity o* is 


yield point in simple tension. It is denoted by a star because the 
right hand side of Equation 1 is known as “effective stress.” 


: 7 
is{ i 


In the 
combined stress of ductile materials it is usually an invariant. 


In applying this to cast iron Fisher assumed that the material frac 
ired as soon as flow occurs. He further assumed that compressive 
resses were transmitted unaltered across graphite flakes, while tensile 
stresses would be concentrated by the flake acting as a notch. For 
iaxial tension, there would be a point at the periphery of a properly 
iented graphite flake where the radial and tangential stress would 
th be zero, and the largest tensile stress would be concentrated by a 
factor K, so that Equation 1 would reduce to: 


o* = xe) Equation 2 


in the tension-tension region Equation 1 becomes similar to 
aximum normal stress and maximum shear stress theories. For 
ron subjected to a tensile stress o;, and a compressive stress 
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the intermediate stress o being zero, Equation 1 would 
o** = ( Ko1)* + (xoies) + (03)? Eq 


In the compression compression region, since compressive st} 
assumed to be transmitted unaltered. the ordinary distortio: 
theory was applied. 

A yield curve calculated by Fisher (3) by using quations 2 
with a yield stress of 90,000 psi and a stress concentration 


lk 3.2 shows reasonably good agreement with the experiment 


determined fracture stresses of ( irassi and Cornet. The caleulat: dey 
Is conservative in the tension-compression region. See Fig. 19 

Experimental biaxial fracture stresses were obtained and a fracty 
theory was also developed by Coffin, Jr. (2). The technique used w, 
quite the same as that used by Grassi and Cornet, except that strai: 
were measured for several] specimens. The explanation of experiment 
observations offered by Coffin also used Equation 1 as the basic premis, 
However, Coffin assumed that there was a residual tensile stress Co Si 
up in the matrix at the tip of the graphite flakes. This residual tens) 
stress was taken as due to the difference of coefficients of thermal ¢ 
pansion between graphite and iron. A “notch effective stress” o,,* was 
defined by considering both this residual stress and a stress concentra 
tion factor. For biaxial tension this notch effective stress was. | 
analogy to Fisher’s conclusion : 

on* = xo, +4, Equatior 
while in the tension-compression region: 
On* = V/ (noi + 0.)* — (xo + o) (a2) + (e2)? Equation 5 

The stress concentration factor K was taken as 3, while the residua 
stress oy Was evaluated at 30,000 psi. The fracture envelope obtain 
by these means is in reas mably good agreement with Coffin’s expel 
mental data. See Fig. 20. 

Coffin further plotted “notch effective stress” against “plastic eff 
tive strain,” defined by 

e*? = V/2/3V/ (e1" e2”)* + (€2” — 5”)? + (¢€3” — €,")* 

Equation 6 
where ¢?;, es, and es are experimentally determined plastic principa 
strains. He found that a single curve represented the results of all tests 
in which strains were measured. This curve had a vertical scatter | 
perhaps 10%. The procedure is quite analogous to plotting octahedral 
shear stress against octahedral strain for biaxial tests, as has been don 
by numerous investigators for ductile materials | 13,14). 


I’ XPERIMENTAL PROGRAM 


The first phase of the present experimental program consisted 0! 
testing tubular specimens of gray iron in a manner similar to that em 
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Coffin and by Grassi and Cornet. Strains were measured on 
rity of the specimens, but in addition particular attention was 
nicroscopic deformation. The iron used had somewhat different 


properties as compared to those of other investigators. Cast 


re in the form of Y-blocks all from one heat. All samples were 
the leg of the Y which was slightly larger than 2 inches square 


hes long. The chemical composition and properties are given 


Table I 


otal 
Silicor 
Manganese 
Sulphur 
Phosphorus 


s BHN 210 

strength 42,000 psi 

f graphite (by lineal analysis) 9.0 

ucture \lmost entirely pearlitic matrix, except for small patches « 


ir graphite flakes. See Fig. 1 


It will be noted that the tensile strength was 50% greater than that 
f the iron used by Grassi and Cornet, and 30% higher than Coffin’s. 

ne of the iron was heat treated to give an entirely ferritic matrix by 

for four hours at 1700 °F., furnace cooling and holding for 
12 hours at 1300 °F., and then furnace cooling to room temperature. 
his iron was used for microscopic examination of the effect of stress. 

[he sequence of steps in the machining of tubular specimens began 
with boring and rough honing of the Y-block blanks. The block was 
then mounted on a boring bar and all turning operations were com 
leted in a lathe. The tubes were surface ground lengthwise with a 
t-inch diameter grinding wheel while being rotated on the boring bar ; 
as a final operation the external surface was polished with crocus cloth. 
l‘inally the bore surface was finished honed. What was desired was a 
imitorm I.D. of 1.375 inches, and a wall thickness of 0.050 inch, but 
each specimen was carefully measured before testing. At each end the 
tubes flared to 2-inch threads. 

"he specimens threaded into grips which were designed to perform 
two functions ; to transmit an axial push or pull to the specimen; and, 
to introduce an oil pressure to the interior of the hollow tubes. Internal 
pressure was supplied by an Amsler pendulum dynamometer. A coun- 
terweighted pendulum balanced the oil pressure and the angular posi- 
tion of this pendulum was transmitted to a measuring dial which 
indicated pressure in pounds per square inch. Any range of pressure 
up to 17,000 psi maximum could be had merely by adjusting the length 

| and weights on the pendulum arm. Castor oil was used as the pres 
sure medium. A Baldwin-Southwark hydraulic universal testing ma- 
chine with 60,000-pound capacity, and having three load ranges, was 


used to supply axial tension or compression. 
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Strains were measured by means of type A-8 wire resista, 
sages cemented to the outer surface of the tube. Two diametr; 
posing axial gages were connected in series, as were two opp 
gential gages, A portable strain indicator was used, togeth 
selector switch unit, for shifting to either of the two sets of oa 
the tube. Every effort was made to insure a static test. All ti 
creep were allowed to disappear before readings were taken 
to 4 hours were allowed for tension-tension tests. up to eight | 
tension-compression tests. 

Any state of two dimensional combined stress (except compr 
compression ) could be reached with the apparatus described aly 
radial stress, equal to the oil pressure at the inner surface and 
the outer surface of the specimen, was small compared to the tar 
stress and could be neglected. By proper operation of both t] 
and testing machine a preselected ratio of longitudinal to hoop « 
could be preserved constant thre ughout the test. This method of ¢. 
has been termed “radial loading” by some investigators (15,16 

Plots of the measured external axial and tangential strains \; 
the maximum principal stress are given by Figs. 2 through 8. A resy 
of pertinent data for individual specimens is given by Table I. |; 
be noted on this table that buckling was not a factor affecting 


{ 


1 Ctr 
ALALL 


Ay 


tubular specimen was discarded. and one identical to a standard ().50; 
inch tensile specimen, but with a l-inch gage length, was stressed \ 

threaded into tapped holes in two flat plates. Radial buckling, whi 
results in a radial bulge at either or both ends of the tubular test p 
tested in compression would have the etfect of setting up an additi 


except in the case of pure compression tests. For compression 


lf 


Table II 
Biaxial Test Data for Pearlitic Gray Iron 

Specimen Stress Fracture Stress Strain Data Fracture M 
Number Ratio psi psi 
G 20 x 41,000 Complete Circumfers 
(; 19 20 42,000 None Circumferent 
G l 1/1 41,600 Complete Oblique 
G 8 3/4 32,500 Complet« Longitudir 
G 3 1/2 21,250 Complet: Longitudi: 
G 9 1/4 10,600 Complet« Longitudit 
G 4 ( 0 ae Complet« Longitudi: 
G li l 10,550 Complete Longitudi: 
G § ] 20,700 Complete Longitudi: 
G 3/¢ 31,200 41,600 Complet« Longitudir 
G ) 40,050 40,050 None Longitudi1 
G 15 : - 49.700 39,800 None Longitudi1 
G ; 3/ — 59,600 39,800 Complete Longitudi: 
G / — 70,700 35,350 Complete Longitudi: 
G 5 - 82.400 33,000 None Longitudir 
G 3 - 90,600 30,200 None Longitudi: 
G 13 101,000 25,250 None Longitudi 
G 13 ) 111,500 18,600 None Longitudir 
G : 139,800 0) Complete Buckling 
G 18 oC 134,650 0 None Buckling 
} 0 149,250 0 None 45° Shear 

150,500 0 None 45° Shear 
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or tangential stress concentrated at the bulges. This type of frac 
ture is particularly noticeable in the tension-compression specimens ot 
rassi and Cornet (12) and in compression and biaxial compression 


pecimens of Coffin (2). 


DEFORMATION 
(he various stress-strain curves shown by Figs. 2 through 8, when 
mined at large scale have very little, if any, initial linearity. This 
icates that some plastic deformation or permanent set must take 
lace at an early stage of loading. This observation is substantiated by 
roscopic studies ; the ferritic iron shown in Fig. 9 has experienced 
nsiderable slip at a load of only 3000 psi in tension while the tensile 
ture stress for this iron is 32,000 psi. Since considerable plastic 
rmation occurs at such small stress values, it would hardly appear 
able to use a yield criteria to explain a fracture envelope. 
comparison of the axial strain curve (denoted by subscript Z) 
the tensile test (Fig. 2) and the axial strain curve for the equi 
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Tangential Stress, |OOO psi 


2000 4000 6000 
Tangential Strain, microinches per inch 


Tangential Stress Versus External Tangential Strain for ( 
Stress Tests. 


Tangential Stress, |O00 psi 


0 
-2000 2000 4000 
Axial Strain, microinches per inch 


Fig. 4—Tangential Stress Versus External Axial Strain for Combined 
Tests. 


biaxial tension test (Fig. 4), and of all five of the tangential 
curves (denoted by subscript t) of Fig. 3, indicates that these 
stress-strain curves are practically identical. This implies that the 
mum normal strain is determined only by the maximum tensile 
and is relatively independent of the other biaxial tensile stress. lo 
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langential Stress Versus External Axial Strain for Combined Stres 
Tests. 


2000 4000 6000 8000 
Tangential Strain, microinches per inch 


Fig. 6—Tangential Stress Versus External Tangential Strain for Combined 
Stress Tests 


such to be true there must be very little effect of lateral contraction 


in the plastic range. That such an effect is appreciable when one of the 


stresses is compressive is shown by the dissimilarity of curves in Figs. 5 
through 8. 


(he Poisson's ratio of most elastic engineering materials lies some- 
vhere between 1/4 and 1/3. The “plastic Poisson’s ratio” or ratio of 
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Fig. 8—Axial Stress Versus External Tangential Strain for Combined 
Tests. 


lateral contraction in the plastic range is generally given a value of on 
half, a necessary prerequisite for constancy of volume. For steel, Gle} 
zal (17) has shown that this quantity increases from a value of 0.3. 
shortly after initial yielding to a value of 0.48 after very little plast: 
strain, and thereafter asymptotically approaches a value of one hal 
The pearlitic gray iren used in the test program exhibited a Poisson 
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tio of 0.22 on initial tensile load application, and the “plastic Poisson's 
” had a value of only 0.28 at tensile fracture. aie the latter value 
s considerably less than the classical figure of one half, it should be 
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11—Separation of Graphite in Ferritic Gray kl Surface polished 
etched before straining. Tension direction vertical. x750. Nital etch 
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Gray Iron. Sectioned and polished after tensile deformation. Tens 
direction vertical. 
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d that appreciable volume changes would be shown by this 


Strain data from the tensile test can be used to calculate a density 
In the tensile test the radial and tangential strains should 

nd a measure of volume change can be obtained by subtracting 
stic radial and tangential strains from the plastic axial strain 
Such a plot is shown in Fig. 10. The density decrease so calculated is a 
th function of tensile stress, and at fracture, the density decrease 
ut 0.09%, This value has been substantiated by an immersion 
pe density determination method described elsewhere (20). Samples 
taken from the gage section and from the supposedly unstressed ends 
fractured equi-biaxial test specimen Gl indicated a density decreas 

f 0.34%, more than three times that of the tensile specimen, 

(he density decrease for nodular cast iron has been explained by 
he authors (18) as a consequence of the creation of voids between the 
vraphite and the matrix. Equivalent behavior has been noted for gray 

as shown by Figs. 11 and 12. The photomicrograph of Fig. 11 

; made from a specimen surface polished before deformation. the 

r from a test piece sectioned and polished after deformation. The 
uble determination ensures that the former is not a surface effect. 
nd that the latter is not due to polishing. 

Since gray iron generally fractures at a tensile m: acroscopic strain 

less than 1%, it is quite surprising to observe the amount by which 
the graphite flakes may open up. These photomicrographs indicate a 
strain of approximately one across the flake region. It may be reasoned 
that much of the macroscopically observed deformation of gray iron 
occurs in very localized regions, and that a large percentage of the 

atrix is little deformed. If much of the deformation does occur by the 
opening up of flakes, and by the heavy deformation of the matrix at flake 
tip, and if the only flakes that do so open are those oriented in planes 
approximately perpendicular to the tensile axis, then it should be ex 
pected that the plastic lateral contraction would be small. Such a model 
also helps explain the much larger density decrease observed in biaxial 
tensile specimens, since in this case, flakes oriented in more than one 
plane get a chance to open up and, consequently, more voids are created. 

The fact that there is a density decrease with stress for gray iron 
makes it difficult to evaluate the radial strain for the combined stress 
specimens. The usual procedure is to assume the sum of the strains 
equal to zero, and calculate the third strain from the known values of 
axial and tangential strain, a procedure that cannot be carried out with 

‘ay iron. Thus, it is somewhat meaningless to present graphs of shear 
stress versus shear strain, or octahedral shear stress versus octahedral 
shear strain, as is often done with test results of this type. However, 
In the case of gray iron where considerable voids may be created, the 
definitions of stress and strain lose much of their significance. Ob 
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viously, there can be no stress transmitted across an opened 

and strain cannot be uniform as in a homogeneous material, | 

vary greatly from point to point in a matrix. In many resp: 

deformation of gray iron is analogous to that of a 3-dimensiona! scree, 
-there is little lateral contraction, and the material after tensile ¢, 

formation contains many voids. 
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Fig. 13—Fractured Combined Stress Specimens of Pearlitic Gray Cast Iron. Tensi 
tension tests. 


FRACTURE 

lt appears that gray iron fractures in a direction perpendicular to 
the greatest tensile stress. It matters little whether the other stress is 
tensile or compressive, as shown by Figs. 13 and 14. The fracture shape 
is more complicated for the equi-biaxial tension test, since two equal 
tensile stress systems are operative. In this case, as shown in Fig. 13, 
Specimen G1, the fracture consists of a longitudinal crack and two other 
cracks at approximately 45 degrees to the longitudinal. This effect is 
shown to a lesser extent by specimen G8 where 4o, = 30; Fracture 
of specimen G4 was by a longitudinal crack, but part of the gage section 
was broken away for microscopic observation before the photograph 
was made. 

It has been noted that gray iron is often given as an example of a 
brittle material, since fracture occurs after very little macroscopic de- 
formation. It will be shown that gray iron can experience a brittle 
cleavage fracture after tensile stressing, but that the major portion ol 
a fractured surface is not necessarily of this variety. The fractographic 
technique was used for observation of fracture modes. This consists 
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14—-Fractured Combined Stress Specimens of Pearlitic Gray Cast Lron 


l¢ nso. 
compression tests 


erely of microscopic examination of the unetched fractured surface. A 
typical tractograph, from biaxial specimen G4, is shown by Fig. 15. 
| e . . . . . . 
he cleavage facet is similar to those observed in notch-brittle iron 


ow carbon steel. The edge of a graphite flake diagonally crosses 
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Ferritic Gray Iron Surface Polished Before Tensile Stressing to 12,00( 
psi. x750. Nital etch. 
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Fig. 17—Ferritic Gray Iron, Sectioned After Tensile Stressing to 28,000 ps 
x75. Nital etch. 


the photomicrograph, and the facet is, no doubt, in the ferrite which 
was shown to surround the flakes. The fractured surface showed onl} 
a small amount of such cleavage patches; the bulk of the surface ap- 
peared to be covered either with ductile fracture which naturally did 
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t show cleavage facets, or with graphite flakes. Examination of frac 
rfaces of gray iron of much lower tensile strength, 
showed a complete absence of cleavage patches. 

tches of cleavage fracture could be brought about in 


as class 
However, 
this lower 
metal by tensile tests or by notched bar impact tests at very 
w temperatures. 
One way in which ductile fracture is originated is clearly shown 
Figs. 16 and 17. Fig. 11 indicated how the matrix opens up and 
rates from the graphite flakes. In Fig. 16 it is shown how this 
separation can be carried to an extreme and how highly deformed re 
ojons can exist 1n the matrix between flakes properly oriented to the 
stress. When the specimen from which Fig. 16 was taken was restressed 
value of 20,000 psi in tension, the heavily slip] 


ed region between 
e two flakes separated, as did the 1 


region at the lower right corner. 
[he surface was so rumpled as to prevent the making of 
hotomicrograph at high magnification. However. Mig. 17, prepared 
rom the same sample, indicates the extent to which the flakes opened 
p and the amount by which the heavily slipped regions separated. The 
resulting cracks have become interconnected and the over-all structure 
is very spongy or porous. Much of the fracture seems to have occurred 
long previously formed slip lines. While the gross crack of Fig, 17 
ppears to be the result of brittleness, this is because the final continu 
us crack comes about by the interconnection of voids surrounding the 
graphite flakes. It is not surprising that seepage is 


a Satisfact« Ty) 


found to occur in 
gray iron castings subjected to high liquid pressures. As noted, some 
[ the fracture may be of the brittle cleavage type. Both types are a 
rect contradiction of the interdendritic mode proposed by litaka (6). 

The fracture envelope obtained from the biaxial test program is given 

Mig. 18. A smooth curve may be drawn through the ex] 
points, and this curve has the general shape of that found by 
estigators. The ratio of fracture stress in pure com] 


erimental 
other in 
ression to fracture 
stress In pure tension is approximately 3.5. This ratio for data of both 
Grassi and Cornet and of Coffin is 3.2. See Figs. 19 and 20. In ig. 18, 
is further noted that the experimental envelope 


forms a straight 
line bet 


ween the point of fracture under equal tension-tension stresses 
o,) and the point of fracture under numerically equal tension 
compression stresses (o, = — o,). The remainder of the envelope in the 

nsion-compression region forms a curve which is tangent, or nearly 
0, to this straight line at o; - 


UT. 


—o,. The foregoing seems also to be true 

' the data of Grassi and Cornet. Coffin’s data displays a great deal of 

. scatter, but it seems probable that were the scatter less. these data would 
ikewise conform. 

’ In this paper it has been shown that gray iron may fracture in a 

® locally ductile manner, and that large local deformations can precede 

local separation or fracture. Nevertheless, the qualitative similarity 
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Axial Stress, 1000 psi 


0 
O 20 40 60 Tangential Stress, 


Tangential Stress, 1000 psi 
1000 psi : , 
Fig. 19——-Fracture Data of Grassi 
Fig. 18—-Fracture Envelope & Cornet, Showing  Fractur: 


for Pearlitic Gray Cast Iron Theory of Fisher for Gray Cast 
rested. Iron. 


of the fracture envelope for gray iron ( Fig. 18) and for a brittle Griffit 
material (21), as plotted by Orowan (10), is striking. In a britt! 
Griffith material the ratio of compressive fracture stress to tensile fra 
ture stress is theoretically 8.0, and the envelope forms a straight li 
from the point where o, = o; to the point where o, = —3«;. Moreov 
the remainder of the envelope in the tension compression region 
parabolic and exactly tangent to the point where o, = —3; (10 
Many brittle materials fail in simple compression with a fractur 
surface at about 45 degrees to the stress axis (60 degrees is predict: 
for the Griffith material), and it is usually considered that shear 1s 1 
volved. Actually, in an elastic brittle material containing Griffith cracks 
it can be shown that even fracture under compressive loading takes 
place under the influence of tensile stresses set up at the cracks. It 1s 
probable in the case of gray iron in the tensile-compression biaxia 
region, that tensile stresses may be set up at properly oriented graphit 
flake peripheries by the action of bulk compressive stresses, and tha 


these microscopic tensile stresses cooperate with the applied biaxi 
tensile stress to promote fracture. In this case, fracture still occurs 
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in a direction normal to the applied tensile stress, as shown by Fig. 14, 
ut not such a large value of applied tensile stress would be required 
r fracture, as is shown by that part of the fracture envelope for which 

r, IS compressive, and o; tensile. Finally, in the case of pure uniaxial 
ompression, a very large value of applied compressive stress is re 
wired to set up sufficient microscopic tensile stresses at the flakes to 
ause fracture. For the pearlitic gray iron used, the applied fracture 
ompressive stress is approximately 3.5 times the tensile fracture stress. 

Indication that highly localized tensile stresses may be set up by 
ipplied compressive stresses is given by the fact that a significant den 
ity decrease has been noted for compressed samples. This information 
is not obtained from stress-strain data, since Figs. 7 and 8 indicate 

lastic lateral contraction ratio of very nearly one half, and hence 
nstant volume. However, wire resistance strain gages are limited in 
range to a few per cent strain, while the immersion type of density 
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determination may be used after much larger strains. A sa 
pearlitic gray iron with an unstressed density of 7.3393 gm/c1 
subjected to an applied compressive stress of 130,000 psi which ga 
a logarithmic strain of —0.085. After this deformation, the density y 
7.3089, representing a density decrease of 0.41%. This density dec 

is much greater than that found for iron given equivalent strains (19 
and could be due to localized tensile stresses being set up. This wou! 
have the effect of slightly opening suitably oriented flakes. 


: ' 
CONCLUSIONS 


lor gray cast iron, it is seen that the shape and distribution of 
graphite flakes are such as to destroy the continuity of the steel matriy 
An internal notching effect, resulting in high orders of stress conce 
tration, is present. Plastic deformation, or permanent set, is achieved a) 


very low stress levels, as evidenced by slip seen in photomicrographs 


and by the shape of the stress-strain curve. The results of the combined 
stress tests indicate that at no stress ratio is stress proportional t 
strain ; that is, the material is not elastic in the generally accepted sens 
of the word. 

Data obtained by strain gage measurements and by immersion typ 
density measurements indicate that gray iron undergoes a density d 
crease when subjected to stress. The amount of the volume change i 
a function of applied stress. The volume change, at a given stress level 
is greater for biaxial tension than for biaxial compression. The densit 
decrease is due to the opening up of graphite flakes located in planes 
approximately perpendicular to the direction of applied tensile stress 

In the case of tension-tension combined stress tests, it appears that 
the greatest measured macroscopic strain is a function of only the great 
est applied tensile stress, and, consequently, the other tensile stress ha 
very little influence on this strain. This can be explained if it is assumed 
that a large part of the strain measured by a strain gage or extensometet 
is not the small strain of the bulk of the matrix, but is due to the opening 
up of flakes and localized strain of the matrix at notch tips, and that th 
amount such flakes open up is a function of stress. Such behavior would 
explain the small lateral contraction ratio usually observed (values as 
low as 0.03 have been reported in the literature) and the greater density 
decrease observed in combined tension tests. 

The gray cast iron tested exhibits a combined stress fracture en 
velope quite similar in appearance to that found by other investigators 
for irons of lower strength levels. A fracture theory based upon a yield 
criterion could hardly be applicable since it has been shown that plasti 
deformation takes place soon after initial loading, and long before frac 
ture. Moreover, a fracture hypothesis which involves a residual tensil 
stress value of 30,000 psi in the matrix at the graphite flake tip, can 
hardly be applicable. This can be shown by a simple order-of-magnitud 
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Assume a cast iron with a graphite content of 10% by vol 
us, the residually stressed volume would be 10~! cu.in./cu.in. 
residual stress is taken as 30,000 psi and the modulus of the 
as 30 x 10° psi, the resulting residual strain must be 10~*. If 
rain, which is present only in the strained volume, were relieved 
shout one cubic inch, the over-all, measurable macro strain would 
x 10-! =10~?, or 0.01% strain. (100 micro-in/in). E/xamina 
Figs. 2 through 8 show that such a strain is reached at about 
(0) psi stress, long before fracture. 
Che fact that the fracture envelope of gray cast iron is qualitatively 
ilar (if quantitatively different) to that obtained for a fully brittle 
riffith material is deceiving. An extensive network of cracks, precede dl 
extensive but highly localized plastic deformation, exists in the 
‘terial before final rupture occurs. While brittle, cleavage facets are 
ften found in the final fractures, and are probably the last step occur- 
ng in the rupture process, rupture comes about by the interconnection 
f ductile fracture networks, and by fracture across graphite flakes. 
Fracture of fully brittle elastic materials, has been understood for some 
ime (21). The problem in the present case, however, is that of ran- 
lomly distributed, saucer-like voids in a plastic medium, for which a 
mathematical solution must be obtained. In addition, some criterion of 
luctile rape will have to be assumed for the plastic matrix between 
the voids. This latter perhaps requires a greater understanding of the 
echanism of ductile fracture than presently exists. 
Despite this fact, it is seen that if the fracture stresses for gray cast 
iron are known for the cases of simple tension and simple compression, 
useful fracture envelope for design purposes can be readily con- 
ucted for the tension-tension and tension-compression regions. In 
the compression-compression region a useful if crude assumption is to 
consider that compression stresses are transmitted unaltered by the 
graphite flakes. In this case the distortion energy theory may be applied 
arbitrarily in the compression-compression region, as Fisher has done. 
his fits the data of Coffin in a somewhat conservative manner. 
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Abstract 
method of 


sing a dynamic 
modulus to density 


dulus and elastic 
ys have been explored in the range of room temperatur. 


750 F. It has been demonstrated that the beta phase has 
ntrinsically lower modulus than the alpha phase and that 


the elasti 


measurement, 
titaniun 


ratio of 


actical limits of alloy addition do not materially raise th 
dulus of the beta phase. The modulus of the alpha phas 
nificantly raised by addition of aluminum but not by 
. The moduli of 


gen or oxygen within practical limits 
1-beta alloys are roughly related to the relative quantit) 
In 


two phases and not to their disposition and si: 


the t 
instance, the alpha prime phase was shown to het a 
elastic modulus. The transition phase, 


particularly low 
ga, has a much higher modulus than either alpha or beta 
Dispersions of TiC and T1B strongly improve the elasti 
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The temperature dependence of the elastic 


effect. 
n the temp age range studied is ini ariabl linear and of 
negative slope. (ASM-SLA Classification: Q21, T1) 


INTRODUCTION 


ITANIUM and its alloys, although possessing many attractive 
elastic modulus to density 


properties, exhibit somewhat lower 
ratios than other competitive engineering metals. It was the purpose 
this investigation to examine alloy additions and structural condi 
< ic tO 
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ns which might introduce improvement in the elastic modulus 


each effect, one might 


a) the alloy content of 
of meta 
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actual magnitude of 


Without knowing the 
ticipate trends of elastic modulus through 
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upha and beta. phases individually 
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MATERIALS AND PROCEDURES 


Alloys were prepared from 120 BHN sponge titanium by 
melting techniques generally used for high melting point n 
Ingots of 250 or 1000 gm weights were used. In the latter case. ; 
melting procedure was used to insure homogeneity. The ingots 
hot forged to half inch diameter rods in open and swaging di 
treatments were performed in helium purged tube furnaces for s 
treatments and lead baths for lower temperature anneals. 

An electrostatic dynamic elastic modulus device was used 
present study. The electrostatic drive method was selected becays 
titanium alloys are non-magnetic and the reliable fastening of ferr, 
magnetic or piezo-electric end plates to a titanium alloy specimen p 
serious problems. 

In free-free vibration in extension (specimen held in the middk 
the driven end of the specimen is subjected to periodic tensile stresses 
which generate an accompanying strain, manifested by the displac 
ment of the end of the specimen. This displacement is cyclic, following 
the impressed stress, and is propagated in a front along the specime: 
length. The displacement (or strain) wave travels to the far end oj 
the specimen at which point reflection occurs, and the wave retraces 
its path. The speed of travel of the wave is a function of the elasti 
modulus ( Young’s modulus ) and the density of the specimen, provided 
the proper specimen geometry is observed. At drive frequencies | 
resonance, the reflected wave destructively interferes with the suc 
ceeding drive wave, and full or partial cancellation occurs. However 
at resonance, constructive interference of reflected and impressed 
waves occurs, and large displacement maxima of the ends are devel 
oped, limited only by the damping characteristic of the material. 

Two conditions of resonance are possible in the case of longitudinal 
vibrations ; i.e. the specimen length can be either an even or odd integer 
multiple of half of the resonant frequency wave length. This is ex 
pressed mathematically as 

L=nav/2 

where n is an integer. If n is odd, the bar exhibits displacement maxima 
at its ends with a node in the center. The end displacements are 180 

out of phase, and thus the bar undergoes alternate shortening and 
lengthening. If n is even, e.g. 2, the center of the bar as well as th 
ends exhibits displacement maxima, and nodal points appear at A 

and 3/4 which correspond to positions located one quarter of t! 
specimen length in from each end. With n= 2, the end displacements 
vibrate in phase with each other, and the center displacement is 18 
degrees out of phase with the ends. Each half of the bar then alter 
nately shortens and lengthens, one half being in tension while th 
other is in compression. In this study, the specimen was held in th 
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and the length of the specimen for fundamental vibration 
was equal to one-half of the resonant frequency wave length. 
[wo requirements must be met by specimens used in dynamic elastic 
is determinations employing longitudinal vibrations. First, the 
en must have a uniform cross section throughout its entire 
ength, so that all points on the vibration wave travel in a uniform front. 
Second, the maximum cross sectional dimension of the specimen should 
be less than one-tenth of the resonant frequency wave length in order 
keep the Poisson contraction correction to a negligibly small value. 
th of these conditions were satisfied in this study by the use of a 
lindrical specimen '% inch in diameter by 3% inches long. These 
ensions were arbitrarily selected, and other values could be used 
; long as the previously mentioned conditions were fulfilled. 
he physical variables involved in determining the modulus of elas 
ity by dynamic longitudinal vibrations are related by the expression 
_ tel", 


. 
I: 
4 


n 























E = modulus of elasticity, dynes/cm* 

p = density, g/cc 

L = length, cm 

f, = resonant frequency, cps 

n = order of vibration (n = | for fundamental vibration) 


Inspection of the above equation discloses that the determination of 
the ratio of the elastic modulus to density (E/p) involves only the 
length and resonant frequency, since the density disappears from the 
right side of the expression upon rearrangement. However, density 
ineasurements are necessary to arrive at numerical values for Young’s 

odulus. Since the determination of density is relatively easy, and since 
the actual numerical values of the elastic moduli of experimental alloys 
vould be of value, density measurements were made using the “loss 

{ weight in water” technique. 

"he electrostatic dynamic elastic modulus device used in the present 
study is shown in diagrammatic fashion in Fig. 1. The alternating 
voltage, of variable frequency, was obtained from a sine wave signal 
generator acting through a power amplifier and a step-up transformer. 

| Drive voltages of the order of 400/500 rms volts were found to provide 
’ satisfactory drive amplitude. Detection of resonance employed the con- 
lenser microphone principle in conjunction with a cathode ray oscillo- 
graph (CRO) and a preamplifier. Similar electrodes were positioned at 
each end of the specimen, and thin mica sheet (0.001 inch) insulators 
vere cemented to the electrode faces to prevent electrical shorting. The 
receiver electrode was biased to 225 volts DC to allow the condenser 
microphone principle to operate. Resonance in the specimen was indi- 
cated on the CRO by the appearance of a sine wave of appreciable 
amplitude at resonant frequency as the frequency of the driving voltage 
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Schematic Diagram of Electrostatic Apparatus for Dynar 
Measurements of Elastic Modulus 


was slowly varied. The indication, in most cases, was very sharp, it 
cating that low damping material was being studied. 

Resonant frequencies were measured with a frequency counter 
pable of direct counting up to 100 ke per second with an accuracy of 
cycle. Since densities and length dimensions can be measured to { 
figure accuracy, the accuracy of elastic modulus measurements by t! 
method should be at least three figures. For measurement of elasti 
modulus at elevated temperatures, a specimen holder assembly wit! 
long adjustable electrodes was devised for insertion into a tube furna 
with a 6 inch constant temperature zone. The practical limit for tl 
present specimen holder electrode assembly was 750°. The pri 
source of difficulty proved to be the insulating properties of the | 
celain sleeves used to insulate the ungrounded lead in the receiver unit 

The elastic modulus as measured by the dynamic method does 1 
correspond exactly to that found by static uniaxial tension. There is 
time dependent component of elastic strain which 1s not realized in tl 
dynamic system. The difference is of the order of 0.5 x 10® psi at roon 
temperature. However, for the purpose of discovering basic behavior 
trends, either system is equally suitable but the dynamic method ts mor 
adaptable to the area of high temperature measurement. 

The elevated temperature elastic modulus measurements were cal 
culated fror: resonant frequency measurement and densities and lengt! 
at room temperature. As shown in the accompanying appendix, this 
introduces only negligible error. 


Tue Exrastic Moputi or ALL-ALPHA ALLOYS 


Binary alloys in the composition ranges 0-8 wt % Al, 0-0.6% VU an 
0-0.73% N were studied. These represent present practical limits as 
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Table I 
Summary of Dynamic Elastic Modulus Measurements 
al Temperatures for a Number of All-Alpha Titanium-base Alloys 


Dynamic Elastic Modulu 
(psi x 10° 


sar k 


] 
l 
14 
14 
14 


ed sponge titanium 


erent or intended alloy contents. All specimens were given a prior 
neal in the alpha field before testing. Test data and alloy compositions 
summarized in Table I. 
each instance, there 1s an approximately linear relationship be 
een E, E/p and per cent alloy content. The slope is positive in each 
nstance but only in the case of Ti-Al alloys can significant improve 
ent in both FE and E/p be realized. The temperature dependencies of 
ind E./p are also approximately linear and invariably of negative 
slope. The results on the Ti-Al alloys are in essential agreement with 
those published by Ogden, et al (1). 


The Elastic Moduli of All-Beta Alloys 


In beta stabilizing alloy systems, all-beta structures can be retained 
y quenching only in alloys containing greater than certain minimum 
mounts. In less than these amounts, the high temperature beta phase 
transforms completely or partially to martensitic alpha prime. Table I! 
summarizes the elastic moduli of a variety of binary alloys which were 
netallographically all-beta at room temperature by virtue of a vigorous 
uench from the elevated temperature beta field. It is obvious from 


Table II 
The Elastic Moduli of All-Beta Structures 


Alloy Elastic Modulus 
(Analyzed Composition) (psi x 10®) 

21.5% V 

25.2% V 

31.3% V 

8% ¢ 


7 
13% Mo 


hgures appearing in parentheses pertain to the references appended to this paper 
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Fig. 2 Variation in Elastic Modulus and Ratio of Elastic 
Modulus to Density at Room Temperature for a Series of 
Pitanium-Vanadium Alloys in the Water-Quenched Condition. 


these results that the beta phase has an intrinsically much lower elasti 
modulus than the alpha phase. Furthermore, with even quite high allo: 
contents, the modulus level is so low as to be beyond practical hope 


improvement by additional solid soluble alloy additions. 


The Elastic Moduli of Quenched Ti-V Alloys 

Studies on the Ti-V alloys were expanded to include two more alloys 
at lower alloy levels. The trend of results is shown in Fig. 2. Th 
data seem to be on two different curves. This arises from the fact that 
below 15% V, the hexagonal a’ phase forms from the beta on quenc! 
ing. It does appear that a’ is intrinsically a low modulus material a! 
least a’ supersaturated with vanadium. 

The anomolously high modulus of the 15% V alloy in the retained 
beta state correlates at first thought with the observation by Brotzen, 


" 


et al (2) that complete suppression of the low temperature transition 
phase by quenching is difficult. The 8% Cr alloy is an even more strik 
ing example of this. In the as-quenched state, this alloy, although ap- 
parently all-beta, is very hard and brittle. The work of Frost, et al | 3 
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Table III 
Room Temperature Elastic Modulus Determinations 
for Ti-V Binary Alloys in Various Heat Treated Conditions 








Elastic Modulus (psi x 10*) 
700 °C 600 °C 












S mens were solution treated at 850 °C (1562 °F) for 1 hour and transformed is 
t the temperature shown, Transformation time at 700 °C (1290 °F) was 5 hours, 
10 °F) was 16 hours, and at 500 °C (930 °F) was + hours 




















own that substantial amounts of the transition phase can be 
eveloped by low temperature aging. To test the hypothesis that the 





nolously high values of elastic modulus in certain all-beta alloys 





re due to the presence of an insuppressible transition phase, the 8% 





Cr alloy was aged at 750 °F for two times 24 hours and 96 hours, re 





spectively. According to the work of Frost and co-workers, these 





nneals should develop in the first instance a maximum amount of the 





ransition phase and in the second case an overaged state of almost 
juilibrium alpha and beta. After the 24-hour aging treatment, the 8% 
Cr alloy developed the outstanding elastic modulus of 20.0 x 10® psi. 
On overaging, the value of the modulus dropped to 17.2 x 10® psi. It is, 
therefore, clear that the transition phase has a very high intrinsic 









nodulus 






The Elastic Moduli of Alpha-Beta Structures 


(hree Ti-V alloys were heat treated in such a fashion as to produce 





microstructures of various ratios of alpha to beta. In some of the struc 
tures, the alpha was coarse ““Widmanstatten” and in others as finely 
lispersed particles. The alloys, heat treatments and elastic moduli at 
room temperature are summarized in Table III. For comparison the 
as-quenched data are included. The general indications are that the 
moduli of alpha-beta structures are roughly the additive contributions 
ot the two phases. Thus, the lower the transformation temperature, the 










nore alpha is produced at equilibrium and accordingly, the elastic 





odulus appears to increase with decreasing heat treatment temper 


ure. 










Tue Errect or DIspERSED PHASES OTHER THAN ALPHA 





(he modulus of elasticity of an alloy can be increased by dispersing 






17) 4% 


ta second phase of higher elastic modulus. To a first approximation, 
the contributions of the two phases depend upon the intrinsic modulus 
| each constituent and the volume fraction of each present. (3) With 
is principle in mind, a series of titanium alloys were prepared with 
arious amounts and identities of dispersed intermetallic compounds. 

Of necessity, the intermetallic compounds feasible in titanium alloys 
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Table IV 
Summary of Elastic Moduli 
of Titanium Alloys Containing Intermetallic Compounds 


Elastic Modulus Elastic M 
Density S 108) (psi } 
cu cm Ib/eu in 


x 
t 


8 0.166 
4 0.164 
3 164 
? 0.163 
» 0.163 
0.164 
0.154 
0.164 


0.163 


O.1¢ 


0.163 


0.162 


0.160 





0.167 
170 


‘) 
lé 


Table V 
Average Rate of Change of Elastic Modulus and Elastic Modulus-to-Densit 
Ratio with Temperature in the Range 75-750 °F 


E I E/p rat 

(psi F) (psi/Ib/cu it 

Unalloved Ti (Meg-reduced) 5340 
ri 


Unalloved (lo lide) 5780 


>” 
i 


2 

J<, 
> 

3 


5,200 


ri-0.40° 2) 5410 
11-0.49% O 5180 
131-0.59¢ q) 5650 


ri 3% 5490 
Vi 18% 5930 
ri 


5780 


1450 26.800 
4750 28,800 
4300 26,200 


1°90 26,700 


> 


5340 32,000 
54280 32,801 
5480 32,900 
5480 33,000 
5190 31.200 


5340 32,400 
190 33,000 
5490 32,600 


5340 
5340 
»340 


S640 35,200 
5340 33,800 


5410 32.400 
5410 31,800 
> 


5180 9,900 
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ich enter into equilibrium with the terminal solid solutions 

s Ti-C, -B, -Si, -Be, -Cu offer possibilities for enhancement 
noduli. Table IV summarizes the measurements on alloys of 
ium containing respectively TiC, TiB, TisSis, TiBe, TisCu 
iphically presents the data on T1-C alloys. In each instance 
solubilities of the solute elements are very low. All but the 
mpositions listed in Table IV forged to 34 inch diameter 
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Fig. 3—Variation in Elastic Modulus and Ratio of 
Elastic Modulus to Density with Temperature for 
a Series of Titanium-Base Alloys Containing 
Carbon at Various Concentrations. 


ithout undue difficulty. The highest compositions represent ap 


1te 


forgeability limits. Forged bars were annealed prior to 
ning and testing. In the particular case of Ti-Cu alloys, the 
id transformation of beta to alpha plus TiseCu was developed 
isothermal anneal at 700 °C (1290 


F) for 2 hours. 
( )t t] 


ie five species of intermetallic compounds, only the carbides and 
es admit of significant improvement in the modulus to density 
‘or equal weight percentage additions, the borides offer larger 

ements both in E and E/p than carbides. Another point of inter 
that the borides are generally much more finely dispersed than 
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carbides. In point of effectiveness, 0.66% C or 0.55% B ar 
6.5% Al at the 18 x 10° psi level of modulus elevation. 

At this point, it is worthwhile to note the remarkable cons 
the temperature dependence of E and E/p shown by almost 
alloys studied (see Table V). The Ti-Al alloys show slight, 
decrements from the rest but these alloys are also those with the | 
est levels of solute content in the alpha phase. It seems probabk 
the modulus temperature decrements are all about the same }y 
the majority phase, alpha, is, in each case, quite lean in soluble ele; 


tey 


THE EtaAstic Moputus or TERNARY ALLOYS 


To test the proposition that the elastic modulus of ternary 
could be predicted on the basis of additivity of the contributions of ; 
alloying elements in their own binary systems, two ternary Ti 


Table VI 
Results of Room Temperature Elastic Modulus Determinations 
for Two Ti-Al-C Ternary Alloys Comparing Observed Values of Elastic Modu|y; 
with Calculated Values Based on Additivity Effects of the Alloying Constituens 





Density ; A E (psi x 10®) Calculated E Obser 
Alloy /cu cm lb/cu in (from Al) (from C) (psi x 10*) 
Ti-4.1% Al-0.78% C 4.45 0.161 1.2 2.2 19.6 
Ti-5.9% Al-0.58% C 4.39 0.159 1.4 1.8 19.4 


Note: Modulus of elasticity for unalloyed Ti 16.2 x 10® psi. 


alloys were prepared. The comparison between calculated and m 
ured moduli shown in Table VI confirm that the additivity princi 
is valid as a first approximation. 


SUMMARY 
The alpha phase of titanium has an intrinsically higher elas! 
modulus than the beta phase. Even with substantial 
contents, the elastic modulus of beta can only approach t! 
of unalloyed alpha. 
The interstitial elements oxygen and nitrogen within thev 
toleration limits do not appreciably affect the elastic modulus 
On the other hand, the substitutional solute aluminum has 
profound effect in enhancing the elastic modulus and t! 
modulus-to-density ratio. 
In at least one instance, the martensitic phase, a’, was shi 
to possess an abnormally low elastic modulus. On the ot! 
hand, the metastable transition phase, omega, appears | 
possess a singularly high elastic modulus and structures whic 
contain it by virtue of insuppressibility in quenching or | 
deliberate low temperature aging show remarkably high elas' 
moduli. 
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Heat treatments which vary the size, shape and proportion of 
lpha in beta have little effect on the elastic modulus. 
Dispersions of the intermetallic compounds TiB and ‘TiC en 
hance the elastic moduli and the modulus-to-density ratios 
considerably. The compounds TiBe, TisSig and TisCu sim 
ilarly distributed have little effect. 

lhe elastic modulus of a ternary alloy can, as a first approxi 
mation, be estimated by summing the contributions which the 
alloying elements would make in their own binary systems. 
The temperature dependence of elastic modulus in the range 
0-750 °F is in every case closely linear and of negative slope. 


APPLICATION TO ALLOY DEVELOPMENT 
(he work described in this paper was designed to reveal the basic 
nciples upon which to base an alloy development program for the 
elopment of ailoys of improved elastic modulus-to-density ratio. 
here is ample evidence that a 20% increase in the E/p parameter can 
realized. It has been clearly established that such an improved alloy 
must be predominantly alpha phase ; that the alpha phase alloyed with 
luminum shows markedly increased elastic modulus. As an alternative 
the use of aluminum, the modulus-to-density ratio of titanium may 
increased by addition of carbon or boron occurring as dispersions of 
utermetallic compounds. The use of aluminum will be advantageous 
where high temperature strength is a concurrent requirement. Where 
rmability 1s needed, the level of aluminum will have to be reduced to 
ew per cent. The moderate strength, deepdrawing sheet will probably 
be some compromise of low aluminum content or small amounts of 
beta stabilizers with carbide or boride dispersions. 

Che Ti-Al and T1-Al-C or Ti-Al-B alloys are not heat treatable. In 
rder to develop heat treatability, beta stabilizing elements must be 
idded. The problem of design of high modulus, heat treatable titanium 
lloys is one of alloying to produce a minimum amount of beta con- 
sistent with the necessary maximum-minimum strength requirements. 
Such alloys will probably contain 4-8% Al and 1-4% of V, Mo, Cr, 
\In, ke or combinations of these. The negative effect of the beta phase 

stituent can be counterbalanced by carbon or boron additions which 
essentially will not take part in the heat treatment transformations. 
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Appendix 


CALCULATION OF THE CORRELATION BETWEEN Room 
AND ELEVATED TEMPERATURE VALUES OF LENGTH AND Vo 
The equation relating elastic modulus to resonant frequency is: 
BaG/ar ‘pL *f. 
For a specimen held in the center, n = 1 and the above expression | 
comes E-—4 ‘p° L? - f?, 
where f, = resonant frequency at n= 1 
The density p_ at temperature T is related to the room temperatu 
density, po, as follows : 
M p 


Vo (+3aT) 1+4+3aT 
where a = the linear coefficient of expansion 
The length L; at temperature T is related to the room temperatu 
length Lo: 
L.=L.(1+ aT) 


and L*, = L.?(1 + 2aT )—neglecting the aT? term 


TN 
therefore FE: —4 “t* L?. - f*, - l +- ZaT 
I + 3a 


and (E/p:) =4°L%* fe * A+aT) 


Using the value of 9 x 10-* cm/cm/°C for a the numerical val 


1+ 2aT : 


of = at 400°C is about 0.9975 and of 1 + 2aT is about 1.0) 


| 4 Set 


DISCUSSION 
Written Discussion: By N. Dudzinski, Royal Aircraft Establishment, Far 
borough, Hampshire, England. 
It is interesting to note that the addition of aluminum enhances the él 
modulus of titanium alloys. With few exceptions, aluminum being one of the 
the terminal solid solutions display a lower value of the Young’s Modulus than t 





















ASTIC MODULUS OF 





ITANIUM ALLOYS 


[he primary alpha solid solution in the titanium-aluminum system 
he concentration of aluminum about 26 wt.% and a new phase makes 


e. This phase designated as y has an ordered face-centered tetragonal 


1 


he transformation from a random to an ordered state is usually con 


an increase in elastic modulus. By producing an ordered distribution 

e can have at hand the means of increasing the elastic modulus of al 

ry iron-cobalt-chromium alloys serve as an example that the Young's 
an be increased by 15% and attain a value higher than that of iron and 
nsequence of an ordered structure. Although the addition of alu 
titanium would be more effective at higher concentrations of the former. 
ial effect should not be underestimated at the lower alloying content, 
possible that the first step of ordering takes place in the binary titanium 

m under investigation. 

iid like to point out that, apart from aluminum, the other members of 
[11B and also metals in Group 1VB of the Periodic Table, which display 
ve alpha phase solubility in titanium, should prove beneficial in enhancing 
owing to the fact that they show a marked tendency to ordering. 

alpha phase of titanium has an intrinsically higher elastic modulus than 
ta phase, the improvement in elastic properties of titanium-aluminum alloys 
ilso be linked with a progressive increase in the temperature of the trans 
ition a — £ in titanium—with the addition of aluminum. It is significant that, 
ithe results in Table I of the paper referring to the titanium-aluminum alloys, 
plotted against the aluminum content in atomic or volume per cent, the slopes 
curves thus obtained show a similarity to the curve for the effect of alumi 
.— 8 transformation, reported by Bumps, Kessler and Hansen.” 
re 1s another factor, less significant, which has an effect on the modulus-to 
sity ratio, namely the fact that the density of titanium alloys is lowered by the 
ition of aluminum. 
ontrary to aluminum, the alloying of vanadium suppresses the a= 8 trans 
nation of titanium, having a stabilizing effect on the beta phase, resulting in a 
rease of the Young’s Modulus. The binary 15% V-titanium alloy gave, how- 
er, a high “E” value owing to the formation of a transient omega phase. This 
t an isolated case, for in our work on the elastic modulus of aluminum 
ys* it was found that in ternary aluminum-manganese-chromium alloys the 
phase, which also is transient, considerably enhanced the elastic modulus. The 
titanium-vanadium alloys discussed in the paper show a normal behavior 
it the Young’s Modulus of alpha solid solution is lower than that of the parent 


ibles IL and III show a certain discrepancy for the alloys 21.5 and 31.5% V 
pectively, namely samples of the same alloy solution heat-treated and quenched 
rder to retain all beta structure, gave different values for “E.” If we transfer 
lt for 21.5% V-alloy from Table II to Table III it looks as though the 
eta structure has higher elastic modulus than the isothermically transformed 


resu 


it 600 °C, and by a treatment at 500 °C the “E” improves, only by 0.3 x 10°, 


When the result for 31.5% is moved from Table II to Table III the same 
tor the elastic modulus are obtained disregarding the heat treatment. 





mps, H. D. Kessler and M. Hansen, ‘‘Titanium-Aluminum System,” Transactions 
Institute of Mining and Metallurgical Engineers, Vol. 194, 1952, p. 609 

tudzinski, “The Young’s Modulus, Poisson’s Ratio, and Rigidity Modulus of Some 

m Alloys,” Journal, Institute of Metals, Vol. 81, Sept. 1952, p. 49. 
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The elastic modulus could also be lowered to a certain extent during t 
ing operation, which induces internal stresses to the material. We fou 
in some aluminum-manganese-nickel alloys the elastic modulus decr 


water quenching from the solution treatment temperature ; however, by 


the value of “E” was restored to the as-cast condition completely or 
in addition to the internal stresses minute cracks were also formed. 
The statement in the summary of the paper that the elastic modulus of 
alloy can, at first approximation, be estimated by summing up the contri 
which the alloying elements would make in their own binary systems, sh 
exclusively to the alloys in which only binary compounds exist. As | 
shown in our work on aluminum alloys,‘ if the ternary intermetallic com, 
are formed, these further improve the Young’s modulus provided that the 
more aluminum than the appropriate binary compounds. If the aluminum c¢ 


y ( 


of such ternary intermetallic compounds is lower than in the appropriat 
compounds the value of “E” is lowered. 

This rule, no doubt, will also apply to the titanium alloys. 

Written Discussion: By U. Zwicker, Metallgesellschaft Aktiengesells 
l‘rankfurt, Germany. 

The fact that the supersaturated hexagonal a’-phase formed from the 
quenching has, as the authors pointed out, a very low elastic modulus, « 


-Micrograph 5 Cr 3Al Ti-alloy 3% Hour 850°C + 12 Hours 800 ° 
largement x600. 
-Micrograph 5Cr 3Al Ti-alloy 34 Hour 850°C + 12 Hours 800 °¢ 
largement x600. 
4N. Dudzinski, “The Effect of Nitrides and Ternary Intermetallic Compounds on \ 
Modulus of Some Aluminum Alloys,” Journal, Institute of Metals, Vol. 83, June 1955, p 
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Fig. 6—X-ray Pattern 011 Reflection of 5Cr 

3Al Ti Alloy 3% Hour 850 °C + 12 Hours 

800 °C/He20. Isothermally Transformed 
a(aG) a 2.919 kX a’ a = 2.867 kX. 


24. 
Angle, @ 
Fig. 7—-X-ray Pattern 011 Reflection of 5Cr 
3Al Ti Alloy % Hour 850°C + 12 Hours 
800 °C/Air Isothermally Transformed a 


(aG) a= 2.9le kX Transformed a a= 
2.930 kX. 


shown on isothermally transformed samples of the Titanium alloy containing 5 
chromium and 3% aluminum. This alloy (samples of 10 mm length, 8 mm 
ameter) if isothermally transformed from 950 at 800 °C followed by water que! 
has a very low elastic modulus and a low yield strength though the tens! 
strength is fairly high (Table VII). If the alloy after this heat treatment is co 
in air, the elastic modulus is much higher (Table VII) ; the hardness is increas 

In the matrix of the quenched sample the martensitic transformation | 
occurred (Fig. 4), whereas in the matrix of the air-cooled sample the transitio! 
8-a has already started (Fig. 5). 

X-ray photographs (Figs. 6 and 7) prove this statement. The photograph 
the quenched sample (Fig. 6) shows the difference in lattice parameters of t 
two solid solutions, namely, the a precipitated during the isothermal anneali 
(aG) with a= 2.91, kX, and a prime (aM) with a = 2.86; kX. In the patter 
of the air cooled sample (Fig. 7) the (011) reflection is broadened and th 





LASTIC MODULUS OF TITANIUM ALLOYS 79 


2.91, kX of precipitated a (aG) is not much different from that of 
med a (aU), a= 2.935 kX, in the matrix 
working of Ti-alloys heat treatments causing low elastic modulus, low 


eth and high tensile strength are important 


Authors’ Reply 


ussions presented by Messrs. Dudzinski and Zwicker are a useful 
to our paper. On the matter of the elevation of the modulus by additions 
um, it now appears from recent constitutional studies * that heretofore 
ed intermediate phases may account in part for the trend. We, our 
id done some further work on titanium alloys which will be published 
the proceedings of the American Society for Testing Materials. Meas 
have been made on Ti-Zr and Ti-Sn solid solutions, neither of which 


any significant increase or decrease in modulus. 


ittention drawn to the discrepancy in Tables II and III is gratefully 
ledged. Measurements were taken from two different samples and the lack 
ment was not noticed. A 21.5% V alloy in the water quenched state was 
isured, the value of 12.1 x 10° psi being obtained. The number in Table II 
| therefore be changed. 
Zwicker will be interested to know that we have subsequently measured the 
moduli of Ti-Mo, Ti-Cr alloys and one other Ti-V alloy, all of which have 
inantly a’ structures. Definite trends of sharply decreasing modulus with 
ng alloy content were noted. These results are also included in the afore 
ned paper to the A STM. 


E. Schulz and V. Zwicker, Studies on the System Ti-Al, Zeitschrift fi 
‘ol 46, 1956, p. 529-534. 





A STUDY OF THE AIR CONTAMINATION OF THrep 
TITANIUM ALLOYS 


By J. E. ReyNotps, H. R. OGpEN, AND R. I. Jarre 


Abstract 
The air contamination of commercial titanium, Ti-5 
2.5Sn, and T1-4Al-4Mn alloys has been studied over a ten 
perature range of 815 to 1149°C. A Van Ostrand-Dewe, 
diffusion analysis was applied to hardness-penetration 
curves, and diffusion coefficients associated with the con 
tamination process were calculated. Parametric equations 
of the form 
logx=C+0.5logt — Q/4.6RT 
were derived, expressing the depth of contamination (x) as 
a function of time (t) and temperature (T), where C is a 
constant for a given alloy and contamination level, R is thi 
universal gas constant, and Q is the activation energy asso 
ciated with the contamination process. The amount of metal 
loss due to scaiing 1s also reported. (ASM-SLA Classifica 
tion: R2, N1, T1) 


‘T HAS long been recognized that the air contamination of titaniw 
alloys imposes certain restrictions upon the temperature limits { 
forging and rolling. In order to avoid excessive contamination from t! 
inward diffusion of oxygen and/or nitrogen, it is necessary to restric’ 
the upper temperature limits for fabrication. In the past, this usual 
has been done by trial and error. It seemed desirable, therefore, to mal 
a study of the contamination behavior of some titanium alloys upot 
heating in air, so that the upper temperature limits for fabrication mig! 
be prescribed with more certainty. 

Numerous papers (1-10)? have been published on the oxidation o! 
titanium, but most of these have been concerned chiefly with studies 
of scale formation. Little attention has been directed toward the cor 
tamination of the metallic core beyond the metal /metal oxide interfac: 

In the work of Wasilewski and Kehl (11) with iodide titanium 
diffusion coefficients of oxygen and nitrogen into beta and of nitrogen 
into alpha were determined. Because of complications due to surtac 
layers and intermetallic compounds, no diffusivities for oxygen in alpha 
titanium were obtained. Chalmers, et al. (12), have given some infor 


‘ The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-eighth Annual Convention of the Societ) 
held in Cleveland, October 8 to 12, 1956. The authors are principal metallurgist 
assistant chief, and chief, respectively, Nonferrous Physical Metallurgy Divisio 
Battelle Memorial Institute, Columbus, Ohio. Manuscript received October |! 
1955. Mr. Reynolds is now with Motorola, Inc., Semiconductor Products Divisio 


Phoenix, Arizona. 


280 





11R CONTAMINATION OF TITANIUM ALLOYS 


from measurements of internal friction which may be associated 
the diffusion of oxygen into alpha titanium. 
In the present work, contamination of three titanium alloys upon 
ting in air was studied by utilizing the Van Ostrand-Dewey dif 
‘;sion analysis of microhardness-penetration data. Equations were 
erived expressing the depth of contamination in terms of a time 
mperature parameter. 


EXPERIMENTAL METHODS 


Commercially pure titanium (A-55) and two titanium alloys, Ti 
\\]-4Mn (C-130AM) and Ti-5A1-2.5Sn (A-1LLOAT), were used in 
he work reported here. The analyzed compositions of the alloys are 
siven in Table I. The alloys were produced by Rem-Cru Titanium, Inc., 
nthe form of round bar stock of approximately 5¢-inch diameter. For 
cylindrical specimens 11% inches in length were exposed at 


HN alimare 
| alloys, 


Table I 


Compositions of Experimental Alloys 


Alloy Composition, weight per cent 
lesignation Aluminum Manga- Tin Carbon [roi Nitrogen Hydrogen 
nese 


0.013 
0.015 


0.04 0.025 0.0050 


present but not analyzed for 


elevated temperatures in air for 1, 2, 4, 6, and 8 hours at 981, 1036, 
and 1093 °C (1800, 1895 and 2000 °F), and 1, 2, 4, 8, 16, and 24 hours 
at 815, 871, and 926 °C (1500, 1600 and 1700 °F). In addition, some 
spot checks were made with single runs at 760 and 1149°C (1400 and 
2100°F) for 1 or 2 hours. The specimens were placed upright on one 
end so that their central regions would not come in direct contact with 
the furnace refractories. A static air atmosphere in an electric muffle 
turnace was used for the exposure, and the temperatures were con 
trolled to + 5 °C. Control specimens were heated in argon at each 
temperature to determine the uncontaminated base-hardness levels. 

Because the Ti-4Al-4Mn alloy can be hardened by rapid cooling, it 
vas necessary to furnace cool all of these specimens to minimize heat 
treatment effects. By doing this, some error in the time at temperature 
was introduced. The shorter times would be affected most, but it was 
not considered necessary to make any corrections, because the con 
tamination resulting from furnace cooling was minor in comparison 
vith that occurring at the high temperatures. 
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The specimens for the commercial titanium and the Ti-5 
alloys were air cooled from the heat treatment temperatures, 
hardnesses of these alloys are not affected by cooling rates. 


Contamination 


Tukon hardnesses (200-gram load) were measured on mec! 


’ 
A AiLi\ 


polished transverse sections 1% inch from the specimen end. Four ha; 


« 


ness traverses were made on each specimen, each extending iny 
from the surface, and usually beyond the depth of contamination, § 
cessive hardness impressions were spaced 0.005 to 0.010 cm apart wit 
out interaction. The final hardness-penetration curve was obtain 
from the averages of the four hardness traverses for each specime: 


Metal Loss 


The diameter of the metallic core was measured before and after | 
treatments to determine the metal loss due to scaling. The origi 
diameters were measured with micrometers and are the averages of se 
eral readings. A traveling microscope was employed to obtain the { 
diameters, for which a minimum of six measurements was made by 
least two operators. The difference between the initial and final 
ameters of the metallic core was taken as a measure of metal loss. 


METHOD OF TREATING HARDNESS-PENETRATION DATA 


Although relatively few diffusion studies have been made on syste: 
involving more than two components, it is often possible to make sin 
plifying assumptions which allow treatment of multicomponent syste: 
with binary diffusion mathematics. The present approach was used wit! 
the supposition that the rate of flow of the solute atoms through th: 
solvent lattice was large in comparison with the rate of movement o! 
substitutional atoms and, hence, very likely to control the contamina 
tion process. It is readily apparent in the present work with mult 
component alloys that the boundary conditions for diffusion are not 
clear cut. Also, at the onset, a gas-metal reaction occurs, with oxides 
building up immediately and subsequently active in feeding the con 
taminants into the metallic core. After the formation of the initial 
buildup layer, it is believed that a constant concentration of the con 
taminants is supplied to the metallic core. Some of the oxides have beet 
reported to be porous (7), which might introduce further complications 
by allowing gas to circulate through the oxides. However, for the pres 
ent treatment of the data, it was assumed that the oxygen source | 
diffusion was the oxide layer. If the base alloy is considered as on 
component and the contaminants as a second component, in analog 
with binary diffusion, it follows that the boundary conditions for diffu 
sion most nearly satisfied are those of the Van Ostrand-Dewey typ 
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analvsis. Therefore, this method was used in the analysis de 





ett. 









the calculation of diffusion coefficients by this method, the fol- 
issumptions have been made: 





The specimen is semi-infinite. 





The diffusivities do not vary with concentration. 
The mathematical interface is coincident with the original 






interface. 
Radial contributions to diffusion are negligible because the 





depths of penetration are small compared with the specimen 
diameter. 
e) Diffusion is analogous to homogeneous binary diffusion. 





[he appropriate solution to Fick’s second law is: 


C-Co i = - ‘ 
= [ -- o( : ) |; Equation | 
Cm-Co <\ Dt 


here cis the concentration of the solute at a distance x from the inter- 
face ; Cy is the initial concentration of the solute in the base alloy; cm is 
the concentration of the solute when the base alloy is saturated ; t is the 







osure time; D is the interdiffusion coefficient; and @ is the error 





nction. 


Substituting hardness (H) for concentration, Equation (1) be 


H-H. . oo 
He-He a I 7 (5 =) Equation “a 


Chis is rigorous only when hardness varies linearly with concentration. 
\lthough available data (14-17) show that hardness does not vary 
linearly with composition throughout the solubility range, for the rela- 
tively dilute concentrations of the solute which are of primary interest 
here, approximate linearity does exist. The maximum hardness values 

H,) were taken from the work of Bumps, et al. (17), who have re- 
ported the hardness of the alpha solid solution at the limit of the oxygen 
olubility as 900 to 1200 VHN. For this work, the H,, value of 1000 
\noop hardness number (KHN) was used for commercial titanium 
nd Ti-5A1-2.5Sn, and 1100 KHN for the Ti-4Al-4Mn alloys. 

Since oxygen is an alpha stabilizer, its diffusion into alpha is of the 
lomogeneous type. It can be observed, however, from the Ti-0 phase 
diagram (17) in Fig. 1 that alpha is in equilibrium with the lower oxide 
in the scale at all temperatures of interest. This indicates that, when 
the core structure is beta or alpha plus beta at the diffusion tempera- 
ture, heterogeneous diffusion will occur, with a thickening alpha layer 
separating the core structure from the scale. This will result in a dis- 
inuity in oxygen concentration, as indicated for a hypothetical case: 
vig. 2. In the present studies, these discontinuities occurred very 





mes: 

























TRANSACTIONS OF THE ASM 


5 
O 


emperature °C 


> 


10 be 
Oxygen, Weight % 


Fig. 1—Partial Titanium-oxygen Phase Diagram. (Bumps, et 


near the surface and were usually marked by the steep portions of tl 
hardness-penetration curves. 


EXPERIMENTAL RESULTS 
Contamination 


A typical set of hardness-penetration data is shown in Fig. 3, giving 
the points for the four hardness traverses for the Ti-4Al-4Mn specimer 
exposed for 16 hours at 871 C. The final smoothed curve resulting fro. 
averaging the four traverses is also shown. Some of the complete sets 
of curves obtained from averaged data are given in Figs. 4, 5, and 6. 

The commercial-titanium specimen showed discontinuities and anon 
alies in hardness for all times at 1093 °C (2000 °F). Some of the dis 
continuities represent the abrupt changes in concentration of the con 
taminants at the alpha-beta interface, but an extensive treatment of this 
aspect was not made. 


Diffusion coefficients were calculated according to Equation 2, using 
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Fig. 2—Theoretical Concentra- 
tion-penetration Curve for Ox- 
ygen Diffusion Into Titanium 


in the Beta Field. 


Table II 


Average Interdiffusion Coefficients 


erature, Diffusion Coefficient, cm?/sec 

( Commercial Titanium Ti-5Al-2.5Sn Ti-4Al-4Mn 

15 1.55x10-10 1.40x10- 4.59x10°'° 
8.15x10-1° 6.00x10-1° 1.75x10°® 
6.51x10°° .86x10°° 6.51x10°° 
1.48x10°8 3.75x10° 1.53x10°5 
6.26x10°% 1.44x10°% 4.30x10°% 
3.96x10°% 7.80x10°% 1.11x10% 
7.01x107 5.15x10 
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lO 20 30 40 


Penetration, x, mils 


Fig. 3—Data for the Four Hardness Traverses for Ti-4Al-4Mr 
Exposed in Air at 871 C for 16 Hours 


the following average values of base hardness (H,) obtained from th: 
control specimens heated in argon. 


H., KHN 
Commercial titanium 185 
Ti-5A1-2.5Sn 285 
Ti-4Al-4Mn 275 


Calculations of diffusion coefficients, usually about five, were madi 
for each hardness-penetration curve, and an average of all calculated 
coefficients was taken to give a single value for each curve. An arith 
metic average was then obtained of all the diffusion coefficients calcu 
lated for all times at a given temperature, thus obtaining a singl 
coefficient for each temperature. These averages are given in Table I! 


1 
+h 


for the three alloys studied, and the temperature dependency ot 
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Left to Right 
|,2,4, 8, 16 and 24 hours 


10 20 30 


Penetration, x, mils 
Fig. 4—Summary of Hardness-penetration Data f 


or Commercial 
Titanium Heated in Air at 871 C. 


ffusivities was determined with the use of the Arrhenius equation: 


D= Da 


Equation 3 
\ctivation energies have been obtained from the slopes of the curves 
in Fig. 7, and the frequency factors calculated. The following equations 
vere found to express the temperature dependency : 

Commercial Titanium 


dD=20:. ee" ™ Kquation 4 


Equation 5 
71-4Al-4Mn 


D = 74.9¢°% 7 ** Equation 6 


temperature dependencies for the commercial titanium, Ti-5AI- 
2.95n, and Ti-5Al-4Mn alloys were determined by data from 30, 27, 
ind 22 independent specimens, respectively. This means that the points 
tted in Fig. 7 represent averages of four to six specimens each. 
Since the contamination treatments were performed over a wide 
range of temperatures and times, it seemed desirable to condense the 
rmation for each alloy into a single analytical expression. An equa- 





TRANSACTIONS OF THE ASM 


24 hours 


16 hours 


ess Number 


ran 
stu 


8 hours 


20 
Penetration, x, mils 


Fig. 5—Summary of Hardness-penetration Data for Ti-5Al1-2.5S: 
Heated in Air at 871 C. 


tion giving the depth of penetration (x) for a selected degree of con 
tamination for any time-temperature combination was derived 
follows: 
For Equation 1, it is seen that the auxiliary variable x 1s: 
2 Dt 
single-valued function of the concentration, and, hence, for a give! 
concentration, 
x : . : ~ 
2\/Dt = constant = GC, Equation / 
and solving for D, one obtains 


D= 1/4t ( 


% 


) = Cex/t. Equation 8 


C, 
Substituting D from Equation 8 into the Arrhenius equation [ Equatiot 


(3)] results in the elimination of D: 


Cex'/t = De**™ Equation | 
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Left to Right: 
|,2,4, 8,16 and 24 hours 


20 30 40 SO 


Penetration, x, mils 
6—Hardness-penetration Curves for Ti-4Al-4Mn Heated in 


Fig 
Air at 871 C. 


ion! 
7.0 8.0 9.0 7.0 8.0 
Reciprocal Temperature, (°K)~', S x 10% 
a. Commercial Titanium dD. TI“SAl- 2.950 c. Ti-4Al-4Mn 


Fig. 7—Temperature Dependency of the Diffusion Coefficients. 
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Constant (C) 


40 60 80 100 120 140 
Increase in Hardness, AKHN 


a. Commercial Titanium- Equation (12) 


5.80 


Constant (C) 


40 60 80 100 !20 
Increase in Hardness, AKHN 
c. Ti-4Al-4Mn- Equation (14) 


6.00 


5.80 


5.60fF 


Constant (C) 


5.40 | 
iO 30 50 70 930 IIO 
Increase in Hardness, AKHN 
b. Ti-5Al-2.5 Sn- Equation (13) 


Fig. 8—Variation of the Constant ‘‘C’”’ 
with Knoop Hardness Increase. 


and taking logarithms to the base 10, 
log C2 + 2 log x—log t = log D.—Q/2.3RT Equation | 


If the Cs and D, constant terms are combined, and we solve for log 
the result is 


log x = C+ 0.5 log t—Q/4.6RT Equation 1! 


Knumerating, then, for a given level of contamination, C, R, and Q ai 
constants. The activation energy (Q) has been obtained for each all: 
already, and R is the universal gas constant. Therefore, we need only 
evaluate the constant (C) in order to have the penetration as a fun 
tion of time and temperature only. C can be evaluated by using th 
experimental values of x, t, and T with the known Q-value. The con 
stant C in Equation 11 was evaluated for three levels of contaminatio! 
for each of the three alloys, and the values obtained are plotted in Fig. $ 
The constants were found to vary linearly with degree of contaminatio! 
(A KHN).* It should be noted, however, that, for the commercial t! 
* Since the base hardness of commercial alloys will vary, it is more significant to expres 
the degree of contamination in terms of hardness increase than of absolute hardness leve 


This is a valid treatment only when diffusivity is not a function of the concentratior 
contaminants 
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9—Time-temperature Parameters for a Contamination Corresponding to an 


Increase in Hardness of 75 Knoop Points. 

“rT a — T . T 7 
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2000-1700°F 


093-926°C) 2000°F(1093°C) 
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Sommercial Titanium b. Ti-SAl-2.5Sn 
Fig. 10—Metal Loss After Being Heated in Air. 


+ 


inium only, it was necessary to make a correction in Q in order to make 


“Ca true constant. The general equations for the depth of penetration 
(x) in mils are: 


Commercial Titanium 

log x = C+ 0.5 log t—10700/1 
11-5Al-2.5Sn 

log x = C+ 0.5 log t—6430/T Kquation 13 
T1-4Al-4Mn 

log x = C+ 0.5 log t—6050/T, Equation 14 


Kquation 12 


where t is in hours and T is in degrees Kelvin. The appropriate value 
of C for any given degree of contamination studied may now be ob- 
tained from Fig. 8. The depth of penetration in mils may then be cal- 
culated for an arbitrary time and temperature for the degree of con- 


+ 


tamination selected. 
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Master plots ( Fig. 9) of the parametric equations have been ; 
an arbitrarily selected contamination equivalent to an increase ; 
ness of 75 Knoop points. The experimental points have been 
imposed to show the deviations. 


Metal Loss 


The information for the diameter changes that have been used + 
indicate metal losses has been obtained for 815 through 1093 °C (159 
through 2000 °F), and the data are plotted in Fig. 10. 

Since the measurements made indicate the volume changes resultin 
from diffusion or other related processes, it should be recognized that 
the net volume change is the result of at least two competing processes 
One of these is an increase in volume due to the interstitial diffusion 
of oxygen and/or nitrogen into the metal. The other is a decrease iy 
volume resulting from metal loss to the oxide layers and sublimation 
of the metal and/or metal oxides. 

The metal loss increases with time and temperature for commercial 
titanium except for the anomaly at 815 °C (1500°F) (for which ther 
was large scatter in the data). Because of the excessive experimental 
scatter, the metal loss for 926 to 1093 °C (1700 to 2000 °F) was indi 
cated as a range, rather than as discrete curves. 

No irregularities were found in the curves of the diameter changes 
for the Ti-5Al-2.5Sn alloy, and the data had less scatter than for th: 
other two alloys. 

For Ti-4Al-4Mn alloy, the metal loss is seen to increase with time 
and temperature except for some anomalous behavior in the data for 
815 and 871 °C (1500 and 1600 °F). However, the magnitude of th 
diameter changes in the anomalous regions is relatively small and may 
be due to experimental scatter. 


DISCUSSION 

The assumptions made for the boundary conditions and the use of 
the Van Ostrand-Dewey analysis of the hardness-penetration curves 
appear good. Although some of the hardness-penetration curves were 
inconsistent, and a few contained discontinuities, a sufficient number 
of tests were made to average out most of the gross experimental errors 
in the diffusion coefficients. It appears from the method of calculation 
used that the diffusion coefficients did not vary appreciably with con 
centration of the contaminants. There was some scatter in the D-values 
calculated for the various times and concentrations (hardness levels 
for a given temperature, but no definite trend was detected. The largest 
scatter in D-values was found for the commercial titanium, and this 
may signify that this alloy deviated further from the assumed boundary 
conditions than the other two alloys. 

The phases into which contaminants were diffusing were determined 
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microstructure studies. The structures of the commercial titanium 
the test temperatures of 871°C (16000°F) and below, and those 

f the ri 5AI-2.5Sn at 926°C (1700°F) and below, consisted pre 

minantly of alpha with a trace of beta due to the iron impurity. These 
structures were no different from the room-temperature structures. At 

91 °C (1800 °F), for the Ti-5A1-2.5Sn alloy, the structure contained 

uiaxed alpha plus a thin network of beta, whereas, at the higher test 

nperatures, all-beta structure existed. All-beta structures were indi 
-ated for commercial titanium at all test temperatures greater than 
26°C (1700 °F). For the alpha-beta alloy (Ti-4Al-4Mn), an alpha 
beta structure, unchanged from the room-temperature structure, pre- 
vailed at 815 and 871 °C (1500 and 1600 °F), with all-beta structure 
existing at higher test temperatures. Because of the change in the phase 
fields with temperature, one would expect to find abrupt changes in the 
temperature-dependency curves. The experimental data show no such 
breaks in the curves, and the conclusion may be drawn that the same 
mechanism of diffusion of the contaminants appears to prevail over the 
entire temperature range studied. The above behavior can also be ex 
plained if the rates of diffusion of the contaminants in the alpha and the 
beta are equal. This agrees with the work of Wasilewski and Kehl (11), 
who found indications that the difference in diffusion rates of oxygen 
in the two titanium structures was considerably less than in the case of 
nitrogen. 

for comparison purposes, some of the coefficients of diffusion avail 
able from other work have been plotted in Fig. 11, along with data 
from the present investigation. The data for nitrogen diffusion in alpha 
and beta and oxygen in beta are from Wasilewski, et al. The curve for 
the diffusion of oxygen in alpha has been plotted from the temperature 
dependency equation derived by Chalmers, et al. (12), from the activa 
tion energy obtained from internal-friction measurements and D, from 
the Dushman-Langmuir equation. 

The D-values obtained here are of the same order of magnitude as 
those obtained for oxygen diffusion. The activation energies of 58,800, 
and 55,500 cal/mole for Ti-5A1-2.5Sn and Ti-4Al-4Mn, respectively, 
are not far removed from the values of 48,000 and 48,200 cal/mole ob- 
tained by Chalmers and Wasilewski, respectively. All of these values of 
() appear abnormally high for an interstitial mechanism, and the value 
of QO for the commercial titanium is still higher. 

The diffusion coefficients for the air contamination of the Ti-4A] 
+Mn alloy are in very good agreement with the coefficients for the 
diffusion of oxygen into beta titanium, although the activation energies 
differ by approximately 15%. It appears that the contamination of the 
Ti-4Al-4Mn alloy may be controlled by the diffusion of oxygen through 
the beta phase even when the core structure is alpha in a conjugate beta 
matrix. This also explains the singular temperature dependency found. 
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‘or the other two alloys, both containing large amounts of 


the lower temperatures, one would expect diffusion in the alp| 


important. This appears to be the case for the Ti-5A1-2.5Sn all, 
its D-values correspond roughly with those plotted for the diff, 
oxygen in alpha. It should be remembered, however, that the ey; 
for oxygen diffusion into alpha is based upon one Q-valu 


internal-friction measurements and the Dushman-Langmuir eq 
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Fig. 11—Comparison of the Air-contami- 


nation Data with Previous Diffusivity 
Data. 


The commercial titanium alloy, which has less alloy content and 
which would be expected to agree more closely with the published data 
for iodide titanium, in fact does not agree as well as the other two alloys 
investigated. The activation energy for the contamination of commer 
cial titanium was found to be 75,300 cal/mole, in contradistinction t 
the published values of 48,000 cal/mole and 48,200 cal/mole for th 
diffusion of oxygen in alpha and in beta iodide titanium, respectively 
In spite of the large differences in activation energies, the diffusion co 
efficients for the commercial-titanium contamination are of the sam 
order of magnitude as the diffusivities of oxygen into titanium. It ma) 
be that some other process, such as a surface reaction or diffusio! 
through an oxide layer, controls the air contamination of the commer 
cial titanium. One might also propose the self-diffusion of titanium as 
the rate-controlling process, since the activation energy for this has 
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Fig. 12—A Comparison of the Contamination of Commercial Ti 
tanium, Ti-5Al-2.5 Sn, and Ti-4Al-4 Mn After a Hypothetical Ex 
posure of 10 Hours in Air. The criterion for each alloy is a hardness 
increase of 75 Knoop points 
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Fig. 13—-Comparison of the Metal Losses of Commercial 
Titanium, Ti-5Al1-2.5 Sn and Ti-4Al-4 Mn Heated in Air 
for 8 Hours. 
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Fig. 14—For Estimating the Depth of Contamination of Commercial 
Titanium from Combinations of Time and Temperature of Exposure to 
Air. This is based on the solution of log x —C + 0.5 log t —10700/T and 
C’=f(AKHN). Note: temperature, T, in the equation is in degrees 
Kelvin. 
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Fig. 15—For Estimating the Depth of Contamination of Ti-5Al 

2.5 Sn From Combinations of Time and Temperature of Exposure 

to Air. This is based on the solution of log x =C + 0.5 log t —6430/11 

and C—=f(AKHN). Nete: the temperature, T, in the equation is in 
degrees Kelvin. 


been estimated (18) from theoretical considerations to be 77,00) 
cal/mole. 

The parametric equations derived can be used to estimate the depth 
of a selected contamination level for any time-temperature combination 
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thin the conditions studied. Average deviations of the experimental 

‘nts from the master curves for a contamination corresponding to an 

crease of 75 Knoop points are approximately 28, 12, and 8% for the 
mercial titanium, Ti-5AI-2.5Sn, and Ti-4Al-4Mn alloys, respec 
tivel\ 

\ comparison of the contamination of the three alloys is given in Fig. 
|? for an exposure time of 10 hours. The T1i-5A1-2.5Sn alloy has the 
reatest resistance to contamination at temperatures above 871 °C 
/ 1600 °F). Commercial titanium and the Ti-5A1-2.5Sn alloys are about 
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Fig. 16-—For Estimating the Depth of Contamination of Ti-4Al-4Mn From 
Combinations of Time and Temperature of Exposure to Air. This is based 
1 the solution of log x=C-+ 0.5 log t —6050/T and C=f(AKHN). Note 
The temperature, T, in the equation is in degrees Kelvin. 


equal in this respect below 871 °C (1600 °F). For the alpha-beta alloy, 
Ti-4A1-4Mn, it is observed that the contamination resistance is inferior 
to that of the two alpha alloys up to about 926°C (1700 °F), where 
the resistance improves over that of the commercial titanium but not 
over that of the Ti-5A1-2.5Sn alloy. It is observed that both the Ti-4Al 
{Mn and the Ti-5A1-2.5Sn alloys, which have better high temperature 
resistance to contamination, contain aluminum, and the Ti-5AI1-2.5Sn 
alloy, which is the best, contains tin also. 

Fig. 13 gives the metal-loss data plotted as a function of tempera 
ture for an exposure time of 8 hours. It is seen that the Ti-5A1-2.5Sn 
alloy exhibits the greatest metal loss, and it was previously pointed out 
that this alloy also has the greatest resistance to contamination. It is 
believed that the tin content in the Ti-5A1-2.5Sn alloy increases the 
metal loss by increasing the free-scaling behavior, and may be instru- 
mental in limiting the contamination. 
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The information in this paper should be applicable to pr: 
which it is desired to prescribe maximum fabrication tempe1 
limit contamination. In each case, one must establish a criterj 
represents an acceptable contamination level at a given locat 
fabricated part. This can be done by associating the decreas: 
tility, for example, with hardness increase. Also, it is possibl 
for the decrease in final dimensions due to metal loss. Wile (| 
recently shown adaptations of some of the data in this paper t 
practice. 

Graphical solutions of Equations 12, 13, and 14 are presented j; 
nomographic form to facilitate calculations. These are contained 
Figs. 14, 15, and 16 and, by using only a straightedge, one may cal 
late the depth of contamination for any combination of time, tempera 
ture, and degree of contamination (A KHN). | 
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THE EFFECT OF SULPHUR ON THE PROPERTIEs 
OF TITANIUM AND TITANIUM ALLOYS 


By L. W. BerGcer, D. N. WILLIAMS, AND R. I. JAFFI 


Abstract 

Additions of up to 0.025 weight % sulphur to titaniu 
resulted in increased tensile strength and decreased dy 
tility. Further additions of sulphur, up to 0.45 weight 
had little effect on tensile properties. Sulphides were o 
served in the microstructures of titanium containing mor 
than 0.017 weight per cent sulphur. Sulphur had no effect 
on beta-to-alpha transformation temperatures. Very small 
additions of sulphur effectively refined the grain size of ti 
tanium and titanium alloys, both in the as-cast and as 
wrought conditions. (ASM-SLA Classification: Q23. M27, 
Tt) 


INTRODUCTION 


HE ALLOYS of titanium and sulphur have not thus far bee: 

extensively investigated. Although several Ti-S compounds hay 
been prepared and tentatively identified (1-4),1 a Ti-S diagram has 
not yet been published. It has been shown, however, from the work 
Goldhoff, et al (5), that the solid solubility of sulphur in alpha titaniw 
is probably very low in wrought and annealed (1450°F) commercial 
purity titanium, on the order of 0.02 weight % sulphur. 

The earliest work showing the effect of sulphur on the mechanic: 
properties of titanium is by Goldhoff, et al (5), in which TigS, was 
added to commercial purity titanium. Tensile evaluation of these alloys 
which contained up to 0.68 weight % sulphur, indicated that sulphu 
in titanium caused a marked strengthening effect at all sulphur levels 
with a corresponding decline in ductility. 

A more recent examination of the effect of sulphur on the mechanica! 
properties of titanium has been made by Sutcliffe (6). Using spong 
titanium and a laboratory prepared Ti-S master alloy for the addition 
of sulphur, it was found that an addition of approximately 0.1 weight 
% sulphur (the smallest amount added) resulted in a marked increas 
in tensile strength and a corresponding decrease in elongation and im 
pact strength. Further amounts of sulphur, up to 1.05 weight %, re 
sulted in only negligible strengthening, but elongation and impact 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-eighth Annual Convention of the Society, 
held in Cleveland, October 8 to 12, 1956. Of the authors, L. W. Berger is principa! 
metallurgist, D. N. Williams is assistant chief and R. 1. Jaffee is chief, Nonferrous 
Physical Metallurgy Division, Battelle Memorial Institute, Columbus, Ohio. Man 
uscript received April 16, 1956. 
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continued to decline, although to a lesser extent than that 
might have been expected based on the effect of 0.1 weight % 


n this paper, the results of additional study of the effects of sulphur 

sponge-base binary Ti-S alloys are reported. Also, the effects of 
iphur in iodide-base binary Ti-S alloys have been determined, as well 
; the effects of minor amounts of sulphur in various commercial and 
<perimental titanium alloys. These data serve to clarify certain dis 
epancies in the earlier experimental work and to give added informa 
in on the effects of sulphur in titanium and titanium alloys. 


EXPERIMENTAL PROCEDURI 


Preparation of Materials 
\ll alloys were inert-electrode arc-melted on a water-cooled copper 
hearth under a static argon pressure of from 15 to 20 cm of mercury, 
ind inverted and remelted from four to six times to insure homogeneity. 
[he ingot sizes and compositions are shown in Table I. Two series of 
ingots were melted—sponge-base alloys using commercially obtained 


Table I 
Ingot Size and Composition of Binary Ti-S Alloys 


Melt Size, Sulphur Content, wt % Oxygen Content ™, 
grams Intended Analyzed wt % 


Sponge-Base Alloys Using Commercially Obtained TisS« 


ht 
AIMAMMAUIn UY 


0 
0 
0.95 

1.90 


Iodide-Base Alloys 


0.005 
0.51 
0.72 
1.64 


Using Laboratory- 


Prepared Ti-S Master Alloy 


0 
0.01 
0.02 
0.03 
0.04 
0.05 
0.10 
0.20 
0.50 
1.00 
5.00 
10.00 
15.00 
20.00 


nalysis of fabricated sheet. 


<0.002 


0.004 
0.009 
0.017 
0.028 
0.019 
0.057 
0.093 
0.25 

0.45 

3.99 

8.29 
13.! 
18 


0.17 
0.26 


0.52 


0.066 


1) 099 


lis54 and iodide-base alloys using a laboratory-prepared Ti-S master 
‘loy. The master alloy was prepared by gradually heating the elements, 


tat 


tanium and sulphur, in an evacuated and sealed Vycor tube from 1400 
to 1/50 °F and holding for 1 hour. The resultant product could be 


‘Tt! 


rushed easily and contained 23.3 weight % sulphur by analysis. 
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Five sponge-base titanium alloys were melted as 100-gra: 
[Included were the following compositions : Ti-4Mo, Ti-16Mo, 
4V, Ti-8V, and Ti-20V. Half of each ingot was remelted wit! 
Ti-S master to give a sulphur content of 0.2 weight %. 

It was found that sulphur could also be added as a metal sulphi 
identical results. For example, molybdenum disulphide could | 
in place of the T1-S master in the molybdenum alloys. 

All of the ingots were forged at 1800 °F to approximately) in 
square and then rolled to 0.040-inch sheet at 1300 to 1500 °F, depe; 
ing on composition and alloy type. All of the alloys fabricated wit 
difficulty, except the high alloy ingots containing 4 weight % o. 
sulphur. These alloys were quite brittle and could be used only for | 
ness and microstructural examination. 


Methods of Evaluation 


Tensile specimens with a reduced section of 0.040 x 0.25 x 1,2: 
inches and a gage length of 1 inch were tested using a crosshead speed 
of 0.02 inch per minute. Stress-strain data were obtained by means 
strain gages and a strain indicator. The undeformed tensile ends pr 
vided material approximately 0.375 x 0.75 x 0.040 inch for bend san 
ples, which were tested on a series of V-bend dies with 105-degre 
included angle. 

Samples for grain-size evaluation were encapsulated in Vycor under 
argon and annealed for various times. Grain-size measurements wer 
made by means of Heyn’s intercept grain-size method (7). 


DISCUSSION OF RESULTS 
Binary T1-S Alloys 


Mechanical Properties 


The effects of sulphur (added as TigS4) on the tensile properties oi 
commercial purity titanium are shown in Fig. 1. The data show 
marked strengthening effect at all sulphur levels with a progressiv 


decrease in ductility. The results shown here are similar to those ol 


tained by Goldhoff, et al (5), and it might be concluded that the prev 
ously obtained results are valid. However, it should be noted fron 
Table I that considerable oxygen has been introduced into the alloys 
by the addition of the commercially obtained TigS4. When the effects 
of oxygen on the tensile properties of titanium (8) are taken int 
account, it is apparent that the strengthening effects shown in Fig. | 
are caused for the most part by oxygen introduced with the TigS, addi 
tion and not by sulphur. 

The effects of sulphur (added as Ti-23.3S master) on the mechanical 
properties of high purity titanium are summarized in Fig. 2 and Tabl 
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The Effect of Sulphur on the Tensile Properties of High Purity 


Titanium Hot-Rolled and Annealed at 1450 °F for 1 Hour. 


\lthough there was some variation in oxygen content, as shown in 


} 


ble I, this variation was slight. 


the data shown in Fig. 2 indicate that sulphur additions have a 


strengthening effect up to about 0.025%, but beyond this point there 
is only a slight increase in strength. Elongation and reduction in area 
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Table II 
Hardness and Bend Properties of High Purity-Base Ti-S Alloys 





Sulphur Addition, wt % VHN (10-Kg Load) send Duct 
Intended Analyzed W rought“™ (Long 
0 <0.002 113 
0.01 0.004 i 13 
0.02 0.009 3% 3 
0.03 0.017 33 
0.04 0.028 3 
0.05 0.019 a 
0.10 0.057 4 
0.20 0.093 3 
0.50 0.25 3 
1.00 5 
5.00 a 
10.00 8 
15.00 1 
20.00 l 


fF 
9 

0.45 5 

3.99 

3.29 

3.5 

8.5 


(a) Hot-rolled and annealed 1 hour at 1450 °F. 
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Fig. 3—Tentative Phase Diagram as Determined by Thermal Anal- 
ysis and Microstructural Studies of High Purity Titanium-sulphur 
lloys. 


also show corresponding behavior, with an initially sharp drop followed 
by a gradual decline in ductility. There is little effect on uniform elonga- 
tion. Only the alloy containing 0.45% sulphur showed a drop in ben¢ 
ductility as indicated by the data given in Table IT. 

From the data of Sutcliffe (6), it would appear that the indications 
discussed above would hold for alloys containing up to at least 1.05% 
sulphur. As can be seen from the hardness data given in Table ll, 
higher sulphur contents, from 3.99 to 18.5, are quite hardening ané 
produce very brittle materials. 

The initial sharp increase in strength appears to be related to tht 
solubility of sulphur in titanium. Sulphides were first observed in tht 
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; Microstructures of As-cast High Purity Ti-S Alloys. Etchant: 14% HF, 
HNOs, 95% HeO. Fig. 4a—Unalloyed Titanium. Fig. 4b—Ti-0.028S. Fig. 4c— 
Ti-0.45S. x250. 
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Fig 4—Microstructures of As-cast High Purity Ti-S Alloys. Etchant: 14% HF 
HNOs, 95% H2O. Fig. 4d—Ti-3.99S. Fig. 4e—Ti-13.5S. Fig. 4f—Ti-18.5S. x5 
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10% HF, 50% HeO. x250. 


Lactic Acid, 10% HNOs, 


structure at 0.017 weight % sulphur and increased in amount with 
r sulphur contents. It seems reasonable, therefore, to attribute the 
sharp increase in strength to solid solution hardening with 


bsequent leveling off occurring at the formation of sulphides in 


icrostructure. 


Phase Diagram 
though this research was not directed specifically toward the de 
nation of the Ti-S diagram, several observations relating to the 
-S phase relationships were made during the course of experimenta 
litanium has a Goldschmidt atomic radius of 1.47 kx while that 
iphur is 1.04 kx. On the basis of the atomic size, it is reasonable 
ect a very limited amount of sulphur to be soluble in titanium. 
les were first observed in the microstructure of a Ti-0.017S 
licating a very low room temperature solubility, between 0.009 
17 weight % sulphur, in alpha titanium. Attempts were made 
mine the effect of small amounts of sulphur on the beta transus. 
er, neither thermal analysis nor quenching studies revealed any 
ice in beta transus, as shown in Fig. 3. It is likely that the effect 
hur on the transition temperature is of the order of magnitude of 
ental error, i.e., several degrees F. A peritectoid reaction is 
in Fig. 3 since there are indications from grain-size studies above 
w the beta transus that sulphur is less soluble in beta than in 


}f) 


tanium. 





TRANSACTIONS OF THE ASM 


oO 
Oo) 





Average Grain Diameter, mm 


010 o15 O.20 025 0,30 
Weight % Sulphur 


Fig. 6—The Effect of Sulphur on the Grain Size of High Purity Titaniu: 
Sheet Hot-Rolled and Annealed at 1450 °F for 1 Hour. x250. 
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ig. 7—The Effect of Sulphur on the Grain Growth at 1700 and 
°F of High Purity Titanium Hot-Rolled and Annealed at 
1450 °F for 1 Hour. 


The microstructures of a series of as-cast high purity Ti-S all 
are shown in Fig. 4. Those structures indicate the presence of a bet 
titanium-sulphide eutectic with as little as 0.25 weight % sulphur. Th: 
3.99% sulphur alloy contained primary beta (transformed to alpha 01 
cooling) dendrites in a eutectic matrix (Fig. 4d). Primary sulphides 
in a eutectic matrix were observed at 13.5 and 18.5% sulphur (Figs. + 
and 4f ). These microstructures also revealed a third constituent, whic 
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—Microstructures of As-cast Ti-6A1-4V Showing the Grain Refining Networks 
Adding 0.2 Wt % Sulphur Etchant: 14% HF, 3%% HNOs, 95% H2O 
Fig. 8a—Ti-6Al1-4V. Fig. 8b—Ti-6A1-4V-0.2S. x100. 


bably another sulphide formed peritectically at high temperature 
retained by rapid cooling of the chill-cast ingots. 
he tendency to form eutectic networks resulted in a remarkable 
ent of the as-cast grain size. This refinement was also noted in 
se of titanium alloys to which sulphur had been added. Although 
tworks were broken up by working and annealing, as shown in 
), the grain refining action was not lost. 
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Grain Size 

The addition of sulphur to titanium results in consider 
refinement in hot-rolled and annealed sheet, as shown in Fig 
ment occurs with the first addition of sulphur, about 0.004%, 
off at about 0.05% addition. These data indicate a potential u 
of small sulphur additions for purposes of grain refinement. 

The effect of sulphur on the grain growth of high purit) 
at 1700 °F (beta field) and 1550°F (alpha field) is shown i: 
There appears to be a tendency in the alloys containing sulph 
grain growth to take place more rapidly in the alpha field (1 
possibly indicating greater. solubility of sulphur in alpha titaniu 
in beta. This would suggest that a peritectoid reaction exists i 
Ti-S system. 


Titanium Alloys Containing 0.2 Per Cent Sulphw 


The effect of 0.2% sulphur on the mechanical properties of five: 
mercial purity-base titanium alloys is shown in Table IIT. The 0.2 
offset yield strength is increased considerably in all of the alloys | 


Table III 
Mechanical Properties of 0.040-Inch Sheet Samples of Commercial 
Purity-Base Titanium Alloys Containing 0.2% Sulphur 


0.2% 
Nominal Offset % R 
Composition, Yield Tensile Elongation, % duct 
wt % VHN (10-Kg Load) Strength, Strength, _in 1 inch in Area, | 
(Balance Ti) As-Cast Wrought psi psi Uniform Total Te 


4Mo 253 
4{Mo-0.2S 2 


3 221‘) 69,000 81,000 ] 
53 217) 85,000 96,000 1 


16Mo 5 298%) 81,000 111,000 
16Mo 0.28 7 277») 99,000 122,000 


6Al1-4V < 331™ 137,000 149,000 
6Al1-4V-0.2S : 344) 145,000 156,000 


RV 9 944(a) 87,000 100,000 
8V-0.2S 27 23g (a) 93,000 104,000 


20V ‘ 262%) 82.000 1 
20V-0.2S 333 292(») 96,000 I 


11,000 14 
11,000 14 


(a) Held % hour at 1300 °F, furnace-cooled to 1100 °F, held 1 hour, and air-cool 
>) Held % hour at 1500 °F and water-quenched. 


sulphur addition. In all cases, except for the Ti-20V alloy, there 1s als 
an increase in tensile strength. Sulphur lowers bend ductility and 1 
duction in area slightly, but has little effect on elongation. 
Sulphides were observed in the microstructures of all alloys contat 
ing sulphur. The cast structures of all alloys showed grain refining 
works, similar to that illustrated in Fig. 8. The alpha-beta and bet 
grain sizes of the wrought and heat treated alloys containing sulphu! 


net 
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finer, but the differences were not as striking as in the case 
st structures. 


CONCLUSIONS 


this investigation, the following conclusions regarding the 
f sulphur in titanium and titanium alloys can be drawn: 


\dditions of up to about 0.025% sulphur result in considerable 
thening of titanium with a corresponding sharp decline in ductil- 
he initial sharp increase in strength occurs before sulphides are 
ntered in the microstructure and appears to be caused by solid 
ion hardening. 
2. Further sulphur additions beyond about 0.025% and up to 0.45% 
use only a slight increase in strength and a slight decline in ductility. 
he room-temperature solubility of sulphur in titanium is between 
109 and 0.017 weight % sulphur. 
‘hermal analysis and microstructural studies indicated little effect 
sulphur on the beta transus of titanium. 
5. Sulphide networks are formed in titanium containing as little as 


= 


 ¢ 


sulphur on casting and act as effective grain refiners in cast 
ys. These networks may be broken up by subsequent working and 


nneaiing. 
‘ 


f) 


dditions of as little as 0.004% sulphur refine the grain size of 
th as-cast and wrought titanium, while the maximum practical effect 
btained with about 0.05% sulphur. 
7. Considerable grain growth occurs in sulphide-containing alloys 
innealing for long times high in the alpha field, but only slight grain 
erowth occurs in annealing in the beta field. 
s. Additions of 0.2% sulphur to titanium alloys containing molyb- 
lenum, vanadium, or aluminum plus vanadium cause a considerable 
crease in yield strength with only a slight decline in ductility. This 
mount of sulphur was also sufficient to cause grain refinement in both 
he as-cast and wrought conditions. 
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DISCUSSION 


Written Discussion: By R. A. Perkins, research metallurgist, Metals Res 
Laboratories, Electro Metallurgical Company, Niagara Falls, New Yo 

The Metals Research Laboratories of the Electro Metallurgical Compan, 
investigated the hardness, structure, and workability of titanium buttor 
containing up to 0.7% sulphur. These ingots were made using sodium-r 
sponge of a nominal 0.08% oxygen content and elemental sulphur powder 
though our results in general agree with those of the authors and other invest; 


Hardness 


© - Battelle — As-Cast'—VHN 
@- Battelle — Wrought — VHN 
+- Metals Research Labs.—As-Cast—BHN 


il ire Paceline crt Eo esl 
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Fig. 9—Effect of Sulphur on Hardness. 


tors, we cannot concur with the authors’ conclusion that the major eifect 
sulphur occurs in the range of nil to 0.025% as a result of solid solut 
strengthening. 

The increase in strength and decrease in ductility observed in this range « 
very well be due to the 50% increase in oxygen content (from 0.066 to 0.0% 
By calculation, this would raise the hardness about 20 Vhn units and the strengt 
about 6000 psi.* The authors’ data show an increase of 20 Vhn units and S00 | 


2H. R. Ogden, and R. I. Jaffee, “The Effects of Carbon, Oxygen, and Nitros 
Mechanical Properties of Titanium and Titanium Alloys,’”” TML Report No. 20, October 
1955, 17-24. 





SULPHUR IN TITANIUM ALLOYS 


ave considerable doubt as to whether or not sulphur has a significant 
ution strengthening effect. We believe that the effect of sulphur on hard 

rogressive in nature and is due primarily to increasing amounts of the 

phase, the microhardness of which we have measured to be about 750 
Vhn. This is illustrated by our data as plotted in Fig. 9. 

fect of sulphur on ductility is much more important than its effect on 
; or strength. The hard, brittle sulphide phase would be expected to exert 


und effect on ductility, particularly as it becomes more abundant in the 





As-Cast 
Hot-Worked, 
Annealed - 700°C 


Hot-Worked, 
Annealed-!OI5°C 


0.1 0.2 0.3 0.4 OO. 0.6 
Residual Sulphur, Weight % 


10—Effect of Sulphur and Sulphide Distribution on Ductility 


tructure. Also, the ductility would depend to a large extent on the continuity and 
istribution of the sulphide. The authors’ data indicate little change in ductility 
eyond 0.05% sulphur, although these alloys contained widely different amounts 
f sulphide phase. Most likely, this is the result of a very favorable dispersion of 
his phase during working and annealing the specimens. The work of R. C. Martin 
it these Laboratories clearly demonstrates the effect of sulphide distribution on 
luctility. He used a cold-rolling test to measure ductility of both cast and wrought 
metal, taking the per cent reduction in thickness before cracking as a measure of 
luctility. As shown in Fig. 10, ductility decreased in a progressive fashion with 
increasing sulphur. As would be expected from the microstructure, small amounts 
f sulphide phase severely embrittled the metal. Hot working followed by anneal- 
ing at 700 °C. coagulated the sulphides to some extent but did not break up net- 
rks in the structure, resulting in only slight improvement in ducility. Anneal- 
ng for 16 hours at 1015 °C. coagulated the sulphides into massive discreet islands 
and restored ductility to a very large extent. Thus, it can be seen that the ductility 
t sulphur-bearing titanium is dependent to a far greater extent on dispersion of 
lphides than on the actual sulphur content. 


\s reported by the authors, no difficulties were experienced in hot working 
loys with up to 1.0% sulphur. However, we have determined the upper limit for 
ot working to be between 1015 and 1215 °C. Melting of the titanium sulphide 


s¢ 


tic in an alloy with 0.4% sulphur occurred on heating at 1215 °C. 
Written Discussion: By Donald C. 


Buffum, Ordnance Corps, Watertown 
\rsenal, Watertown, Massachusetts. 
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The data presented by the authors cover many of the properties of t! 
under investigation and it is regretful that the presence of oxygen hy 
results obtained. The authors recognize this point in their discussions of ¢ 
base Ti-S alloys but state that the contamination in the iodide bas« 
slight. According to Ogden and Jaffe (Ref. 8), even this slight conta: 
sufficient to cause the changes in tensile strength and reducing in area 
in Fig. 2. Did the authors obtain oxygen analysis of the titanium alloy 
without sulphur ? 

The titanium alloys investigated contain enough of the alloying elem: 
cases to retain large amounts of beta upon quenching from the solutio1 
Did the authors investigate the possible presence of omega and if so do 
have any effect upon the formation or decomposition of this evasive stru 


Authors’ Reply 

The point raised by both Mr. Buffum and Mr. Perkins concerning oxy; 
tamination in the iodide-base alloys is well taken. It was recognized 
paring the titanium-sulphur master alloy that it would be extremely difficult + 
avoid slight contamination of this material and subsequently of the all 
prepared. It should be recognized, however, that such introduction of c 
should be proportional to the amount of sulphur present in the alloys. As 
seen in Table II and Fig. 2, this is not the case. There is an initial sudde: 
hardness and strength followed by a much more gradual increase. 

We have concluded that the initial sudden increase in hardness and strengt 
real, although possibly higher due to slight contamination and that further ris: 
trends in hardness and strength are most likely caused by the dispersion 
of the sulphide phase in alpha titanium. 

With regard to Mr. Buffum’s other questions, we did not analyze for 
in the case of the titanium alloys with and without sulphur. Since there is a loy 
ing of hardness with sulphur for the 4Mo, 16Mo, and 8V alloys, as seen in Tal 
III, it is evident that the effects described in the case of these materials is 1 
to oxygen contamination, since oxygen invariably increases hardness 

No direct evidence of the effect of sulphur on the omega reaction in titaniu 
alloys has been obtained. However, we have recently had occasion to investiga‘ 
the 800-1000 °F age hardening response of several alloys with and without su! 
phur. The course of the reactions was studied by hardness measurements. In get 
eral, only minor differences in aging behavior were noticed, and these differet 
could be attributed to experimental error. However, in the case of the 8V allo) 
quenched from 1300°F and aged at 800°F, a real difference was noted. Bot! 
alloys quenched to identical hardnesses of 322 Vickers, but while the Ti-8V all 
softened on reheating at 800 °F for as short a time as 15 minutes, the Ti-8V-0.25 
alloy showed a marked increase in hardness followed by a subsequent decline wit! 
aging time. Whether or not these hardness variations can be attributed to 
change in the tendency toward omega formation due to the higher sulphur 
tent cannot be stated at present, since no x-ray studies were made to detect the 
possible presence of omega. 

Except for the point concerning the initial strengthening increase as found | 
our work and discussed above, we are in essential agreement with the additiona’ 


data presented by Mr. Perkins and would also conclude that the distribution of t 


sulphide phase is essentially responsible for the ductility effects in binary titanium 
sulphur alloys. 





RELATIONSHIP BETWEEN HEAT TREATMENT, 
STRUCTURE, AND MECHANICAL PROPERTIES 
OF A TITANIUM ALLOY CONTAINING 
4% Cr AND 2% Mo 


By A. W. GOLDENSTEIN AND W. ROSTOKER 


Abstract 

A TTT diagram was constructed for this alloy. On the 
asis of these results the tensile and impact properties were 
related with temperature-time coordinates of heat treat 
ment. Experiments were conducted to separate the individ 
ual effects of alpha platelet size and original beta grain size 
on the mechanical properties of alpha-beta structures. 
ASM-SLA Classification: N6, Q general, J general, T1) 


INTRODU< TION 


HIS PAPER reports on the results of experiments which were 
f jeseselr to uncover basic behavior trends rather than demonstrate 
the potential usefulness of the single titanium alloy. In the majority of 
itanium alloys, the origin of heat treatability is the precipitation of the 
pha phase from supersaturated beta. The 4% Cr-2% Mo alloy falls 
into this group although constitutionally, at low temperatures, a two 


fold precipitation of alpha and TiCr2 must ultimately develop. 
Toward the objectives mentioned, a TTT diagram was constructed ; 
icrostructures and tensile and impact properties were evaluated and 
orrelated with the temperature-time coordinates of heat treatment. On 
he basis of these results, special experiments were devised to estimate 
the magnitude of the influence of the dimensions of the alpha precipitate 
ind of the original beta grain size on mechanical properties. 


MATERIAL AND PROCEDURES 


t 


Wate {2 


g inch thick) and all originated from the same heat (TMC 
Heat No. L878 Ti42). Spot analyses disclosed some variations in 
hromium (3.94-4.46% ) and molybdenum (1.91—2.09%) and _ total 
loy content (5.85-6.47% ). Analyses for interstitial contents ran as 
‘ollows: oxygen (0.117%); nitrogen (0.026%); carbon (0.052%) ; 
hydrogen (0.0086% ). 


(he material was provided in the form of bar (11% inch thick) and 


h conducted under U.S. Army Ordnance Contract No. DA-11-022-ORD-1292 
Force Contract No. AF 33(616)-2559. 


Vir 


and 


iper presented before the Thirty-eighth Annual Convention of the Society, 
in Cleveland, October 8 to 12, 1956. Of the authors, A. W. Goldenstein is as 
t metallurgist, and W. Rostoker is supervisor, Physical Metallurgy Section, 
Research Department, Armour Research Foundation of Illinois Institute of 
logy, Chicago, Illinois. Manuscript received December 12, 1955. 
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The rolling direction could not be ascertained from the exte: 
pearance of the pieces received nor from the microstructure in ¢| 
received state. Nevertheless, all blanks for the Charpy impact specin 
were cut with the long dimension in the same direction in the 5¢ jy 
thick plate. Tensile specimens were cut from % inch round bars forg; 
from one of the 1% inch thick bars. 

Solution treatments at 1000 °C (1830 °F) were conducted in a hor; 
zontal tube furnace dynamically purged with helium. An arrangemen 
was contrived whereby the specimen being heat treated could be wit! 
drawn and quenched with only momentary contact with the air. [s 
thermal transformations were conducted in temperature controll 
lead baths. All test pieces were heat treated prior to machining. In th 
special experiments designed to coarsen the beta grain size, specimens 
were sealed in quartz bulbs under reduced pressure of argon and heat 
treated in Globar furnaces capable of reaching temperatures of 1300 °% 
(2372 °F). 

Tensile test pieces of the shoulder type were machined to dimen 
sions : 0.252 inch test diameter by 1 inch gage length. V-notch Charp 
type impact test pieces made by milling and grinding were of the stand 
ard dimensions adopted for steel. 

All conditions of heat treatment were tested in duplicate. Metall 
graphic structures exhibited are taken directly from sections throug! 
test pieces. Metallographic preparation was largely by electro-polishing 
followed by etching in a solution containing 20 parts HF, 20 parts 
H NOs, and 60 parts glycerine. 

The transformation kinetics were mapped at a series of undercooling 
temperatures by repeated use of the following procedure: solution treat 
at 1000 °C (1830 °F) for 20 minutes — quench to lead bath at T °C 
hold for time t > water quench. 

The degree of transformation was judged by metallographic observa 
tion and by electrical resistivity measurements (1).' The two methods 
corroborated each other satisfactorily. At temperatures below the kne 
of the TTT curves resistivity methods prove far more useful than 
metallographic examination in following the progress of transformation 


er 


TIME-TEMPERATURE- TRANSFORMATION CHARACTERISTICS 

The resultant TTT diagram is shown in Fig. 1 with superimposed 
data points. The B/a + 8 transus temperature was bracketed between 
750 and 800 °C (1380 and 1470 °F). The alloy develops the martensitic 
phase, a’, in profusion on water quenching. The Ms temperature was 
determined by the modification of the Greninger-Troiano method out 
lined in a previous publication (2). Except in the narrow temperatur 
range above 650°C (1202°F), precipitation of alpha is complete in 
five minutes or less. Accordingly, it may be anticipated that heat treat- 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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x-Resistance Critical Points 


B/a+B Boundary 775°C t 25° @-Metallographic Critical Points 


! 


Ms=480°C +10° 


10 
Time, minutes 


Fig. 1—TTT Diagram for the 4% Cr-2% Mo Alloy. 


ibility must primarily derive from the temperature dependence rather 
than the time dependence of phase configurations. 

Proeutectoid alpha is rejected at elevated temperatures in a coarse 
Widmanstatten pattern. With successively lower transformation tem- 
peratures, the alpha platelet thickness decreases. Below 550°C 

1020°F), the Widmanstatten pattern is barely discernible. On quench- 
ing from the isothermal holding temperature, the beta phase either 
transforms to a’ or is retained. In the early stages of transformation the 
a’ phase is prevalent in microstructures due to the minor enrichment 
of the beta phase, but in later stages the beta is enriched to compositions 
whose Ms temperatures are below room temperature and is accordingly 
retained on quenching. With holding times of as much as four hours, 
no metallographic evidence was found for the occurrence of the inter- 
mediate phase TiCro. 


RELATIONSHIPS BETWEEN MECHANICAL PROPERTIES AND 
Heat TREATMENT 

Heat treatment temperatures and times were chosen in an arbitrary 
but systematic manner. Although this alloy in some instances begins 
to transform within seconds, it was felt that no technical significance 
could be attached to heat treatments of less than five minutes duration. 
In several instances, at lower temperatures, prolonged anneals of four 
hours duration were conducted to detect any effects occurring after the 
completion of alpha precipitation. The average data are graphically 
summarized in Figs. 2 and 3 on temperature-time coordinates as a super- 

position on the curves for beginning and end of transformation. 
These data indicate two conditions of heat treatment which develop 
brittleness. In one instance, transformations at 750°C (1380°F) (and 





TRANSACTIONS OF THE ASM 


Water-Quench 
Ultimate Tensile Strength 
B/a+B Boundary Reduction in Area 
; Elongation 
129,400~ 121,600 128,200 
e o ¢ 0 e oO 


°C 


0 | | 
135,000 124,400 es 
e 2 $38.50 55 
5 


| 
@'142,400 @1!4,800 
18.5 39 
137,300 8.5 14.5 
ie © 


Temperature 


5 
@!62,000 146,300 @ 
9.5 7 
173,400 4 4 163,200 
4@ oe 4 
2 


lO 
Time, minutes 
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presumably at higher temperatures ) irrespective of time and at 700% 
(1290 °F) in the early stages are to be avoided. In the other instance 
there is a sharp and progressive loss in tensile ductilities produced | 
heat treatment below 600 °C (1110 °F), although at some considerab'; 
gain in strength. Prolonged annealing at 500, 550, and 600°C (93 
1020 and 1110 °F) produces little or no gain in tensile ductility, but i 
most cases, a significant drop in strength. The general temperature-tim 
conditions for poor impact strength are about the same as for tensil 
ductility. There seems to be a correlation, for completed states of trans 
formation, between the ratio of impact strength at —40 °C (—40°F 
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Fig. 3—Averaged Impact Strengths (Room Temperature and —40 °C (—40 °F) Super 
imposed on the TTT Diagram. 
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at room temperature and the transformation temperature. 
the state of completed transformation, the tensile strength of 
is plotted against transformation temperature in Fig. 4. The 

e of data for two other alloys are shown for comparison (3). 
ire two basic trends—one with a monotonic rise in strength 
decreasing transformation temperature and one with an initial 
in strength followed by a sharp rise from a minimum. It should 
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Fig. 4—Correlation of Ultimate Tensile Strength with 
Transformation Temperature for Three Alloys. 


be emphasized at this point that these mechanical properties refer to 
mixtures of alpha and beta—the transformations having been carried 
beyond the occurrence of any transition phase effects. 

The question has been raised in the past few years as to what struc- 
ural factors in an alpha-beta alloy influence the tensile strength. Two 
viewpoints have been presented in the literature. One (4) suggests 
that, on the basis of the behavior of Ti-Mo alloys, the size of the alpha 
platelets precipitated from the beta is the predominant factor. Accord- 
ingly, the lower the transformation temperature, the stronger the 
structure developed. The other viewpoint (5), based on limited work 
with Ti-Mn alloys, represents the controlling factor as the proportion 
{ alpha (which is presumably low in strength) and the proportion of 
eta (which is presumably high in strength). Accordingly, the tensile 
strength should decrease with decreasing transformation temperature. 
It is suggested that both of these viewpoints are correct, but under 
different sets of circumstances. 
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Part of the reconciliation centers around the strength of the } 
phase. With some alloy systems (e.g. Ti- Mo) the strength of the } 
phase is low and not markedly dependent on the molybdenum conten: 
Accordingly, the relative proportion of alpha to beta should not play 
primary role. But the retained beta and mixtures of a’ and beta, as fo; 
example in alloys with 5—11% Cr (6), are very hard and strong, |; 
generally felt that this anomalous hardness is not an intrinsic effec 
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Fig. 5—Diagrammatic Illustration of Heat 
Treatments Designed to Develop Variation in 
the Alpha Platelet Size. 


but related to the practical insuppressibility of transition phase forma- 
tion in the beta phase. The same sort of behavior is encountered in r 
tained beta and a’ plus beta structures in Ti-Mn and Ti-Fe alloys. Now 
with higher chromium or manganese contents (of the order of 12 
15%), a soft and relatively low tensile strength retained beta can b 
obtained. Thus it might be reasoned that with a 7% Cr alloy, the 
tensile strength should drop with decreasing temperature as the beta 
phase decreases in proportion and is enriched beyond the compositions 
which are hard, strong and brittle. With successively lower tempe! 
atures, however, the alpha size effect takes over and a rise in strength 
develops. This line of thought may be reasonably applied to the be 
havior of the 7% Mn and the 4% Cr-2% Mo alloys described in Fig. 4 


Tue INFLUENCE OF ALPHA PLATELET SIZE ON TENSILE PROPERTIES 
In both of the previous discussions (4,5), the factors contributing 
to the strength of an (a + 8) structure were really inferred, since whilt 
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Figs. 6 and 7—Microstructures of Specimens Annealed at 650 °C 
(1200 °F) After Prior Anneal, Fig. 6 at 750 °C (1380 °F). Fig. 7 
at 700 °C (1290 °F). x500. 


the a/8 ratios were varied so also was the alpha size and while the 
ilpha size was being varied so also was the a/B ratio. A series of heat 
treatments were devised for the 4% Cr-2% Mo alloy whereby all 
tactors were rendered invariant except the size of the alpha platelets. 

This was accomplished in the following manner. If one isothermally 
transforms specimens of this alloy at a succession of temperatures and 
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Figs. 8 and 9—Microstructures of Specimens Annealed at 650 °C 
(1200 °F) After Prior Anneal. Fig. 8 at 600 °C (1110 °F). Fig. 9 
at 550 °C (1020 °F). x500. 


then follows this treatment by a second anneal (directly up or dow! 
quenching ) at 650 °C (1200 °F) for sufficient time to develop secondary 
equilibrium, the size of the alpha platelets will be characteristic of th 
initial temperature of transformation and the composition and propor 
tions of the alpha and beta phases will be characteristic of the 650°! 
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Fig. 10—Tensile Properties vs Prior Transformation 
Temperature (Final Anneal at 650 °C (1200 °F). 


1200°F) anneal. Fig. 5 graphically illustrates this procedure. The 
iriations in dimensions of the alpha phase can be appreciated from 
the microstructures in Figs. 6, 7, 8, and 9. The retention of the original 
lpha size is only possible because adjustments of interphase chemical 
quilibrium are much more rapid than adjustments of interfacial 
nergies. 

By heat treating in this fashion, the only variable between specimens 
s the size of the alpha platelets. The results of tensile testing are shown 


I 
ty | 


‘ig. 10. It may be seen that reduction in the dispersed phase dimen 
ons (as characterized by the initial transformation temperature) can 
mtribute a strengthening of the order of 30% at the proportion of 

pha to beta developed by the 650 °C (1200°F) anneal. There is also 

ronounced effect on tensile ductilities. 


INFLUENCE OF ORIGINAL BETA GRAIN SIZE ON 
MECHANICAL PROPERTIES 
ierrous technology one is accustomed to consider the austenitic 
size to be a matter of some importance. The parallel parameter 
in titanium metallurgy is the original beta grain size. The question of 


rom 
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its importance does not seem to have attracted any serious considera 
tion. 

The beta grain sizes of specimens of the 4% Cr-2% Mo alloy wer 
coarsened by pre-solution treatment at a succession of increasing tem 
peratures up to 1300°C (2370°F). Having adjusted the beta grait 








“ 
si 


PROPERTIES OF A TITANIUM ALLOY 32: 







ne can then isothermally transform all specimens at some pre 
ined temperature. In this instance, the transformation treatment 

5 °C (1200°F) for 30 minutes was selected. The results of tensile 
« and impact testing of specimens with original beta grain sizes 
cing from 0.2 to 3 mm diameter are shown in Figs. 11 and 12, 






spectively. 

t will be seen that the ultimate tensile strength and the yield strength 
re not affected within the limits of grain size studied. Tensile ductili 
ties are approximately halved by coarsening of the original beta grain 
ize by a factor of about nine. The trend seems to be linear. Impact 
strengths are only affected by the very coarsest grain size (~ 3 mm 
iameter ). Otherwise, there is an independence of grain size. 
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DISCUSSION 


Written Discussion: By H. I. Aaronson, W. B. Triplett and G. M. Andes, 

Metals Research Laboratory, Carnegie Institute of Technology, Pittsburgh. 
Drs. Goldenstein and Rostoker have devised a simple, but elegant, method of 

studying the effects of alpha plate size upon mechanical properties. Inasmuch as 












these effects have been shown to be appreciable, it may be of interest, from the 
viewpoint of the structural stability of titanium alloys in general, to point out that 
irtually the full range of plate sizes shown in the authors’ Figs. 6-9 may some 
times be developed at a single reaction temperature if a sufficient range of iso- 
thermal reaction times is employed. The average alpha plate size in Fig. 6 cor- 
esponds to an early stage in such a heat treatment, while the plate size in Fig. 9 is 
equivalent to a very late stage in the reaction. This structural coarsening, pre- 
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viously pointed out by Van Thyne and Rostoker,’ and currently being 

the discussers in an iodide Ti-7.2% Chromium alloy, necessarily involv: 
solution of some of the alpha plates originally formed. Unlike the method 
by the authors, however, the driving force for the isothermal dissoluti: 
is the minimization of the interfacial free energy, rather than of the che: 


energy. 


Authors’ Reply 


Dr. Jaffee’s discussion and the present reply may conceivably help to 
problem of the interplay of factors governing the tensile strength of 
phase mixtures. We recognize the following factors to be pertinent to th 


(a) proportion of alpha and beta and the intrinsic strengths of ea 

(b) the relative fineness and distribution of alpha which governs 
figurational strengthening, 

(c) the changing propensity for beta to precipitate insuppressibly s 
transition, w, phase on quenching. This propensity decreases as | 
beta phase is enriched by lowering of the annealing temperatur: 


Reference to the schematic curves in Fig. 13 may assist in visualizing the { 


A -Coarse Equiaxed Alpha 


ne 


C+D-+E - Successively Finer Alpha 
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Fig. 13—Diagrammatic Description of 
Tensile Strength Versus Amount, Size of 
Alpha and Strength of Beta. 


2R. J. Van Thyne and W. Rostoker, Discussion to “A Redetermination and Interpt 
of the Titanium-Rich Region of the Titanium-Chromium System” by M. K. McQu 
Journal, Institute of Metals, Vol. 82, 1953-54, p. 648 
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reuments. Dr. Jaffee’s references pertain to structures which universally 





oarse and approximately equiaxed alpha. Under these circumstances, 


ational effects are minimized and the tensile strengths are approximately 


function of the alpha content. This is illustrated as curve 


\ in the upper 


f curves. Curves B, C, D bring in the influence of rendering the alpha 


vely finer. Thus, it may happen in an alloy containing perhaps 70% alpha, 


the coarse blocky form, the phase mixture has a lower tensile strength 


e all-beta structure but, in contrast, with a fine dispersion of the same 


t of alpha the tensile strength would be appreciably greater. Finally, using 


ne upper diagram as reference, the curve of tensile strength vs. annealing 


nerature (down quenching from the beta field) where both proportion of alpha 


fineness are being varied, should be some averaged shape of A, B, C and 


as curve E leading to a monotonic rise from the strength level of beta. 


turning attention to the lower family of curves, we introduce the pro 


ty for beta to quench hard. The two ideal tensile strength 


% a curves 


he dashed lines, one for a hard beta plus coarse alpha mixture and one for a 


beta plus coarse alpha mixture. Since by using various annealing tempera- 


to develop various proportions of alpha, the alloy content of the beta is 


mmitantly varied and hence its quench hardening propensity, the base line 


for mixtures of beta and coarse equiaxed alpha is the flat curve 


\. The 


, Cand D are, as before, the progressive influence of finer alpha. For the 


dition of equilibrating anneals at successively lower temperatures (after down 


ching from the beta field) wherein the temperature governs not only the 


mount of alpha, its fineness, but also the beta hardening tendencies, the curve of 


© a would be as in the upper diagram a compromise of 


strength versus 


\,B,C and D. This compromise curve will have a minimum at some inter 


iate proportion of alpha (or intermediate annealing temperature). 


t is hoped that this further discussion brings into focus the origin of the tensile 


trength curves found by Dr. Jaffee and those illustrated in this paper. 





























RELATIVE HIGH TEMPERATURE PROPERTIES 
OF THE HEXAGONAL CLOSE-PACKED AND 
BODY-CENTERED CUBIC STRUCTURES IN 
IODIDE-TITANIUM 


sy JoHN LUNSFORD AND NICHOLAS J. GRANT 


Abstract 

Stress-to-rupture properties of iodide-titanium were in 
vestigated in air from 1000 °F to 1990 °F around the alpha 
to-beta transformation temperature of 1620°F. Strain nu 
cleation participates in the early recrystallization of the 
hexagonal close-packed phase, and oxygen alloying from th 
atmosphere contributes significantly to the overall strenat 
of both phases. The hexagonal close-packed alpha phase ea 
hibits the greater strength of the two, thus suggesting itsel 
as the better high temperature matrix. (ASM-SLA Classi 
fication ; a general, T1) 


INTRODUCTION 


N THE development of heat resistant titanium base alloys, it is neces 
sary to determine which of the two possible phases is more suitabl 
for subsequent alloying for the development of high strength. Of prime 


interest are the strength, stability, and ductility of this matrix. Interest 
can then be focused upon alloying sensitivity. 

As a first step of the investigation into titanium alloys for high 
temperature service, a study has been completed into the relative merits 
of the alpha and beta matrices. Creep-rupture testing in air was con 
ducted in the temperature interval from 1000 to 1990 °F. Arc melt 
iodide-titanium was obtained from the National Research Corporati 
with impurities shown as follows. 


H — 0.011%, N — 0.006%, O — 0.018%, C — 0.037%, Fe — 0.013% 


It was also the purpose of this study to gain further knowledge re 
garding the high temperature behavior of titanium, its fracture, and 
testing problems. 


PROCEDURE 
Eight pound ingots of titanium were forged at 1800 °F to 1-inc! 
square and then swaged to 5/16 inch round bar stock, which was sub 
sequently annealed for two hours at 1600 °F in evacuated Vycor cap 


A paper presented before the Thirty-eighth Annual Convention of the Society, 
held in Cleveland, October 8 to 12, 1956. Of the authors, John Lunsford is research 
assistant and Nicholas J. Grant is associate professor, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. Manuscript received 
January 30, 1956. 
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From these rods were machined specimens of 0.100 inch di- 
| l-inch gage length. The testing was carried out on standard 
reep-rupture frames in which creep was measured by means of a dial 
attached outside the furnace. Since creep was very extensive, 
sensitivity of the dial gage (nearest thousandth of an inch) was 
than adequate for the purpose of this study. 










Table I 
Creep Rupture Test Data 
















































\ Temp. Stress Rupture Min. Creep Av. Knoop long. 

°F psi life. hrs. rate %/hr. hardness* % 

1000 13,000 B.O.L. ~— 136 58 

1000 12,900 6 seconds 131 49 

1000 12,700 0.317 11.0 Se 

1000 12,500 0.229 23.0 52 

1000 12,000 0.178 16.0 113 46 

1000 10,700 1.39 8.5 118 63 

1000 8,700 3.08 Sot —— 51 

1000 6,650 4.07 1.4 51 

1000 6,550 15.1 2.4 107 94 

1000 3,260 207.0 0.11 12 75 

1200 8,000 0.0220 530.0 114 56 

1200 6,560 0.133 22.0 . 87 

1200 5,480 0.351 63.0 122 73 

1200 4,070 1.57 re 113 75 

1200 3,150 10.1 1.4 116 80 

1200 2,430 Bal 0.62 119 78 

1200 1,600 340.0 0.066 122 -— 

1400 6,590 16 seconds 123 60 

1400 3,030 0.213 160.0 125 79 

1400 2,470 0.533 57.0 88 

1400 2,050 igs 22.0 115 75 

1400 1,460 21.9 1.6 102 80 

1400 900 2000.0** 0.066 151 pe 

1500 3,510 0.0173 3,600.0 132 75 

1500 3,000 0.0306 1,000.0 63 

1500 2.450 0.0520 1,000.0 71 

1500 2,000 0.241 130.0 103 76 

. 1500 1,490 1.29 24.0 103 64 
9 1600 3,000 0.0158 1,400.0 129 68 
1600 2,500 0.0589 260.0 - 71 

1600 2,000 0.196 48.0 89.5 47 

1600 1,500 0.408 36.0 123 49 

1600 1,000 89.2 0.18 156 56 

1650 1,070 0.0178 220.0 116 48 

1650 900 0.0345 96.0 63 

1650 700 0.0513 140.0 107 66 

7 1650 606 0.0847 110.0 139 120 
32 1650 500 0.153 180.0 123 120 
1650 404 0.762 45.0 - 81 

1650 320 2.88 18.0 114 88 

1700 730 0.0153 2,000.0 132 91 

1700 625 0.0278 770.0 110 

{ 1700 530 0.0545 340.0 110 85 
+4 1700 425 0.164 260.0 126 100 
} 1700 325 1.36 30.0 123 81 
+f 1800 625 0.0173 2,400.0 138.0 &4 
7 1800 520 0.0320 980.0 115 85 
+8 1800 421 0.0931 340.0 132 72 
’ +! 1800 415 0.0972 99.0 149 78 
. , 1900 530 0.0181 1,600.0 125 96 
P 1900 475 0.0422 960.0 92.2 110 
1900 429 0.0555 670.0 133 100 

1900 321 1.09 42.0 195 82 

4 1990 520 0.0139 1,800.0 126 66 
1990 470 0.0239 1,400.0 - 97 

1990 421 0.0453 530.0 135 93 











Taken with 1 kg. load 
est terminated after 2000 hours 
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RESULTS 

The creep rupture and hardness test data are shown in Tabk 

Fig. 1 shows a log-log plot of stress versus time to ruptur 
peratures from 1000 to 1990 °F. Fig. 2 shows a log-log plot of 1 
creep rate versus stress. Fig. 3 shows a plot of Knoop hardn« 
log of the time to rupture. (These hardness values are the ave: 
8 micro-hardness readings taken across the radius of the sp: 
Fig. 4 shows a plot of elongation versus log of the time to 
(Reductions in area in all cases exceeded 95% ). 





io-? lov! | lO lO* 
Rupture Life, Hours 


Fig. 1—Log-log Plot of Stress Versus Time to Rupture for Iodide-titanium 
in the Alpha and Beta Condition. 
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Fig. 2—Log-log Plot of Stress Versus Minimum Creep Rate for lodid 
titanium in the Alpha and Beta Condition. Air atmosphere. 
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Fig. 3—Average Knoop Hardness of Specimens After 
Testing in Air Plotted Against Log of the Rupture 
Time. 












Static testing indicated that recovery of hardness resulting from 
0% cold reduction in area occurred in two hours at about 1200 °F. 
Metallographically, recrystallization was noted to occur in the same 
interval. On the other hand, the equi-cohesive break in the log-log data 
plotted in Fig. 1 occurs in about one hour at 1000°F. Similar tem 
perature differences (about 200°F) have been noted between static 
recrystallization data and recrystallization during creep for Monel and 
347 stainless steel (1,2).! 














lig. 5, taken from a specimen just beyond this break, shows re 

rystallization to have occurred about a lenticular nucleus which re 

mains distinct from the new matrix. Fig. 6, from the same specimen, 

shows, in progress, the adsorption of this nucleus by the new matrix. 

Hence, this nucleus is unstable at 1000°F. Yet it was not present in 

the annealed condition. It is therefore assumed to be a deformation 
roduct. 


tlere it is interesting to note that Churchman (3) had indicated 


hgures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 4—Elongation of Specimens Plotted Against Log 
of the Rupture Time. (Air tests) 


that the boundaries of the {1012} twin have high mobility under a stress 
gradient. He also notes that this twin disappeared upon heating t 
1472°F. McHargue and Hammond (4) also found that this twi 
ceases to be operative between 1049 and 1454 °F. 

It is therefore consistent to believe that the {1012} twin, which 
exhibits thermal and stress instability, is the nucleus, or is one of th 
nuclei, associated with the early onset of recrystallization under stress 
an effect which was found in short time tests up to 1400 °F. In addi 
tion, titanium has been shown to have a high strain dependence oi 
recrystallization. The positive variance in slope exhibited in Figs. 1 and 
2 between data plotted for 1000°F and higher temperatures is held 
due to the incidence of some, but not all, of the effects associated with 
recovery and recrystallization at 1000 °F. 

Fig. 7 shows typical creep curves at 1000°F which exhibit the 
sporadic creep behavior which would be expected of a metal under- 
going recrystallization. The general ductility behavior, to be discussed 
later, also substantiates the notion of strain nucleation on testing at 


1000 °F. 
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. 7—Typical Creep Curves for Iodide-titanium in the Alpha Condition 
at 1000 °F. Note cyclic creep behavior at longer times. (Air tests) 


in testing at 1200 °F, recrystallization occurred in 0.05 hours, al- 

though in view of the holding time prior to load application, this time 
value is not of great precision. For the higher temperatures, recrystal- 
lization is occurring throughout the entire test interval. 

_ The authors have satisfied themselves by analysis by the method of 
least squares, by graphical determination of centroids, and by visual 
examination that, for a very short time testing of alpha at 1200, 1400, 
1500, and 1600°F, no important change in slope takes place with 
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Fig. 8—-Typical Knoop Hardness Traverses on Specimens 
Tested at 1400 and 1900°F. Note tempering and oxidatior 
effects. 


increase in temperature. Throughout this interval, however, som 
hardening and strengthening by alloying with atmospheric oxygen an¢ 
nitrogen is taking place as can be seen in Fig. 3. This effect had beer 
noted by Cuff and Grant (5). 

In Fig. 3, the initial decrease in hardness at all temperatures is at 
tributed to a tempering effect which is better illustrated by the hard 
ness traverses in Fig. 8. The subsequent gradual increase of hardness 
with time is attributed to oxidation alloying, and is again further illus 
trated by reference to Fig. 8. 

In the central temperature interval of alpha testing, ductility, meas 
ured as elongation, reached a plateau of 85%, as seen in Fig. 4. For 
shorter times at higher stresses and lower temperatures, the hig! 
temperature deformation modes are not yet controlling ; and for longer 
times at lower stresses, the oxidation alloying noted above is reducing 
the maximum attainable elongation. 

The severity of this oxidation is evident in Figs. 1 and 2 for data 
plotted at 1400 and 1600 °F at rupture times of 1 to 10 hours. Oxida 
tion alloying is occurring at such a rate as to overshadow the rate 
strength deterioration from recrystallization, oxide formation, and 1 
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i800 1400 1000 
2000 1600 1200 


Temperature °F 


Fig. 9—Log-log Plot of Stress for 0.1 Hour Rupture 
Life Versus 108/T. Note strength ot alpha phase overt 
strength of beta phase. 


rease in temperature. In this region, creep may cease altogether as 
shown by the curves, and oxide coatings become quite thick. Coatings 
is thick as 0.037 inches of rutile with a volume fraction of the oxide 
om 2.5 to 3.0 were found. This alloying and oxidation have been 
lowed with hardness measurements and by metallography. 

‘or temperatures above 1600 °F, to combat the problem of oxidation 
loying before testing, specimens were placed in a super-heated fur- 
lace and start of testing took place within 4 to 8 minutes. 


The Relative Strengths of Alpha and Beta Titanium 


With the transition from the hexagonal close-packed structure 


} 


1 
111) 
,/t 


a) to the body-centered cubic structure (beta) there occurred 
the not unexpected decrease in strength usually noted in lower co- 
dination structures, see Figs. 1 and 2. Chubb (6) has indicated the 
irection of this effect by hot hardness measurements. 
1050 °F, the short heating period used to minimize oxidation did 
tabilize the structure of the specimens, and some alpha was still 
forming during testing. This was verified metallographically and 
erratic creep behavior in Fig. 2 of the very short time data plotted 
1050 °F is thus explained. This alpha was transformed in 0.1 hour 
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at temperature. No untransformed alpha was found at highe: 
atures, 

The decreasing, rather than the usual increasing, slopes 
temperatures seen in Figs. 1 and 2 are due to oxidation all 
curring in the specimens before they could be loaded. Upward | . 
(strengthening) in Fig. 1, occur in all cases within 0.1 hour { 
peratures above 1650 °F. 


20 
G 


a-Phase 


Stress, 1072 psi 





I800 1400 
2000 1600 


Temperature °F 


Fig. 10—Log-log Plot of Stress for 400% per Hour Minimum 
Creep Rate Versus 108/T. Note creep resistance of alpha phas 
over beta phase. 


In Fig. 3, the more rapid increase in hardness for the beta, and t! 
earlier complication in testing of oxidation alloying verified the highe 
rates of diffusion of oxygen in the beta structure than in the alp! 
structure. 

In Fig. 4, ductility is seen to be greater in the beta form, althoug' 
oxygen embrittlement at the higher temperatures coupled with high 
diffusion rates in the beta cause ductility to fall off more rapidly 
time. 


Fig. 9 shows a summary plot of log stress for 0.1 hour rupture 
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reciprocal temperature. Fig. 10 shows a summary plot of log 
or 400% per hour minimum creep rate versus reciprocal tem 
ture. These data clearly show the greater strength and creep re 
ce of the alpha matrix over the beta structure for the same tem 
tures. The very short rupture time and high creep rate values 
das the basis of comparison were necessary to eliminate as much 
ssible the effect of oxygen alloying taking place in longer time tests. 


SUMMARY 

\ll data for stress, minimum creep rate, ductility, creep curves, and 
Jlography indicate that high temperature modes are not controlling 
i| 1200 °F, although the characteristic equi-cohesive break occurs 
| hour at 1000 °F. At the equi-cohesive breaks, strain induced nuclea 
is observed up to 1400 °F about a deformation product not believed 
present at the start of testing. This deformation product is presumably 

£1012} twin. 

Strengthening is occurring from 1200 to 1600 °F by alloying with 

ospheric oxygen and nitrogen in relatively short times, as indicated 

, hardness data, and the upward breaks in the curves of Figs. 1 and 2. 
\bove 1650 °F, this alloying effect is evident as early as 0.1 hour in 
hese small 0.160 inch diameter test bars. 

Strengthening by oxidation alloying is sufficient to cause virtual 
essation of creep in iodide-titanium at longer times and higher tem- 
peratures for these specimens. 

The ductility of the body-centered cubic beta phase, as exhibited in 
short time tests, exceeds that of the hexagonal close-packed alpha phase. 

\s would be expected from its higher coordination number and as 
is been predicted from hot hardness, the strength of the hexagonal 
lose-packed alpha phase exceeds by a considerable margin that of the 

ly-centered cubic beta phase at all temperatures. 
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DISCUSSION 


Written Discussion: By Joseph R. Lane, staff metallurgist, National 
of Sciences, National Research Council, Washington, D. C. 


Extrapolating the data shown in Fig. 9, it appears that the beta phase is 


than the alpha above about 2400 °F. This conclusion was not reached 
authors, and it would be interesting to know if they concur. Titanium 
2400 °F are of no practical interest, but such test work on other element 
exhibit transformations could assist in rational alloy design. 


Authors’ Reply 

The extrapolation of the Fig. 9 data certainly would indicate that ther: 
be a cross-over of the strength curves of the alpha and beta structures at 2400 

Unfortunately we do not have that much confidence in the straightness of t 
two curves. There is no basic reason why these curves should be straight ; further 
more, the accuracy of the data is not that good that it would warrant extensi) 
extrapolation. Our own opinion is that these curves should not cross below 
melting point of titanium. 





A CONSTITUTION DIAGRAM FOR THE ALLOY 
SYSTEM TITANIUM.-TIN 


By PAUL PIETROKOWSKY AND ELLIs P. FRINK 


Abstract 

Vetallographic, x-ray, incipient melting, and thermal 
analysis methods have been used to investigate the binary 

stitution diagram titanium-tin. The titanium-rich portion 
of the phase diagram ts characterized by eutectic and eutec 
toid reactions. Substantial quantities of tin are soluble in 
hoth allotropic forms of titanium. Two intermediate phases, 
li,Sn and TigSn;, are formed congruently from the melt, 
while TizSn and Tis;Sns3 have hidden maxima. Ti,Sn is the 
only intermediate phase observed to exist over an appreci 
able composition range. Extensive regions of TigSn; plus 
‘iquid and TigSn; plus tin are separated by a temperature 
horizontal. at 232°C (448 °F). The crystal structure of 
li,Sn is isomorphous with the “filled” BS type. (ASM 
SLA Classification: M24, Ti, Sn). 


INTRODUCTION 


Bae EXPERIMENTAL investigation to be described was ac 


> 


complished during the period 1951-1953. At the outset of this 
study, available data pertinent to the titanium-tin binary system were 
mtained in a paper by Craighead, Simmons, and Eastwood (1)." It 
ad been concluded that up to 0.7 pet * tin was soluble in both allotropic 
forms of magnesium-reduced titanium, and also that the addition of tin 
had little effect on the range of temperatures over which the transforma 
tion took place. Several years later, the crystal structures of TisSng (2) 
nd TigSn (3) were identified at this laboratory. The latter inter 
mediate phase is closely related to alpha titanium with respect to crystal 
ittice and atomic array. Comparison of the primitive translations of 
ligsn, Co = 4.764A and a, = 2 x 2.958A, with the accepted values for 
e low temperature modification of titanium (4), co = 4.6833A and 
2.9504A, indicated that a region of considerable solid solubility 

(tin in alpha titanium might exist if the unit cell dimensions of TigSn 
did indeed reflect the maximum solubility of tin in alpha titanium. In 
this particular alloy system, the atomic size factor is favorable; dif- 
lerences in atomic radii for coordination number 12 are of the order of 


~ 


lor these, as well as the more fundamental consideration of alloy 


hgures appearing in parentheses pertain to the references appended to this paper 
s indicated otherwise, ‘“‘pct’’ is used in context with reference te atomic per cent 


authors, Paul Pietrokowsky and Ellis P. Frink, are research engineers at 
et Propulsion Laboratory, California Institute of Technology, Pasadena, 
rnia. Manuscript received July 29, 1955. 
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Qualitative Spectrographic Analysis of a Titanium-Tin 
Alloy Containing 2 At. % Tin 


Major Constituent Titanium 
Intermediate Constituent Tin 
Minor Constituents 


Copper Approx. 0.01 wt. % 
Iron Approx. 0.005 wt. % 
Not Detected 


Lead, nickel, manganese, chromium, bismuth, antimony, silver, vanadium, 
molybdenum, zirconium, cobalt 


ing titanium with a tetravalent element, a study of phase relationshi) 
was conducted. 

After completion of this investigation, several papers (5,6,7) repre 
senting research in the titanium-rich region of this phase diagram hay: 
been published. A basic lack of agreement concerning phase equilibria 
in the region 0 to 25% tin has necessitated rewriting and rearrangement 
of several portions of the present paper so as to direct attention to those 
areas of conflicting evidence. 


MATERIALS 


The titanium metal used in this investigation was purchased from 
the New Jersey Zinc Company. A typical chemical analysis of this ma 


terial reported in weight % by the vendor is as follows: manganese, 
0.0065 % ; iron, 0.0022% ; copper, 0.0015% ; and lead, 0.0042%. Ti: 
was obtained from the General Chemical Company ; maximum limits 
of impurities were listed as follows : arsenic, 0.0003% ; copper, 0.002% 

iron, 0.01% ; lead, 0.01%, and zinc, 0.01%. 


EXPERIMENTAL PROCEDURES 


Melting. Features and operational procedures for the electric ar 
melting apparatus which was used have been described in the literature 
by Schramm, Gordon, and Kaufmann (8). Charges weighed to the 
nearest milligram were melted in an atmosphere of helium. The ingots, 
approximately 8 grams in weight, were turned over and remelted; this 
procedure was repeated until homogeneity was achieved. Total weight 
losses in the composition range 0 to 25% tin were less than 0.1%. 
Spectrographic examination of a 2% tin alloy by the Smith-Emery 
Company of Los Angeles yielded the data in Table I. Several alloys 
were analyzed by the Smith-Emery Company for tin content; results 
are given in Table II. Determinations of titanium content were made, 
and these, when totaled with the corresponding percentage of tin, agreed 
within the error to be expected in such analyses. Accordingly, alloys 
from 1 to 25% tin and those for which the composition had been estab 


lished by chemistry are given in the text to the nearest tenth of a pet 
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Table II 
Chemical Analysis of Several Titanium-Tin Alloys 







Analysis 


Chemical 
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3 55.3 

34.8 57.0 

f 35.4 57.6 
36.4 58.6 

43.5 65.¢ 
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ent. All other alloy compositions are expressed to the nearest per cent. 

Heat Treatment. Nichrome element furnaces were used up to 1000 °C 
1830 °F) ; higher temperatures, to 1316 °C (2400 °F), were obtained 
vith Globar element furnaces. Temperature control within + 3 °C was 
iccomplished with Leeds and Northrup Micromax controllers and 
recorders. To obtain a more uniform temperature distribution within 
these furnaces, ceramic and metal insert blocks were used as specimen 
ho'ders; also, a deep vertical furnace was filled with refractory brick 
which had been bored to admit one specimen for heat treatment; tem 
perature control for this furnace could be maintained at + 1.5 °C. 
\lloys placed in these horizontal and vertical furnaces were sealed in 
either Vycor or quartz ampoules which had been evacuated to 107° 
millimeters of mercury or better. Vials containing specimens that were 
heated above 1000°C (1830°F) contained a pressure of helium suf- 
cient to prevent the collapse of the container when at temperature. 
\lloy reaction at the higher temperatures was reduced by introducing 
lybdenum sheet liners into the quartz vials; in addition, alloys rich 




















Table III 
Thermal History of the Titanium-Tin Alloys 






















emperature Compositions Time 
( ("F) 
b 2800 All alloys 1/12 he 
2700 All alloys 1/4 hr 
2600 All alloys 1/3 hr 
2500 All alloys 1/3 hr 
2400 All alloys 1—4 hr 
2200 All alloys 16—20 hr 
UUU All alloys 6 days 
ce 1800 0—26 pct tin 14 days 
Er: 1800, 26—50 pct tin 9 days 
ed 1600 1—25 pct tin 1 days 
Ss 950 1—27 pct tin 20 days 
a ' 1550 27—50 pct tin 18 days 
Bs 1450 All alloys 20 days 
Ee 1350 All alloys 33. days 
E 1200 All alloys 36 days 






1000 All alloys 59 days 
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in titanium contained a getter of metallic zirconium. Time and ¢ 
atures of the thermal treatments are given in Table III. After ¢! 
treating cycle had been completed, the vials were quenched in 
and broken. 

The induction heating furnace used for high temperature heat t; 
ments, incipient melting observations, and melting point determi 
was similar to the unit described by Schramm et al. (8). Design f 
allowed the specimen to be heated in vacuum or inert atmosphere ay 
then quenched into a Silicone oil bath which was placed below the hea 
ing chamber. A simple mechanical device was used to protect the Pyr 


optical pyrometer sight window from vapors when temperature rea 


ings were not being made. Various susceptors of sintered wolfram ar 
sheet molybdenum were used. 

An optical pyrometer was calibrated for this particular experiment 
arrangement by observing the melting points of copper (1076, 1077 
1078 °C), palladium (1546, 1560, 1573°C), platinum (1782, 1783 
1784 °C), and rhodium (1937, 1938°C). Accepted values for th 
melting points of these elements (9) are: copper (1083 °C), palladiu 
(1554°C), platinum (1774 °C), and rhodium (1966 °C). All observa 
tions for copper, palladium, and platinum are given equal weight 
deriving a linear calibration expression: 


Teorrectea (°F) = 0.9781 Tonservea (°F) + 54°F 
Equation | 


In a separate series of experiments, small pieces of calibration metals 
and certain binary alloys were placed close together and heated beloy 
their melting points; it was not possible to detect temperature differ 
ences iff the various specimens and for this reason emissivity corrections 
were not applied to Equation 1. 

Relative melting point studies were made by heating alloys, of a fey 
atomic per cent different in composition, which had been placed ad 
jacent to one another on a horizontal “S’’ shaped molybdenum wir 
One alloy was placed in the north (N) position, the other in the sout! 
(S) position and the alloy which reached the liquidus first was r 
corded ; temperatures were not noted. The procedure was then repeated 
with the first alloy in position (S) and the second in position (N ). 

Proximity of the liquidus to the solidus made incipient melting studies 
by metallography difficult. For this reason, visual changes in shape 0! 
the alloys were taken as evidence of partial melting. 

The probable error to be expected in these measurements is difficult 
to evaluate because of the sources of uncertainty ; these include the « 
parture of conditions within the furnace from those required for 
black-body, inaccuracies in reported melting points of the substances 
used for calibration, variance to be expected in measuring temperatur 
with the optical pyrometer, and metallurgical difficulties particular t 
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ase diagram being investigated. In this investigation it is felt that 
ported optical pyrometer temperatures are subject to uncertainties 
order of 10 to 20 °C. 

ermal Analysis. A Nichrome resistance furnace was used for 





ial analysis studies of alloys rich in tin. Ingots were made by are 





sa master alloy with metallic tin. Approximately 50 grams of 


f Iting 


h alloy was sealed in a quartz ampoule into which a thermocouple 






| had been formed. 
\-Ray Diffraction, X-ray powder diffraction methods and equip 






ent used at this laboratory have been described in a previous paper 





10). For single crystal work, a 57.3-millimeter Weissenberg camera 





vas employed with both copper and molybdenum radiations. 





Density. Measurements of density were made with a pycnometer. 





Specimens were crushed into chunks and powders to reduce errors 





rising from voids which might have formed during the solidification 





ocess. To expel air from the alloys prior to making measurements, 





the pycnometer plus sample was placed in a container which was evac- 





iated; water was then allowed to fill the density bottle in the absence 





f air. 
\/etallography. Conventional methods were used to prepare samples 
 metallography. Specimens were mounted in lucite, hand lapped on 
successively finer polishing papers, and finished on a cloth-covered pol- 
ishing wheel which was impregnated with diamond compound. The 
etchant for titanium-rich alloys was a solution of one part 48% hydro- 







fluoric acid, one part concentrated nitric acid, and two parts glycerine. 
The tin-rich intermediate phase could always be distinguished from its 
tin matrix after polishing. A dilute solution of nitric acid was found to 
be useful where contrast between grains of tin was desired. 









CALCULATIONS 









Lattice parameters obtained from x-ray powder diffraction data were 
computed by the method described in a paper by one of the authors (11). 
\Wave lengths for copper radiation suggested by Lonsdale (12) were 
used for calculations. Relative intensity calculations were made with 
the formula: 













I (hkl) = constant |F (hkl) |? p (1+ cos? 26)/(sin*® @ cos 6) 
Equation 2 






in this expression, F (hkl) is the structure factor, p the multiplicity of 
hkl), and the angular factors represent the Lorentz and polarization 
ontributions to the intensity, I (hkl). 







RESULTS 






ata obtained from various experimental techniques which have 
been described were used to formulate the constitution diagram of Fig. 






Pees eee 
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Fig. 1—The Constitution Diagram for the Binary Alloy System Titanium-Tin 


1. The melting point of iodide-process titanium was taken to be 1720 °¢ 
(3128 °F) from work by Hansen et al. (13) ; an investigation by Mi 
Quillan (14) indicates the transformation temperatures for this samé 
material to be 882.5+1°C (1620°F). Those difficulties which ar 
generally encountered in the study of titanium-rich phase equilibria, 
together with obstacles which were particular to this binary system, 
made it necessary to rely heavily on the results of the metallography 
which are summarized in Figs. 2 and 3. 


I. Metallography 


Ttiantum-Rich Alloys. Microstructures of alloys as-cast indicated an 
extensive series of solid solutions of tin in beta titanium which, upon 
rapid cooling to room temperature, had transformed to alpha prime, 
Fig. 4. An alloy containing 18.0% tin, Fig. 5, was a eutectic mixture 
of solid solution beta and the titanium-rich intermediate phase Ti,5n, 
also designated gamma. Mixtures of primary crystals of TigSn and th 
beta plus gamma eutectic were evident in subsequent microstructures, 
Fig. 6; a binary mixture containing 25.0% tin was entirely gamma 
Prior to isothermal heat treatment, alloys were homogenized at 982 °C 
from 7 to 14 days. Ingots for which the tin concentration was less than 
15% were cut into square prisms and cold-rolled. Reduction in area 


varied from 63 to less than 2% as the solute element increased from 
2 to 14%. 
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Weight % Tin 
IS 20 25 30 35 


a — 





Metallography 
Incipient Melting v 
Complete Melting @ 


amt 25 


2600 


1800 











20 
Atomic % Tin 


Partial Phase Diagram for Titanium-rich Alloys Containing 0 to 
% Tin. 


i‘vidence for an extensive two-phase region of alpha plus beta was 
obtained from alloys which had been equilibrated at 871 °C (1600 °F). 
[quilibrium alpha made its appearance as equiaxed grains, Fig. 7, the 
olumetric apportionment of which decreased as additional solute ele 
ent was added, Figs. 8 and 9. Relatively long annealing times at lower 
temperatures were required to achieve the solid-state decomposition 
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25 
Atomic % Tin 


Partial Phase Diagram Including the Intermediate Phases From 25.0 to 
44.8 At. % Tin. 


from beta solid solution to alpha plus gamma. Fig. 10 depicts an alloy 
containing 8% tin which was in the alpha solid solution phase region 
after heat treatment. Small quantities of gamma were discernible in 
equilibrium alpha, Fig. 11, as well as in the beta solid solution, Fig. 12 
Heat treatment of individual alloys containing 9.0 to 14.0% tin, in a 
well insulated furnace, indicated the eutectoid temperature to be 864 
FPL. 


The Intermediate Phases. Difficulties were encountered in elucidating 


~ 








PITANIUM-TIN SYSTEM 347 


TNE 
‘ \ AN 


~~ ‘ ! 
an SEN " ' \ 
he ~ : \ 
SSS SSRs \\ 
WSN ‘ \ 
. SES fo " \ a) 

\ eA 4 we 
QW ELS RAN 
A 


‘ 


‘ 





“fe ZEEE 


Transformed beta solid solution. Etched. 


Fig. 4+—12.0% Tin. As-cast. 


18.0% Tin. As-cast. Eutectic mixture of beta solid solution (16.0% 


gamma. Etched. x250 


x250 
tin) and 


Fig. 6—24.0% Tin. As-cast. Primary crystals of gamma plus eutectic mixture of beta 


solid solution plus gamma. Etched. x250 


1.0% Tin. Heat treated at 871 °C (1600 °F) for 21 days. Equiaxed grains of 
equilibrium alpha solid solution plus transformed beta solid solution. Etched. x250 


phase relationships in the region of the constitution diagram character- 
ized by the four intermediate phases shown in Fig. 3. it was found that 
loys containing more than 37% tin had a tendency to lose titanium 
high temperatures; this was an impediment, for the peritectic re- 
tion involving the formation of Ti;Sng was sluggish in bulk samples. 
in addition, ingots in the range 38 to 42% tin were porous. 
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iB 


Fig. 8—3.0% Tin. Thermal history and constituents as in Fig. 7. Etched. x250 
Fig. 9—5.0% Tin. Thermal history and constituents as in Fig. 7. Etched. x1 


Fig. 10—8.0% Tin. Annealed 843 °C (1550 °F) for 20 days. Equilibrium alpha solid 
solution. Etched. x250 


Fig. 11—9.0% Tin. Annealed at 788 °C (1450 °F) for 20 days. Alpha solid solutio: 
matrix plus gamma. Etched, x250 


As-cast alloys of 26.0 to 34.8% tin contained primary crystals ol 
Ti,Sn in a matrix of TigSn. Fig. 13 is typical of those alloys in this 
region having excess of about 30% tin; here gamma has been rejected 
from the parent phase, indicating that the composition of the titanium 
rich Ti,Sn phase boundary is temperature dependent. The Widman- 
statten appearance of gamma in Ti.Sn, which is representative of slowly 
cooled alloys in this composition interval, is shown in Fig. 14. Rapid 
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15 dint ( 
Fig. 12—-12.0% Tin. Annealed at 982 °C (1800 °F) for 14 days. Transformed beta 
solid solution matrix plus gamma. Etched. x250 


Fig. 13—31% Tin. As-cast. Primary crystals of gamma in matrix of TieSn. Some 
gamma has precipitated from the supersaturated matrix. Etched. x250 


Fig. 14—32.2% Tin. Furnace cooled from 1316°C (2385 °F). TieSn matrix plus 
precipitate of gamma. Etched. x250 
15—34.8% Tin. Annealed at 1482 °C for % hour, then 1204 °C for 6 hours and 


ter-quenched. TizgSn matrix with small amounts of gamma precipitate visible. Etched. 
-OS 
x250 


quenching of alloys from the single phase TigSn region of homogeneity 
could not suppress the precipitation of some gamma at the grain bound- 
aries, Fig. 15. The composition of the tin-rich boundary of the TigSn 
phase field was also found to be sensitive to temperature. Small amounts 
of TisSng in the major phase could be identified by form, Fig. 16, and 
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Fig. 16—-35.4% Tin. Annealed at 1482 °C (2700 °F) for % hour, then at 1204 °( 
(2200 °F) for 6 hours and water-quenched. Large grains of TizSn plus small amounts 
of TisSns. Etched. x250 
Fig. 17--42% Tin. Annealed at 982°C (1800 °F) for 9 days. Primary crystals of 
TieSns plus eutectic mixture of TisSns and TieSns. Fine markings in TieSns are TisSn 
phase. Etched. x250 
Fig. 18—46.0% Tin. As-cast. Primary crystals of TieSns, with small amounts of tir 
at the grain boundaries. Unetched. x250 


Fig. 19—39% Tin. Annealed at 982 °C (1800 °F) for 9 days. TisSns plus small amounts 
of TieSns (dark). Unetched, polarized light. x250 


by color change when viewed with polarized light, and were thus easil) 
differentiated from gamma. | 

Application of polarized light microscopy was instrumental in identi- 
fication of tin-rich phases because of the differences observed in color 
and color changes. The phase TigSn gave little indication of color 
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while Ti;Sng varied from orange-brown to beige, and TigSn- 
ed from a lake blue to dew gray. 
mary crystals of TigSn;, together with the eutectic mixture Ti;Sn. 
ligSn; which was formed from the residual liquid, is shown in 
|7. Fine markings observed in the primary crystals of TigSn; are 
amounts of TisSn3, thus indicating a change in solubility with 
nging temperature for these alloys. TigSn; had a tendency to crystal 
lize and grow from the melt with the crystallographically unique axis, 
_perpendicular to the are furnace hearth, and it was only when viewed 
this direction that the hexagonal habit of these needles could be 
bserved, Fig. 18. 
\ll intermediate phases were stable to the lowest temperature which 
vas investigated. The single-phase region of TigSn has an appreciable 
ve of homogeneity at high temperature and exists over a very nar 
composition range at lower temperatures. It was not possible to 
btain microstructures that were entirely Ti;Sng; one reason for this 
has been offered. Fig. 19 is a 39% tin alloy after 14 days at 982 °C; the 
licrostructure is predominately Ti;Sng. 
lin-Rich Alloys. Binary alloys richer in tin than 44.8 pet were mix- 
tures of TigSn; and metallic tin. Compositions which were studied and 
not shown in Figs. 2 and 3 contained 57, 68, 79, and 90% tin. Typical 
these microstructures 1s Fig. 20. Examination of these alloys after 
they had been heated at 200 °C for 60 days did not indicate further 
changes in the tin-rich region of the constitution diagram. 


Il. The Liquidus and Melting Points 


Melting point and incipient melting observations obtained from the 
induction heating furnace, corrected with [Equation 1, are reproduced 


in Table IV. 


\ttempts to define phase changes occurring from the melt by means 


Table IV 
Observed Melting Points and Incipient Melting 
Temperatures of Several Titanium-Tin Alloys 


Melting Point 
(“a 

1593, 1610, 1610 
1656, 1659, 1662, 1675 
1640 
1626 
1599, 1622 
1497, 1490 
1431 


Incipient Melting 

Temperature 
["<) 

1625 

1630 

1566 

1538 
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of metallography were not encouraging because of the proxin 
liquidus and solidus. A series of experiments were performed to ete; 
mine the feasibility of using relative melting point data to gain informa 
tion regarding the shape of the liquidus. It was found that alloys | 


iVWit 
‘Vill 


composition increments of 2 or 3% could be instrumental in this aspec 
of the analysis. The composition range of particular interest was tha; 
region between the two intermediate phases which formed open | 


Fig. 20—68% Tin. As-cast. Primary crystals 
TieSns in tin matrix. Etched. x250 


ima, Ti;Sn and TigSn;. The outcome of these experiments was to «i 
lineate three general features of the phase diagram: 
a) a lowering of the liquidus temperature with small additions oi 
tin to TigSn; 
lb) a decrease in the temperature of the liquidus as titanium was 
added to TigSn; ; and 
a minimum in the liquidus between 35.4 and 40% tin. 


Cooling curves of tin-rich alloys did not allow clarification of phas' 
relations in this part of the diagram. The lowering of the melting point 
of tin which was detected is within the experimental error of 2 °C. 


III. X-Ray Diffraction 
A total of 173 powder diffraction photographs were taken of various 
alloys in as-cast and equilibrated condition. All intermediate phases 
which were observed with the light microscope were identified by x-ray 
diffraction methods. Table V is a summarization of some crystallo 
graphic data of phases which are present in this constitution diagram. 
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Table V 
Unit Cell Data for Terminal and Intermediate Phases in the Titanium-Tin 
Binary System 


Crystal Lattice Constants Co/ao Density Atoms Ret 

Class ao (A) co (gm cm) Unit Cell 
Hexagonal 2.9504 4.6833 1.587 4 
F Hexagonal 5.916 4.764 0.805 ‘ 
. Hexagonal 4.653 5.70 22 6.57 5.94 . 
S Hexagonal 8.049 5.454 0.678 2 
C Hexagonal 9.22 5.69 62 6.85 21.8 . 
letragonal 5.8137 31815" car 16 


m this investigation. 


Table VI 
X-Ray Powder Diffraction Data for the 
Intermediate Phase Ti.Sn 





(hk.1) lobs Teale 


10 Ww 92 

10.1 S 429 

00.2 m 169 

0—10.2 vs 1616 

20.1 wm 82 

11.2 m 259 

10.3 wm 60 

20.2 ms 204 

7 hod wm 72 
10.4 wm 57 

0.3 w 30 

0 10.4 21.2 vs 347 

30.2—11.4 s 272 

iva Ww 37 

20.4—22.0 m 95 

10.5—31.1 Ww 45 

g 22.2 Ww 49 
4 31.2—21.4 m 107 

very strong, s = strong, ms = medium strong, m medium, wm weak medium, 


eak 


The intermediate phase TigSn was found to be isomorphous with 
he “filled” B8 type crystal structure (15); data for this phase are 
given in Table VI. Powder diffraction photographs of Ti;Sn; always 
showed the presence of a few weak maxima which, on the tin-rich side 
f this phase, corresponded to very strong reflections from the inter 
mediate phase TigSns. These observations were in agreement with the 
metallography, which indicated the attainment of equilibrium between 
li;5ng and its neighbors to be slow. Since there are no tabulated data 
in the literature for the identification of this phase, the authors have 
presented this information in Table VII. 

Table VIII gives powder diffraction data for TigSn; which have been 
indexed with information gathered from Weissenberg and Rotating 
Crystal photographs made with the x-ray beam normal to the directions 
WOOL] and [1010] in the hexagonal lattice. 

Precise lattice parameter measurements of the continuous series of 
ilpha solid solutions of tin in titanium were not made because powdered 
samples are not suited to such a study. Debye-Scherrer powder dif- 
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Table VII 
X-Ray Powder Diffraction Data for the 
Intermediate Phase Ti;Sn; 


(hk.1) lobs 


vs very strong, s strong, ms medium strong, medium, wm 
weak, vw very weak 
kn indicates diffusion reflection 


Table VIII 
X-Ray Powder Diffraction Data for the 
Identification of the Intermediate Phase Ti,Sn; 


d (hk.1) lobs 
(A) 
11.0 
20.0 
20.1 
21.0 
Oo) 2 
30.0 ano 
30.1 

0 20.2 
31.1—21.2 
30.2 
40.1 


7 & 


+1 .0—32.1—31.2 


medium, w weak 


fraction films of these alloys heat treated at 843, 788, 732, 649, a 
538 °C (1550, 1450, 1350, 1200 and 1000 °F) indicated an extensiv 


region of alpha titanium as evidenced by the shift in high angle di! 


fraction spectra. Lines belonging to the gamma phase were first detected 
in the alloy containing 10% tin. This does not contradict the metallog 
raphy because alpha and gamma phases are closely related and th 
identification of small amounts of this intermediate phase by ordinar 
x-ray methods is not to be expected. 

The solubility of titanium in tetragonal tin was insufficient to produc 
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in lattice spacings of the resolved doublets which could be 
with equipment which was used in this investigation. Cal 
attice parameters for the tin metal which was used are in 


nt with published values (16). 


DISCUSSION 


ise relationships in the titanium-rich region of this constitution 
have been studied by metallography (5,6), and more recently 
lrogen-pressure experiments (7). Results of all investigations, 
resent being included, contain a decided lack of concert. It may 
be that a discussion of the discordant data at this time may serve 
tile purpose. 
Worner (5) has reported that small additions of tin lower the trans 
nation temperature of titanium; the resulting region of alpha slid 
ution plus beta solid solution terminates in accordance with tae 
stulated equilibria: Beta solid solution (5 at. % tin =< alpha solid 
lution (5 at. % tin) at 845°C (1552°F). Further additions of 
lute atoms result in a second alpha plus beta phase field in which tin 
ehaves as an alpha stabilizer ; this two-phase region rises to the peri 
toid temperature 885 °C (1625 °F). Finlay et al. (6) conclude that 

is an alpha stabilizer and give experimental data points indicating a 
ngular phase region of alpha plus beta and the peritectoid reaction: 
ta solid solution (8.3 at. % tin) plus gamma = alpha solid solution 
\7 at. % tin) at 940°C (1724°F). McQuillan (7) has put into the 
terature results of hydrogen-pressure experiments in the region O to 
5 at. % tin which indicate that tin depresses the transformation tem 
erature of titanium to a minimum of 845 ° + 2 °C (1552 °F) at 6.5 at. 

tin. The transformation temperature increases with additional alloy 
ng element; the resultant region of alpha plus beta exists over the 
emperature interval 850 to 880 °C (1562 to 1616°F) at a concentra- 

n of 9.5 at. % tin. 

Two previous investigators (5,7) and the present authors have made 
he same qualitative observation that small additions of tin lower the 
ransformation temperature of titanium. The metallography of a 5% 
tin alloy which was heat treated at 871 °C for 16 days, Fig. 9, does not 
igree with the phase change: Beta solid solution (5% tin) =< alpha 

lid solution (5% tin) allowed by Worner. Comparison of Figs. 7, 8, 

1% in the text indicates a progressive change in the volume propor 

nment of alpha and beta phases; other alloys in the isothermal se 

uence continue this trend. Fig. 9 of Ref. (5), an alloy containing 7.7 
t tin, does not contradict our observations, since the major phase 
is transformed into beta and the volume distribution of constituents is 

enable to the phase relationships we have proposed. In contrast, the 
nium-rich phase relationships deduced from hydrogen-pressure 

‘periments (7) do not sanction an alpha plus beta region in which 
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1, 3, and 5 at. % tin alloys can coexist at any isothermal temperature 

The maximum solubility of tin in equilibrium alpha solid solution has 
been determined by metallography (6) to be 8.7 + 0.4 at. 
considerably different figure, 10.5 at. % tin, is reported (5) on the 
basis of discontinuities in lattice parameter versus composition curves 
In the present investigation, we have used metallography for this pur 
pose and find the limiting solubility to be 8.5 + 0.4 at. % tin. We hay, 
observed x-ray diffraction lines from gamma in 10.0 at. % tin alloys 
equilibrated in this region of the diagram. 

Difficulties were not encountered in differentiating alpha fro 
gamma with the chemical etch which was employed, see Ref. (5), Sec 
tion IV, Part 3. We have observed that small quantities of gamma in 
alpha solid solution are detectable by metallography, Fig. 11, and tha 
dispersions of gamma in transformed beta solid solution can be quit 
unlike dispersions of gamma in alpha solid solution, Figs. 11 and | 
These figures are analogous to those presented for similar phase fields 
in the eutectoid type diagram titanium-lead (see Figs. 3 and 4 of Ref 
(17) ), if one excludes the Widmanstatten markings. TiyPb and Ti,Sn 
are isomorphous compounds. Since we have experienced no difficulties 
in establishing the alpha/alpha plus gamma phase boundary and sine 
metallographic evidence of other investigations does not show a 9.5 at 
% tin alloy to be in a single phase region, it is difficult to interpret th: 
hydrogen-pressure experiment results for this composition, becaus: 
gamma has been excluded from the phase relationships (7). If, indeed, 
this is the case, then a question arises as to what compositions in this 
reference do represent equilibrium conditions. 

The authors hope that future investigators who are interested i1 
phase relationships of titanium-rich tin alloys will consider small incre 
ments of composition in the region of the solid-state decomposition of 
beta solid solution. Time necessary for attainment of equilibrium b 
some method such as lineal analysis would also seem to be an interest 
ing subject for study. 

Several of the intermediate phases in this binary system are iso 
morphous with crystal structures reported for other alloys of tin with 
transition elements of the first long period (18). TigSn, which is a DOj» 
type structure, is isomorphous with FesSn, MngSn, and NigSn. The 
latter two phases exist over a range of homogeneity and in this respect 
TigSn differs. TigSn was determined by this investigation to be a 
“filled” B8 type structure and exists over a minimum range of homo 
geneity from 33.3 to 35.4% tin. Intermediate phases of similar crystal 
structure in the systems manganese-tin, iron-tin, cobalt-tin, and nicke! 
tin exist over a range of compositions, showing a definite tendency for 
this type of structure to be stabilized by tin. The analogy between 
TisSng and crystal structures involving transitions elements of the firs' 
long period and elements in subgroup IV B of the periodic table are 


tin. 


) 
d 
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cn 


uched upon briefly in a previous paper (2). TigSn; is related by space 
tice to TigSn. 


+t 


CONCLUSIONS 

Citanium-tin binary alloys have been studied by metallography, x-ray 
liffraction, incipient melting, and thermal analysis methods. The phase 
liagram shown in Fig. 1 represents the results of this investigation, 
ith the exception of a few observations pertaining to very tin-rich 
loys. Alloys rich in titanium are characterized by the eutectic reaction : 
Melt (18.0% tin) = beta (16.0% tin) plus TigSn (25.0% tin) which 
ecurs at 1605 °C (2920°F) and the eutectoid reaction: Beta (9.5% 
= alpha (8.5% tin) plus TigSn (25.0% tin) at 865 °C (1590 °F). 
our intermediate phases, TigSn, TieSn, Ti;Sng, and TigSn;, were 
found to exist. The titanium-rich intermediate phase TigSn (1.p. 
1663 °C) and the tin-rich intermediate phase TigSn; (m.p. 1494 °C) 
isplay open melting maxima TigSn and Ti;Sng are formed peritecti- 
ally from the melt. The peritectic temperature for TigSn is 1552 °C 
2825 °F). A eutectic mixture of Ti;Sny and TigSn; exists at a tem 
perature slightly below the melting point of TigSn; and the eutectic 
composition is approximately 39% tin. Solubility of titanium in tin was 
not detected. Final solidification temperature for alloys containing more 
than 45% tin is 232 °C (460°). The crystal structure of TigSn is 

“filled” B8 type. 
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TEMPERABILITY OF STEELS 


By L. D. JAFFE AND EpwaArp GorDON 


Abstract 
A method has been derived for calculating, from the com 
sition of a steel, the temperature required to temper it to 
desired hardness after quenching to martensite. This 
method is based on statistical analysis of hardness measure 
nents on approximately 5000 samples from laboratory 
heats. It is believed that the method is simpler and more 
accurate than those suggested previously and should, in most 
ases, remove the need for trial and error in determining 
temperatures. The standard deviation (error) of the method, 
when applied to the experimental data, was 39°F, equiva 


lent to 1.3 points Rockwell C (ASM-SLA Classification: 
J29, ST) 


INTRODUCTION 


\ THE heat treatment of steel, it is ordinarily desired to temper the 
l material to a predetermined hardness or strength level. The par 
icular tempering temperature required to reach this level, for each 
eat of steel. must be determined by trial and error or estimated from 
previous experience with other heats. Considerable work would be 
ied if a simple method were available for predicting the required 
temperature from the chemical analysis. 

\ method of calculating tempering temperature was published some 
ears ago by Crafts and Lamont (1).' The accuracy obtained was de- 
scribed as “. . . within about plus or minus 5 R, [Rockwell C] .... 
his degree of accuracy is less than that necessary for the control of 
eat treatment... .”’ 

\fter the present work was essentially complete, Grange and Baugh- 
an (2) described another method of calculating hardness vs temper 
ing temperature, which in certain features resembles that presented 
here. \ comparison of the three methods is made in this paper. 


EXPERIMENTAL PROCEDURI 


lor this study, eighty-five 150-pound heats of steel were made in an 
cid induction furnace. The compositions were chosen to give series 1n 


figures appearing in parentheses pertain to the references appended to this paper 


paper presented before the Thirty-eighth Annual Convention of the Society, 
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tts), and Edward Gordon is associated with the United Gas Corporation, 
eport, Louisiana (formerly at the Jet Propulsion Laboratory, Pasadena 
ilifornia). Manuscript received March 21, 1956. 
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which 1 element at a time was systematically varied (see Table ] 
general, alloying elements were varied with nominal carbon conte: 
of 0.30, 0.70, and 1.00%, and with and without chromium and moly] 
denum contents of 0.25% each. When not intentionally varied, nomin,' 
contents of manganese, silicon, and nickel were held at 0.75%, 0.25 
and 1.50%, respectively. Of the 85 heats, 80 were deoxidized wi 
aluminum ; no aluminum was added to the other 5. 

The 5-inch x 5-inch ingots were forged to 14-inch rounds and : 
malized 1 hour at 1700 °F; steels with carbon content of over 0.300 
were tempered 1 hour at 1235°F and air-cooled. The rounds wer, 
then turned to 1l-inch diameter and cut into 3/16-inch disks, whic 
were next cut into quadrants. The quadrants from each heat wer, 
packed in carbonaceous material and austenitized at temperatures gi 
ing 100% austenite, ranging from 1650 to 1925°F. Samples from 
silicon-killed heats were also austenitized at 2050 to 2250 °F to produce 
very coarse grain size. All specimens were water-quenched and, within 
5 minutes cooled in liquid nitrogen to —320 °F. Specimens were then 
tempered in liquid baths at 212, 392, 482, 572, 662, 752, 842, 932, 1022 
1112, and 1292 °F for times of 1 and 6 minutes and 0.6, 3.6, and 21, 
hours. Temperatures were controlled to +4 °F; errors due to therm 
couple calibration did not exceed 7 °F. Specimens were quenched fro: 
the temper and wet ground 0.050 inch deep. Four Rockwell C hardness 
readings were taken on each. Their average was considered as on 
measurement and used in deriving the method of calculation. 

The relation between tempering time and tempering temperature fo 
a given hardness was found to fit the Hollomon-Jaffe (3) parameter 
T (c+ log t), at least as well as it fitted any other parameter tried. Ii 
appeared that, to a first approximation, a single value of the constant c 
could be adopted for all compositions. Study of the effects of composi 
tion on measured hardness suggested that manganese, nickel, phos 
phorus, sulphur, aluminum, and grain-size number contributed in linea 
fashion to the tempered hardness. Increases in carbon, silicon, chro 
mium, and molybdenum seemed to contribute less as the content of these 
elements rose; hardness contributions proportional to the logarithn 
of the concentration of each of these elements were therefore tried. A 
least-squares fit of 14 coefficients to the measured hardnesses of the 
5000 specimens was carried out on the Edvac digital computer at Aber 
deen Proving Ground. The correlation was improved by the method of 
averages, using a punched-card computer. Data were grouped by tem 
pering temperature and time, and by nominal content of each element. 
Refinements were introduced, based on deviations of the group aver 
ages from the least-squares equation and on interaction of the effects of 
molybdenum and carbon with the time-temperature parameter. Data 
not included in the detailed analysis were: points for treatments at 
1292° F, where the scatter was statistically greater than elsewhere; 
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rdnesses below Rockwell C-20; and a few points where an obvious 
ror had occurred. Tabulations of the experimental data and details 
; the mathematical analysis are given in Reference 4 


Method of Calculating Tempering Treatment 


Earlier temperability schemes were set up to compute directly the 
irdness corresponding to a given tempering treatment. In practice, 
the metallurgist’s problem is usually the converse: to compute the 
rempering treatment that will result in a desired hardness. The scheme 
escribed here is therefore set up to give the tempering temperature 
irectly. 

Before using this method. a preliminary check should be made to 
see whether the aim hardness is lower than the as-quenched hardness. 
his can be done by referring to the curve of as-quenched hardness 
ersus carbon content in Fig. 1. 

[o begin the actual calculation, the hardness contributed by carbon 
is read from the contribution-to-tempered-hardness curve of Fig. 1. It 
s essential that this be done accurately, since an error of 1 point Rock 
vell C in reading the hardness contribution will result in the same error 
n the final hardness. 

Next, the contribution of each alloying element and of grain size is 
read from Figs. 2 and 3 and added to the carbon contribution to give 
the compositional hardness H,. The difference between H, and the 
um hardness H,, multiplied by 30, is then a first approximation of the 
required tempering temperature. Thus, 


30 (H. — Ha) = Ti in °F 


\ better estimate otf the tempering temperature, which takes into ac- 
ount the tempering time, is obtained by adding to T, the corrections 
viven in Figs. 4 to 6.” 

The accuracy of the method in fitting the original data is 39 °F. This 
curacy is the statistical measure, “standard deviation.” For a normal 
listribution, 68% of the data points fall within the standard deviation, 
9% within 2 times the standard deviation, and 99.8% within 3 times 
the standard deviation. 


Sample Calculation 
The following example illustrates the method of calculation. 
Problem—It is desired to find the tempering temperature which will 
give a hardness of Rockwell C-37.5, using a tempering time of 3.6 hour 
ind the following composition : 


( Mn = Si P S Ni Cr Mo Al Cu Grain Size 
132 0.84 0.99 0.012 0.023 1.52 0.74 0.29 0.075 0.075 ASTM 6 


s actually the equivalent in °F of the tempering parameter, T (17.10 + log t), when t 
gned the value of 4 hours. 
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Fig. 1—-Carbon Contribution to Tempered Hardness, and the As-Quenched Hat 
As-quenched curve based on 500 measurements on samples as-quenched and 
tempered at 212 °F. Standard deviation for these specimens: Rockwell C-1.1. Dr 
as-quenched hardness at high carbon is due to failure of liquid nitrogen treatment 
transform retained austenite completely in this composition range. 
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Tempered Hardness. 


Solution—The hardness contributions of the various elements and 
i the grain size, from Figs. 1 to 3, are as follows: 


Cr Cee, ck weeec ene 61.6 
Manganese (0.84%) .......... 1.3 
Silicon (0.99%) .........0008. 3.5 
Cl Ok. ere 0.3 
Chromium (0.74%) .......... 2.3 
Molybdenum (0.29%) ......... 0.8 
Grain size (ASTM 6)......... 0.9 
SE  t.cbseenkannees a) 70.7 = H. (compositional 


hardness ) 
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Fig. 4—-Time Correction to Approximate Tempering Temperature. 


By the equation 


Ti =30 (He — Ha) = 30 (70.7 — 37.5) = 996 °F 


a first approximation of the tempering temperature is obtained. 
This first approximation, which is on the basis of a 4-hour temper, 
is then refined by using Figs. 4 to 6. Thus, 
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From Fig. 4, tempering time of 3.6 hour, correction...... +-75 
From Fig. 5, molybdenum content of 0.29%, correction..... +13 
From Fig. 6, carbon content of 0.32%, correction...... oe —49 
CR Je Cee eek ha ei ae Beebe on coeccee OOO Er 


(best estimate ) 


In this case, the experimental value for the tempering temperature 
vas 1022 °F (550°C). 


Limitations of the Method 


(he method described is based on a structure, before tempering, 

sisting essentially of martensite. Care should therefore be used in 
ipplying the procedure to other microstructures. 

Since the method is empirical, it should not be applied to composi- 
tions much outside the range of carbon and alloy contents indicated in 
lable I. The effects of phosphorus, sulphur, copper, aluminum, and 
nitrogen, within the ranges tried, appeared negligible; it is probably 
safe to use the scheme within the usual commercial ranges of these 
elements when they are present as impurities or, in the case of alumi- 
um, as a deoxidizing addition. 

\ustenite grain size is used as a known variable in the present 
scheme. As Fig. 3 shows, however, the effect of grain size is small and 
in estimate of grain size should always be adequate. 
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Table I 


Composition Ranges of Experimental Heats of Steel 


Check Analys 
Composition Nominal Content (¢ Range 
Element 
Carbon 0.13, 0.30, 0.50, 0.70, . & 0.12 1.1 
Manganese 25, 0.50, 0.75, 1.25, 1.75 0.21—1.7 
Silicon .25, 0.50, 1.00, 


0.20—2.13 
Nickel » 0.$0, 1.50, 2.50, « 


05 106 


QO? 


Chromium . Doe, Orme boa 2 O1—1 
Molybdenum , 0.12, 0.25, 0.50, 
Phosphorus 008 


01 0.79 


Sulphur 
Copper 
Aluminum 
Nitrogen 


Austenite grain 


al Ol¢ 
.014 
£025 
008 

0.003 


size (ASTM 


number) 


It is well known that the Rockwell C scale is not recommended for 
use below Rockwell C-20. The scheme outlined above can be used for 
lower hardnesses with slight loss in accuracy by taking the aim hardness 
H, as 1 point Rockwell C higher than that actually desired. 

The user should make sure that the calculated tempering temperatur 
is not above the lower critical temperature where austenite forms (A 
temperature ). 


Comparison of Methods 


In order to compare the methods of Crafts and Lamont, of Grang' 
and Baughman, and of the present authors, tempering temperatur 
was calculated by all 3 methods for 1 hardness and tempering time for 
each of 20 compositions (Table II). These 20 combinations were s 
lected by means of a table of random numbers from the 5000 combina 
tions covered by the experimental work described in this paper; us 
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Table II 


Composition of Specimens Chosen at Random for Comparison 


(;rair 
Alloy Composition (% ) Size 
Mn Si Ni Cr Mo P S Cu Al (ASTM N 
0 67 ( 4 1.52 1.21 0.26 O11 0.019 0.0; 0.025 ] 
R 0.99 1.52 0.74 0.29 0.01 0.023 0.07 0.075 
70 0.23 0.065 0.71 0.26 0.011 0.021 0.065 0.04 
0 { 0 1.54 0.30 0.27 0.011 0.022 0.065 0.02 
0.80 ( 7 1.56 1.23 0.26 0 a) 0.021 0.07 O05 
7 0.19 1.51 0 63 0.01 0.012 0.015 0.085 0.045 
0.7 0.22 1.46 0.71 rR 0.013 0.018 0.08 0.02 é 
06S 0) 28 O05 71 0 } 0.011 0.021 0.07 O.015 
} 49 0) » 1.51 0.015 { 7 0.011 0.019 0.07 0.02 
} 0.31 1.58 1.33 0.26 0.012 0.019 0.07 0.025 
1.58 0.24 1.56 0.01 0.013 0.011 0.019 0.06 0.025 8 
1.20 0.26 1.56 0.01 0.01 0.011 0.020 0.075 0.03 y 
1.60 0.32 1.58 0.01 0.01 012 018 0.07 0.035 10 
0.7¢ 0.28 1.44 0.33 0.02 0.012 0.014 0.065 0.08 ( 
) 0 1.52 ] 3 015 0.009 0.017 0.065 0.06 & 
0.68 0.26 1.52 0.015 0.01 0.011 0.017 0.07 0.015 x 
0.69 0.2¢ 1.58 0.77 0.24 0.011 0.017 0.065 0.015 5 
0.73 0.16 0.05 0.64 0.01 0.014 0.62 0.065 006 , 
1.64 0.21 0.04 0.015 0.28 0.011 018 0.075 0.04 7 
0.14 0.055 0.70 0.015 0.016 0.015 075 0.045 





f the random-number table ensured freedom from bias in the selection. 

}comply with limitations of the various methods, carbon was limited 
contents between 0.20 and 0.70%, molybdenum to a maximum of 

35%, and temperature to the range of 662 to 1112 °F. 

Results of these comparisons are shown in Table III. The standard 
iation between calculation and experiment was 

3 °F for the Crafts-Lamont method 


, °F for the Grange-Baughman method 
*F for the present method 


+ “I 
e 4 


w 


? 


hese deviations correspond approximately to errors in hardness of 


Table III 
Accuracy of Methods of Estimating Tempering Temperature 


Tempering Temperature (°F) Error of Estimate (°F) 
Tempering Measured Crafts Grange Present Crafts Grange Present 
ss Time Lamont Jaughman Authors l_amont Baughman Authors 

(min) (1) (2) (1) (2) 

1296 1022 856 1009 1020 166 13 ) 

216 1022 1011 968 1035 11 54 13 

752 754 79] 745 2 39 

‘ 932 937 969 943 5 37 1] 

( 932 992 952 R94 60 0 38 

1296 842 842 807 828 0 35 14 

3 932 862 969 943 70 3 11 

1296 752 642 735 716 110 17 36 

36 932 788 1042 983 144 110 51 

¢ 842 763 869 823 79 27 19 

| 662 646 730 595 16 68 67 

14 932 960 929 95>? rR 3 20) 

f 752 763 752 737 11 0 15 

6 662 693 716 667 31 54 5 

1112 1157 1223 1065 t5 11] 47 

16 842 774 882 87 68 +() 34 

16 93? 7R6 995 904 146 7 28 

16 1112 1095 1146 1051 17 34 61 

6 132 934 963 929 ) 3] 2 

36 752 757 744 714 5 x 3k 


c 
Standard deviation root mean square 73 18 32 
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2.4 points, 1.6 points, and 1.1 points Rockwell C, respectively. To jp 
crease statistical confidence, a further comparison of the last 2 metho Ic 
with experimental results was made, using 156 combinations (3 , 
domly chosen hardnesses and tempering times for each of 52 cor 
tions within the limits mentioned above ). This gave deviations of 45 °} 
(1.5 points Rockwell C) for the Grange-Baughman method and 39 °F 
(1.3 points Rockwell C) for the present method. 

The standard deviations for the other methods are significant 
larger statistically (5) than the value obtained by the present method 
for the same data points. The deviation of 73 °F (2.4 points Rockwell 
C) observed for the method of Crafts and Lamont is consistent wit! 
their statement of being generally within +5 points Rockwell C. Lik 
wise, the observed standard deviation of 45 to 48°F (1.5 to 1.6 points 
Rockwell C) for the method of Grange and Baughman would corre 
spond, for a normal distribution, to 50% of the data points falling 
within 1.0 to 1.1 points Rockwell C. This is probably consistent with 
their reported accuracy : “Most points lie within +1 R,....” The stand 
ard deviation of 39 °F (1.3 points Rockwell C) for the present method 
similarly corresponds to 50% of the data points falling within 26 °F 
(0.9 points Rockwell C). 

The time needed to calculate the tempering temperature, for 1 com 
position and hardness, by a computer equally experienced in all 3 meth- 
ods, was approximately 

15 min for the Crafts-Lamont method 


12 min for the Grange-Baughman method 
5 min for the present method 


Part of the reason for the difference in time lies in the fact that, to de 
termine a tempering temperature by the first 2 methods, it is necessary 
to calculate several points on a curve of hardness vs tempering temper 
ature, whereas the third method gives the temperature directly. It is 
also interesting that the number of mistakes made in 20 calculations, as 
indicated by repeating the same calculations, was 5 for the Crafts- 
Lamont method, 2 for the Grange-Baughman method, and 1 for the 
present method. The number of mistakes is, perhaps, indicative of the 
relative complexity of the calculations. 

The Crafts-Lamont method, it may be noted, is applicable to non 
martensitic as well as martensitic materials. The Grange-Baughman 
method is applicable to martensitic chromium-vanadium steels. 


SUMMARY AND CONCLUSIONS 


A method has been derived for calculating from composition the 
tempering temperature required to temper a martensitic carbon or low 
alloy steel to a desired hardness. It is believed that the method gives 
more accurate results than earlier methods and is simpler and quicker 
to use. 
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r the approximately 5000 combinations of composition, hardness, 
tempering time on which the method was based, the standard devia 
between the calculated and experimental tempering temperatures 
5 39°F. equivalent to 1.3 points Rockwell C. 
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DISCUSSION 


Written Discussion: By W. E. Jominy, chief metallurgist, Research Depart- 
ment, and R. D. Chapman, supervisor, Metallurgical Research, Chrysler Corpo- 
ration, Detroit. 

\ paper such as this by Jaffe and Gordon on the temperability of steel is always 
a welcome addition to our metallurgical knowledge. The tons of steel that are 
quenched annually usually end up being tempered and the ability to predict a 
tempered hardness resulting from a tempering temperature is very worth while. 

Several years ago, we published a paper (METAL ProGress—April 1950—pp. 
191-496) on determining tempered hardness, employing the end-quenched bar. 
\fter end quenching several bars of the same heat of steel, one bar was selected 

each of the several tempering temperatures. Taking hardness readings after 
this tempering, we were able to construct master curves showing tempered hard- 
; values for any as-quenched hardness. From our data and the method just de- 
scribed by the authors, a comparison was made between the two. Two SAE 4000 
series steels from our data appearing in the table below were taken from those of 
amples which were entirely martensitic before tempering. The table shows the 
liscrepancies that exist between the two methods. At high hardness values, it is 
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Table IV 


Correlation of Authors’ Calculations with Actual Tempering Tempera: 


res 
JAFFE CALCULATION DIFFER} 
Rockwell ¢ I Best Estimate Chapman and Cemperins 
Desired of Tempering Jominy Data Temperaturt 
Temperature Tes 


SAE 4063 } , Mn O $4, Si 0.32, Ni 0.23, Cr 0.075, Mo 0.23 #7 Grain. Size, Formula He 


25 37 . 1333 °F 1235 °F 98 °F 
35 7 . 1168 °F 1080 °F SR °F 
S 850 °F 830 °F 20 °F 


C 0.43, Mn 0.81, Si 0.28, Ni 0.03, Cr 0.05, Mo 0.22 7 Grain Size, Formula H¢ 
1281 °F 1269 °F 1150 °F 119 °F 
981 °F 1043 °F 950 °F 93 °F 
681 °F 693 °F 700 °F 7 °F 
4340—C 0.41, Mn 0.67, Si 0.26, Ni 1.77, Cr 0.76, Mo 0.26—#7 Grain Size, Formula H‘ 


Sethlehem 
1036 °F 1104 °F 1090 °F 14 °F 
736 °F 766 °F 800 °F 34 °F 


340—C 0.43, Mn 1.70, Si 0.23—#7 Grain Size, Formula HC Factor 68.20 


1116 °F 1019 °F 1200 °F 181 °F 
666 °F 656 °F 700 °F 44 °F 


* “Properties Carbon and Alloy Steels,’”’ Third Edition, Bethlehem Steel Company. 


apparent that the work of the authors and our work correlate very well, but as 
lower hardnesses are compared a greater spread of the data exists. That is 
ferences amount to over 100 °F in tempering temperature or as much as 9 point 
Rockwell C. Our data was collected by taking some 5000 hardness readings , 
commercial heats of this material and we have found over a period of years that 
it is most reliable in predicting both tempering temperature and Rockwell hard 
ness. 

Comparisons were also made for SAE 4340 and 1340 steels using tempered hard 
ness values published in the “Properties Carbon and Alloy Steels,’ Third Editi 
by The Bethlehem Steel Co. Here the 4340, a high hardenability steel, shows go 
agreement with the authors’ method. However, in the SAE 1340 steel a larg 
divergence exists in tempering temperature. Apparently the method of Jaffe an 
Gordon does not work on all steels; a tempering temperature deviation of frot 
7-181 °F shows the method gives only very approximate results. 

Although the authors have mentioned in their test that their data is for th 
martensitic structure, we would like to stress this point. Unless 100% martensit 
is obtained on the quench, this method of Jaffe and Gordon cannot be applied 
Therefore, in the application of their calculations it would be most desirable t 
obtain a hardness on the as-quenched piece to insure this martensitic conditio 


Authors’ Reply 


Some of the discrepancies pointed out by Messrs. Chapman and Jominy 
be associated with austenite formation during “tempering.” It is noteworthy t! 
these discrepancies occur at tempering temperatures of 1200 °F or higher and that 
the manganese contents of the steels are somewhat high. Steels with high mai 
ganese contents, like those with high nickel contents,” often have Ae, temperatu! 
much lower than is generally recognized. 


® A. Dubé and R. L. Cunningham “The Phase Changes of SAE 2345 Steel’’ Transact 
Canadian Institute of Mining and Metallurgy, Vol. 49, 1946, pp. 1-21. 
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ertainly true that hardness correlations for specific grades of steel, such 

of Chapman and Jominy, should be more accurate than any simple general 
tion, such as ours, since they need not consider interactions between param 
When a special correlation is not available, however, a general one is bette: 
ne at all; we believe ours is the simplest and most accurate of the general 
tions available today. 
iations tend to get larger as one moves away from the center of the experi 
data used. The measurements discussed by Messrs. Chapman and Jominy 
the edge of our experimental data with respect to tempering temperature, 
ium content, and nickel content 

ay be noted that more accurate general correlations could be developed 
ur data and other data which are available. These correlations would how 
be more complex and less easy to use 

facilitate interpolation between curves on Figs. 4-6, we have prepared 
ns of these figures with curves more closely spaced. We will be glad to 


vide copies on request. 
’ 





THE TEMPERATURE DEPENDENCE OF THE 
HARDNESS OF “PURE” IRON AND VARIOUS 
FERRITIC STEELS 


By F. GAROFALO, G. V. SMITH AND D. C. Marspen 


Abstract 


The change of hardness with temperature has been deter- 
mined for two different “pure” irons, four different low car 
bon commercial steels, and eleven different chromium steels 
modified in some cases with molybdenum, silicon and ti- 
tanium and varying in chromium content between one per 
cent and 27% 

The “pure” iron samples, low carbon commercial steels, ¢ 
1 Cr-Y% Mo steel, a Type 430 steel (17 Cr) and two type 
446 steels (27 Cr) exhibit hardness peaks which are asso 
ciated with a strain-aging reaction. Three other steels, 8 Cr, 
8 Cr-Mo and 12 Cr, exhibit essentially constant hardness 
over arange of about 200 °F. The lack of a drop in hardness 
within this range 1s again traced to a strain-aging reaction. 
Purification of a low-carbon steel in wet hydrogen or suit 
able heat treatment of 5%, 89% or 17% chromium steel con- 
taining titanium or silic on eliminates the strain-aging reac- 
tion and makes the hardness-temperature curve similar to 
that of typical “pure” metals other than “pure” iron. 

Prestraining 5% in tension at 80°F, aging for one hour 
at 400 or 600 °F and retesting in tension at 80°F reveals 
that a number of chromium and chromium-molybdenum 
steels, particularly 1 Cr-% Mo, 17 Cr (Type 430), and 27 

r (Type 446) exhibit discontinuous vai Iding and measur- 
able increase in flow stress. (ASM-SLA Classification: 
O29, Fe, ST) 


INTRODUCTION 


HE VARIATION of hardness of pure metals with temperature ts 
well established (1).'* It is generally found that as the tempera 
ture is increased the hardness continually decreases but not at a con 


' The figures appearing in parentheses pertain to the references appended to this paper 
2 J. H. Westbrook (Reference 1) has given a comprehensive review and re-analysis of th 
results found in the literature. 


\ paper presented before the Thirty-eighth Annual Convention of the Societ) 
held in Cleveland, October 8 to 12, 1956. This research work was performed by 
the authors in the Kearny, New Jersey, Fundamental Research Laboratory 0! 
the United States Steel Corporation. Of the authors, F. Garofalo is now associated 
with the Edgar C. Bain Laboratory for Fundamental Research, United States 
Steel Corporation, Monroeville, Pennsylvania; G. V. Smith is Bard Professor ™ 
Metallurgical Engineering, Cornell University; and D. C. Marsden 1s now 
associated with the United States Metals Refining Company, Carteret, New 
Jersey. Manuscript received December 23, 1955. 
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rate. Analytically it has been shown (1) for a number of pure 
tals that test results are approximated by the relation H = A exp 
BT), where H is the hardness in kg/mm ?, T the absolute tempera 

ture and A and B are constants. In plotting experimental values of log 
H against T, two intersecting straight lines are found for various pure 
metals. Thus the constants A and B have two sets of values, one below 
the temperature of intersection and one above. The temperature at the 
joint of intersection seems to be related to the temperature at the melt 
¢ point, being essentially between 0.4 and 0.6 of the absolute melting 
temperature, and is apparently insensitive to differences in strain rate 
ind grain size or slight differences in purity. 

In contrast to the well established relationship between hardness of 
pure metals and temperature, the dependence of the hardness of “‘pure”’ 
iron and commercial steels on temperature has been investigated to only 
a limited extent (2,3,4). It has been shown, however, that hardness 
results on steels at elevated temperatures are closely related to the 
tensile strength and approximately related to the creep and rupture 
strength (5). Since the temperature dependence of the hardness of 
metals can be readily determined over wide limits in temperature on a 
single specimen these results may be employed as preliminary informa 
tion useful in planning more extensive creep-rupture tests. In addition, 
hot hardness testing offers a simple but sensitive means of determining 
the existence and progress of various phenomena such as strain-aging 
(6), recovery and recrystallization, phase changes (24) and perhaps 
others which are known to affect strength properties. 


MATERIALS 

The type, heat treatment and composition of all materials tested are 
given in Table I. Steels A and B are high purity irons low in carbon and 
nitrogen. Steels C, D, E and F are commercial capped or deoxidized 
plain carbon steels. For some tests, Steel C was annealed in wet hydro- 
gen to reduce its carbon and nitrogen contents. Steels G to Q are ferritic 
or martensitic chromium steels varying in chromium content between 
| and 27%, some modified with additions of molybdenum, silicon or 
titanium. 


TEstT. PROCEDURES 
Apparatus 
The hot hardness apparatus employed in this investigation has been 
described in detail elsewhere (5). Both the specimen and the square 
base pyramid, Vickers-type, sapphire indenter, are heated in a virtually 
inert atmosphere (98% helium and 2% hydrogen) to the same tem 
perature, which is measured by a thermocouple spot-welded onto the 
specimen. A dead weight load of 3 to 10 kg may be applied automatically 
with a loading and unloading cycle of two minutes, but by manually 
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Table I 
Description of Steels Tested 


(Composition 
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hour at 
1100 °F 
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iting the fine adjustment wheel, full load can be applied uniformly 
1 as little as two seconds. The indenter is eccentric to the anvil. 
by rotating the specimen to locations marked on the graduated 
e, at least 16 impressions can be made on each test surface. Thus 
ies of hardness determinations can be made at a constant tempera 

or one or more impressions can be made at each of several diffe 

temperatures. By means of the liquid metal seal, the inert atmos 
‘within the test chamber 1s retained under a positive pressure for 
entire operation. 


Preparation of Hardness Specimens 
\ll hardness specimens tested were prepared from heat treated stock, 
ept material A which was hot-rolled. Two types of specimens were 
|. one 1/16 to 3/16 inch thick and 3/8 inch square and the other 
2 inch long and 7/16 to 10/16 inch in diameter. For the cylindrical 
pecimens a 3/16 inch diameter hole 3/8 inch deep was machined in 
he center of the face opposite the test surface for positioning on the 
nvil. The square specimens were positioned on top of a circular spacer 
ith a 3/16 inch diameter hole and were held in place by the spot 
welded thermocouple. 
[he test surface of each specimen was given a complete metallo 
rraphic polish. Before each test, room temperature hardness measure 
ents, employing at least three impressions and a 10 kg load, were 
de on each specimen on the hot hardness tester and compared with 
unilar determinations on a standard Vickers hardness machine. 


Hardness Measurements Above Room Temperature 


\iter measuring the diagonals of the hardness impressions made at 

om temperature, the specimen was repositioned on the anvil of the 
hot hardness tester and the thermocouple spot-welded onto the test 
surface. A titanium getter was placed around the specimen which, to 
gether with the anvil stem, was raised into the test chamber and a seal 

is formed by immersing the bottom-end of the furnace tube into the 
iguid metal within the seal cup.* 

Che test chamber was flushed with a purified gas mixture of 98% 
helium and 2% hydrogen and a constant but small flow of gas was 
maintained. The desired temperature was attained and allowed to sta- 

lize before making the initial hardness impression. In all tests at least 
eight different temperatures above room temperature were included ; 
| testing was done on heating unless otherwise noted. Two impres- 
ns were made at each temperature using 5 kg. load. After cooling 
room temperature the diagonals of each impression were measured 
the hardness determined in DPH numbers which are directly 
uivalent to the applied compressive unit load in kg/mm‘. 


test temperatures below 700 °F mercury was used in the seal cup. Above this tem 


, “Cerrolow’’, melting point 117 °F, was employed (see reference 5) 
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A modified procedure for measuring hardness at constant elevated 
temperatures was employed to determine the effect of a constant 
amount of prestrain and various time intervals on hot hardness (6) 
In these tests, following measurement of hardness at room tempera 
ture, the specimen was heated to the desired temperature and an initia] 
hardness impression was made using a loading cycle of approximatel 
2 seconds. Manual loading was used in these tests. In all subsequent 
impressions a two-step method was employed. In the first step a partial 
impression was made, constituting the prestrain. For each steel tested 
in this manner the partial penetration was held constant to 0.0035 inch 
as indicated by the penetration dial of the tester. After the desired time 
interval had elapsed, the second step constitutes the completion in ap 
proximately 2 seconds of total penetration. Both of these operations 
are accomplished manually. For each time interval one impression is 
made. A 2-hour maximum time interval and a 10 kg. load have been 
employed for all tests. The diagonals of all impressions are measured 
as before after cooling the specimen to room temperature. 


Tensile Tests 

Tensile specimens machined from heat treated stock of Steels G, J, 
M, N and P were tested in this investigation. These specimens were 
machined with a reduced section 1-7/16 inch long and 0.250 inch in 
diameter. In testing these specimens, a load-extension autographic 
record was obtained using a Selsyn motor, averaging, l-inch gage 
length extensometer. Each specimen was strained 5% in tension at 
80°F, unloaded, aged at 400 or 600°F for 1 hour and retested in 
tension at 80 °F. 

RESULTS AND DISCUSSION 
Variation of Hardness of “Pure” Metals with Temperature 

The variation of the hardness of “pure” metals with temperature has 

been found to be approximated by the relation 


H =A exp (—BT) Equation 1 


where H is the hardness in kg/mm?, T the absolute temperature and 
A and B are constants. In Fig. la is shown a typical set of results, 
obtained for “pure” copper by Ludwik (1). These results are repre- 
sentative of the general behavior of the hardness of “pure’’ metals as 
the temperature is raised above room temperature. By approximating 
the results with two straight lines it becomes evident that A and B 
must each have two different values, one below the point of intersection 
and one above. The constant A represents the hardness extrapolated to 
absolute zero, whereas B represents the change in the logarithm of the 
hardness per degree absolute. At temperatures below the point of inter- 
section the constant A for “pure” metals seems to be related to the 








HARDNESS OF IRON AND STEELS 377 


rystal structure and the heat content of the liquid metal at the melting 
point, whereas the constant B, seems to be related to a thermal energy 
parameter (1). 

[he absolute temperature at the point of intersection seems to be re 
lated to the absolute melting temperature. From the results for “pure’’ 
copper shown in Fig. la the temperature at the point of intersection is 

und to be 625°K (665 °F), which is 0.47 of the absolute melting 
temperature. For other “pure’’ metals the point of intersection lies in 
veneral between 0.4 and 0.6 of the absolute melting temperature. 

[he fundamental factors which bring about the change in slope of 
the log hardness-temperature curve have not been investigated. Al 
though suspected (1), it is not known whether one slip mechanism 
is operative within the low temperature range and a different one above. 
However, because of the many factors involved during plastic deforma 
tion at elevated temperatures, the problem is extremely complex. 

If the results in Fig. la represent the general behavior for “pure” 
metals, a similar behavior should be expected for “pure” iron. This 
is not the case as shown by the results given in Fig. 1b for two different 
“pure” irons (A and B). For “pure” Iron A an initial decrease in hard 
ness as the temperature is increased is followed beyond 250 °F by an 
appreciable increase, reaching a maximum at 450 °F. “Pure” Iron B 
shows a small initial increase followed beyond 300 °F by a more sub- 
stantial increase at higher temperatures until a maximum is reached at 
{50 °F. This behavior is similar to that observed for plain carbon steels 
and undoubtedly indicates a strain-aging reaction. As mentioned else- 
where (6), in this particular test strain-aging occurs during the time 
interval in which the indenter penetrates the specimen. With the pres- 
ent apparatus operating on automatic controls this interval is of the 
order of 25 seconds. Recent results for plain carbon steels show (6) 
that above 250°F strain-aging is extremely rapid and appreciable 
hardening occurs within 25 seconds. 

[t is generally accepted that carbon and nitrogen atoms in solid solu- 
tion in a-iron cause strain-aging (7,8,9). The minimum amount of 
either carbon or nitrogen or both necessary to bring about a measurable 
degree of strain-aging has not been determined experimentally and 
may depend on the test method. It has been shown however, that as 
little as 0.0004% N in “pure” iron is sufficient to bring about a de- 
tectible amount of strain aging (8). Carbon does not seem to cause 
any appreciable amount of strain-aging below 100°C (210°F), 
whereas nitrogen has been found to promote strain-aging at room 
temperature. 

lf it is assumed that the theory of Cottrell on segregation of carbon 
and nitrogen atoms during the initial stages of strain-aging is correct 
(9,10,11,12), then the total number of solute atoms, N(t), which are 
segregated per unit volume in time t may be defined by 
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Fig. 1—Relationship Between Hardness and Temperature 

tor (a) Pure Copper (see Ref. 1) and (b) Two High 

Purity Irons and a Capped Open-hearth Steel Treated in 
Wet Hydrogen. 


) 
N(t) = No -exp [— ap (4): 1? Equatior 


where N, is the total number of solute atoms in solution per unit vol 
ume, p 1s the length of edge dislocation per unit volume, D is the diffu 
Sivity constant, k is Boltzman’s constant, T is the absolute temperatur 
and a and A are constants. This relationship has been verified exper! 
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tally by internal friction measurements for both carbon and nitro 
itoms dissolved in iron (12). The validity of the relation was 

ed to N(t)/N,=0.90 and found in good agreement with the 

nal friction measurements. This relation is of particular impor 
since it relates quantitatively several variables affecting the amount 
egregation of solute atoms and presumably therefore the degree of 
rain-aging. Since nitrogen dissolves in a-iron to a greater extent than 
on, this means that N, 1s greater for nitrogen. Thus at any tem 
jerature T and time t the amount of segregation of nitrogen, assuming 
} to be equivalent for both carbon and nitrogen, is greater than that 
carbon. Because of the extremely low solubility of carbon in a-iron 
oom temperature the degree of segregation of carbon atoms and 
therefore of strain-aging is not easily detected below 100 °C (210 °F). 
(hus, the lower nitrogen content in “Pure” Iron A results in the initial 
drop found for this material below 250 °F as shown in Fig. 1b. It fol 
ws that the greater amount of nitrogen in “Pure” Iron B brings about 
strain-aging just above room temperature. Within the temperature 
range in which strain-aging occurs, it is generally known that N, in 
creases appreciably. Also the diffusivity constant increases exponen 
ially. Relation 2 predicts, thus, that the average rate of segregation of 
solute atoms, and therefore the average rate of strain-aging, increases 
s the temperature increases. This of course is in agreement with the re 
sults for both “Pure” Iron A and B in the range of temperatures where 
N, is large enough. It should be noted however, that the rate and degree 
of crystal recovery during hot hardness testing has an effect on the test 
results and therefore has an effect on the shape of the hardness 

temperature curve. 

Upon removal of carbon and nitrogen from Steel C, a capped open 
hearth steel, by heating at 1700 °F for 54 hours in a wet hydrogen 
tmosphere, the variation of hardness with temperature is similar to 
that exhibited by ‘“‘pure” metals. The amount of material treated for 
these tests is too small to obtain accurate determinations of carbon and 
nitrogen. 

\s may be observed in Fig. 1b the hardness results are approximated 
two straight lines. The values of the constants A and B of relation 1 
tor both straight lines are given in Table II. The temperature at the 
point of intersection, also reported in Table II, is 727 °K (850°F). 
Since annealing in wet hydrogen does not remove the normal impuri- 


ties, except for carbon and nitrogen, the absolute melting point of Steel 

C after treatment in wet hydrogen should be below 1808 °K, which is 

absolute melting point of iron. It is found therefore that the ratio 

i the absolute temperature at the point of intersection to the absolute 

temperature at the melting point is somewhat greater than 0.4, which 

is within the range of 0.4 to 0.6 which has been established for pure 
metals, 
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Table II 
Temperature at Inflection Point, Constants A and B and Rate 
of Change of Hardness with Temperature at 600 and 1000 °F 


A—(Kg/MM?) B—(10-*/K) 
At Temperatures At Temperatures 
Temperature at —dH 
Point of Inflection Below Above Below Above per MM 
Point Point Point Point at 
of of of of 600F 
Code Type "7 °K Inflection Inflection Inflection Inflection (591K 


C Capped Open-Hearth 850 727 70 550 6.00 34.1 0.03 
Treated in Wet 
Hydrogen 
5 Cr-%y Mo-1% Si 920 768 205 10,970 
5 Cr-% Mo-Ti 880 746 244 5,888 
5 Cr-% Mo-Ti 880 746 237 5,624 
Cr-Ti 780 691 370 1,950 


910 763 187 3,163 


* Results obtained on cooling. 


Of the many factors that affect the hardness of metals at elevated 
temperatures an important one is crystal recovery. Depending on the 
mechanical property measured, an appreciable increase in the rate of 
recovery is found beyond a critical, small, temperature range for man) 
“pure” metals and alloys. Although no data seem to be available on 
recovery of purified steels, results on cold-rolled (5 to 90%) “pure” 
iron (13) show that hardness decreases very rapidly upon annealing 
above 700 to 900 °F. Thus, it seems possible that the rapid drop in 
hardness of “pure” metals beyond the point of intersection is related, 
to a large extent, to an increase in the rate of recovery. The rate of 
change in hardness for purified Steel C depends on the temperature, but 


can easily be computed at any point below or above the temperature of 


intersection. Upon differentiating relation 1 the change in hardness 
with respect to temperature becomes 


dH/dT = —BH Equation 3 


This relation shows that the rate of change in hardness with tempera 
ture depends not only on the slope B but also on the hardness at the 
temperature in question. For purified Steel C, as given in Table II, it 
is found that dH/dT at 1000 °F (813 °K), which is above the point 
of intersection, is four times as great as the value at 600 °F (591 °K 

which is below the temperature of intersection. 


Variation of Hardness of Low Carbon Steels with Temperature 


The hardness variation with temperature for four different low car 
bon steels is shown in Fig. 2. The hardness of two killed steels (FE and 
F) decreases until a temperature of 250 °F is reached. The increase 
which follows indicates a strain-aging reaction which was described 
previously. A maximum in hardness is reached at approximately 
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is0 °F. It seems likely that crystal recovery along with the normal 
mal effect are mainly responsible for the decrease in hardness be 

| the maximum (see later results and discussion ). Steel C, a capped 
nen-hearth steel, shows a very slight initial decrease in hardness fol 
wed by an appreciable increase beyond 200 °F and a maximum at 
i50°F, The capped Bessemer steel, Steel D, is susceptible to strain 
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Fig. 2—Variation of Hardness with Temperature of 


Four Different Carbon Steels. 


iging just above room temperature, as indicated by the rapid increase 
in hardness. A maximum in hardness is found between 400 and 450 °F. 

(he initial decrease in the hardness of the two killed steels may 
probably be attributed to a low concentration, at the lower tempera 
tures, of dissolved nitrogen, since as mentioned previously the low 
solubility of carbon at these temperatures precludes any measurable 
legree of strain-aging by this element. Although the total nitrogen 
content of both of these steels, see Table I, is high, upon normalizing 
an appreciable quantity may be precipitated as aluminum nitride (14), 
: reducing the amount in solid solution. Of the two capped steels, which 
are not deoxidized, Steel D has appreciably more total nitrogen than 
Steel C. This fact may be related to the observation that Steel D shows 

ore aging tendencies than Steel C at the lower temperatures. It is 
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very likely that the maximum change in hardness as the temperatur: 
is increased above room temperature may be related to the amount of 
nitrogen in solution, if the amount of dissolved carbon is assumed t 
be essentially the same for the four steels. 


Variation of Hardness with Temperature for Low Chromium Steel 


Hot hardness measurements on three different low chromium steels 
were obtained between room temperature and 1200 °F. The results are 
shown in Fig. 3a. The results for Steel G, a 1% chromium-%4% molyb 
denum steel, show an initial decrease up to 300 °F followed by a sub 
stantial increase with a maximum between 600 and 800°F. The 
increase beyond 300°F is typical of a strain-aging reaction. The 
temperature range in which this reaction occurs extends to appreciably 
higher temperatures than the range for the “pure” irons in Fig. la or 
the carbon steels in Fig. 2. 

As may be observed from Fig. 3a the hardness of Steel G begins t' 
increase when the temperature is raised beyond 300 °F. It was stated 
previously that below this temperature carbon atoms do not bring 
about any appreciable amount of strain-aging because of limited solu 
bility. The lack of strain-aging below 300 °F indicates that in Steel G 
essentially all the nitrogen present is very likely tied-up as a stable 
compound with silicon, molybdenum and perhaps chromium (15) 
Thus the strain-aging reaction observed above 300°F is theretor 
caused to a large extent by carbon atoms in solution. 
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very unlikely that the reaction above 300°F in Steel G is 


t about by a precipitation of particles of molybdenum carbide 

| existing dislocations as pre yposed by Glen (16), since the diffu 
molybdenum atoms through the ferrite lattice is known to be 

sluggish in the temperature range between 300 and 900 °F. The 
imate diffusivity constant for molybdenum in a-iron (17) is 

by 

59.000 
RT 


Las 3.467 exp Kquation 4 


+ 700°F (644°K) Dy. becomes 2.3 x 10~-?*. For purposes of com 
on the diffusivity constant, to a fair approximation, for carbon in 
ite (18) is given by 


- 18.000 


DD, 7.9 &* 10° exp = lquation 
RT] 


Thus, at ZOO°F (644°K) D, is 1.45 x 1075, a value much greater 
n that for molybdenum. It can be further shown that the diffusion 
f molybdenum atoms in an unstrained a-iron lattice is so restricted at 
700 °F, the temperature of the maximum in hardness for Steel G in 
3, that migration of molybdenum to dislocations to form a com 
pound with carbon is highly unlikely. The distance X, traveled by a 
olybdenum atom in the unstrained a-iron lattice can be determined 
y the approximation 


Dro t 1 3 ti ( 
a “quation 0 
x | 


where t is the allotted time for migration. In the case of the hot hard 
ness test the time for total penetration is 25 seconds. Thus migration of 
interstitial and substitutional atoms to trap dislocations and_ bring 
bout a strengthening effect must occur in less than this time interval. 
‘or t equal to 20 seconds,’ X for molybdenum at 700 °F is found to be 

78x 10~* cm, which is less than one inter-atomic spacing. From these 
approximate calculations it must be concluded that migration of molyb 
denum to dislocations to form a carbide precipitate as suggested by 
Glen is unlikely,® even if it is assumed that Dy. is increased by the 
plastic strain. 

‘urther results given below will clearly show that the reaction in 
Steel G observed above 300 °F is caused by strain-aging. It is of in 
terest, however, to find that the reaction in Steel G extends over a wider 
temperature range than for low carbon steels. This is believed to be re 
lated to the fact that molybdenum and chromium are known to increase 


hown later, complete strengthening at this temperature occurs in less than approxi 
) seconds 
tion of such other substitutional atoms as chromium, silicon, and manganese to dis 
it low temperatures is also unlikely because the diffusivity constant for these ele 
a-Iron is essentially the same as that for molybdenum. 
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the temperature beyond which crystal recovery is accelerated 
Since strain-aging and crystal recovery have opposite effects on hard 
ness it is expected that the strain-aging reaction should be extended 
higher temperatures until recovery becomes predominant. 

The results for Steels H and I, given in Fig. 3a, show that these stee! 
exhibit a behavior similar to that of “pure” metals. This is true fo, 
Steel [ both on heating and on cooling. Since two different specimens 
of Steel I were used for the heating and cooling curves, the differen; 
hardness levels may be due to an initial difference in hardness. For 
these steels the strain-induced, strain-aging reaction has been elim; 
nated. This is very likely due to the practically complete absence of 
carbon and nitrogen atoms in solution. In Steel H, silicon and molyb- 
denum and perhaps chromium have in part combined with the total 
nitrogen present, whereas the latter two elements may have formed 
stable carbides upon air cooling during heat treatment. A similar be 
havior should be expected for Steel I which contains titanium, a strong 
carbide and nitride former. In this case stable carbides and _ nitrides 
may have formed upon holding at 1375 °F for four hours. 

The temperature at the intersection of the straight lines in Fig. 3a 
for Steels H and I is reported in Table II. The temperature found fo 
Steel H is higher than that for Steel I, which shows the same tempera 
ture on both heating and cooling. The temperature of intersection for 
both steels is higher than the temperature of intersection for purified 
Steel C. The values for the constants A and B of relation 1 are given 
in Table II, which also contains values of dH/dT at 600 and 1000 °F. 
lor these steels dH/dT at 1000 °F is between 6.2 and 7.4 times th 
rate of change at 600 °F, which is appreciably greater than was found 
for purified Steel C. 

Since Steel I does not exhibit any strain or temperature induced 
reactions between room temperature and 1200 °F, the recovery char 
acteristics of this material may give an insight to the abrupt change o/ 
slope at the temperature of intersection of the straight lines in Fig. 3a. 
The effect of temperature on recovery for Steel I was determined and 
the results shown in Fig. 3b. In these experiments a surface ground, 
flat specimen, 5 inches long, % inch wide and % inch thick was machined 
from a heat treated, one-inch diameter bar and cold-rolled approx! 
mately 11%. The hardness after cold rolling was essentially uniform 
along the length of the bar, which was cut into 1% inch long samples 
These samples were each exposed at various temperatures for 15 min- 
utes, air cooled and the hardness measured at room temperature. The 
hardness after each exposure is given in Fig. 3b. In this graph the hard- 
ness is plotted on a logarithmic scale for purposes of comparison with 
Fig. 3a. 

It is found from Fig. 3b that the recovery characteristics of Steel ! 
may be separated into four distinct parts. The initial part extends be 
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tween room temperature and essentially 400 °F. In this part the hard- 
ness increases to a maximum and begins to decrease. This behavior 
cannot be attributed to strain-aging, for this material is apparently free 
from strain-aging as noted above. A similar behavior during crystal 
recovery is found in nonferrous metals (19,20,21) and in austenitic 
stainless steels (22). The second and third stages show two straight 
lines which intersect at 700 °F. This shows of course that beyond 700 °F 
the rate of recovery becomes much greater rather abruptly. This tem 
perature of intersection does not coincide with the temperature of 
intersection found in the results of Fig. 3a. This is not surprising, 
however, since the type of deformation differs, and, of even greater 
importance, perhaps, is the fact that in one case the deformation took 
place at the test temperature, whereas in the second case the material 
was deformed at 75°F. During the fourth stage, beyond 900 °F, a 
decrease in the rate of recovery is found. No recrystallization was ob- 
served. Since the mechanism of recovery is not well established (23), 
an explanation of the four distinct steps observed cannot be offered 
it this time. There seems to be a relationship, however, between the 
recovery behavior in the second and third stages and the two straight 
lines exhibited by the hardness-temperature curves. 


Variation of Hardness with Temperature for Medium Chromium 
Steels 

Test results for several 8% chromium steels and one 12% chromium 
steel are given in Fig. 4. The hardness of Steel J (8% chromium steel) 
decreases at a decreasing rate as the temperature is raised to 600 °F. 
Beyond this temperature the hardness drops very rapidly. The notice- 
able decrease in the rate of change in hardness below 600 °F is caused 
by strain-aging as shown later. The rapid drop beyond 600 °F is per- 
haps related to an increased rate of recovery beyond this temperature. 

The shape of the hardness-temperature curve for Steel K, an 8% 
chromium-molybdenum steel, and for Steel M (Type 410), is very 
similar to that found for Steel J. One notable difference is that the rapid 
drop in hardness for Steel K begins at a higher temperature, in this 
case at 900 °F. This observation is in agreement with the known fact 
that molybdenum increases the temperature for the beginning of rapid 
recovery. 

The change in hardness with temperature for Steel L, which is an 
5% chromium steel with 0.41% titanium, reflects undoubtedly a very 
complex behavior. This steel was air-cooled from 2200 °F, resulting in 
a martensitic structure. Therefore upon determining the variation of 
hardness with temperature, several reactions, both strain and tempera- 
ture induced, are encountered. Upon testing this material on heating, 
the hardness drops between 75 and 300 °F but then remains essentially 
constant up to about 800°F. Beyond 800 °F the hardness begins to 
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Fig. 4-—Relationship Between Hardness and Temperature for 
Four Different Medium Chromium Steels. 


drop again. The microstructure for this material after heat treatment 
contains, in addition to the martensitic matrix, angular particles of ti 
tanium “carbo-nitride” and a fine dark spheroidal precipitate usually re 
ferred to as titanium “carbide” particles. After furnace cooling from th 
final test temperature of 1300 °F the matrix, as expected, is found to b 
equiaxed ferrite grains. The titanium “carbide” particles have increased 
in number but remained essentially the same in size. Upon testing 
this material on cooling from 1300 ° F, as shown in Fig. 4, the hardness 
temperature behavior is similar to that of a pure metal. This maj 
indicate that on cooling no strain or temperature induced reactions ar 
encountered and therefore the additional precipitation of titanium “car 
bide” particles must be essentially complete upon heating to 1300 °I 
The behavior on cooling may indicate, therefore, that in addition to a 
lack of microstructural changes, essentially all of the carbon and nitro 
gen have combined with titanium and possibly chromium. 

From the results on cooling, the constants A and B for above and 
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he point of intersection have been computed and are reported 

e Il. For Steel L. the rate of change of hardness at 600 °F, as 
in Table II, is much greater than for all other steels tested. Upon 
ing the rate of change of hardness at 600 °F for the steels in 
in Table II it is found that the greater the hardness at 600 °F 
reater the rate of drop in hardness. This relationship does not 
ibove the point of intersection at 1000 °F. The rate of drop in 
ess at 1000 °F is essentially the same for Steels H, I, L and O. 
purified Steel C the rate of drop is less than for the other steels. 
present results may indicate, that beyond the temperature of inter 
ction, a harder and therefore stronger material will retain a propor 
lly higher hardness and therefore higher strength as the tempera 


ture is increased. 


tion of Hardness with Temperature for High Chromium Steels 
(he hardness of Steel N, a 17% chromium steel (Type 430), was 
letermined between room temperature and 1200 °F. The results which 
shown in Fig. 5a indicate a gradual decrease in hardness up to 
(00 °F, followed by a slight increase at 500 °F and a decrease in hard 
ness which becomes pronounced beyond 600 °F. 
(he addition of titanium to a 17% chromium steel, as in Steel O, has 
t changed effectively the shape of the hardness curve on heating as 
hown in Fig. 5a. It should be noted, however, that Steel O was air 
led from 2000°F so that only incomplete combination of carbon 
ind nitrogen with titanium is to be expected in the heat treated material. 
(hus titanium has not combined with sufficient amounts of carbon or 
nitrogen to completely eliminate strain-aging. In contrast, it is found 
testing on cooling from 1300 °F, Fig. 5a, that the strain-aging re 
iction has been eliminated. The hardness curve on cooling resembles 
that of a “pure” metal. It seems that at 1300 °F, or somewhat below, 
ppreciable precipitation of “carbides”? must have resulted. These re 
sults indicate that by heating to 1300 °F and slow cooling the strain 
iging reaction may be minimized on subsequent heating. The constants 
\ and B and values of dH /dT at 600 and 1000 °F are given in Table I 
tor Steel O, 


/ 


[he hardness results for Steel P, a 27% chromium steel (Type 446), 
show some difference below 900 °F for the heating and cooling curves 
is may be observed from Fig. 5a. On cooling, slightly higher hardness 

iues are found than on heating below this temperature. This effect 

indoubtedly related to the hardening which results in this steel upon 
sure in the vicinity of 885 °F. 
th on heating and on cooling, a strain-aging reaction is found above 
''. In both cases a definite peak in hardness is found in the tem- 
perature range between 500 and 600 °F. This strain-aging reaction is 
so evident in material which had been previously exposed at 900 °F 


}2 


1{ i) 
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Fig. 5—Relationship Between Hardness and Temperature for Four 
Different High Chromium Steels. 


for either 10* or 3.4 x 10* hours, and had therefore hardened to a 


considerable degree. These observations are for Steel Q, which is a 
27% chromium steel, and are given in Fig. 5b. These results were ob 
tained on heating and show hardness peaks between 500 and 600 °F 


Strain-Aging Studies 
As shown by the variation of hardness with temperature, differing 
degrees of strain-aging susceptibility are indicated in most of the steels 
tested by the presence of hardness peaks or by the observation of a 
constant hardness within a limited temperature range. The steels which 
do not seem to be susceptible to strain-aging are purified Steel C, Steel 
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5 Cr-0.5 Mo-1.5 Si) and Steel I (5 Cr-0.5 Mo-Ti). Also, Steels L 


2 Cr-Ti) and O (17 Cr-Ti) show lack of strain-aging upon testing 


ng cooling from 1300 °F. 

, different procedures were employed to study further the strain 
characteristics of several steels included in this study. The first 
Ives a two-step hot hardness test described previously (6) and the 
| involves prestraining a tensile specimen 5% in tension at 80 °F, 
at 400 or 600 °F for one hour and retesting in tension. 
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Change in Hardness at 300 °F for Two “Pure” Iron Samples Upon Inter 
rupting Hot Hardness Test for Various Intervals 


In the two-step hot hardness method, the prestrain, which 1s per 
formed at temperature, is accomplished by making a partial impression. 
\fter the predetermined aging period the impression is completed. 
lor these tests the operation of the hot hardness tester is performed 
manually. 

he test results obtained for two “pure” irons (A and B) at 300 °F 
ire shown in Fig. 6. As mentioned previously (6) the initial or refer 
ence hardness in the two-step method is determined by making a com 
plete impression in less than 2 seconds to minimize strain-aging. An 
increase beyond the reference hardness of “pure” Iron A is observed 
early in the test until a maximum is reached after aging 2 minutes. A 
continual drop in hardness is then observed. The hardness of “pure’’ 
lron B begins to increase beyond an aging period of 10 seconds and 
remains essentially constant between 8 minutes and 2 hours. These 
results show that the rate of strain-aging of these “pure” irons at 300 °F 
does not approach that of rimmed open-hearth or bessemer low carbon 
steels but is comparable to that of a silicon-aluminum killed steel made 
by the liquid metal process (6). 

Other steels which were investigated by the two-step method include 
G, J, M, N and P. The results for these steels are shown in Fig. 7. The 
results for Steel G (1 Cr-% Mo), Fig. 7a, indicate at 500 °F that upon 
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aging an initial decrease in hardness is found with a minimum at about 
2 minutes. For greater amounts of aging the hardness increases noti: 
ably. At 700 °F, the temperature at which the maximum occurs in t! 
hardness-temperature curve (see Fig. 3a), aging is extremely rapid 
Complete aging is found within the interval of less than approximate! 
2 seconds. That appreciable aging has occurred at 700 is indicated | 
the much higher initial hardness at this temperature in comparison t 
that at 500 °F. Aging time at 700 °F seems to have little effect on th 
hardness. 

The results for Steel J (8 Cr) at 400°F shown in Fig. 7b revea 
beyond an initial drop a slight amount of strain-aging. The behavior i1 
ig. 7b agrees with the hardness temperature results in Fig. 4, whic! 
indicate, by the lack of a hardness peak, that Steel ] does not exhibit 
pronounced strain-aging tendencies similar to the plain carbon steels 
or Steel G. In Fig. 7c, the results for Steel M (Type 410) indicate 
complete aging occurs at 500 or 600 °F after a few seconds of aging 
Aging time does not seem to affect the hardness, which is slightly 
greater upon aging at 600 °F. A somewhat similar behavior as in Ste 
M ( Type 410) is found for Steel N (Type 430) upon aging at 550 and 
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Behavior of a Number of Chromium Steels 


00 °F. As given in Fig. 7d, aging time has little effect at 550 °F and 
omplete aging occurs instantaneously with deformation. At 600 °F an 
initial decrease is found, but the hardness level at 600 °F is slightly 
igher than at 550 °F. For Steel P (Type 446), the two-step method 
licates in Fig. Ze an initial decrease in hardness followed by a sub 
stantial but gradual increase upon testing at 400 °F. At 500 °F, maxi- 
um increase in hardness is reached in about 4% minute. This material 
xhibits appreciable strain-aging tendencies, with peak temperature 
slightly higher than for carbon steel or “pure” iron, but somewhat lower 
than for steels containing molybdenum. 
he tensile behavior of Steels G, J, M, N and P has been investigated 
er prestraining in tension 5% at 80°F and aging for one hour at 
(00 or 600 °F. The results obtained are shown in Fig. 8. For each steel 
he load-extension curve is shown during the prestrain and subse- 
ntly after aging. The results for Steel G (1 Cr-% Mo) in Fig. 7a 
discontinuous yielding during the prestrain. After aging at 400 °F 
ne hour an appreciable increase in flow stress is indicated with a 


i? 


rn of discontinuous yielding. These observations agree with the hot 
ness results which show this material to be readily susceptible to 


aging, 
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The behavior exhibited by Steel J (8 Cr) during the prestraj, 
ig. 8b, shows that for the heat treatment employed, this materia] ¢o, 
not show discontinuous yielding. After aging for 1 hour at 600°) 
however, in addition to a moderate increase in flow stress, discont); : 
ous yielding appears. This behavior does not seem to be consistent wit! 
the dislocation theory of discontinuous yielding and strain-aging pr 
posed by Cottrell, unless perhaps plastic deformation is particular) 
effective in increasing the solid solubility of carbon and nitrogen j; 
alloyed ferrite. Steel M (Type 410), shows a minimum of discontiny 
ous yielding during prestraining as observed in Fig. 8c. A somewhat 
greater amount of discontinuous yielding is observed after aging at 
600 for 1 hour. The increase in flow stress after aging is measurah); 
but small. Both the hot hardness and tensile results, however, show this 
material to exhibit slight strain-aging tendencies. 

Steels N and P exhibit a pronounced degree of strain-aging as show: 
by the tensile results in Figs. 8d and 8e. Steel N (Type 430), does not 
show any discontinuous yielding prior to aging. Upon aging, at 600 °F 
for 1 hour, however, the flow stress is increased considerably and dis 
continuous yielding is pronounced. The strain-aging tendencies of Stee! 
P (Type 446), seem to be appreciably greater than all other chromium 
steels tested. Although no discontinuous yielding is observed during the 
prestrain, after aging at 400 °F for 1 hour, the flow stress is greatly in 
creased and the amount of discontinuous yielding is appreciable. 


SUMMARY AND CONCLUSIONS 


The present investigation was undertaken to determine the tempera 
ture dependency of the hardness of a number of ferritic or martensitic 
commercial steels, both carbon and alloyed, and two different “pure” 
irons. In the absence of solid state reactions during the hot hardness 
tests of these materials, it is expected that the hardness-temperature 
curve would be similar to that established for “pure” metals. The ex- 
perimental results for a number of “pure’’ metals show that the hard 
ness continually decreases with temperature and by plotting the log of 
the hardness against the absolute temperature two intersecting straight 
lines are found. This behavior was not observed in most of the com- 
mercial steels included in this investigation. The experimental findings 
may be summarized as follows : 


1. The variation of hardness with temperature of two “high purity” 
irons exhibits hardness peaks at 450 °F. The increase in hard 
ness with temperature in these materials is due to strain-aging 
caused by residual amounts of carbon (0.005%) and nitrogen 
(< 0.001%). 

Purifying a capped open-hearth steel in wet hydrogen for 54 hours 
at 1700 °F eliminates the strain-aging reaction. The variation 0! 
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rdness for this material is found to be the same as that for non 

rous “pure” metals. 

w carbon commercial steels, depending on processing history 
nd chemical composition, show varying degrees of strain-aging 
susceptibility within different temperature ranges. Of four tested, 
all show a hardness peak at approximately 450 °F. 

\ 1 Cr-% Mo steel exhibits a hardness peak at about 700 °F. 
(he observation in this steel of a maximum at higher tempera 
tures than those found for plain carbon steels or “pure” iron 
samples is related to the effect of molybdenum and chromium in 
increasing the temperature which must be attained before pro 
nounced recovery is observed. Two other chromium steels, one a 
5 Cr-% Mo-1™% Si and the other a 5 Cr-% Mo-Ti steel, did not 
show any evidence of strain-aging or temperature-induced, solid 
state reactions between room temperature and 1200 °F. 

[lwo 8 Cr steels, one modified with titanium, and a 12 Cr steel 
(Type 410) do not exhibit hardness peaks, but the hardness de 
creases with temperature at a decreasing rate and then remains 
essentially constant over a range in temperature of about 200 °F 
before decreasing rapidly. This behavior indicates a slight degree 
of strain-aging susceptibility. The presence of titanium in an 
8 Cr martensitic steel seems to eliminate the strain-aging reaction 
when the material is heated to 1300°F and tested on cooling. 
Thus by combining with titanium, upon reaching 1300 °F or on 
cooling, the amount of both carbon and nitrogen in solid solution 
is reduced to a value less than the minimum necessary for a de 
tectible degree of strain-aging. 

Steels containing 17 Cr (Type 430) and 27 Cr (Type 446) show 
hardness peaks at 600 or 700 °F. These materials show appreci 

able strain-aging tendencies. The addition of titanium to a 17 Cr 
steel which is air cooled from 2000°F does not eliminate the 
strain-aging reaction when tested between 75 and 1300 °F. When 
testing on cooling from 1300 °F no strain or temperature induced 
reaction is found. It is indicated therefore from the results on 
this material and those on the 8 Cr-Ti steel mentioned above that 
upon heating to 1300 °F and subsequently testing on cooling from 
this temperature the amount of carbon and nitrogen in solid solu- 
tion is decreased to a low level by the precipitation of a compound 
of titanium, carbon and nitrogen. The strain-aging reaction is also 
tound in a 27 Cr (Type 446) steel which was embrittled by long 
exposure at 900 °F. 

Two-step hot hardness tests, in agreement with the behavior ob 

served in the log hardness-temperature curves, reveal that steels 
which show hardness peaks or constant hardness over a tempera- 
ture range are susceptible to strain-aging. 
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8. A limited number of tensile tests on steels, which were <« 
be susceptible to strain-aging by the hardness results, we; 
to determine the effect of prestraining in tension and su! 


aging on the yield behavior. After prestraining 5% in ten 
aging at 400 or 600 °F all chromium steels that exhibited | 
peaks revealed an appreciable increase in flow stress and the 
pearance of pronounced discontinuous yielding. This is 
larly true for the 27 Cr (Type 446) steel. The 8 Cr and 
steels which exhibited slight susceptibility to strain-aging jj; 


hardness tests showed moderate increases in flow stress 
aging but noticeable amounts of discontinuous yielding. 
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DISCUSSION 
Written Discussion: By E. Petty and H. O’Neill, University of Swansea, 
Swansea, England. 

authors state that the dependence of hardness on temperature for com 

ial irons and steels has only been investigated to a limited extent. Actually 

literature on this subject is very extensive, but that does not mean that the 

us irregularities generally observed between 0 and 500°C have been fully 

ned. The usual rise of Brinell number at 300 °C does not necessarily enable 

ne to say that the steel is absolutely “harder” at that temperature than at room 

perature. There is evidence that only a change of strain-hardening capacity 

nvolved, and that of course might affect any theoretical explanations advanced 
with the effect. 


vriters were particularly interested in the results obtained by the authors 


apped as compared with killed low carbon steels, for they have recently 
tained results in the same field. A Vickers hardness tester with a Bens type 
nace has been used, the indentations being made during the heating-up of 
ecimens in an atmosphere of dry hydrogen. Basic open-hearth steels were 
ned as part of a larger investigation and the compositions of four of them 
given in Table III and the hardness results in Fig. 9. 


Table III 
Open-Hearth Steels 
[ype (Composition per cent. 

( Mn P S Al 
Rimming normalized 0.08 0.37 0.014 0.030 - 
Rimming annealed 0.08 0.37 0.014 0.030 — 
Stabilized annealed 0.08 0.36 0.013 0.036 0.02 min 
Stabilized annealed 0.08 0.37 0.016 0.033 0.02 min 


titanium additions were made to Steels Sl and S2 and the results may be 
red with the tensile values obtained by Hayes and Griffis (Metals and 
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Fig. 9—Hardness versus Temperature of Rimming and Killed 
Steels. 


Alloys, 1934, V. 110) for an untreated and stabilized mild steel but also for steels 
C and E of the present authors. 








Our stabilized Steel S2 was tested on a falling temperature from 550 °C and th: 
hardness peak at 250 °C is lower in magnitude than that for S1, even though th: 
original room temperature hardness was greater. This is perhaps due to the r 
covery effects produced by descending from a higher temperature. 


Written Discussion: By D. L. Douglass, Battelle Memorial Institute, Columbus, 
Ohio. 




















The authors, Messrs. Garofalo, Marsden, and Smith tend to oversimplify a 
complex phenomenon in their analysis of the temperature dependence of the hard- 
ness of various ferritic steels. Values for the constants, A and B, for the functional 
relationship of Westbrook for an alloy in any condition other than a true equilib- 
rium state are often of little value. The relationship proposed by Westbrook 
pertained to pure metals only and in many cases was inadequate. The application 
of the hardness-temperature relationship to alloys is highly empirical at best for 
single-phase alloys. Two-phase alloys are even more empirical insofar as the 
application of Westbrook’s equation is concerned. Assuming that a two-phase 
alloy is in a state of equilibrium at room temperature, one may then expect struc 
tural changes to occur with increasing temperature. Coalescence or resolution of 
the dispersed phase are two changes which might be encountered. Unless sufficient 
time is allowed for the alloy to come to equilibrium at each test temperature, the 
hardness values will not be constant, and any attempt to evaluate Westbrook’s 
functional constants will give unrealistic or meaningless results. 

An example of this behavior may be seen in Fig. 10, a plot of hot hardness data 
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»ium-titanium alloys.? Curves are shown for a uranium-25.5 at.% titanium 

the hot rolled condition (air-cooled from the rolling temperature of 

+ region), air-cooled condition (cooled in argon in a Vycor capsule 
000°C), and slow-cooled condition (cooled from 1000°C at the rate of 
yer hour). The slow-cooled alloy curve lies below the other two. A large 
ference exists between the air-cooled and hot-rolled samples with respect to 
flection points and the slopes of the high temperature portion of the curves 


he basis of these curves the constants A and B are listed in Table IV. 
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Fig. 10—Hot Hardness Data for a Uranium 


25.5 a/o Titanium Alloy in Various Con 
ditions. 


Table IV 
Functional Constants for Westbrook Hardness-Temperature Equation 
Heat Treatment Low Temp. High Temp 
I Portion Portion 
a/o Ti A B A B 
loy Kg./mm? 10-4/K Ke./mm? 10-4/K 
Slow-cooled 510 6.1 8,600 22.7 
Hot-rolled 400 1.85 3,500 14.5 
Air-cooled 520 3.0 240,000 35.0 


he alloys were two-phase; a dispersion of UsTi was present in an alpha uranium 
matrix up to the transformation temperature, 667 °C. It is very likely that the 
lloys reported in the authors paper were two phase (dispersed carbides). Con- 

uently the reported values of A and B might be considerably different for 
their alloys in some other heat treated condition. 
The effect of the test temperature-time cycle is also apparently neglected. This 
may be shown by the following example. A 25.5 a/o titanium alloy was heated 
to 500 °C, at which temperature the hardness was 281 DPH. The temperature was 
raised to 600 °C, held for 3 hours, lowered to 500 °C, and the hardness was now 
34 DPH. The alloy either underwent a structural change or became markedly 
mtaminated. However, a vacuum of 10° mm Hg was maintained during the 
entire run. It would then appear that the time-temperature cycle of the test was 


*D. L. Douglass, L. L. Marsh, Jr., and G. K. Manning, ‘The Effect of Heat Treatment on 
rdness and Microstructure of Uranium-Titanium Alloys,’”’ To be published. 
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Fig. 11—Correlation of Time-Dependent Hardness in Fine- and Coars 
Grained Alloys ot Iron—20% Chromium 
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rig. 12--Hot Hardness Versus Time of Indentation for 
Zirconium and Zirconium—3.9 w/o Tin—1.6 w/o Molyb 
denum Alloy 














influencing the hardness results. Have the authors investigated this effect ot! 
than on the heating and cooling for alloy I? 

The effect of time of indentation of the load also has a marked influence on | 
hardness results. The authors report a maximum time of 2 hours used, but th 
experiments were made with a loading cycle of 2 seconds. E. E. Underwo 
\. R. Elsea, and G. K. Manning * correlated time-dependent hardness in fine ai 
coarse-grained alloys of Fe-20% Chromium as shown in Fig. 11. Log hardness 
is plotted against a time-temperature parameter, T(C/log t) x 10°, where 1 





in degrees Kelvin and t is the time in hours. For every hardness value taken wit! 







‘E. E. Underwood, A. R. Elsea, and G. K. Manning, ‘“‘The Principles of Dispersion Hard 
ing Which Promote High-Temperature Strength in Iron-Base Alloys,””’ WADC Technical 4 
port 56—-184, January 1956. 
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load time, the value obtained by a 2000 seconds load time is displaced 
right. W. Chubb, T. Muehlenkamp, and G. K. Manning * showed a time 
nce of hardness for zirconium and a zirconium-3.9 tin-1.6 molybdenum 
shown in Fig. 12. The time of indentation necessary to obtain a hardness 
lependent of recovery and relaxation effects would have to be considerably 
than 2 seconds. 
Written Discussion: By. G. J. Salvaggio and W. Batz, Graham Researcl 
itory, Jones and Laughlin Steel Corporation, Pittsburgh. 
relationship described in this paper between hardness at elevated tempera 
d strain aging phenomena is of interest to all those associated with the 
ufacture and use of ferritic steels. The authors point to nitrogen in solid 
ution as a major factor in determining the shape of the hardness-temperature 
ve by its influence on strain aging. We would like to elaborate on this feature 
paper by presenting some quantitative data on the effect of nitrogen as 
nined by measurements of both hardness and tensile strength over a range 
nperatures. 
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Fig. 13—-Change in Hardness With Temperature for a Series of 
Experimental Low Carbon Open-Hearth Rimmed Steels with Nitrogen 


Contents Ranging From 0.005 to 0.020%. 


lardness data from a series of experimental rimmed open-hearth low carbon 
in which the nitrogen content was varied (0.005% to 0.020%) are shown 
g. 13. Here we see that the effect of increasing nitrogen is to raise the hard 
level at all temperatures tested. The relationship between hardness level and 
gen content is approximately linear. However, the difference between the 
num hardness and the room temperature value remains fairly constant 


e nitrogen range studied and does not give as good an index of strain aging 
tibility as one might expect. One might explain this observation in two 
Che solubility limit of nitrogen in alpha iron for each of these steels is 


' 
ed 


| at all the temperatures of measurement up to the temperature at which 
iximum occurs, (Dijkstra® gives a value of about 0.005% nitrogen at 


ibb, G. T. Muehlenkamp, and G. K. Manning, ““A High Strength Zirconium All 

+ w/o Tin—1.6 w/o Molybdenum,” BMI—987, March 18, 1955 
Dijkstra, “Precipitation Phenomena in the Solid Solutions of Nitrogen and Carbo 
Iron Below the Eutectoid Temperature,’ Transactions, American Institute of Min 


Metallurgical Engineers, Vol. 185, 1949, p. 252 


’ 
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Fig. 14—-The Difference in Tensile Strength at 500 °F and Room Temperature as 


Function of Acid Soluble Nitrogen for Steels Made by Various Practices. 


ha 


450 °F), therefore the same amount of nitrogen in solid solution is contributing 
to the strain aging process. However, one might expect a possible shift of the 
temperature of the maximum hardness to higher values as the solubility becomes 
greater and more of the nitrogen present goes into solution. Such a shift is not 
apparent. The observed behavior might also be explained by the short duration 
of the hardness test. In these tests each hardness measurement was made in 
span of about 15 seconds or less. As indicated by the authors, in Fig. 7, this time 
may not be sufficient to allow completion of the strain aging process and a | 
hardness value is obtained. This second explanation is probably more likely. 
During the performance of a tensile test sufficient time elapses to allow com 
plete aging to take place during the continuous straining. Measurements of the 
difference between the maximum tensile strength and the room temperature tensil 
strength might therefore be expected to give a more reliable index of strat 
aging susceptibility. That such is the case and that this difference is dependent 
upon the nitrogen content of the steel is illustrated in Fig. 14. This graph shows 
the difference between the tensile strength at 500 °F and at room temperature as 
a function of nitrogen content. Included in this figure are the data for the same 
five steels from Fig. 13, along with values obtained from steels previously re 
ported ** and other data on various types of steel made by different practices. A! 


*G. H. Enzian, “Some Effects of Phosphorus and Nitrogen on the Properties of Low Car! 
Steel,”” Transactions, American Institute of Mining and Metallurgical Engineers, Vol. ! 
1950, p. 346 4 

7 R. R. Webster and H. T. Clark, “Side-Blow Converter Process for the Production ot 4 
Nitrogen Steel Ingots,’’ Transactions, American Institute of Mining and Metallurg! 
Engineers, Vol. 188, 1950, p. 778. 
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curve drawn through the points would rise sharply at low nitrogen con 
tions and begin to level off at about 0.008% nitrogen. The reason for the 
ng off is not entirely known but may be related to the solubility limit of 
1 in the steels. Thus, the elevated temperature increase in tensile strength 

used as a fairly good index of strain aging susceptibility. 
ioht be mentioned that the scatter in the data points in Fig. 14 is probably 
by the maximum in the tensile strength temperature relationship occurring 
me temperature above or below 500 °F. The exact temperature of the maxi- 
mum value is known to be dependent on several factors involved in the test con 
litions (testing speed for example) and probably the composition of the steel 
nvolved. As shown in the paper, the steels with chromium and molybdenum 
exhibit a maximum at higher temperatures. Other elements present in the steel, 
either in residual amounts or purposely added as alloying elements may behave 

similarly. 
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Ultimate Tensile Strength, Creep Stress, and Hot Hardness of Fe—-20% 
Chromium Alloys with 0.25% Beryllium Versus Test Temperature. 


Written Discussion: By Ervin E. Underwood, principal metallurgist, Battelle 
Memorial Institute, Columbus, Ohio. 

(he authors are to be congratulated on the excellence of the data presented in 
this paper. It is becoming increasingly apparent that the hot hardness test provides 

than a qualitative indication of high temperature strength. This realization 
ie in no small measure to the contributions of the United States Steel Cor 
poration Laboratory in this field. | 
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Fig 16 Relation of Tensile and Creep Strengths to Hot Hardness 


of Fe 0% Chromium Alloys with 0.25% Beryllium When Plotted 
Versus Time-Temperature Parameter 


Hot hardness data obtained at the Battelle Memorial Institute * with 
purity iron-base alloys have given results in agreement with those reported | 
the authors for “pure” metals. Hot tensile and creep-rupture data were als 
obtained for the same alloys between room temperature and 1500 °F. An analysis 
of these data resulted in a correlation of all three properties, on one straight lin: 
qualitatively similar to the hot hardness-hot tensile relationship mentioned by 
the authors.’ However, this new “Hardness Strength” correlation extends th 
usefulness of their relationship in that creep and rupture data are also included 
on the same straight line. 

The accompanying figures illustrate the construction of this type of correlatior 
which is based on the similarity of curves of hardness and tensile strength versus 
temperature. Fig. 15 shows the disposition of the experimental points as they 
appear when plotted simply against temperature. However, when the same points 
are replotted as in Fig. 16, against a function of time and temperature such as 
the Larson-Miller parameter,’ an exact parallelism can be obtained between th 
combined strength (creep and tensile) curve and the hot hardness curve. Fig. 1/ 
demonstrates the straight line resulting when the hardnesses are plotted versus 
the strength data at the same parameter values. Although the Hardness-Strength 
correlation was developed from data for high purity single-phase alloys, the usual 


* Under the auspices of the WADC. a AS 
*F. R. Larson and J. Miller, “‘A Time-Temperature Relationship for Rupture and | 


> 


Stresses,"’ Transactions, American Society of Mechanical Engineers, Vol. 74, 1952, 
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erdependency of hardness and strength properties permits one to predict the 
ral validity of similar correlations in more complex alloys. 
It should be emphasized that straight line hardness versus temperature curves, 
as the authors present in Fig. 4a for steels I and H, are not essential for the 
Hardness-Strength correlation. The inflected hardness versus temperature curve 
steel G is equally amenable to the same correlation, provided that the hot 
isile curve has qualitatively the same shape. Inokuty *° demonstrated this paral 
lism for a number of common metals and alloys 
[he preceding comments have been offered with the view of emphasizing the 
tential importance of hot hardness measurements as a quantitative measure of 
igh temperature strength. Further hardness testing over a wide range of metallic 
naterials, such as is being done by the authors, will serve to establish the true 


trort 


rtance of the hot hardness test. 

Written Discussion: By J. H. Westbrook, Ceramic Studies Section, Metallurgy 

| Ceramics Research Department, General Electric Company, Schenectady, 
New York. 

‘he authors have presented some very interesting studies of a phenomenon of 
‘reat industrial importance. Their paper constitutes yet another example of how 
powerful a tool the simple hot hardness test can be when properly applied. The 
vriter was particularly pleased to have the opportunity to discuss this paper since 
everal of the results reported confirm his own observations. 
ickers microhardness tests performed in vacuo on samples of NRC high 
purity iron, mild steel (similar to authors’ G) and vacuum melted electrolytic iron 

rave hardness-temperature curves approximately in agreement with those 
nted by the authors for the equivalent compositions. Pronounced evidence for 
aging was also found for an atomic hydrogen arc melted electrolytic iron, 


nokuty, ‘On Thermal Brittleness in Metals,’’ Tohoko Science Reports, 


Ist Series, 
1928, p. 817. 
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vidence that the phenomenon is operative even in the virtual absence of 
In other experiments the strain aging peak was removed from hardness 
rature curves in each of two different treatments, the results of which are 
in Fig. 18 in comparison with the authors’ curve for purified steel C. Curve 
obtained on a mild steel subjected to a wet hydrogen purification treatment 
to that used by the authors. On the other hand, curve B was found afte 
g¢ a sample of NRC high purity iron with 0.029 wt.% oxygen and soaking 
uo for a prolonged time at high temperatures.’ This experiment shows not 
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Fig. 20—-Strain Aging Effects of Hot Hardn 


e equivalent effectiveness of the oxygen charging treatment but also in 
that, relative to other interstitials, substantial quantities of oxygen can b: 
d without significant effect on the hardness-temperature curve. It is of 
to note that calculated values of the A and B constants from these two 
as well as those found by the authors, agree well with those for othe: 


entered cubic metals of corresponding melting points. 


iterial, charged and soaked, was obtained from the writer’s associate A. U. Seybolt. 
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[he authors have speculated that their failure to observe strain agin, 
in steel G below 300 °F is indicative of tie-up of nitrogen as a complex 
molybdenum-chromium nitride. Can this be identified by electrolytic es 
techniques or otherwise, with the CrMoNz phase found by Beattie 
Snyder “ in certain high temperature alloys? It is also interesting to con 
authors’ hardness curves for steel J with that for G; it would seem + 
chromium, of itself, can do much to reduce strain aging effects. 

The authors have suggested that for steel H, silicon, molybdenum, a: 
mium probably act as denitriders and decarburizers. For steel I, these sa: 
ments plus titanium perform this function. It seems to the writer that st: 
the relative thermodynamic stability of the corresponding nitrides and . 


that silicon must be the most active agent in the case of steel H and titanium f{ 


steel 1. The curve for steel J] where high chromium has reduced but not eli: 
strain aging would also support this interpretation. The effectiveness of stil] 
other element in eliminating the strain aging phenomenon can also be 
strated. Fig. 19, a modification of the author’s Fig. 5, presents data for a 9W-02 
V tool steel, whose composition is otherwise similar to the authors’ steels | a: 
For clarity the estimated magnitude of the strain aging peak for the authors’ st 
J has been indicated by vertical shading. 

Analysis of a large volume of hot hardness data on a wide variety of materials 
in the authors’ laboratory has led to the crude generalization that alloying of 
relatively pure base leads to: a) general upward displacement of the H 
curve, b) to a decrease in slope of the lower branch of the log hardness 
temperature curve, c) to an increase in slope of the high temperature branch, d 
to a displacement of the temperature of intersection of these branch toward highe: 
temperatures. This observation agrees only in part with those of the authors 

The writer cannot agree completely with the authors in assigning the decreas: 
in hardness from the strain aging peak (in the 400-600 °F region for most stee! 
tested) to the increasing role of crystal recovery. The hardness temperature be 


9 


havior of the purified steel such as the authors’ “C” and the recovery studies o1 
steel I indicate that recovery is of minor importance below the 700-800 °F rang 
Rather it would seem that increased atomic mobility as the higher temperaturs 
has reduced the effectiveness of dislocations as traps for interstitials. 

Finally the writer would like to add that hot hardness tests performed in hi 
laboratory indicate strong strain aging effects not only in other pure metals su 
as niobium, hafnium, vanadium and chromium but also even in an intermetall! 
compound NisAl as illustrated in Fig. 20. The effectiveness of a very small addi 
tion of titanium would appear to indicate that again nonmetallic interstitials at 
most probably responsible for the strain aging peak. 


Authors’ Reply 

The authors wish to express their thanks to the reviewers for their int 
indicated by their comments. 

The results presented by Messrs. Petty and O'Neill are very interesting 
divergence in the hardness-temperature curves for Steels S1 and S2, whic! 
brought about by reversing the testing cycle, cannot be explained simply in tern 
of Cottrell’s theory for the initial stages of strain aging. Further study 
effect is indicated. 


2H. J. Beattie, Jr. and F. L. VerSnyder, “‘Microconstituents in High Temperature A 
TRANSACTIONS, American Society for Metals, Vol. 45, 1953, p. 397. 
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of the remarks made by Mr. Douglass indicate some confusion concern 
testing techniques employed. Perhaps these should have been discussed 
mpletely in the present publication. This was not done because they were 

| in detail in an earlier publication (5) 
uld be made clear that at each test temperature the sample tested is held 
erature for at least one-half hour before any indentations are made. During 
riod complete temperature stabilization is obtained. In most cases the ma 
vhich have been tested are quite stable and in this period it is felt that 
table equilibrium is approached. However, since hardness is structure sensi 
. change in the initial structure, as is indicated by the results on Steels | 
8 Cr-Ti) and 0 (17 Cr-Ti) may affect the entire hardness-temperature relation 
attempt to determine the hardness-temperature relationship of com 
ial steels under true conditions of equilibrium would certainly be impractical. 
ny cases strain-induced reactions occur which cannot be controlled and 


herefore carried to equilibrium. Some temperature-induced reactions may be so 
uggish that true equilibrium cannot be attained within any reasonable time. 

or all practical purposes it is assumed in this paper that any deviation in the 
irdness-temperature relationship in commercial steels when compared to that 
f pure metals indicates the presence of a temperature or strain-induced reaction. 


“ee Oe oe 





hus this phase of our work presents a comparison in the hardness-temperature 

relationships between commercial steels and pure metals. No implication is cer 
nly made indicating that this relationship is simple or completely explored. Ad 
ittedly a great deal of experimental work still remains to be done. 


lhe effect of temperature-time cycle has not been investigated in this phase of 
work. However, tests on heating and cooling were not limited to Alloy I, 
hich presumably exhibited no temperature or strain-induced reactions. This 
type of test was not conducted for the low carbon steels and 8 Cr, 8 Cr-Mo, 12 Cr 
and 17 Cr steels because the stability of these steels up to the test temperatures 


oo~ ae SBtrse tir 2 at 


employed would preclude any effective change in the hardness-temperature rela 

tionship. For the 8 Cr-Ti, 17 Cr-Ti and 27 Cr steels, which, as was suspected, 
howed temperature-induced reactions, tests were made on both heating and cool 

ng. As should be expected the temperature dependence of the hardness for these 

steels differed on heating and cooling, especially for the 8 Cr-Ti steel which was 
at treated to a martensitic structure. 


ern & 


With relation to the time of indentation, again a certain amount of confusion 
s found. In all of our tests except those on strain-aging, the loading and unloading 
le is of a 2-minute duration. Total load is applied within 25 seconds and held 
the indenter for about 1.25 minutes (5). In all of our tests on commercial fer- 
tic steels, we have observed that by using a 5 kg. load no measurable creep 
curs beyond 1-minute of loading, as indicated by our penetration depth indicator. 
his does not mean that time of indentation is not important, especially when test- 
ing materials which creep readily under heavy loads. The 2-second loading time 


- 


S( 
i 


only in our two-step method which is employed to study the progress of 
aging at constant temperature. In this procedure the prestrain is performed 
< seconds to minimize aging during prestraining, the area adjacent to the pre 
d area aged and the indentation completed again in 2 seconds to complete 
ing cycle. 
authors agree with Messrs. Salvaggio and Batz that the hardness 
rature curve does not present a true indication of the degree of strain-aging, 
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although it is a very sensitive means of detecting a strain-aging rea 

indication of the susceptibility or degree of strain aging can be obtain 
the two-step, hot hardness method which yields hardness-aging-time cur 
reference 6). The interesting results presented by Messrs. Salvaggio and |] 
in qualitative agreement with results obtained by the two-step method 

are a confirmation thereof. 

Mr. Underwood proposes a very interesting analysis of hardness, c: 
tensile strength. It is of particular practical interest to determine the 
temperature and time within which this analysis applies. 

The discussion and experimental results presented by Mr. Westbrook :; 
interesting. In connection with the complex silicon-molybdenum-chromium ; 
the authors have not attempted up to now an exhaustive study of th 
structures, other than a normal optical microscopical examination. Futur: 
on the nature of the changes in structure is planned by means of electron mi 
copy and electron diffraction. The authors agree that at temperatures bey 
strain aging peak the drop in hardness is dependent on the greater mobility of th: 
interstitial atoms and on the effect of temperature on movement of dislocations 
The lack of discontinuous yielding above 200°C (392°F) in low carbon steels 


indicates that interstitial atoms can no longer effectively pin stationary disloca 


tions. Also, the drop in yield strength observed with increasing temperature: 
which indicates that the forces necessary to move dislocations decrease with i: 
creasing temperatures, reveals a decreasing resistance to movement of disloca 
tions or plastic deformation. 











THE INFLUENCE OF BAINITE ON MECHANICAL 
PROPERTIES 


By R. F. Henemann, V. J. LUHAN, AND A. R. TROIANO 


Abstract 

The influence of bainite on the mechanical properties of 
1340 heat treated to high strength has been investigated. In 
general, at a constant strength level, high temperature batnite 
lowers yield strength, reduction in area, and impact energy. 
[he damage to these properties increases as the amount of 
bainite 1s increased. As the temperature of formation of the 
bainite is lowered, damage to mechanical behavior becomes 
less severe until at reaction temperatures near Ms reduction 
in area and toughness of mixed structures 1s equivalent or 
slightly superior to that of quenched and tempered struc- 
tures. 

The detrimental effect of high temperature relatively soft, 
bainite on mechanical behavior is associated primarily with 
the hardness differential between bainite and tempered mar 
tensite. The same loss in ductility was observed with mix 
tures of soft and hard martensites at the higher strength 
levels. This phenomenon does not appear to involve a soft 
grain boundary network. 

Although there is loss of ductility by the introduction of 
high temperature bainite; for small amounts of this con 
stituent (up to 10% —15%) this loss is relatively mild, and 
not catastrophic. Thus, a heat treatment involving the for 
mation of small amounts of high temperature bainite prior 
to quenching for martensite, with its attendant increase in 
hardenability, appears to be commercially feasible. (ASM- 
SLA Classification: Q general, M27, AY ) 


INTRODUCTION 


( eee fully hardened and tempered structures are recom- 
mended for severe service conditions combining a need for high 
strength, shock resistance, low operating temperatures or other factors 
that tend to promote brittle failure. In spite of the recognized su- 
periority of the martensitic state, slack-quenched structures are en- 

untered frequently in commercial practice. In times of national emer- 
gency, these limitations may arise from conservation measures imposed 
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on strategic alloying elements. More generally, slack-quenched 


tures result when medium alloy steels are employed in heavy secti 

At high strength levels, ductility and toughness of slack-que: 
structures 1s reduced as the amount of non-martensitic product 
creased (1).' Thus, any modification of heat treating practice 
reduces the extent of transformation above Ms may improve mx 
ical performance appreciably. The significant hardenability imp: 
ment associated with partial transformation to high temperature 
ite (2) should fulfill this need. However, mechanical performanc 
the presence of small amounts of bainite must be evaluated completel 
before such treatments can be recommended with confidence. 

Unfortunately, the influence of bainite on mechanical behavior 
not defined clearly in the literature. Undoubtedly, much of the « 
fusion arises from the inability to attain fully bainitic structures at al] 
transformation temperatures (3). 

Many investigations (4-12) have demonstrated that transformation 
at low temperatures, resulting in structures having high hardness, pro 
duces ductility and toughness properties superior to those of a mar 
tensitic structure tempered to the same hardness. On the other hand 
other investigations (13-20) have revealed a deterioration of thes 
properties after decomposition in the bainite range. In those cases 
where favorable properties have been obtained it would appear that 


the experimental conditions have produced complete decomposition 
and probably, in many cases, fully bainitic structures. The greatest 
confusion is associated with the results of austempering at the highe 
temperatures in the bainite range followed by tempering to intermediat: 
hardness levels. Unquestionably, these treatments have produced mixed 
structures of bainite, martensite and possibly, 1n some cases, other 
transformation products. 

Although many factors appear to contribute to the confusion su 
rounding the influence of bainite on mechanical behavior, unknown 
combinations of microstructures probably has been the chief offende: 
In fact, lack of reliable metallographic data accompanying many 0! 
these investigations makes it impossible to isolate the influence o1 
mechanical behavior of such significant variables as per cent of bainite, 
transformation temperature and subsequent tempering treatment. 

In order to evaluate the potentialities of the method proposed for 
hardenability improvement, a comprehensive investigation of the in 
fluence of controlled amounts of bainite on tensile arid impact properties 
has been conducted on 4340. Bainite was formed at a series of temper 
atures between Bs and Bf and the resulting structures were subs 
quently tempered to various strength levels. 


' The figures appearing in parentheses pertain to the references appended to this papet 





EFFECT OF BAINITE ON PROPERTIES 


MATERIALS AND PROCEDURI 


\ireraft quality 4340 of the following composition was received as 
ch diameter hot-rolled rounds: 

S P Si Mn Cr Ni Mo Cu 

0.012 0.015 0.25 0.79 0.80 1.76 ().25 0.08 

Prior to specimen preparation, all material was normalized for 1 

ur at 1650 °F and annealed for 4 hours at 1200 °F. Tensile proper 

es were determined on the subsize specimen shown in Fig. 1. Impact 

perties were determined on standard Charpy V-notch specimens. 


i 0.125" 
| 


0.045'R 


1—Subsize Tensile Specimen 


\pproximately 0.015 inch was removed from all dimensions after heat 
treatment in order to eliminate any decarburized material. 

Standard heat treating and testing procedures were employed 
throughout this work. Specimens were austenitized for 30 minutes in 
neutral salt at 1550 °F. Isothermal transformation and tempering was 

omplished in agitated salt and final quenching was conducted in 

itated oil controlled to 120 to 135 °F 


RESULTS AND DISCUSSION 
Tensile Properties 

Primary interest in this work centered around the problem of isolat 
ing the influences on mechanical behavior of the amount of bainite, 
reaction temperature, and strength level of the aggregate structure. 
Koom temperature tensile properties were determined on structures 
btained by the heat treatments described in Table I. 

‘or each of these structures, a range of strength levels was provided 
by tempering at various temperatures in the range 400 to 1000 °F. 

in general, for a fixed tempering treatment, mixed structures will 
xhibit lower tensile strength than completely martensitic structures. 
Che extent of deterioration in tensile strength imposed by various 

iounts of bainite is revealed in Fig. 2. Loss of strength is greatest at 


‘ 
: 
‘ 
i 


‘'nmr & eS ee oe 


e 


—_orn * 





TRANSACTIONS OF THE ASM 


Table I 


Heat Treatment and Resulting Structures 


lransfermation Conditions 
°F Time—Min. 


lemp 
Oil Quenched from 1550 °F 


50 


0 41% Bainite : 
rou r 


HE P=sen 

| |  “$. 

e Oii-Quenched | t t Ee a 

A \2%Bainite 900°F ee ‘aie te TSO°F s. 
Y 30% Bainite 900°F a ne See 
5% Bainite 750°F 


~ 


“. 
_ ~—< * 
\ 
MQ 


‘ ¢ 


e Oil-Quenched 
+ 9.3% Bainite 6O00°F 
a 83.3% Bainite 600°F 


Oil-Quenched 
© 100% Bainite 600°F 
' | 


200 400 600 soo 1000 O 200 400 600 
Tempering Temperature °F 


Influence of Microstructure and Tempering Temperature on Tensile Strength 


low tempering temperatures and gradually disappears as martensite 1s 
softened relatively more than bainite by tempering at higher temper 
atures. At all tempering temperatures, bainite in amounts less than 
about 15% does not seriously impair strength regardless of the temper 
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Separation of Effects of Per Cent Bainite and Reaction Temperature on 
rensile Strength. 


‘ture at which the bainite had formed. Commercially, this signifies that 
high strength levels can be attained in the presence of bainite formed 
under the conditions required (2) for significant hardenability im- 
provement 

In order to isolate the contributions to strength of the per cent bain 


ite and the reaction temperature, the data have been replotted in 


hig. 3 as a function of per cent bainite. Two tempering temperatures, 
{00°F and 900 °F, have been considered. The equalizing effect of 
increasing tempering temperature is striking. However, the inter 
relationship of per cent bainite and reaction temperature is of much 
greater interest. 

\s a first approximation, the tensile strength of these aggregate 
structures obeys the law of mixtures. As one might anticipate from an 
examination of the microstructures involved, bainite becomes less dam 
iging to strength as the reaction temperature is lowered. The data for 
bainite formed in the temperature range 950 to 825 °F superimpose on 
the same line which suggests that the strength of bainite does not change 
ippreciably throughout this range. 


Tensile Ductility 
Ductility of mixed structures is a complex function of strength level, 
er cent bainite and general microstructure of bainite (temperature 
lormation). Fig. 4 reveals that bainite formed at a high temperature 
reduces ductility at all strength levels with the greatest loss occurring 
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|-Quenched 
2“/o Bainite 
900°F \ 
+ x~-+ 
' 
Oi!-Quenched 
| 6.5% Bainite 750°F 
4 35%Bainite 41% Bainite 750°F 
900°F 80.5% Bainite 750°F 


Oil-Quenched 
9.3% Bainite 600°F 
83.3% Bainite 600°F 


@e Oil-Quenched | 7 100% Bainite 6O0°F 
> 10% Bainite 950°F 


C ; d | . 
Ii80 200 220 240 260 160 180 200 220 240 
Tensile Strength, |OOOpsi Tensile Strength, |OOO psi 


Fig. 4-——Effect of Microstructure on Ductility 


at high strength (low tempering temperature). Damage to ductility 
becomes less severe as reaction temperature is lowered and, at 600 °F, 


bainite was without influence (or produced slight improvement) on 
reduction in area for all strength levels and ratios of martensite t 
bainite. 


An indication of the inter-relationship of per cent bainite and reaction 
temperature in controlling ductility can be obtained by replotting th 
data of Fig. 4 as a function of per cent bainite. This has been done for 
two strength levels (170,000 psi and 240,000 psi) in Fig. 5. 

Comparison of the initial slopes of the curves in Fig. 5 demonstrates 
clearly that impairment to ductility becomes less severe as reaction 
temperature is lowered. The improved performance of mixtures con 
taining low temperature bainite may result from several factors, tot 
example, from a more favorable size and/or distribution of microcon 
stituents, or from a smaller difference in strength between bainite and 
martensite. Appropriately designed thermal cycles should provide a 
means for distinguishing between these possibilities. Thus, by inserting 
a short time “annealing” treatment at 1100 °F between the low temper- 
ature isothermal treatment and the final quenching to room temper 
ature, it becomes possible to induce large differences in strength ot 
the decomposition products without disturbing their size or distribution. 

These concepts were tested by producing approximately 30% low 
temperature, high strength bainite at 600 °F, which was subsequent) 
softened for 4 minutes at 1100°F before quenching to room temper- 
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Fig. 5—Separation of Effect of Per Cent Bainite and Reaction Temperature 
on Ductility at Constant Strength Levels. 


Metallographic examination indicated that no significant trans- 
ition accompanied the treatment at 1100°F. Consequently, ex- 
for coalescence of carbide (resulting in softening), the size and 
ution of the initial bainite should not differ significantly from 
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that of specimens treated without the anneal at 1100 °F. Ductilities 
specimens treated with and without the anneal at 1100 °F are com ired 
in Fig. 6. Again, a series of tempering temperatures was employed t 
obtain a range of strength levels. 

The softening treatment at 1100°F produced a significant loss jy 
ductility when tempered to high strength levels. However, this ductility 
deficiency was eliminated as the hardness differential between bainit, 


ALi 


+ + + 


---—— @ 30% Bainite G00°F-4M, IIOO°F -Oil 
: O° 30% Bainite 600°F - Oil 


© 30% Martensite 520°F -4M, |100°F -Oil 





| : ileal ties — 
160 180 200 220 240 260 28 
Tensile Strength, |OOO psi 


Deterioration of Ductility Resulting from Intermediate Anneal at 1100 °! 


and martensite was reduced by tempering at higher temperatures (lower 
strength levels of the aggregate). Clearly, under the relatively mild 
testing conditions imposed by the unnotched, room temperature tensile 
test, the relative hardness of the microconstituents exerts a major in 
fluence on ductility. 

Since it appears reasonable to assume that tempering of bainite at 
1100 °F washes out many of the characteristics of bainite as such, on 
may conciude that the hardness differential is the primary cause of th 
loss in ductility regardless of the microconstituents involved. That this 
was true received vivid confirmation by a critical experiment involving 
mixtures of soft and hard martensite. Essentially the same experiment 
as described above was performed for martensite mixtures. In this 
case, however, 30% martensite was formed by cooling to 520 °F im 
mediately prior to the softening treatment at 1100 °F. Again a series 
of tempering treatments was employed to obtain a range of strength 
levels after quenching from 1100°F. The results are also plotted in 
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Fig. 7—Distribution of Microconstituents in Mixtures of Hard and Soft Constituents 
Produced by Tempering at 1100 °F Prior to Oil Quenching. Nital etch. x800. (a) 
Bainite formed at 600 °F and tempered at 1100 °F prior to oil quenching. (b) Martensite 


formed at 520 °F and tempered at 1100 °F prior to oil quenching 
Fig. 6, and clearly demonstrate that it makes little difference whether 
the soft constituent was bainite or martensite initially. It is also signifi- 
cant to note that in either case (soft bainite or soft martensite) a con- 
tinuous soft and weak grain-boundary network, such as observed by 
Grossman and others, is not involved in this loss of ductility, see Fig. 7. 
Insufficient data are available here to evaluate the more subtle effects 
on ductility of size and distribution of transformation products, com- 
positional changes accompanying decomposition, etc. Nevertheless, it 
is evident from Fig. 6 that the more damaging influence on ductility 
of high temperature bainite compared with that of low temperature 
hainite results primarily from the reduction in strength of bainite as 
the reaction temperature is raised. Variations in distribution of trans- 
lormation products appear to exert, at most, a secondary influence.” 
The precipitous drop in ductility resulting from the formation of 
large amounts of bainite at intermediate temperatures (750°F and 
525 °F in Fig. 5) also is produced by a large difference in hardness of 
the microconstituents. Thus, in order to maintain a constant strength 
level, the tempering temperature must be lowered as the amount of 


It should not be construed from this that distribution of transformation products is un- 
portant. For example, it is believed that damage to ductility resulting from high temperature 
e would be more severe than that encountered here if the bainite were distributed along 


Tior austenite grain boundaries as opposed to the Widmanstitten type of distribution actually 
erved 
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4 |\2% Bainite @ Oil-Quenched 
900°F Vv 6.5% Bainite 
“bh 35% Bainite ] 0 41% Bainite 
900°F + 80.5% Bainite 7 


e Oil-Quenched 
+ 9.3% Bainite GOO°F 
Quenched a ¥ 83.3% Bainite 600°F 
° . oc vy 
© Bainite 950°F ° 100% Bainite GOO°F , 


220 260 300 140 180 220 260 
Tensile Strength, |OOOpsi 


Fig. 8—Influence of Microstructure on Yield-tensile Ratio 


hainite is increased. For example, in order to achieve 170,000 psi, th 
tempering temperature must be lowered from 800 to 400 °F as the 
amount of bainite (formed at 825 °F) is increased from 60 to 80% 


Yield-Tensile Ratio 

The influence of microstructure and strength level on yield-tensil 
ratio is illustrated in Fig. 8. In general, bainite lowers this ratio when 
the aggregate is tested at high strength levels. However, at lower 
strength the influence of bainite on the yield-tensile ratio becomes less 
pronounced. The reduction of the yield-tensile ratio increases as r 
action temperature is raised and/or as the amount of bainite 1s in 
creased. Again, it appears that significant variations in yield strengt! 
are associated primarily with large hardness differences between th« 
microconstituents. As this hardness differential is reduced by lowering 
formation temperature of the bainite or by softening martensite b) 
tempering at elevated temperatures, yield strength becomes virtually 
independent of microstructure. 


IMPACT PROPERTIES 

Transition Curves 
It is difficult to isolate the relative influence of amount of bainite, 
reaction temperature, and strength level on toughness. Although th 
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Transition Curves for Various Microstructural Combinations 


ple expedient of comparing properties at constant strength level 

is more or less adequate for tensile ductility, difficulties are encoun- 
tered when this same approach is applied to toughness as measured by 

otch impact energy. This procedure is justified for tensile ductility 
since the room temperature tensile test is generally not sensitive to 
reactions which operate primarily on transition temperature (500 °F 
embrittlement, temper embrittlement, etc.) and which are not neces- 
sarily reflected in tensile strength. Thus, tempering temperature con 
trols ductility of these mixed structures primarily through its influence 
in strength of the microconstituents. On the other hand, room temper- 
iture energy absorption is extremely sensitive to variations of transition 
temperature. 

To attain a given strength level for a series of different microstruc 
tures, it becomes necessary to employ a series of different tempering 
temperatures. Thus, toughness variations incurred by tempering in 
those temperature ranges where embrittlement takes place may ob- 
scure the true influence of microstructure on energy absorption. Com- 
lete transition curves have been employed in an attempt to circumvent 
these difficulties. 

Comparison of transition curves at constant strength level (Figs. 9 
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and 10) reveals that microstructure controls toughness by operatio; 
on both transition temperature and supertransition energy level. Thys 
a complete evaluation of the influence of microstructure on toughness 
would entail separation of the effects on these properties of per cen 
100 


Oil-Quenched-Temper || 70°F 
35% Bainite 9OO°F -Temper |130°F 
2s 95.5% Bainite 750°F- Temper |OOO°F 
Satterlee 4 4 } ' 


150,000 psi 
4 . 


Impact Energy, Ft-Lb 








-400 - 200 0 
Testing Temperature °F 


Fig. 10 -Transition Curves for Various Microstructures 
Tempered to 150,000 psi Strength Level. 


bainite, reaction temperature, strength level, and tempering temper 
ature. Although the data at hand are not sufficiently complete to permit 
this separation, several significant relationships appear. 


Supertransition Energy Level 


In the presence of small amounts of bainite (less than 30% to 40% 
the form of the transition curve is dictated primarily by the character- 
istics of martensite. Under this condition, microstructure controls 
toughness largely by displacement of the supertransition energy. For 
example, compare the curves for the oil quenched and the 35% bainit: 
at 900 °F structures in Figs. 9 and 10. In general,* this does not result 
in serious deterioration of toughness and accounts for the observation 
that transformation at high temperatures (where the extent of decom 


% At high strength levels, where toughness increases gradually with increasing testing 
temperature, variations of superiransition energy represent a major contribution to the total 
energy at any subtransition temperature. However, at low strength levels, where energ 
absorption drops precipitously on testing below the transition temperature, variations 0! 
supertransition energy become less significant, i.e., major differences in energy absorption at 
constant testing temperature are identified with displacements of the transition temperature. 
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Fig. 11—Influence of Microstructure on Room Temperature Impact Energy. 
sition is restricted) does not result in severe damage to energy ab- 
anviien regardless of extent of decomposition (see Fig. 11).4 This 
has obvious commercial implications which are discussed in greater 
letail later. 

The influence of bainite on supertransition energy appears to be 
related closely to its influence on tensile ductility. Supertransition 
energy level is presented as a function of tensile strength for a variety 
of microstructural combinations in Fig. 13. Note that transformation 
to bainite at 750 to 900°F lowers supertransition energy slightly, 
whereas, decomposition at 600 and 675 °F either was without influence 
on supertransition energy or improved it slightly. This same general 
pattern was noted earlier in connection with tensile ductility. On this 
basis, it may be predicted from Fig. 5 that, for a small percentage of 
bainite, damage to toughness at a given strength level will become less 
severe as the reaction temperature is lowered. ( orresponding to the 

mprovement in ductility associated with 600 °F bainite, some improve- 
ment in toughness may be anticipated for bainite formed at 600 °F. Un- 
fortunately, transition curves under a sufficiently wide variety of con- 
ditions are not available to test this prediction on a quantitative basis ; 
however, qualitatively, room temperature impact data presented 
Figs. 11 and 12 are consistent with this view. 


Transition Temperature 
igs. 9 and 10 reveal clearly that severe damage to room temperature 
toughness arising from large percentages of bainite formed at inter- 
mediate temperatures (Fig. 12) results from an elevation of the transi- 


* Severe loss of toughness is associated with the 35% bainite structure in Fig. 11b when 


ed at 265,000 psi strength level. To attain this strength level, the specimens were tested 
thout tempering after the isothermal treatment. This serves to emphasize the importance of 
mpering whenever mixed structures are encountered. 
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Fig. 12—Influence of Microstructure on Room Temperature Impact Energy 


tion temperature. The transition temperatures ° for a variety of micro 
structural states are presented in Fig. 14. The two maxima for th 
martensitic state correspond to 500 °F embrittlement and temper em 
brittlement respectively. 

In the presence of small amounts of bainite the transition temper 
ature for mixed structures corresponds approximately to that for tem 
pered martensite. This reflects the similarity in the transition curves 
for tempered martensite and for mixtures of tempered martensite and 
small percentages of bainite discussed previously. 

A high transition temperature is associated with transformation to 
large amounts of bainite at 600 to 800 °F. Transition temperature ts 
lowered as the bainite is tempered at temperatures above its formation 
temperature. However, the transition temperature for bainite formed 
at 600 °F recovers more rapidly than that for bainite formed at 750 °F. 
Note particularly the vast improvement in transition temperature for 
the 600 °F bainite after tempering at 930 °F. Comparison of the oil 
quenched and fully bainitic states (600 °F) suggests that bainite has 
not undergone the embrittlement which has damaged the martensitic 
state tempered at 900 °F (see also Figs. 9a and 12b). 

Unfortunately, insufficient data are available to separate the effects 
of per cent bainite and reaction temperature on transition temperature. 
In particular, it appears that the form of the transition curve is con 
trolled primarily by the characteristics of martensite when small per 


*In this work, transition temperature has been chosen as the lowest temperature at whi 
the impact energy begins to deviate sharply from the plateau value characteristic of the super 
transition state. 
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Fig. 13—Influence of Microstructure on Super-transition Energy Level 


centages of bainite are present and is controlled by the characteristics 
of bainite when large percentages are present. The conditions under 
which the transition between these two behavior patterns takes place 
require careful evaluation. For example, it would be of considerable 
commercial interest to determine whether this transition occurs over 

very narrow range of decomposition product as suggested by the 
limited data obtained in this investigation. 


COMMERCIAL IMPLICATIONS OF RESULTS 


It has been noted previously (2) that hardenability improvement 


can be achieved by partial transformation to bainite at a temperature 
near B,. Complete control over this amount of bainite is provided by 
the characteristics of the austenite-bainite transformation, 1.e., by the 
relationship between extent of decomposition and reaction temperature 
plicable to that particular analysis. 
Che results of this investigation demonstrate that small amounts of 
inite do not create severe loss of tensile strength or toughness regard- 
of the temperature at which the bainite had formed. Although 
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ductility was lowered, in no case did it fall below 25%. Yield- 
ratio also was lowered, however, even at the highest strength 
investigated, this ratio did not fall below approximately 0.75 

the nature of the bainite reaction limits the extent of decomposit 
temperatures near B,, hardenability improvement can be accomplished 
without undue sacrifice of mechanical behavior. Consequently, thes; 
heat treating procedures offer considerable promise as a means 





400 600 800 
Tempering Temperature °F 


* Oil-Quenched 41% Bainite 750°F 
~ 12% Bainite 900°F 95.5% Bainite 750°! 


A — 35% Bainite 900 °F + 99 % Bainite 675°F 
° 


x 81% Bainite 825°F —- 100% Bainite 600° 


Fig. 14—Influence of Microstructure on Transition Temperature. 


conserving critical alloying elements and/or of improving depth of 
hardening when treating large section sizes. In the latter case, it would 
appear that the catastrophic deterioration of mechanical performance 
associated with slack quenched structures formed in a critical range of 
section size could be alleviated by appropriate thermal treatment in 
volving the formation of a limited amount of high temperature bainite. 

Serious deterioration of both strength and toughness accompanies 
transformation to large amounts of bainite at intermediate temper 
atures. Frequently, this microstructural state cannot be avoided in the 
conventional heat treatment of large section sizes when employing 
medium alloy steels. It is under these conditions that the proposed heat 
treating procedures offer their greatest promise. Undoubtedly, reduc 
tion of the amount of nonmartensitic decomposition products made 
possible through these techniques would be accompanied by significant 
improvements in overall mechanical performance. 


SUMMARY AND CONCLUSIONS 


t 


The influence of bainite on the mechanical properties of 4340 al 
high strength levels has been investigated. To a first approximation, 
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strength of mixed structures of bainite and martensite obeys a 
e law of mixtures. On the other hand, tensile ductility is not re 
to microstructure in this simple manner. 
Bainite either may improve or damage ductility as measured by 
uction in area. Ductility of mixtures containing high temperature 
nite is lower than that of martensite tempered to the same strength 
[his deterioration of ductility is essentially proportional to the 
unt of high temperature (soft) bainite present, and is slight for 
all amounts of relatively soft bainite. Damage to ductility is most 
severe at high strengths and is reduced as the strength level is lowered 
by tempering at higher temperatures. As reaction temperature is low 
red, bainite becomes less damaging to ductility until slight improve 
nent results at reaction temperatures near Ms. 
[he ductility deficiency in these mixed structures results primarily 






m the hardness differential between bainite and martensite. Thus, 
ow ductility is produced by partial transformation to bainite at 600 °F 
followed by annealing at 1100 °F prior to quenching to room temper 
iture. Similarly, low ductility is associated with mixed structures of 
hard and soft martensite obtained by annealing at 1100 °F after cooling 
toa temperature just slightly below Ms. 

Bainite affects energy absorption in the impact test by displacement 
of both supertransition energy and transition temperature. From the 
limited amount of data obtained here, it appears that bainite influences 


ee ee 


supertransition energy in the same manner that it affects tensile duc 
tility. 


Since small amounts of bainite do not damage mechanical properties 


am MO BCC testa art 


seriously regardless of reaction temperature, the hardenability improve 
ment associated with the formation of a small amount of bainite at a 
temperature near B, can be obtained without undue sacrifice of mechan 
ical performance. 
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ON THE COOLING TRANSFORMATIONS IN 
SOME 0.40% CARBON CONSTRUCTIONAL 
ALLOY STEELS 


3y D. J. BLICKWEDE AND R. C. Hess 


Abstract 


[he cooling transformations in Al ST 4340, 9840, SoB40, 
1140 and 5140 steels were studied by observations of the 
microstructures on interrupted end-quench bars. It was 
found that martensite tempers as it forms during cooling, 
and that such tempering usually causes softening. The start 
of the martensite reaction is retarded by slow cooling. It is 
also retarded by prior proeutectoid ferrite formation which 
causes considerable amounts of austenite to be retained in 
the 4140 steel. Prior proeutectoid ferrite formation also re 
tards the bainite reaction. 

In most cases bainite formation during cooling is pre 
ceded by transformation to an acicular ferrite which ts 
similar in shape to bainite but lacks visible carbide particles. 
Over a wide range of cooling rates the temperature at which 
acicular ferrite starts to form is constant. It does not form at 
rapid cooling rates in 4340, and in this case bainite replaces 
tas the first transformation product to form. (ASM-SLA 
Classification: N8&, AY ) 


ROBABLY it is axiomatic that most practical hardening treat- 
— for steel consist of quenching in some conventional medium 
trom the austenitizing temperature to room temperature. Yet there is 
ittle published information about how austenite transforms in different 
steels during such continuous cooling treatments. From the few publi 
cations on the subject, the simplest way that has been devised to sum 
marize the transformation characteristics of a steel at various cooling 
rates is by a cooling transformation diagram (1).' A few C-T diagrams 
tor various steels have been published and have found application in 
problems involving heat treating, welding, and alloy steel development 
(2-11). Also, these diagrams have demonstrated that the progress of 
transformation during cooling cannot be predicted from isothermal 
transformation data, a fact which emphasizes a need for experimental 
cooling transformation data on other steels. As a contribution to this 
need this paper presents experimentally determined C-T diagrams for 


hgures appearing in parentheses refer to the bibliography appended to this papet 


paper presented before the Thirty-eighth Annual Convention of the Society, 

Cleveland, October 8 to 12, 1956. Of the authors, D. J. Blickwede is 
ion head and R. C. Hess is research engineer, Research Department, Bethle 
Steel Company, Bethlehem, Pa. Manuscript received January 1, 1956. 
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five commercial constructional alloy steels: AISI 4340, 9840, gop 


rl) 


te 


1140 and 5140. The data bring out some heretofore unappre 


aspects of cooling transformations that are of importance to th 
standing and application of the hardening treatment for thes: 

The compositions, fracture-grain sizes and critical temperatur 
the steels are listed in Table I. Except for the 4140, which was a 
round bar, the steels were 144—-1™%-inch round bars that had 
hot-rolled, normalized and annealed. 


Table I 


Compositions, Grain Sizes and Critical Temperatures of Steels 


Fracture Critical 


Grain Size Temperatu: 

(Q. from (Heating Rat 
AIS] 400 °F/Hr 
Grade ( Mn P S Si Ni C1 Mo 1550°F) Ac \ 


$340 0.41 O.87 O.015 0.020 0.28 1.83 0.72 7 1330 
9840 0.43 O.84 O.010 O.008 0.25 1.00 0.81 0.23 7 1360 
86B40 0.44 O.88 0.020 0.020 0.34 0.49 0.65 Boron 7% 1350 
$140 0.44 1.04 0.019 0.036 0.29 - Lae 9 1390 
5140 0.42 O.87 0.020 0.025 0.25 0.20 0.89 8 1380 


The C-T diagrams were determined by the experimental method 
developed by Liedholm (1). In this method a series of bars are end 
quenched for various periods of time and then are immersion-quenched 
in brine. This “freezes-in” the structures existing along the bar at the 
instant of the immersion quench. From metallographic and hardness 
surveys along the length of each interrupted end-quench bar, and from 
a knowledge of the different cooling curves along the bar, a continuous 
cooling transformation diagram may be constructed. In the present 
experiments the original method has been expanded to include linea! 
analysis measurements of the amounts of transformation and a de 
termination of the M, temperatures. 


RESULTS 

The cooling transformation diagrams for the five steels are illustrated 
in Figs. 1 to 5. Most of the transformation products noted in these 
diagrams are quite familiar to the metallurgist. Perhaps, however, the 
intermediate temperature transformation product called paraferrite 
that is noted in the 4340 and 9840 diagrams needs a word of explana 
tion at this point. As used here it applies to an acicular form of ferrite 
which some think is a member of the bainite family. It will be described 
in more detail later in the paper, and until then it is sufficient merel) 
to point out that it is different from blocky, proeutectoid ferrite. 

The diagrams should be read by following along the cooling curves, 
which are the light lines drawn diagonally from top left to bottom right 
of the diagrams (in contradistinction to isothermal transformation dia 
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C-T Diagram for AISI 4340. Progress of transformation at different cooling 
tes may be found by following down the appropriate cooling curve. Heavy solid lines 
note beginning of various transformations. Heavy dashed lines indicate cooling curve 
t limits the formation of a constituent. Dot-dash lines indicate total amount of trans 
rmation. Open and solid circles and X’s are experimentally observed points at whicl 

paraterrite, bainite and martensite start to form 


grams, which should be read horizontally at constant temperature ). The 
ooling curves are for various positions from the quenched end of 
standard end-quench (“Jominy”) bars, and were individually deter 
mined for each steel by well established techniques described by others 
(1,7,10). Considerable difference was noted in the cooling curves for 
the same position on bars of different steels. ‘his appeared to be caused 
mainly by recalescence from the different transformations which occur 
luring cooling of the steels. 
in these C-T diagrams, cooling is considered to start at the moment 
uenching ; i.e. at the austenitizing temperature. Steven (12) has 
suggested that cooling should be considered to start when the steel 
reaches the A, temperature. While this has certain advantages, it does 
not permit direct comparison of diagrams for steels that have different 
critical temperatures as these do. For this reason cooling is pegged 
to the austenitizing temperature, which is the same for all steels. 
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Fig. 2—C-T Diagram for AISI 9840. Progress of transformation at different 

rates may be found by following down the appropriate cooling curve. Heavy so it 

denote beginning of various transformations. Heavy dashed line indicates cooling cury 

that limits the formation of bainite and paraferrite. Dot-dash lines indicate total am 

of transformation. Open and solid circles and X’s are experimentally observed 1 
which paraferrite, bainite and martensite start to form 


Hardenability 


One attribute of C-T diagrams is that they tell a more complete story 
about the hardenability of a steel than may be gleaned from a simpl 
‘“Jominy” curve or ideal diameter measurement. This fact was brought 
out rather strikingly a few years ago in a paper which showed a series 
of steels to have the same hardenability curve but widely different 
transformation characteristics (13). Another example of how incom 
plete our usual hardenability picture may be is furnished by the C-1 
diagrams in Figs. 1-5. They indicate that the bainite reaction controls 
hardenability in all five steels if the criterion is the very beginning ot 
transformation. This is also the case in the 4340 and 9840 steels whet 
the hardenability criterion is 1% transformation (99% martensit 
but on this same basis the proeutectoid ferrite and bainite both contro! 
hardenability in the 86B40, 4140 and 5140 steels. Also the bainite and 
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Fig. 3—C-T Diagram for 86B40. Progress of transformation at different cooling rates 

may be found by following down the appropriate cooling curve. Heavy dashed lines 

e beginning of various transformations. Heavy dashed line indicates cooling curve 

limits the formation of bainite. Dot-dash lines indicate total amount of transfor 

on. Open and solid circles and X's are experimentally observed points at which 

roeutectoid ferrite, bainite and martensite start to form. At low temperatures in the 
territe-+-austenite region paraterrite forms 


it 


proeutectoid ferrite reactions control 50% transformation (50% mar 
tensite) hardenability in the 86B40 and 4140, while in the 5140 steel 
the pearlite reaction combines with them in controlling hardenability. 
Such detailed pictures of the hardenability of a steel may be obtained 
irom C-T diagrams only if the amounts of transformation are included, 
which has not usually been the case in diagrams published before. 


Martensite Formation During Cooling 


t was observed in these experiments that the portion of the bar that 
was below the M, temperature before the immersion quench contained 
tempered, dark-etching martensite, while the portion that was above 
the M, contained untempered, light-etching martensite. This suggested 
the martensite tempered as it formed during continuous cooling, 
ind led to a method for determining the M, temperature as a function 
he cooling rate. 
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Fig. 4—-C-T Diagram for AISI 4140. Progress of transformation at different cooling 

rates may be found by following down the appropriate cooling curve. Heavy solid lir 

denote beginning of various transformations. Heavy dashed lines indicate cooling cury 

that limit the formation of constituents. Dot-dash lines indicate total amount of tra: 

formation. Open and solid circles, X’s and triangles are experimentally observed | 

it which proeutectoid ferrite, bainite, martensite and pearlite start to form. At 
temperatures in the ferrite-+-pearlite+austenite region, paraferrite forms 


\s an example, consider the sequence of structures shown in Fig. 6 
These are from the 14-inch position on a series of 4340 end-quench bar 
in which cooling was interrupted at 30, 40 and 50 seconds by an im 
mersion quench. After a 30 second end-quench the microstructur 
consisted only of light-etching untempered martensite as shown 11 
Fig. 6a, indicating that no austenite had transformed prior to the im 
mersion quench. The cooling curve (see Fig. 1) shows that the tem 
perature at the ™%-inch position after 30 seconds was about 580°! 
After 40 seconds the 44-inch position had cooled to about 520 °F and 
its microstructure contained about 5% dark-etching martensite. This 
martensite had evidently formed and simultaneously tempered between 
the 30th and 40th seconds of cooling. Or, to put it another way, the 
temperature must have been crossed between 580 °F and 520 °F. Afte: 
50 seconds the 14-inch position had cooled to a temperature of 480 °F 
and the structure then contained about 10% tempered martensit: 
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te beginning of various transformations. Heavy dashed lines indicate cooling curves 

t limit the formation of constituents, Dot-dash lines indicate total amount of trans 

formation. Open and solid circles, X’s and triangles are experimentally observed points 

t which proeutectoid ferrite, bainite, martensite and pearlite start to form. At low tem 

ratures in the ferrite+austenite and ferrite+pearlite+austenite region, paraferrite 
torms 





_ern * 













(Fig. 6c). Similarly, it was possible to detect martensite that had 
formed at temperatures as low as 400 °F; below this temperature not 
enough tempering took place to make the martensite dark-etching. 

The M, temperature was pinpointed by the same method used to de- 
termine the temperature at which the other reactions start; i.e. by 
surveying the interrupted end-quench bar from the back toward the 


juenched end for the first appearance of tempered martensite, and 
; noting the temperature of this point from the corresponding cooling 
. curve. These measurements were found to be reproducible within the 


iT? 


ut of error of the measured cooling curves (+ 10°F). With due 
ilowance for undissolved carbides they corresponded to the M, cal 
ited from composition, as noted on bottom of next page. 
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Fig. 6—Showing the Progress of Simultaneous Formation and Tempering of Marter 

During Cooling of 4340 Steel. Original magnification: x1000. (a) % inch position, 30 

(untempered martensite) (b) % inch position, 40 sec. (untempered martensite 

tempered martensite) (c) ™% inch position, 50 sec. (untempered martensite 
tempered martensite) 


M, Temperature °F 

Calculated Observed 
Steel (20) (Fast Cool) 
4340 
9840 
86B40 
4140* 
5140 


560 
610 
610 
675 
630 
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*Considerable undissolved carbides remained 
after the 1550 °F austenitizing treatment. 
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nterrupting cooling by an immersion brine quench at indicated temperature 
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\born (15) recently has called attention to the simultaneous temper 
of martensite as it forms during cooling and mentioned some of 
its implications. Needless to say, one of the implications 1s that the as 
uenched properties are affected. This is illustrated by Fig. 7 in which 
the hardness of the 4340 steel on cooling at various rates 1s plotted 
ainst the temperature at the moment of the immersion quench. It 
be seen that the hardness of the 14-inch position is decreased as 
nuch as 3 points (Rockwell C scale) by the formation and tempering 
martensite during cooling. This decrease in hardness occurs at a 
ly rapid cooling rate equivalent to a point near the surface of an 
uenched bar. The other steels of this investigation behaved simi 
, although the reverse effect (hardening) was observed when mar 
ite formed during slow cooling of the 4140 steel. ‘The factors that 

e the hardening of 4140 will be described later. 
is interesting to note that some of the tempering during cooling 
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occurs in the temperature range that leads to what is called 
embrittlement. In steels that are not tempered after hardenin, 
carburized steels, this may be of importance. 

igs. 1 and 2 show that the M, temperature is depressed by 
cooling in the 4340 and 9840 steels. From a cursory look at these ty 
C-T' diagrams it might seem that this is caused by the preceding bainit, 
reaction. However, close inspection of the C-T diagrams of th 
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Fig. 8—AISI 4140. Showing hardness increase 
end-quench bar after refrigeration at 
to transtormation of 


of slow-cooled portion « 
321 °F. Increase is probably du 
retained austenite in as-quenched bar to martensite 


steels suggests this may not be the case. Thus, the magnitude of th 
effect is not related to the amount of prior bainite formation, but instead 
seems to depend on the cooling rate per se. This is perhaps more evident 
in the following table taken from the C-T diagrams: 


Extent that 
% Bainite M, is 

Position on Formed Lowered 
Steel End Quench Bar Before M, °F 
4340 3 10 60 
9840 ly, >30 40 
86840 Vi 40 20 
4140 5/ 40 0 


5140 40 0) 


The implication here, of course, is that during slow cooling of th 
4340 and 9840 steels stabilization of the austenite-martensite reactiot 
takes place as a separate and distinct phenomenon from bainite for 
mation. 


The M, temperature is also strongly depressed at slow cooling rates 
in the 4140 and 5140 steels, but in these steels it is probably caused by 
carbon enrichment of the untransformed austenite during the preceding 
proeutectoid ferrite reaction. In fact there must be a significant amount 
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nterrupting cooling by an immersion brine quench at the indicated temperature 
3s, Ps and Fs indicate temperatures at which martensite, bainite, pearlite and 

proeutectoid ferrite start to form 
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{ retained austenite in the slow-cooled sections of the 4140 steel be 
wuse the hardness increases 3—5 points after refrigeration (see Fig. 8). 
similar effect has been observed in slow-cooled sections of other 
steels by Cameron (16) and Troiano (13), but was not found in the 
ther steels of this investigation. 
(he difference in hardness that results from quenching partially 
transtormed 4140 from above and below the M, temperature also sup 
orts the idea that carbon enrichment of the untransformed austenite 


‘curs during proeutectoid ferrite formation. Thus, as shown in Fig. 9, 
+] ] 
e] 


| and 1% inch positions of the end-quench bar increase in hardness 
result of simultaneous formation and tempering of martensite. 
bably a high carbon martensite is formed during cooling of these 
positions, which gets harder as it tempers (17). This is in contrast to 
le previously mentioned softening that occurs during tempering of the 
¥.40% carbon martensite in the rapidly-cooled sections (c.f. the curve 
44-inch position in 4140 in Fig. 9). 
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The slow-cooled sections of 4140 (e.g. the 3-inch position) . 
show a hardness increase to result from the formation and tem 
of martensite on cooling, even though the carbon content of the mar. 
tensite is quite high. However, in this case the carbon content is so hig| 
that the M, is below 400 °F, and not enough tempering takes plac 
during cooling to cause a change in hardness. | 

While the carbon content of the untransformed austenite in the 5] 4 
steel is raised by proeutectoid ferrite transformation, as indicated } 
the decreased M, temperature, this steel did not exhibit a hardness 
increase after refrigeration. Nor did the hardness increase as a resw|i 
of the formation and simultaneous tempering of martensite during sloy 
cooling. These facts suggest that the degree of carbon enrichment j 
this steel is not as great as in the 4140. This is supported by a com 
parison of the C-T diagrams for the two steels (Figs. 4 and 5) whicl 
shows that not as much proeutectoid ferrite forms in the 5140 as in th 


4140. 


Bainite Formation During Cooling 


It has already been mentioned that an acicular form of ferrite appears 
as an intermediate temperature transformation product in the 4340 and 
9840 steels. Actually this product was found to precede the formatio 
of bainite in all the steels but was obscured by the overlapping pro 
eutectoid ferrite formation in the 86B40, 4140 and 5140. In other 
words, the C-T diagrams for 4340 and 9840 (Figs. 1 and 2) furnis! 
the best examples of the way acicular ferrite forms. Thus, at slow cool 
ing rates in 4340 and at all cooling rates (less than the critical, of 
course) in 9840 the first transformation product to appear is an acicu 
lar, carbide-free plate. A typical example of this constituent is shown 1: 
Fig. 10a. Over a wide range of cooling rates in both steels the tempera 
ture at which acicular ferrite first appears is independent of the cooling 
rate (approximately 970 °F in the 4340 grade and 1000 °F in 9840 
grade ). 

With continued cooling more acicular ferrite forms, until, at about 
100 °F below the temperature at which it started to appear, the new 
plates to form begin to have carbides associated with them, usually at 
the austenite interface. This acicular carbide-ferrite aggregate fits th 
customary description of bainite. As cooling continues, the new bainit: 
plates that form at lower and lower temperatures contain more and 
more carbide particles, so that those formed in the range 650-600 °F 
are somewhat akin to tempered martensite in appearance. Figs. 10b and 
c illustrate the gamut of these decomposition products and it is of in 
terest to note that carbide particles are precipitated both within and at 
the boundaries of the plates. 

These observations corroborate the findings of Ko and Cottrell (1 
and Hultgren (19) on isothermally formed structures. Ko and Cottre! 
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Intermediate Transformation Products That Form at Different Cooling Rates 

Different Temperatures In 4340 Steel. (a) 13¢-inch position, 100-second (para 

and untempered martensite). (b) 13¢-inch position, 180-second (bainite, para 

and untempered martensite). (c) 134-inch position, 180-second (x2000) (bainite 

ntempered martensite. Carbides appear to be precipitated both at austenite interfac« 

within paraferrite plates). (d) ™%4-inch position, 30-second (bainite and untempered 
martensite) 


suggest that the nuclei of all intermediate transformation products in- 
herit the carbon and alloy content of the austenite and are coherent with 
it. For a plate to grow and maintain coherency with austenite, carbon 
ust diffuse from the plate to the austenite. At high temperatures in 
the intermediate transformation range the mobility of carbon is high 
| it can diffuse into the austenite, thus producing a carbide-free plate. 
urse, the absence of carbides in such a constituent in these steels 
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is not a certainty on the basis of optical microscope observations alo 
But the fact that it forms in a well-defined and experimentally 5, pr 
ducible temperature range suggests that it is a separate and distinc 


The 
Al 


structure. It seems necessary, therefore, to give it a name, and for this 
paper the term “paraferrite” suggested by Hultgren is used. 
According to Ko and Cottrell’s views, the formation of paraterrit 
should enrich the remaining austenite in carbon, and this might affec 
the subsequent bainite and martensite transformation. However, ; 


Poraferrite Start 


Bainite Start 


0.2 0.3 0.4 0.5 
Carbon Concentration - Weight % 


Fig. 11—Relationship Between Carbon Content and the Tempera 


tures at Which Paraferrite and Bainite Start to Form in 431 
4330 (after Liedholm (2) and (5)) and 4340. 


these steels the amount of paraferrite that is formed is always small, 
less than 5%, and probably for this reason the subsequent reactions are 
not affected by it. 

Ko and Cottrell further propose that in the bainite range carbon dit- 
fusion in austenite becomes so slow that it builds up at the interface. 
Therefore, the concentration is reduced by the precipitation of carbides 
at the interface, which relieves coherency strains and allows the plate 
to grow. In the 4340 steel of this investigation it appears that at inter 
mediate cooling rates, i.e. between the 34 and 34-inch positions on the 
end-quench bar, there is not enough time for diffusion of carbon awa) 
from the interface, even at high temperatures. So carbides are precipt- 
tated within the plate itself, perhaps during the immersion quench to 
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temperature, and the resulting structure has the appearance 
ite (Fig. 10d). The other steels did not show this behavior. 

Paraferrite also forms prior to the appearance of bainite in the 
26R40, 4140 and 5140 steels. However, it was too difficult to distin 
ouish the first plates to appear from the previously formed proeutectoid 
ferrite. So the temperature range for its formation was not noted in 
these diagrams. Instead the field labeled ferrite in these C-T diagram 
ludes both paraferrite and proeutectoid ferrite. 
| iedholm and co-workers have determined the beginnings of trans 
rmations during continuous cooling in 4315 (2) and 4330 (5) steels 
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Microstructures at 1%-inch Position On End-quench Bar of ATSI 86B40 In 

Which Cooling Was Interrupted By an Immersion Quench at the Indicated Times 

second proeutectoid ferrite and untempered martensite. (b) 120-second paraferrit 
icicular), proeutectoid ferrite (blocky), and untempered martensite. x1000 


In the 4315, at least, paraferrite was observed to form as a prelude to 
full-fledged bainite formation. It is interesting to note from Fig. 11 that 
the temperature at which both bainite and paraferrite start to form in 
the 4300 series of steels (Liedholm’s 4315 and 4330, and the present 
‘340) are directly related to the carbon content of the steel. 

In the 4140 and 5140 steels the start and progress of the bainite 
iction are markedly retarded at slow cooling rates. In fact bainite 
oes not form at all at the slowest cooling rate in 4140. This causes the 
ount of total transformation in this steel to be a maximum of 90% 
intermediate cooling rates (between the 114 and 2-inch positions 
the end-quench bar, as shown in Fig. 4). Cooling at faster or slower 
tes results in less than 90% transformation. Like the martensite re- 


‘ 
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action, the retardation of the bainite reaction is probably due to « 
enrichment of the untransformed austenite during preceding pro: 


toid ferrite formation. Similar effects in other steels have been p 
out by others (8,16). 
Proeutectoid Ferrite and Pearlite Formation During Coolli) 

From the C-T diagrams these reactions do not appear to hay 
noteworthy idiosyncrasies on cooling. However, it has been shown tha 
the amounts of these two constituents that are formed have a very pro 
nounced effect on the subsequent bainite and martensite reactions. Alsi 
it is of interest to note that the proeutectoid ferrite reaction plays an 
important role in determining the hardenability of some 4140 and 5140 
steels. 

In view of the attention given in this paper to paraferrite, it may ly 
found useful to compare its appearance with proeutectoid ferrite. A 
typical example of the latter, which is blocky-shaped, is shown ir 
Fig. 12a, and this may be compared with the acicular paraferrite in 
Fig. 10a. Also it was mentioned that in 86B40 both proeutectoid ferrit 
and paraferrite formed before the bainite reaction set in. This is illus 
trated in Fig. 12b. 


SUMMARY AND CONCLUSIONS 


The cooling transformation diagrams of AISI grades 4340, 9840, 
860B40, 4140 and 5140 steels have been determined by metallographi 
observations of interrupted end-quench bars. Each of these steels trans 
forms differently, either in the kind of transformation products that 
form, or their amounts, or both. However, there are some interesting 
and important generalities. 

1. The martensite reaction may be retarded at slow cooling rates by 
two different mechanisms. One occurs in steels of high hardenabilit) 
like 4340 and 9840, and appears to be a stabilization effect due t 
cooling rate itself. It is not dependent on the amount of prior bainite 
formation. Another occurs in steels of lower hardenability like 4140 
and 5140, and is the result of prior proeutectoid ferrite formation that 
enriches the untransformed austenite in carbon. This latter mechanism 
may result in considerable amounts of retained austenite in the slow 
cooled steel. 

2. Martensite is simultaneously tempered as it forms at virtually all 
cooling rates represented on a standard end-quench bar. This usually 
softens the as-quenched structure, but when the carbon content of the 
martensite is high, as it is after considerable prior proeutectoid ferrite 
has formed, it results in some hardening. 

3. The bainite reaction in all of these steels is almost always preceded 
by the formation of an acicular, carbide-free ferrite. This starts to form 
about 100 °F above the temperature at which bainite first appears. The 
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ception to this occurs at the rapid cooling rates in the 4340 steel, 

in bainite is the first transformation product to appear. The 

ar form of ferrite has been called paraferrite to distinguish it from 

he blocky-shaped prc eutectoid ferrite. There is reason to believe they 
hy different mechanisms. 
Prior proeutectoid ferrite formation retards the start and progress 

‘ the bainite reaction for the same reason it affects the martensite re 
tion. This sometimes results, as in 4140, in the amount of transfor 
mation rising to a maximum and then decreasing with slower cooli1 


Oo 
1p 


rates 
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DISCUSSION 


Written Discussion: By Samuel J. Rosenberg, metallurgist, National Buieau 
of Standards, Washington, D. C. 

The cooling transformation diagrams presented by Messrs. Blickwede a: 
Hess show experimentally observed points for the Ms temperature when con 
siderable amounts of low temperature bainite are present. In the determinatio: 
of the Ms temperature by the quench and temper technique,’ it has been our ol 
servation that the presence of lower bainite was a complicating factor as we wer 
unable to distinguish between lower bainite and tempered martensite by metall 
graphic means. Consequently, we have always used precautions to insure th 
lower bainite was absent in specimens used for determination of the Ms temper 
ature. 

We believe that the value of this interesting paper would be considerably en 
hanced if the authors would include a description of their metallographic technique 
for distinguishing between these two constituents. 


Written discussion: By C. A. Liedholm, Research Division, Curtiss-Wright 
Corporation, Quehanna, Pa. 

I should like to reiterate and emphasize the authors’ introductory statement that 
there is little published information on how austenite transforms during continuous 
cooling. Yet, continuous cooling processes determine the properties of vast ton 
nages of steels used by individuals and industries in nearly all kinds of structures 
and machinery. This paper by Blickwede and Hess, therefore, deserves serious 
attention and interest, containing as it does, observations of both theoretical and 
practical importance to every manufacturer and user of steel. 

The authors’ development of a method of determining M, during continuous 
cooling is a valuable contribution to the experimental technique. Their discussio! 
of the softening of martensite resulting from its tempering during slow continuous 


2 Melvin R. Meyerson and Samuel J. Rosenberg, ‘““The Influence of Heat Treating. Var 
on the Martensite Transformation in SAE 1050 Steel,’’ TRANsacTions, American Societ) 
Metals, Vol. 46, 1954, p. 1225. 
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joes not reveal whether they observed the increase in hardness resulting 
re-quench slow cooling accompanied by slight or no premartensite trans 
n, which was observed at Curtiss-Wright. This observation was con 
y Krainer and Kroneis (authors’ Ref. 8) who demonstrated that the effect 
e put to practical use. They obtained a 4 point Rockwell C maximum in 
hardness and improved hardness penetration in a l-inch diameter bar of 
Q C, 1.72% Cr and 1.14% Ni steel by 50 seconds air cooling prior to wate 
ing. They explained the increase as due to increased nucleation during ait 
[hey believed martensite to be nucleated by ferrite. 
feasurements of the amounts of transformation by the authors represent an 
nse improvement over the early diagrams prepared at Curtiss-Wright. Simi 
measurements were made by Krainer and Kroneis (Op. Cit) at the University 
ben, Austria. On the basis of these measurements, they were able to compute 
iations in carbon content of the austenite resulting from various degrees of 


rite precipitation and determine time dependent variations in certain reaction 


| should like to ask the authors if they contemplate any such extensions of theit 
lytical interpretation. Some of their diagrams do not confirm the conclusions 
ed by Krainer and Kroneis, for instance, the unequivocal statements that 
Slow cooling without prior ferrite precipitation in the pearlite region accelerates 
beginning of bainite transformation. Of essential importance in the opposite 
_ on the other hand, are prior ferrite rejections in the pearlite region which 
ase the carbon content of the remaining austenite and already thereby obstruct 

e bainite reaction and displace it to lower temperatures.” 
While the authors’ Fig. 1 agrees with the first of these conclusions, their Fig. 3 
at variance with the second conclusion which, however, agrees with point 4 of 


the Summary. In Fig. 3, with nearly 50% prior ferrite transformation, Bs is higher 


1 ever. Can this discrepancy be explained ? 

[he authors have identified paraferrite as a constituent in the continuously 
led steels. The present theory is that paraferrite and bainite inherit the alloy 
position of the austenite while block ferrite or orthoferrite establishes an 
juilibrium alloy distribution with coexisting phases. 

Recent studies at the Metallographic Institute in Stockholm, Max Planck In- 


stitute in Dusseldorf, and elsewhere, on the alloy distribution between carbides 


id ferrite variously formed, perhaps may lead to technological advances through 


the redesigning of steels so as to take better advantage of the distribution of alloys 
between carbides and matrix by controlling modes of transformation during cool 


Such advances might eventually reward studies of the kind reported by Blick 


wede and Hess. I wish to congratulate them on a fine piece of work and hope this 


paper marks the beginning of even more extensive and intensive studies of con- 


{ 


+} 


inuous cooling transformation in steel. 


Written Discussion: By R. D. Chapman, supervisor, Metallurgical Research, 
/hrysler Corporation, Detroit. 
(he authors are to be commended for presenting continuous cooling curves 
five different 40 carbon SAE steels. This type of work is most welcome in 
at it shows the behavior on continuous cooling of alloy constructional steels. In 
8 of their paper they presented an end-quench curve for an SAE 4140 steel 
wing the increase in hardness near the air-cooled end after refrigeration which 
authors felt was due to transformation of retained austenite. The amount of 


™ es 2 eee ee 


ee 


om ee BEtErsi te 2 a 





446 TRANSACTIONS OF THE ASM 


increase seemed rather high, although the SAE 4140 is above specif 
carbon, manganese, and chromium. We, therefore, took a bar of SAE 414 
and duplicated the same procedure as employed by the authors. After the | 
end-quench, x-ray diffraction patterns were taken at the 2-inch position an 
tative results indicated that a small amount of austenite might be present at ¢h; 
position. We then refrigerated the bar in liquid nitrogen and re-ran the hardnes 
traverse with the results being plotted in Fig. 13. It will be noted that fro; 
data we get a slight increase in hardness at each position averaging 1 to 1 





-Cool to - "¢ 
7 Cooled 0 -320 


a —————————+ 


++ —_—+- —+— 


Standard End Quench 


Rockwell C Scal 


4 l2 G6 20 24 26 32 36 40 
Distance From Quenched End of Specimen 
in Sixteenths of Inch 
Fig. 13—-SAE 4140 Steel Having Been Subjected to the Same 


Procedure as Employed by Blickwede and Hess in Their Fig. 8. 
C 0.41; Mn 0.88; Cr 1.01; Ni 0.23; Mo 0.18; Si 0.29. 


Rockwell C. There is a little greater increase at the air-cooled end as compared 
to the water-cooled end. 

After cold treatment we again employed x-ray diffraction and the faint gamma 
lines had disappeared. However, our results do not show the large increase i: 
hardness that the authors have shown, which could be due to the difference 
chemical composition between the two heats. 

The authors have also shown the depression of Ms temperature with increased 
time. They feel that this is a result of increased carbon content in the austenit 
causing this depression. Using magnetic methods described in a paper by Jominy 
and myself (“Method for Determining the Continuous Cooling Transformations 
in Steel,” TrRANsactTIONS, American Society for Metals, Vol. 47, 1955, p. 869) 
we likewise found that this Ms temperature was decreased with slower cooling 
rates. 

The curves presented by Blickwede and Hess certainly are an addition to our 
metallurgical information and have considerable commercial significance. We 
would like to stress that other people establish this type of continuous cooling 
curve to learn more how our steels behave on continuous quenching. 


Authors’ Reply 


We are pleased to have the comments of Mr. Liedholm, who is a pioneer in 
this field and the originator of the experimental technique used in this work. Hi 
has called attention to his and Krainer and Kroneis’ (8) observation that speci 
mens which are slowly cooled to a subcritical temperature without transformation 
and then quenched rapidly are harder than specimens quenched directly and 
rapidly to room temperature. Krainer and Kroneis attribute this to greater 
amounts of retained austenite in direct quenched specimens than in delay quenched 
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nens. Their reasoning would have been more convincing if they had given 
tual amounts of retained austenite, since it is generally believed that more 

© is necessary to produce any significant softening 
ile we did occasionally find a delay quenched sample to have higher hard 
an its direct quenched counterpart, the difference was very small—usually 
ore than 1 point Rockwell C. Since the variation in measured hardness on 
. sides of the end quench bar was this great, we have shown the hardness versus 
hing temperature curves of Figs. 7 and 9 as unchanged down to the tempera 

at which transformation starts. 

One should be careful not to confuse the effect which Mr. Liedholm describes 
the difference in hardness between quenched end and more slowly cooled 
ortions of delay quenched bars. An example of this on the 100 second delay 
uenched Jominy bar of 4340 is shown in Fig. 14. As explained in the paper, the 
ling rate at the quenched end, though rapid, is still slow enough to permit 


ot - - _ - - 
: Mt 
My Mt + My + B My + B + F My 
cael ee aE — 
a a 
i ee } 
: 5 At r { 
Solo” 
My—Untempered Martensite | 
@ 4} ‘ M4— Tempered Martensite t | 
© B —Bainite | 
F —Ferrite ; | 
> 4 8 2 6 20. 24.+~=C«CBesti‘<‘z t*t‘<‘éa!™;*C*‘«CO 
Distance From Quenched End, 16*hs 
I 14—-Hardness Versus Distance from Quenched End of AISI 4340 Steel Jominy 


Bar End Quenched 100 Seconds, the Quenched Overall in Brine. 


martensite to.temper as it forms. Reference to Fig. 1 shows that at 100 seconds 
the portion of the bar beyond ™% inch was above the Ms temperature at the 
ment of the brine quench. Hence the martensite along this portion of the bar 
untempered and harder than that nearer the quenched end. While Krainer and 
Kroneis observed this effect (their Fig. 31) they overlooked its cause. Also they 
failed to disentangle it from the quenching temperature effect Mr. Liedholm has 
inquired about, which as mentioned above we were not able to find with assurance 
in this work. 
Calculations of the carbon content of the untransformed austenite during 
ling would of course elucidate some of the observations on B, and M, depres- 
sion we have made. Unfortunately we have determined only the total amounts of 
transformation and not the amounts of the individual phases. This is because the 
mounts of the individual phases could not be determined accurately in the exam 
tion of complicated structures. So it is not possible to calculate the austenite 
rbon content during enough of its cooling history to shed much light on the 
syncracies of its subsequent transformation. 
We are not in a position at this time to formulate any general rules concerning 
tinuous cooling transformation. Experience to date has indicated that each 
of steel behaves differently. As Mr. Liedholm has noted, and we have men 
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tioned, some of the data in our paper do not confirm the conclusions of k 
and Kroneis. Referring to our Fig. 3 in this connection, Mr. Liedholm has 
out that even though a considerable amount of ferrite precipitates on slow 
the 86B45, the B, has been raised. In the course of testing a number of 
of steel, we have found only two in which the B, temperature is increased at 
cooling rates, yet in both cases (86B40 and 8620) there was considerable prio, 
ferrite precipitation. We are not able to explain this phenomenon but hope t! 


+ 
\ AL 


knowledge of cooling transformations increases the cause may become cl: 
Mr. Rosenberg’s question regarding our method of determining the M, tempe; 
ture is a pertinent one. The method consisted of surveying the interrupted end 


quench bar from the back toward the quenched end for the first appearance of 
tempered martensite, and noting the temperature of this point from the correspond 
ing cooling curve. The etchant was 4% picral, to which a few drops of zephira 
chloride and 1% nital were added. The tempered martensite was observed to be a 
brown constituent of the appearance shown in Fig. 6, while bainite appeared 
black. 

To determine the M, line for any grade of steel, it was our practice to mak 
the first tests on bars that were end-quenched for short lengths of time. The M, 
point on such bars is located near the quenched end where the rate of cool is s 
rapid that transformation to constituents other than martensite is negligible. At 
these rapid cooling rates on grades of the hardenability investigated, there can by 
little doubt regarding the identification of tempered martensite. 

We then examined bars that had been end-quenched for longer times. Whik 
more complicated microstructures were observed, it was possible to recogniz 
clearly the brown etching constituent which had been identified as tempere 
martensite in the more rapidly cooled sections. 

Mr. Rosenberg mentions difficulties in his own experience in distinguishing be 
tween tempered martensite and lower bainite. We agree that the identification of 
individual constituents is often difficult, particularly if the metallographer must 
base his opinion on an examination of a single specimen or a small number of 
specimens representing a very limited range of cooling conditions. However, in 
making a continuous cooling diagram the metallographer examines specimens 
that have been end-quenched for different lengths of time to permit a study of 
the progress of transformation over a wide range of cooling rates. If there is 
doubt concerning the identification of a constituent at a particular location on a 
particular specimen, the metallographer can orient himself by examining other 
locations on the same specimen, or by examining specimens that have been end 
quenched for different lengths of time. 

Mr. Chapman’s contribution is a worthwhile addition to the data of this paper 
about retained austenite in SAE-4140 steel. We agree with his suggestion that 
the higher chemistry of our steel might be a possible explanation for the dif 
ference in results. To date we have tested eighteen other grades of steel without 
obtaining an increase in hardness after refrigeration of the magnitude encountered 
in 4140 steel. In view of the contradictory results obtained by Mr. Chapman, we 
are planning to make additional tests on another heat of 4140 steel with a compo 
sition on the low side of the specified range. We hope these tests will help to 
clarify this matter. 

It is gratifying to see that Mr. Chapman has been able to verify by magneti 
methods the depression of the M, temperature on slow cooling. 





CREEP AND STRESS RUPTURE PROPERTIES OF 
ZIRCONIUM 
EFFECT OF ANNEALING TREATMENT 


By R. W. Guarp Anp J. H. KEELER 


Abstract 

The creep properties of arc-melted iodide zirconium have 
heen investigated at temperatures up to 500°C (930 °F). 
Che results indicate that significant creep does not occur at 
stre below the yield strength at temperatures below 
300°C (570 °F). The effect of different annealing treat 
ments is significant only at 500 °C (930 °F) where the creep 
rupture stress of B annealed material is significantly larger 
than that of a annealed material. Metallographic examina 
tion of the specimens after creep shows that twinning ts 
prominent only at 300 °C (5/70°F) and below, while poly 
gonization and boundary deformation was quite important at 
500 °C (930 °F), although it was more prominent in the a 
annealed material. The superior creep resistance of the B 
annealed material 1s related to its greater resistance to poly 
gonization and its irregular boundary structure. (ASM 
SLA Classification: Q3, Q4, J23, Zr) 


FOREWORD 
e RCONIUM and its alloys are of possible use as structural mate 


rials in nuclear reactors in the temperature range from room 
temperature to 500 °C (930 °F). 

\lthough too expensive for general use, zirconium and its alloys are 
important in nuclear applications because of their low neutron absorp 
tion capacity and excellent corrosion resistance in water. The structural 
strength of pure zirconium can be increased by alloying but this usually 
increases both the neutron absorption and the susceptibility to corro 
sion. For this reason studies of the properties of pure zirconium are of 
interest. Ordinarily at temperatures below about 0.3 of the absolute 
melting point of any pure metal, creep and design for creep failure are 
unimportant. However, preliminary work had shown that significant 
mounts of creep could occur in zirconium below 300°C (570 °F) 

0.3 Tap.). Similar results have been published (1)! for titanium, a 
similar metal, although there is evidence that strain aging counteracts 
this at slightly higher temperatures (2,3,4). 


e figures appearing in parentheses pertain to the references appended to this paper 


aper presented before the Thirty-eighth Annual Convention of the Society, 
in Cleveland, October 8 to 12, 1956. The authors are associated with the 
ral Electric Research Laboratory, Schenectady, New York. Manuscript re- 


\pril 4, 1956. 
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The results of this work confirm the observation of Manjoi: 
Mudge (5) that significant creep does not occur at stresses belo 
yield strength below 300°C (570°F). However, at stresses 
the yield strength creep may take place in significant amounts 
variation of tensile and creep-rupture properties with annealing | 
ment is insignificant in tests up to 300°C (570°F). At 50) 
(930°F) the creep-rupture strength of beta-annealed material is 
nificantly greater than that of alpha-annealed material. 


INTRODUCTION 

Manjoine and Mudge (5) have recently published data on arc-melted 
crystal bar zirconium which indicate that creep is insignificant below 
300 °C (570°F). They also emphasize the importance of different 
annealing treatments in influencing the creep properties. Their studies 
were confined to materials of various annealing treatments in the alpha 
region. The present work was carried out to extend the available data 
up to 500°C (930 °F) and down to room temperature. In addition it 
was decided to study material annealed in the beta region. Examination 
was made in our work of the microstructure before and after creep in 
order to correlate microstructural changes (such as twinning, grain 
distortion, etc.) with the creep-rupture deformation characteristics, 


E.XPERIMENTAL PROCEDURE 
Material 
The material used was arc-melted Grade I crystal bar. A specific lot 
analysis is not available but a typical analysis is given in column one 
of Table I (Manjoine and Mudge’s material analysis is given in column 
two as comparison). The material was arc cast as approximately 3-inch 


Table I 
Analyses of Arc-Melted Crystal Bar Zirconium 


Zirconium Analysis 
Typical Analysis of (Manjoine and Mudg¢ 
Crystal-bar Zirconium (Ref. 3) 
Element % % 
Hf 0.3 max. 0.04 
“e 0.02 to 0.1 0.02 to 0.05 
0.005 to 0.02 0.003 to 0.004 
0.02 to 0.1 0.002 to 0.005 
0.001 to 0.005 <0.0005 
0.005 to 0.02 0.002 to 0.005 
0.001 to 0.005 . 
0.01 up to 0.001 
0.009* 0.001 
0.026 0.023 
0.02 0.01 — 0.02 
— 0.001 
— 0.001 — 0.002 
0.003 — 0.005 
—_— 34 ppm 


* Specific analysis made on rupture specimen reported, 
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Photomicrographs of the Alpha-annealed Unalloyed Zirconium Used 
{ (a) Annealed 1 hour at 700 °C (1290 °F). (b) Annealed 


800 °C (1470 °F), Electropolished, polarized light, x100 
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2—Photomicrograph of the Unalloyed Zirconium, Annealed 1 Hour at 1000 °C 
(1830 °F) in the Beta Region. Electropolished, polarized light, x100. 


liameter ingots which were forged at 1000°C (1830°F) to 1-inch 
eter rounds. These were subsequently swaged at 800 °C (1470 °F) 
:-Inch diameter rods. These rods were centerless ground to 14-inch 
ter to remove surface contamination. Specimens having a 0.80- 





TRANSACTIONS OF THE 


Oo 


Natural Strain, e 


500°C 10,000 psi 


4-Annealed 25 hours at 800°C 
0O-Annealed | hour at 700°C 
o-Annealed | hour at |OO00°C 


4 6810 20 40 100 400 ic 
Time, hours 


Fig. 3—Log Strain-log Time Curves For Unalloyed Zirconium Tested 
at 500 °C (930 °F) Under a Stress of 10,000 psi. 


inch gage length and 0.113 diameter were centerless ground from this 
material. The material was then annealed in vacuo before testing. T| 

final annealing treatments chosen were 1 hour at 700°C (1290°F 
25 hours at 800 °C (1470°F) and 1 hour at 1000 °C (1830°F). T 
first two gave alpha annealed structures having relatively fine graii 
sizes of 0.016 mm and 0.040 mm average diameter respectively, as 
shown in Fig. 1. The 1000°C (1830°F) anneal produced a larger 
grained structure in which the grains had irregular boundaries. (Fig. 2 

The final specimens had a hardness of VHN 140 + 10 regardless ot 
the prior anneal as compared to a figure of 70-90 reported by Manjoin 
and Mudge. This difference is probably due to a higher level of im 
purity content in our material. 


l¢ 
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TESTING EQUIPMENT 
The tensile tests were carried out in a constant head motion machin 
An evacuated capsule was used for tests at 500°C (930°F) whereas 
tests at room temperature and 300°C (570°F) were performed 1 
air. The elevated-temperature creep-rupture tests were carried out in 
an argon atmosphere in a similar capsule arrangement especially 
signed so that all of the extension measuring apparatus is inside th 
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500°C 


eo 5,000 ps 


Annealed | hour at 700°( 


ai 
lOO 200 300 400 500 
Time, hours 


4—Typical Strain-time Curves For Unalloyed Zirconium Tested at 25 °C, 
300 °C, and 500 °C (77, 570 and 930 °F). 
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ipsule. The specimen pull rod was loaded through a 10:1 lever. Load 
nd extension measurements were made to 0.001 pound and 0.0001- 
uch respectively. Temperature was held to + 2 °C at all temperatures 
and measured by a thermocouple placed directly on the specimen. 


RESULTS AND DISCUSSION 
Creep and Rupture Behavior 

lypical logarithmic curves for various materials tested under the 
same condition are shown in Fig. 3. The strains have been converted 
to natural or logarithmic strains which are valid only to the point of 
necking. Considerable difficulty was experienced in obtaining consistent 
rupture data at room temperature and 300°C (570°F). This is the 
usual experience on any material in rupture tests made above the yield 
point and near the tensile strength. This large stress sensitivity of the 
time to rupture is characteristic of so called “low temperature” be- 
avior. 
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[ypical creep curves for the same material tested with various loads 
at each of the temperatures are shown in Fig. 4. Typical creep curves 
ior the variously annealed materials tested at 500°C (930°F) are 
shown in Fig. 5. The strains observed are much larger and do not 
ipproach a linear variation with time. From these it is obvious that the 
method of analysis used by Manjoine and Mudge which represents the 
creep behavior by the equation 

e=e+ € 
uld not be used. For this reason the data have been analyzed accord- 


ing to the conventional stress-creep rate and stress-time curves. (Figs. 


6,7, and 8) 
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500°C 10,000 psi 
A- Annealed 25 hours at 800°C 
B- Annealed | hour at 700°C 
C- Annealed | hour at |000°C 


cnes 


xtension, 1075 in 
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Time, hours 


Typical Strain-time Curves Obtained For Variously Annealed Unalloyed Zit 
conium at 500 °C (930 °F) Under a Stress of 10,000 psi. 


fe hae Gas |OUR l 


0 - Annealed | hour at 700°C 
4- Annealed 25 hours at 800°C 
o- Annealed | hourat |OO0°C 


io-5 io72 lo7! 
Minimum Creep Rate, in./in./hr. 


Log Stress Versus Log Minimum Creep Rate For Unalloyed Zirconium 
25, 300 and 500 °C (77, 570 and 930 °F). 
A comparison of the rupture strengths and stress for 2% strain 1 
1000 hours (Table IL), with the tensile properties given in Table II! 
shows that the amount of creep is relatively small below 300 °C 
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Table II 
Creep and Rupture Properties of Unalloyed Zirconium 
With Various Annealing Treatments 
Anne ale 1 
H r at 
Test Temp. 1 Hour at 25 Hours at 10 ( 
perty “ 700 °C (1290 °F) 800 °C (1470 °] (1830 °F) 
i! 25 48,000 5,000 50,000 50,00 
re Strength 300 24,000 1,000 1.000 +01 
500 7,000 2,000 6,401 0.°00 
ur Rupture 25 1.0 1.19 
ngth as Multiple 300 Leal 1.54 1.2 
Yield Strength* 500 0.47 54 0 64 
for Strain 5 $8,000 2,000 48 000 48,000 
f 10-5 in/in/hr 300 23,500 1,50/ 24,000 24,000 
500 7,000 2,000 5°300 8,200 
tress for 2% strain 25 43,000 $3,000 $3,000 
00 hours 300 24,000 24,000 24,000 
500 5,500 5,000 7,700 
n rate used in determining yield strength was 0.25 min~ 
Table III 
Short Time Tensile Properties of Zirconium With Several 
Annealing Treatments 
Annealed 
Test Temp. 1 Hour at 25 Hours at 1 Hour at 
Property Cc 700 °C (1290 °F) 800 °C (1470 °F) 1000 °C (1830 °F 
)ffset 25 48,000 12.000 49,000 
Vield Stre ngeth 200 30,000 . 
300 20,700 15,600 19,900 
500 14,700 11,900 16,000 
timate Tensile 25 62,100 57,300 63,000 
Strength 200 36,200 — == 
, 300 26,700 26,500 7.700 
500 17,900 15,300 18,800 
Cent 25 5 15 17 
ngation 200 30 7 
8 inches 300 29 36 30 
500 29 15 21 
Per Cent BS 51 9 41 
Reduction 200 73 - 
\rea 300 82 68 69 
500 RY 52 79 
Al yA 0.089 
Hardening 200 0.082 
Exponent, m 300 0.097 
500 0.048 
ate 25 0.020 0.022 0.019 
nsitivity 200 0.030 a a" 
300 0.022 0.029 0.026 
500 — U 055 
lép at 2% 25 - 55 > 08 
rain, x10 200 - - — 
300 1.7 1.12 
500 0.8 0.38 


I’) providing the stresses are below the yield strength. This con- 
on is in agreement with Manjoine and Mudge. However, th 
unt of creep at room temperature and 300 °C (570 °F) for stresses 
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o- Annealed | hour at 700°C 
4-Annealed 25 hours at 800°C 
o-Annealed | hour at |OOO°C 
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Rupture Time, hours 


Fig. 7—-Log Stress Versus Log Rupture Life For Unalloyed Zirconium at 25, 30( 
and 500 °C (77, 570 and 930 °F). 


above the yield strength is somewhat larger than that observed by them 
This fact probably is attributable to the difference in impurities. Im 


purities raise the yield strength without equally affecting the creep 
resistance. At low temperatures our material had much smaller strains 
on loading and therefore is less strain hardened than was theirs. Ow 
material would be expected therefore to show a larger amount of cree; 
subsequent to loading. 


EFFECTS OF MICROSTRUCTURE 

At room temperature and 300 °C (570 °F) there was little effect of 
different alpha annealing treatments except for small differences in 
short-time tensile properties. At 500 °C (930 °F), however, the differ 
ences were relatively greater. The larger-grained alpha annealed mate 
rial (800 °C (1470 °F) anneal, about 0.040 mm average diameter ) was 
weaker than the finer-grained material, (700°C (1290°F) anneal, 
about 0.016 mm average diameter ). 

One can compare the alpha- and beta-annealed structures on the basis 
of path length between grain boundaries obtained by counting the num 
ber of grain boundaries intersected by random lines of known length 
This method takes into account part of the effect of the irregular bound 
aries in the beta-annealed structure. At room temperature and 300 “‘ 
(570 °F) there was little difference in strength between the alpha- and 
beta-annealed specimens. A comparison of the 500 °C (930 °F) tensilt 
and rupture results shows that’in each case the strength of beta 
annealed material is higher than that of the alpha-annealed specimens 
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8—Log Stress Versus Log Time to 2% Strain For Unalloyed Zirconium at 
25, 300 and 500 °C (77, 570 and 930 °F). 


'—Photomicrograph of Arc-melt Zirconium, Alpha-annealed 1 Hour at 700 °C 
10 °F) and Tested in Creep-rupture at Room Temperature, Considerable Twinning 
is Apparent. As electropolished, polarized light, x250. 





10—-Photomicrograph of Arc-melted Zirconium, Alpha Annealed 1 Hour at 700 °C 


F) and Tested in Creep-rupture at 500 °C (930 °F). Very little if any twinning 


bservable and scalloped grains can be seen. As electropolished, polarized light, x250 


even though the interboundary distance is intermediate between the 
alpha-annealed specimens. This greater strength can be attributed 
structural differences other than inter-boundary distance. First, 
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Fig. 11—-Photomicrograph of Arc-melted Zirconium, Beta-annealed 1 Hour at 
1000 °C (1830 °F) and Tested in Creep Rupture at Room Temperature. Larg: 
numbers of twins are visible. As electropolished, polarized light, x250. 
Fig. 12—-Photomicrograph of Arc-melted Zirconium, Beta Annealed 1 Hour at 
1000 °C (1830 °F) and Tested in Creep Rupture at 300 °C (570 °F). Twinning 
is quite prominent. As electropolished, polarized light, x250. 


it is possible that the irregularity of the boundary may increase the 
resistance to deformation per se by affecting the amount of deforma 
tion which occurs in the region of the grain boundary. Second, th 
kind of deformation may be changed by the different stress distri- 
bution in interlocking grains. Confirmation of the latter was the 
tendency for a larger amount of twinning, folding, and kinking in cree 
noted in the microstructures of deformed beta-annealed specimens 
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Fig. 13—Are-melted Zirconium, Beta-annealed 1 Hour at 1000 °C (1830 °F) and 
lested in Creep at 500 °C (930 °F). Twinning, kinking and folding with accom- 
panying substructure formation can be observed. The variation in color of inter- 
ocking areas in (a) indicates formation of a substructure by folding or bending 
f areas unable to accommodate themselves through relative movement in grain 
boundary areas. Somewhat similar areas are visible in the left center section of (b) 
ind lower center area of (c). As electropolished, polarized light, x250. Enlarged x8. 


DEFORMATION MECHANISMS 


‘etallographic observations made on polished sections of tested 
p-rupture bars suggested that the deformation mechanisms changed 
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Fig. 13c—Arc-melted Zirconium, Beta-annealed 1 Hour at 1000 °C (1830 °F) and 
Tested in Creep at 500 °C (930 °F). Substructure somewhat similar to Fig. 13a 
are visible in lower center area. x250. Enlarged x8. 


with increasing test temperature and with microstructural variations 
Twinning was considerably more prevalent at room temperature and 
300 °C (570°F) than at 500°C (930°F). Fig. 9 shows fine-grained 
alpha-annealed material tested at room temperature and containing a 
large number of twins. This same material tested at 500 °C (930°F 
showed very few twins as illustrated in Fig. 10. 

In the beta-annealed material twinning was often found in large 
complicated colonies in the specimens tested at room temperature and 
at 300 °C (570 °F). Illustrations of this are shown in Figs. 11 and 12. 
In specimens tested at 500°C (930°F), twinning was less prevalent 
and deformation was accomplished by folding, kinking, and sub- 
boundary formation. (See Figs. 13a, 13b, 13c.) 

Scalloped grain boundaries are visible in Fig. 10 and are more notice- 
able in coarser-grained alpha-annealed zirconium in Fig. 14. This scal- 
loped appearance was found only in material tested at 500 °C (930 °F 
and these were usually in boundaries of relatively small curvature. (See 
Fig. 15.) It is thought that these scalloped areas result from either the 
formation of tiny new grains or polygonized elements during stress- 
induced boundary migration where extensive deformation occurs in the 
region of the grain boundary. 

At room temperature and 300 °C (570 °F) the minimum creep rates, 
rupture lives, and times to 2% strain are very nearly equivalent for 
zirconium in the three conditions of annealing. At and below 300 °C 
(570 °F) all of the materials show similar deformation microstructures, 
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Fig. 14—Photomicrograph of Arc-melted Zirconium, Alpha-annealed 25 Hours at 
C (1470 °F) and Tested in Creep Rupture at 500 °C (930 °F). Scalloped 
grains can be observed. As electropolished, polarized light, x250. Enlarged x8 
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g. 15—-Photomicrograph of Arc-melted Zirconium, Beta-annealed_1 Hour at 


00°C (1830 °F) and Tested in Creep-rupture at 500°C (930 °F). Scalloped 
ains and folding can be seen. As electropolished, polarized light, x250. Enlarged x8 
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i.e., extensive twinning and grain distortion. At 500 °C (930 °F 
ning, kinking and folding are still important in the beta-annealed ;),¢, 
rial but are largely absent in the alpha-annealed material. On th: 
hand, the presence of “scalloped” grain boundaries in the alpha 
rial becomes prevalent at 500°C (930°F). Such scalloped areas a 
present only rarely in beta-annealed material. These observations ind 
cate that the superior creep resistance of the beta-annealed materia! 
related to the much smaller contribution of grain boundary deformation 
The fact that the grain boundaries are the sites of this scalloped 
structure suggests that considerable amounts of grain-boundary defor 
mation have occurred as has been observed in other material. On) 
small amounts of scalloped grain boundaries are observed in the beta 
annealed material and such areas can be found where there were larg: 
radii of curvature. Interlocking areas do not exhibit scalloped grain 
boundaries. Apparently the grains accommodate themselves to flo 
by twinning, folding, and kinking. Stated differently, grain boundary 
deformation becomes significant at 500°C (930°F) in material with 
relatively equiaxed grains but does not become significant in material 
having interlocking, irregular grains and so twinning, kinking, and 
folding contribute to the deformation process. It would be expected 
that a material having an interlocking internal structure would hav 
a more complex stress distribution within grains, more extensive kink 
ing, twinning and folding, and a higher creep strength. 





SUMMARY 


Data on the creep and rupture of arc-melted crystal bar zirconium at 
25, 300 and 500 °C (77, 570 and 930 °F) have been presented. Speci 
mens were also examined metallographically before and after creep in 
order to correlate the differences in creep properties with the differ 
ences in structure and the structural effects of the creep deformation. 

The conclusions reached can be summarized as follows: 

1. Significant amounts of creep occur at 25 and 300°C (77 and 
570 °F) only at stresses above the yield point. 

2. There was no significant effect of annealing treatment on the 
stress-rupture and creep behavior of recrystallized material at 25 and 
300 °C (77 and 570 °F). 

3. Rupture in constant load tests occurs in times less than 1000 hours 
at 25 and 300°C (77 and 570°F) only at stresses above the yield 
strength. 

4. At stresses slightly above the yield stress at 25 and 300 °C (77 and 
570 °F) the amount of creep which occurs before the rate drops to a 
low value may be as large as the loading strain. This conclusion can be 
reconciled with the contrary observations of Manjoine and Mudge i! 
one considers that the higher impurity level of our material affects 
mainly the yield stress and not the creep resistance. The amount ot 
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on loading in our tests was therefore somewhat less than for 
sts of Manjoine and Mudge so that we were then observing the 
of a less strain-hardened material. 
Our data do not show any appreciable constant strain rate be 
so the McVetty analysis could not be applied. 
Creep deformation becomes significant at relatively low stresses 
C (930 °F) and the creep resistance is dependent on the char- 
ter of the annealed structure. 
\laterial annealed in the beta region prior to testing has the high- 
st creep resistance at 500 °C (930 °F). The creep resistance decreases 
th increasing annealing temperature in the alpha region. 
8. Creep at 500°C (930°F) is accompanied by the formation of 
berains in all three annealed conditions. Interlocking grains of beta 
ynealed zirconium exhibit more kinking, twinning, and folding in 
reep at 500°C ( 930°F) than do the more regular, equiaxed alpha- 
annealed grains. 


The superior creep resistance of the beta-annealed material at 500 °C 

930 °F) is believed to be related to the presence of irregular grain 
boundaries and the generation of an internal substructure in larger 
amounts than in the alpha-annealed material. 
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IMPACT CHARACTERISTICS AND MECHANICA] 
PROPERTIES OF LEADED AND NONLEADED 
C-1050 AND C-1141 STEELS 


By A. P. WEAVER 


Abstract 
The physical properties of leaded and nonleaded steels | 
otherwise identical compositions were compared. The steel 
covered consisted of three pairs of ingots, with one of eac! 
pair being leaded and one nonleaded. Three different heat: 
and three types of steel are represented. This work has borne 
out previously reported grain refinement resulting from lead 
additions. It has shown only slight a Ag in Brinel 
hardness and tensile properties, but ( harpy “V” notch tran 
sition temperatures are consistently lower on the leaded 
steels than on the nonleaded steels. This is attributed to th 
known effect of lead in refining grain. (ASM-SLA Classi 
fication: Q6, Q general, CN, Pb) 


INTRODUCTION 


c YDAY, lead is being added to an ever increasing number of steels 


for the purpose of improving machinability. Originally leaded 
steels were made almost exclusively in the low carbon, re-sulphurized 
grades of free machining screw stock to further enhance their m achin 
ability. It is now accepted that lead may be added to any grade of stee! 
destined for machining applications. The aimed lead addition is 0.20 to 
0.30%. Although the condition or form in which the lead is present has 
never been definitely established, it is believed to be present as a sub 
microscopically divided phase, but it is not known whether it is present 
as metallic lead or as a sulphide. 

The effects of lead on the physical properties and on the Charpy im 
pact characteristics of these leaded steels has been the topic of man) 
discussions and a number of investigations and technical papers. Th 
present paper deals with several experiments set up to.determine what 
differences if any exist between the Charpy impact characteristics oi 
leaded and nonleaded steels of higher carbon contents. It has been 
fairly well established by Nead, Sims and Harder (1),! Robins (2 
and others, that lead additions have no significant effect on the hard 
ness or tensile properties. However, in the case of Charpy impact prop 


' The figures appearing in parentheses pertain to the references appended to this pape! 

A paper presented before the Thirty-Eighth Annual Convention of the Societ) 
held in Cleveland, October 8-12, 1956. The author, A. P. Weaver, is Senior M« 
lurgist in the Quality Control Department, Inland Steel Company, Indiana Ha 
Works, East Chicago, Indiana. Manuscript received March 30, 1956. 
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™N 
on the grades being studied, adequate data was not available, 
irther investigation was indicated. 


SCOPE OF THE INVESTIGATION 


assure a minimum of variation other than the presence or ab 
nce of lead, two consecutive ingots were chosen from the middle 
m of selected heats of steel. Lead was added (0.20 to 0.30% ) to 
ne of the two ingots. Pairs of ingots were obtained in this manner from 
ne heat of C-1141 steel, and from two heats of C-1050 steel, one of 
vhich had been made to a fine grain practice and the second having been 
de to a coarse grain practice. The C-1141 ingots were rolled into 
and 2'%4 inch diameter rounds and the C-1050 ingots were made 
314-inch rounds. 
Brinell hardness, tensile and Charpy “V” notch impact tests were 
made on materials from all six ingots in the hot-rolled condition, and 
ilso on the C-1141 steel in the cold drawn condition. In addition, all 
lots were tested after the following heat treatments : 


1. Normalized at 1650 °F to get all steels to a uniform, soft con 
dition. 
Quenched in oil from 1550 °F. Drawn 2 hours at 1000 °F, to 
check impact resistance at higher hardness. 


On the C-1141 steels, a second group of Charpy impact tests were 
run, using the keyhole test specimens. 

\ll test materials were taken longitudinally from the quarter diameter 
sitions of the rounds. 


Chemical Analyses 


Check analyses were made on all rounds used in this study, and the 
results are shown in Table I. 


Table I 
Chemical Analysis 


Sample . Mn P S Si Al Pb 


Coarse-Grain Practice 


Leaded 0.50 0.71 0.018 0.029 0.22 0.003 0.23 
Nonleaded 0.50 0.71 0.018 0.028 0.22 0.002 — 
\ISI Range 0.48/ 0.60/ 0.04 0.05 

tor C-1050 0.55 0.90 max. max, 


Fine-Grain Practice 


led 0.50 0.81 0.018 0.030 0.24 0.032 0.19 
‘\onleaded 0.49 0.81 0.017 0.029 0.24 0.034 - 
114] 
ied 0.44 1.50 0.019 0.108 0.07 0.005 0.20 
nleaded 0.46 1.49 0.019 0.116 0.07 0.006 
SI Range 0.37/ 1.35/ 0.04 0.08/ 
yr C-114] 0.45 1.65 max. 0.13 
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Brinell Hardness 


Brinell hardnesses were determined on all lots, processes ai 
treatments covered. The results are shown in Table II. On the ( 


Table II 


Brinell Hardness 


Cold 
Sample Hot-Rolled Drawn Normalized 

C-1050, Coarse Grain Practice 

Leaded 190 187 

Nonleaded 203 oa 199 


C-1050, Fine Grain Practice 


Leaded 193 190 
Nonleaded 194 


C-1141 


Leaded 212 21 
N onleaded 220 217 


/ 


series of tests no trends are shown between the leaded and the non 
leaded groups of samples. However, on the C-1050 steels both the 
coarse and fine-grained lots show trends for the nonleaded steels to be 
slightly higher in hardness. 


Tensile Properties 


Tensile results show generally little or no differences between the 
leaded and nonleaded samples. In fact, on most of the samples the ten 
sile strengths for the leaded and nonleaded materials are remarkabl) 
close together. With but one or two exceptions the percent elongation 
and the elastic ratios are also very similar for leaded and nonleaded ma 
terials. The elastic ratios are shown to be slightly higher after normal 
izing than are those of the straight hot-rolled products. A still greater 
increase is shown after quenching and drawing. However, the differ 
ences observed between the leaded and nonleaded lots are not great 
and are not consistently higher or lower on one than on the other. The 
tabulated results are shown by Table III. 


Charpy Impact Properties 

In practically all instances, the Charpy “V” notch impact results 
show higher impact energies and lower transition temperatures on the 
leaded steels than on the nonleaded steels of the same grade and com 
position. However, when plotted graphically (Figs. 1 to 4) most of the 
curves cross at some pcint above or in the upper portion of the transi- 
tion temperature ranges. The curves for the nonleaded materials then 
show the higher impact energies above the transition range. In ever) 
case normalizing was shown to increase the energy required to break the 
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, Fine Grain Practi 


Quenched & Drawn 
Leaded 


\ ] lad 
yonieadeda 


Hot-Rolled 
| Ca led 
N n eaded 
Cold Drawn 
I i ided 
Nonleaded 
Normalized 


eaded 
Nonle aded 


ienched & Drawn 
Leaded 


Nonleaded 


pact test specimens and a quench and draw gave still higher impact 
nergies and generally lower transition temperatures. A tabulation of 


Yield Poi 
Psi 
Si 
Practice 
51,945 
; 0 
53.600 
’ 
53,200 
6,120 
78,620 
§ 
52.295 
906. 
$3,275 


56,900 
59,950 


74,350 


77,250 


Tensile Data 


nt 


he 


Table III 


lens 
Pp 


117,900 


120,400 


106, 
105,500 


116,050 
114,000 
98,240 
100,000 


24 
20 


S 


s 46, 
. I 
\r h 
+f 
( 
tye 
R Q 
19 5 ( ) 
; 0) 
{ t) 
3 5 0.631 
6.5 64 
40 18 
0.828 
0.878 
46 0.700 
34 0.564 
50 0.747 
49.5 0.704 


|5 foot-pound transition temperatures is given as Table IV. 


in comparing the impact results of the different groups of steels, the 


llowing observations can be made. 


1. Differences were observed between the leaded and the non 
leaded steels with respect to the transition temperatures. These 
differences were fairly consistent in that the leaded steels with 
one exception had the lower transition temperatures. This may 
be attributed at least in part to the moderate grain refining ef- 


fect of lead reported by Nead, Sims and Harder (1). 


¢. On the coarse-grained C-1050 steel, heat treatment appears to 
produce some difference between the leaded and the nonleaded 
steels with respect to the transition temperatures. The transi 
tion temperatures shown in Table IV show the leaded steel to 
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Fig. 1—Charpy “V" Notch Impact Tests on Coarse-Grained 
C-1050 Steel. Leaded versus nonleaded. 


be lower by 15°F in the hot-rolled condition, by 30 °F after 
normalizing, and by 50 °F after quenching and drawing. 

The fine-grained C-1050 steel shows the least change in transi 
tion temperatures in response to the addition of lead (1). In 
this instance lead was added to a steel which was already in 


Table IV 
Charpy “V” Notch Transition Temperatures 
at the 15 Ft-Lb Energy Level 


Quenche j 

Sample Hot-Rolled Normalized & Drawn 
*-1050, Coarse Grain Practice 

Leaded 160 °F 85 °F 120 °F 

Nonleaded 175 115 170 
*-1050, Fine Grain Practice 

Leaded 110 45 30 

Nonleaded 100 55 15 
1141 

Leaded 

Nonleaded 

1141 (Charpy Keyhole) 


Leaded 
Nonleaded 
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Fig. 2—Charpy “V" Notch Impact Tests on Fine-Grained C-105¢ 


Steel. Leaded versus nonleaded 


herently fine-grained, therefore less effect might be expected 


from the addition of lead. 


) 


On the C-1141 series (Fig. 3) the cold drawn tests show a greater 
spread between impact properties of the leaded and the nonleaded sam 
ples than is shown on the normalized tests. The quenched and drawn 
test results follow an unusual pattern and are inconclusive and gener- 


noninformative. 


\lso plotted in Figs. 1, 2, 3 and 4 are the brittle fracture ratings. As 
will be noted, these were not obtained on all sets of data. In all instances 
it the lowest temperatures tested the fractures were 100% brittle. On 
but the normalized, the quenched and drawn coarse-grained series, 
brittle fracture ratings continue up to the approximate tran 
tion temperatures. While the steel is going through its transition 

nge, the fracture becomes less brittle and more ductile until at higher 
temperatures and above the transition ranges the fractures are 100% 
luctile. This complete disappearance of brittle fracture occurs at lower 

iperatures on the normalized series of both the coarse and fine 
rained C-1050 steels than on either the straight hot-rolled or on the 
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Cold Drawn 


+—_—_+- 
| Leaded 


Normalized 
Frocture ™ 
Tt + 


Leaded < *\ 


15 tai 
—— ? 


Impact 


40 
Temperature °F 


Charpy “V” Notch Impact Tests on C-1141 Steel 
Leaded versus nonleaded 


quenched and drawn series. The fracture curves show agreement 
nearly all cases with the impact energy curves, in that for a given ten 
perature the nonleaded lots show a higher percentage of brittle fractur 
and higher transition ranges than do the fracture curves for the leaded 
lots. 

Fig. 4 presents data from a series of Charpy “Keyhole” impact tests 
made on the C-1141 lots. On this series, tests were made in the as hot- 
rolled, cold drawn, quenched and drawn and normalized conditions. On 
these keyhole tests it is noted that through the four conditions just 
mentioned, the leaded and the nonleaded lots come successively nearer 
to having the same impact energies. This is believed to result from some 
difference or differences in hot mill finishing practices. Also the 15 
foot-pound energy level generally used as the Charpy “V” notch crit 
ical energy level on ship plate steels, is too low for the normalized and 
for the quenched and drawn lots when tested by the Charpy keyhole 
method. 

The 15 foot-pound transition temperatures which were read from 
the curves of Figs. 1, 2, 3 and 4 are tabulated in Table 1\V. The trans! 
tion temperatures are consistently higher on the nonleaded series ‘ 
all steels. Also the coarse-grained C-1050 steel has higher transition 
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Fig. 4—Charpy Keyhole Impact Tests on C-1141 Steel. Leaded 
versus nonleaded 


temperatures than do the fine-grained C-1050 steels. The normalized 
series show the lowest transition temperatures. 


MicROSTRUCTURE AND McQuaip EHN GRAIN SIZE 

Representative hot-rolled structures of the six lots of steel being 
studied are shown by Figs. 5 through 10. In each instance, the leaded 
lots show a finer grain than do the corresponding nonleaded lots. The 
coarse-grained lots of C-1050 (Figs. 5 and 6) are only slightly coarser 
than the nominally fine-grained lots shown by Figs. 7 and 8. Figs. 9 
ind 10 show finer grain on the two lots of C-1141 steel. 

Hodge, Manning and Reichold report that the transition temper- 
sai 


ure as determined by Charpy keyhole tests was lowered by about 


2) °F per grain size number as the ferritic grain size became finer. This 


| is in general agreement with the results obtained on the present work. 
in most instances, the leaded samples here being studied show lower 
transition temperatures and smaller ferritic and austenitic grain sizes 
| in do the nonleaded samples. Transition temperatures vary primarily 
| th the ferritic grain size which in turn varies with hot mill finishing 
: peratures and with cooling rates. The addition of lead to steels 1s 


wn to have a slight refining effect on both the ferritic and austenitic 
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Fig. 5—Leaded C-1050 Steel Made to a Coarse Grain Practice. Nital etch. x100 
Fig. 6—Nonleaded C-1050 Steel Made to a Coarse Grain Practice, Nital etch. x100 
Fig. 7—Leaded C-1050 Steel Made to a Fine Grain Practice. Nital etch. x100. 


Fig. 8—Nonleaded C-1050 Steel Made to a Fine Grain Practice. Nital etch. x100 
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Fig. 9—Leaded C-1141 Steel. Nital etch. x100. 
Fig. 10—Nonleaded C-1141 Steel. Nital etch. x100. 


Table V 





ASTM Grain Size Ratings 

Steel Ferritic Grain Size McQuaid Ehn 
C-1050, Coarse Grain Practice 

Leaded 2-5, mostly 3-5 5-7, mostly 5-6 

Nonleaded 3-6, _ 4-5 5-6, ” 6 
( 50, Fine Grain Practice 

Leaded 3-6, E 4-5 6-8, ” 7-8 

Nonleaded 2-6, ” 3-5 6-8 ee 6-7 
C-1141 

Leaded 5-7, ” 6-7 1-6, ” 4-6 

Nonleaded 1-6, = 4-5 2-6, = 4-5 


ore 


grain. This was pointed out, as mentioned previously, by Nead, Sims 
and Harder in their early work on lead bearing steels. 

The following tabulation shows the ASTM grain size ratings for 
the ferritic grain in the as hot-rolled condition and the corresponding 
McQuaid Ehn grain sizes obtained. 


GRAIN COARSENING TESTS 


\ series of case carburizing tests was made for the purpose of estab- 
ishing the grain coarsening temperatures on the four lots of C-1050 
steel. The heating cycle used was the same as that used on the McQuaid 
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C-1050, Coarse Grain Practice 


Nonleaded 


C-1050, Fine Grain Practice | 
Leaded Nonleaded 
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Fig. 11—Austenitic Grain Size from Case Carburized Test 
Specimens. 


ihn test, that is, eight hours at temperature followed by furnace cooling 
The austenitic grain sizes were determined on the carburized cases and 
the ferritic grain sizes were determined from the core of the same 
samples. Bar type graphs, Figs. 11 and 12, show the results of these 
grain coarsening experiments. 


Hor MIL FINISHING PRACTICE 

Hot mill finishing practices have been shown to affect grain size, ten 
sile properties and impact resistance. Frazier, Boulger and Lorig (4) 
of Battelle Memorial Institute report that each increase of 100 °F in 
hot mill finishing temperature raises the Charpy keyhole impact trans! 
tion temperature 6 °F. This variable could explain some of the differ 
ences observed between the present lots which were hot-rolled at differ 
ent times and in some cases into different sections. Further evidence of 
this effect is the fact that on the Keyhole series shown graphically as 
Fig. 4, the normalized and the quenched and drawn groups of samples 
show the leaded and the nonleaded series to come successively closer 
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ASTM Grain Size 


cssp Moximum Grain Size 
ammm =Predominant Grain Size 
c— Minimum Grain Size 
12—-Ferritic Grain Size from Core of Case Carburized 
Test Specimens 


Fig. 


together. In other words, heat treatments tend to erase any differences 
caused by hot mill finishing temperatures. 


CONCLUSIONS 


The following conclusions can be drawn from the foregoing studies. 


l. 


~ 


wa 


No significant differences were found in Brinell hardness and 
tensile properties between the leaded and the nonleaded ma- 
terials. 

The addition of lead was shown to give a somewhat smaller 
grain size than that of the base steel (to which the lead was 
added). Both the ferritic and the austenitic grain sizes are in- 
fluenced. 

The variations in transition temperatures appear to be primarily 
the result of grain size variations rather than the presence or 
absence of lead. 

Charpy impact transition temperatures were found in seven out 
of eight instances to average 22 °F lower on leaded tests than 
on the corresponding nonleaded grades. 
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DISCUSSION 


Written Discussion: By Thomas D. Taylor, sales engineer, Bliss & Laughli: 
Inc., Buffalo, New York. 

This is to confirm the statement that lead 0.15 to 0.35% is being added to an 
ever-increasing number of both carbon and alloy standard grades of steel and to 
further state that the acceptance is wide in scope and on an increasing tonnags 
basis. 

These lead-treated steels have broadened out in their application from the every 
day run-of-mine automatic screw machine production of repetitive parts, wher« 
bulk and shape as dictated by design are the chief requirements and which usually 
involve such free-machining steels as C-1200, B-1100, and C-1100, to applications 
involving the C-1000 steels and all standard grades of constructional alloys except 
the qualities “Aircraft” and “Bearing.” 

In the free-machining types whose cross section structure is predominately 
free-ferrite and where optimum machinability from a steel standpoint will result 
from a soft and brittle condition the experienced impr:ivement in machining has 
been from 30 to 45%-plus, depending upon the part, machine equipment and cond! 
tions involved, when compared to past experience with B-1113, to an average 
of 20 to 30% for other grades of both carbon and alloy steels when compared t 
past experiences with the base grade involved to which the lead was added. 

As early as July 1950 the following statement appeared in the British Journal of 
the Iron and Steel Institute: “Considerable improvement in machinability by th 
use of lead additions has been confirmed for a number of carbon and alloy steels.” 
In my opinion this lead is an aid to a controllable chip formation and also provides 
an active chemical coating between the tool face and the chips, reducing friction, 
chip shear path length and the cutting forces required. This would mean that in 
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ning the lead-treated steels the plan to follow would be increased tool feeds 
t necessarily excessive spindle speeds and a good volume of cutting media 
ted both above and below the cutting edge. 
mical Analysis:—As a means of indicating the incidental lead content of an 
hearth steel to which lead was not added samples of this same C-1141 heat of 
leaded and nonleaded were analyzed spectrographically. All elements for 
a line was observed are reported C-1141, Coarse Grain Practice 





Mn Si Ni Cr V Mo 
1.52 0.06 0.03 0.03 0.07 0.01 
1.50 0.06 0.03 0.03 0.06 0.01 
Cu Pb Al Ti B Sn As Ca Co 
0.07 0.17 0.006 0.003 0.001 0.003 0.001 0.0] 
0.07 0.002 0.007 0.003 0.00] 0.003 0.001 0.0} o.0 
inell Hardness and Tensile Strengths:—Independent studies that we have \¥ 
e on the grade C-1141, coarse grain practice and on the alloy grade TS-4140 ‘S 
- e e = ns ,~ 
| versus nonleaded would confirm the facts as established by Nead-Sims and i 


iid oe, 


Harder, Robbins, and others that lead additions have no significant effect upon the ot 
irdness or tensile properties. 7 
\pparently the Brinell hardness as shown for C-1141, both leaded and nonleaded = 
. rr = 
r normalized and for quenched and drawn, Table III, are reversed. 
\n independent study on this same heat of C-1141 as-rolled, cold drawn, showed en 
aan oo 
the following : : . 
a 
S R ( Etch . 
( 1141 Leaded 229 229 229 Sound ‘ 
( 1141 Nonleaded 229 229 229 Sound . 
' 
; 
{ 
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8 12 16 20 24 28 32 
Distance From Quenched End in Sixteenths of Inch 


13 Specimens Machined from 1%-inch Rounds, Normalized at 1600 °F, Pre 
ited at 1200 °F for 20 Minutes, Heated at 1550 °F for 40 Minutes, and End 
quenched. 


¢ 
TS4140 Non Leaded 
7 — *** TS4140 Leaded 
———  TS4140 Leaded High-Low 31 Heats 
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Transverse Proeutectoid Ferrite and Pearlite (a) Leaded C-1141, nital, x! 
(b) Nonlead C-1141, nital, x100 


his would confirm the findings as shown in Table III and the fact that m 
trend is indicated. 


In further support of this, the following Jominy hardenability study, TS-4140 
leaded versus TS-4140 nonleaded, is submitted: 


Jominy specimens machined from 1'%-inch rounds, normalized at 1600 °F 
preheated at 1200 °F for 20 minutes, heated at 1550°F for 40 minutes, and end 
quenched. 

The Jominy values for single heats of TS-4140 leaded and TS-4140 nonleaded 
indicate that the addition of lead had little, if any, effect on hardenability. 

The results on 31 heats of TS-4140 Leaded establishes a high-low expectancy 
for the grade which conforms very closely to the standard “H” band limits for 
4140-H non-leaded. 

Microstructure and McQuaid-Ehn Grain Size:—Studies so far conducted 
have confirmed the trend as observed by Mr. Weaver and others, that the lead 
portion of a heat of steel shows a finer grain than the nonleaded portion. See 
Fig. 14. 

Charpy Impact Properties and Transition Temperatures:—Impact properties 
at sub-zero—zero approximate room temperatures and above, using keyhole notch 
Charpy specimens have confirmed the trend as observed by Mr. Weaver that the 
transition temperature of the non-leaded portion of a heat of steel is higher than 
the leaded portion. It would be assumed, of course, that the hot mill finishing 
practice would be within practical sense the same. This, of course, refers to the 
finishing temperature and the uniform rate of cooling through the critical « 
the cooling bed. By transition temperature we would mean the temperatur« 
which the slope of the impact curve would be the steepest or that which would 
indicate a sudden change. 
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Table VI 
Impact Properties (Keyhole—Notch Charpy) 
Condition As-Rolled, Cold Drawn Grade C-1141, Coarse Grain Practice 
Leaded vs. Non-Leaded 


C—1141 ( 114] 
ire Leaded Nonleaded 
men Foot-Pounds Ay Foot-Pounds = 
3.8 4.7 3.8 +.1 
) 3.8 8 +8 ) Q 
6.7 4.7 4.7 5 36 ) Q 2 
17 4.7 6.7 Ss 3° g Q 9 
| 16.9 16.9 15.6 16.47 { | 
| 16.9 15.6 15.6 16.03 , Q x { ( 
} 19.4 16.9 16.9 17.73 7.3 ’ 12.0 9g 
I 20.7 19.4 20.7 20.3 67 ‘ ° 
| 32.1 22.1 19.4 21.2 9.7 15.6 16.9 14.0¢ 
} 16.9 18 19.4 18 Lé 
I 18.2 18.2 2 19 
KWELL HARDNESS—*B” 98/99 8/99 
N R 229 ) 
NSITION TEMPERATURE 38 °F 103 °F 
Q 6 1 
N SIZE 20° > 4 ) ‘ 


DETERMINED BY McQUAID—EHN METHOD 


Table VII 
Impact Properties (Keyhole—Notch Charpy) Condition Heat Treated * 
TS-4140, Fine Grain, Leaded vs. Non-leaded 


HANICAL PROPERTIES: 


Tensile Strength Yield Point El in R of A BHN 
psi psi ( 
eaded 143,500 129,500 18.0 1.8 9 
Non-leaded 154,750 145,000 16 ? 
TS—4140 Leaded TS-—4140 Nonleaded 
erature 
men Foot—-Pounds Ay Foot—Pounds \y 
| 13.2 13.2 13.2 12.0 loa 12.6 
I 13.2 15.6 14.4 13.4 14.4 13.8 
F 14.4 16.9 15.7 15.6 15.6 15.6 
] 15.6 16.9 16.3 14.4 15.6 15 
| 19.4 20.7 20.1 16.9 19.4 23 19.9 
| 22.1 23.5 22.8 23.5 ye 23.5 
Kk 23.5 24.9 24.2 a3.0 24.9 24.2 
F 29.2 30.8 30.0 30.8 30.8 30.8 
ir 29.2 29.2 29.2 Sa 32.4 30.8 
IKWELL HARDNESS—“C” 30/32 31/33 
\NSITION TEMPERATURE S33 °S 115 °F 
\T TREATMENT—0.420” SQ.: Normalized from 1600 °F 


Oil Quenched from 1550 °F 
Tempered to Rockwell “‘C’’ 30-33 
TS—4140 Leaded—1080 °F 
TS—4140 Non-leaded—1100 °F 


felt that the coarseness of the non-leaded portion of the steel contributes 
raising of its transition temperature. This is borne out in many ways by 
mpact tests conducted by Mr. Weaver. 
lependent impact property tests also confirm the observations of higher 
energies for the leaded portion of the heat than on the non-leaded portion 


to Tables VI and VII. 
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Testing 
TS 4140 Temperature 


- 240°F 
- 210°F 
- 180°F 
— 150°F 
— 120°F 
— 90°F 
— 60°F 

O°F 


+ 80°F 


Fig. 15—Keyhole Notch Charpy Fractures. 


In studying Table VII, it is of interest to note that the impact values of th: 
TS-4140 Leaded and TS-4140 non-leaded, oil-quenched and tempered conditior 
were esscntially the same for all temperatures tested. The transition temperatur 
for the non-leaded TS-4140 was only 4°F (—115 °F) below the leaded TS-414 
(—111 °F). There was no rapid decrease in impact value at any temperature. Th 
change in impact value throughout the testing range was gradual. 

In studying over Fig. 15 you will note that for the TS-4140 non-leaded steel that 
a 50% fibrous, 50% crystalline fracture would occur when tested between —% 
and —120 °F and for the TS-4140 leaded between —60 and —90 °F. 

Summary :—There seems to be little dispute or objection to the statement that 
lead addition of 0.15 to 0.35% to steels improves the machinability over the bas 
grade to which the lead was added. 

There seems to be little or no objection to a statement that lead additions o! 
0.15 to 0.35% have very little effect upon the normal expected tensile strength 
or Brinell hardness of the base steel to which the lead was added. 

There is an indication, however, as resulting from studies made at home and 
abroad of a slight tendency to lower the fatigue resistance when the tensile 
strength of the steel exceeds 175,000 psi, and especially at the 270,000 psi leve! 

It should also be borne in mind that there is an increasing interest in the ust 
of the through-hardening steel, 52100 leaded, for sleeves, etc. that is successfull) 
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the heat treated condition at these indicated tensile property levels. These 
ns should prompt a caution, but in no way discourage exploration 
Written Discussion: By E. W. Husemann, chief metallurgist, Copperweld Steel 
nv, Warren, Ohio. 
ive read Mr. Weaver’s paper with considerable interest. Mr. Weaver is 
nmended for the clear and logical manner in which he has presented the 
| summary. 
ive not had occasion to study the mechanical properties of the leaded and 
ued carbon steels, but there are several important points brought out which 
ly to alloy steels. First of all we note that there was little or no difference 
the leaded and nonleaded steels as far as brinell hardness and tensile 
ties are concerned. Secondly we note that the addition of lead had less of an 
m the Charpy impact properties of the fine-grained C-1050 than was noticed 
e coarse grained C-1050. We feel that these facts are very important in as 
as most of the alloy steels are made to fine grain practice. It should be 
nt that the mechanical properties of the fine grain leaded alloy versus regular 
uld also show very little difference in properties and to date the data 
we have or which has been reported to us confirms this 
We feel that Mr. Weaver’s paper will stimulate additional work on the com 
tive values of leaded and nonleaded steels of the same type which should be 
reat value to the industry. 
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RELATION OF INCLUSIONS TO THE FATIGUE 
PROPERTIES OF SAE 4340 STEEL 


By H. N. Cummincs, F. B. STULEN, AND W. C. Scuut 


Abstract 
From studies of an unusually large number of fatigue tes: 
data, certain trends in the relation of inclusions to fatiqu 
strength of SAE 4340 steel were brought to light. Ajter 
discussing these trends in some detail, an explanation con 
cerning the mechanism of failure is proposed and variou 


predictions are made based on = _proposed e xplenation 
(ASM-SLA Classification: Q7, AY ) 


INTRODUCTION 


HE FACT that the fatigue strength of steel alloys such as SA] 
‘Lase steel is affected by “inclusions” has been recognized for 
considerable time by investigators of the physical properties of suc! 
metals. Gadd (1)! discussing inclusions says that “Johnson has stated 
that a reduction of up to 20% occurred in the reversed bending fatigy 
limit of a 67 tons per square inch U.T.S. Ni-Cr steel as the number ar 
size of the inclusions increased.” The author of Reference 2 said that 
“in carefully prepared specimens, the origin of failure is almost always 
at a microscopic nonmetallic inclusion which is open to the surface or 
is slightly sub-surface.” Epremian and Mehl (3) say: “of the many 
factors which can influence the statistical behavior of fatigue prope: 
ties, inclusions are the most important.” In the same report, they saj 

the statistical aspect of the theory of fatigue is in need of 
much more work to put it on a quantitative basis. The factors 
should be treated quantitatively. This treatment, in the ultimate, would 
involve a knowledge of the distribution of inclusions from measure 
ment, calculations of the stress concentration factors for the imperte: 
tions, and numerical probabilities for the presence of effective imper 


fections in the critical region of the specimen at maximum norma 
stress.”” Ransom (4) has stated: “The virtual elimination of non 
metallic inclusions results in a large increase in the transverse fatigu 
limit so that it approaches the longitudinal limit.” (The inclusions h 
was studying were stringer-type inclusions. ) 


{ 


McClintock (5) uses a somewhat more general term than “inclu 


' The figures appearing in parentheses pertain to the references appended to this paper 

A paper presented before the Thirty-eighth Annual Convention of the Society 
held in Cleveland, October 8 to 12, 1956. The authors, H. N. Cummings, F. B 
Stulen and W. C. Schulte are associated with the Curtis-Wright Corporation 
Propeller Division, Caldwell, New Jersey. Manuscript received July 27, 195) 
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in the introduction to his paper. However, his “local inhomo- 
es” certainly include inclusions such as are discussed in this 
He says: “When a number of fatigue tests are run on specimens 
vith a longitudinal radius of curvature, there usually results a scatter 
the number of cycles to failure and the location of failure. A 
tatistical analysis indicates that if the variations in life are due solely 
local inhomogeneities in the specimen, then there is a definite rela 

n between the scatter in position of failure and the scatter in the 

ber of cycles to failure.” 

Che word “failure” has no standard definition. Failure of small-scale 
oratory specimens is used generally to mean actual breaking into 
two or more pieces, but in some instances it means the occurrence of a 
predetermined amount of deflection, or of permanent deformation, and, 
other instances, the first appearance of a crack. The appearance of a 
rack is sometimes determined by microscopic examination of the sur- 
face, sometimes by a sudden increase in deflection under constant load, 
sometimes by a change in the damping capacity of the material. (On 
full scale parts, very small cracks are detected by magnaflux, etc.) 
25S-T 


dley et al (6) define failure of Krouse machine specimens of 
Juminum alloy subjected to combined fatigue bending and torsion as 
being “assumed to have occurred when the stiffness of the specimen 
was reduced by the repeated loading to 7% of its original value.” Dieter 
tal, (7), for tests of SAE 4340 steel in pneumatic vibrating canti 
lever fatigue machines, discuss a definition of failure as “The appear 
ance of the first visual crack of from 0.015 and 0.030 inch in length.”’ 

There is reason to believe that the position of and the number of 
cracks that result in the “failure” of rotating bending fatigue test speci 
mens are directly related to the inclusion content and distribution in 
the steels and that these have a significant influence on the fatigue life 
specimens subjected to any given alternating stress. Somewhat along 
this line of thinking a quotation from Marco and Starkey (8) is inter- 
esting: “These observations appear to indicate that fatigue failure is 
caused by cracks which progress from some stress raisers or fatigue 
nuclei. It is possible that these nuclei existed before any stress was ap- 
plied. Apparently the likelihood of a crack developing is a function of 
the seriousness of individual nuclei with respect to the stresses applied. 
“ach individual nucleus, therefore, has its own threshold of suscepti 
bility and there is a wide variation of susceptibility in any aggregate 
of such nuclei. At low stress levels the effect of this variation is more 
pronounced than at “high” stress levels and, therefore, only a small 
number of these nuclei (usually one) are sufficiently serious to develop 
nto progressive cracks, and a type-S (side) failure results.? At high 
stress levels, on the other hand, many of the nuclei are serious enough 


» failure: originates at one (usually) nucleus at side of fracture surface 
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to produce cracks, and a type-R (ring) failure occurs.* Furt! 
an examination of the R-type fractures clearly reveals that t! 
correlation between stress level and the number of fatigue nuc: 
result in independent cracks. At the higher stress levels th 
number of cracks are observed.” Also along the same general |in, 
the “few observations on the mechanism of crack development” 
Peterson (9). He postulates “a plot of the strength of individual graj; 
along a peripheral circle” of a fatigue specimen. The plot shows ya 
ing strengths from grain to grain. He says, in effect, that a relatiy 
low stress may be equal to the strength of the weakest “grain,” in whic! 
case a fatigue crack starts at its location. This crack may propagate | 
failure under prolonged alternate stressing. A higher stress may caus 
the starting of cracks, apparently simultaneously, at the locations of a 
grains whose strength is as low as, or lower than, the applied stress 
“with the result that the crack tends to penetrate concentrically with 
final rupture area which is centrally located and of approximately ci 
cular form.” 

In the present paper, we first present and discuss factual data on th: 
relation of inclusion content to rotating bending fatigue strength 
SAE 4340 steel, that were obtained in the course of tests planned pri 
marily for the purpose of determining S-N curves of constant prol 
ability. These tests are reported in detail and discussed in WADC Tech 
nical Report 54-531, from which the tables and most of the curves 
presented herein were taken. Curves for both smooth and notched speci 
mens, nominal ultimate tensile strengths 140, 190 and 260 ksi, were 
obtained, each of the six curves being based on between 250 and 30) 
specimens. In Figs. 1 to 6 are the results of fatigue tests on the indi 
vidual specimens, and in Figs. 7 to 9 the corresponding S-N curves 
of constant probability. These charts show the unusually large number 
of specimens that became available for the study of location of fracture 
nature of fracture surface, inclusion content and its relation to fatigu 
strength, etc., and indicate that the trends discussed later in this paper 
are not accidental or coincidental. As the trends began to appear, ques 
tions naturally arose as to what was happening to cause them. Th 
latter part of this paper presents an explanation that was ultimately de- 
veloped that seems to be consistent with the data. 


TESTING DETAILS AND PROCEDURE 
Approximately a thousand smooth R. R. Moore specimens, (se: 
Fig. 10) all from a single heat of SAE 4340 aircraft quality steel, pro 
vided the data upon which this paper is based. In addition, somewhat 
over a hundred smooth specimens from a single heat of high purity 


3 Type-R failure: has several origins of nuclei distributed around the fracture surtace in 
sort of ring 
Contract AF 33(616)-493. 
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Tests of SAE 4340 Steel UTS 140 ksi Notched opec.mens, kt 2.6 
R. R. Moore rotating bending tests. 


vacuum melted SAE 4340 steel provided additional data ot an explora 
tory nature. Tables I, II, and III give the chemical and physical prop 


erties, and the heat treatments, of these steels. Specimens were tested 
n IY 


X. R. Moore rotating beam machines, at speeds of about 10,000 rpm 
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Tests of SAE 4340 Steel UTS 190 ksi Smooth Specimens 
rotating bending tests. 
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N-Cycles To Failure 


Tests of SAE 4340 Steel UTS 190 ksi Notched Specimens, Kt 
R. R. Moore rotating bending tests. 


in the long life and middle life regions and at about 130 rpm in the shor! 
life (high stress) region. All specimens were cut from 5 inch bat 
stock and were therefore “longitudinal,” that is, their axes, and there 
fore the direction of the bending stresses were parallel with the direc 
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Tests of SAE 4340 Steel UTS 260 ksi Notched Specimens kt 2.6 
R. R. Moore rotating bending tests 


1 


of rolling. Three hardness levels were investigated, 140, 190, and 
260 ksi UTS.5 The specimens were polished to a surface finish of 5 
microinches, r.m.s., or finer. All specimens were stress-relieved after 


neral, ksi (thousands of pounds per square inch), and UTS (ultimate tensile strength), 
ed throughout this paper 
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Table I 
Composition of SAE 4340 Steel, Heat No. H15701A, as 
Determined by Acceptance Tests and as Certified by the 
Mill 


c Mn P S Ni 
Bar CT 0.390 0.78 0.008 0.017 


tar { 0.388 75 0.008 0.016 
\ 0.385 7 0.008 0.017 
\ 


( 
sar ( 
Bar CX 0.405 Ae 0.008 0.016 
Bar (¢ 0.402 79 0.008 0.015 
Bar CZ 0.398 75 0.008 0.016 
Mill Cert 0.40 77 0.009 0.018 


Table II 

Results of Various Heat Treatments on 4340 Steel 

Tensile specimens, 0.375 inch diameter 
Elongation based on 4 diameters (1'/2 inch) 
UTS Heat . 

Nom Treat AC Aircool Spec Hard Tensile, ksi Elor 

ksi ment OO Oil Quench imen Re Yield Ultimate 
Norm. 1600 4 hrs. £ 30 130. 


a 2 AC 
140 Hard. 1525 °F, 2 hrs. OR 30. 130. 
Temp. 115¢0 °F, 4 hrs. AC 3 30.5 130. 


oT 
« 


Norm. 16 F, hrs. AC 41.5 184.! 
Hard. a rr hrs. OO 41.5 184 
Temp. 875 °F, 4 hrs. AC 3 183 


Norm. I 

Hard. tt 

Temp. 5 F, 
F 


hrs. AC 8 250 
hrs. OO 51.8 250 
s hrs. AC 3 3 250 


6 
Stab , 24 hrs. AC 


Table III 
Vacuum Melted SAE 4340 Steel: Composition, Heat Treatment, 


Composition Cc Mn P S Si Ni Cr 
(Mill Spec.) 0.42 0.72 0.002 0.006 0.23 85 0.86 
Heat Normalize, 1600 °F, 4 hrs. AC* 
Treatment Harden, 1525 °F, 2 hrs. OQ", agitated oil 

femper, 875 °F, 4 hrs. AC 

Stress Relic f, 700 wir 2 hrs. FC* 

* Air-Cooled, OQ = Oil-Quenched, FC = Furnace-Cooled 


Physical Specimen* Hardness Tensile, ksi Elong 
Properties Re Yield Ultimate % 
A 40.0 183.0 193.5 16.0 
3 41.0 180.0 195.0 16.0 
, 41.5 184.0 196.7 16.6 

'D 41.0 184.5 197.0 16.0 

a 41.0 183.5 194.0 16.6 
* A, B, C, etc., indicate different bars 


final polishing excepting the 107 specimens referred to in the next para 
graph. These 107 were repolished after stress relieving. 

The general testing program was carried out on ten R. R. Moor 
machines. A set of 107 specimens, heat treated to 140 ksi UTS and 
stressed at 86 ksi, was used in a preliminary testing program to study 
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possibility of variability among the ten machines. From this set of 
tests it was concluded that the machines could be used interchangeably, 
ithough there was some indication of a slight bias in some of the ma- 
ines in the matter of distribution of off-center breaks. (After the 
entire testing program was completed a study of the specific machines 
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on which tests were made at various stress levels, on specimens of 
various ultimate tensile strengths, showed that the suspected bias o! 
certain machines one way or the other did not consistently correspond 
to the eccentricity of the fractures. ) 





in an attempt to find the reason for the noticeably longer average 
tatigue life of the specimens from one of the three 12-foot long bars 
trom which the 107 specimens for the preliminary tests at 86 ksi stress 
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Geom 
Mean 
Diam 

5 inch 
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68 
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Table IV 
Inclusion Size at Origin of Failure of Specimens Plotted 
on Fig. 16 


Geom 
Spec Mean 
men Diam 
RBA 10° inch 
01 132 
02 138 
OS 180 
04 48 
05 132 
O06 202 
07 132 
O8 142 
09 118 
10 118 
11 83 
12 76 
13 107 
14 120 
15 168 
16 126 
17 142 
18 96 
19 120 
20 107 
1 192 
22 194 
23 152 
24 20 
25 170 
261 96 and 48 
27 136 
28 144 
29 136 
30 72 
31 120 
321 Smeared 
33 76 
$4 83 
35 93 
36 118 
37 0 
Avr. 12 


Life = 

kilo 

cycles 
L186 
194 
195 
261 
464 


290 
660 


16. Not included in averages 
idjusted for off-center breaks 


Test RESULTS AND DISCUSSION 
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> and 156 
} and 107 
40) 
68 
102 
93 
$3 
102 
114 
156 
118 
Smeared 
156 
101 
120 
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168 
126 
161 
76 
96 
180 
107 
136 
132 
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level were cut (see Table IV), a microscopic examination of the frac 


ture surfaces was made with particular attention to the inclusions. It 
was tound that all of the failures in this set of specimens had originated 
it small inclusions which were open to the surface or were slightly be 
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w the surface. The size of each inclusion, excepting two or three that 
were smeared, was measured. Since the inclusions were of the spheroi- 
‘geometric mean diameter” of the exposed cross section 
ne inclusion was adopted as a size parameter. That is, the length 
mal to the specimen surface, and the width parallel to the same 
rlace, were multiplied together, and the square root of this product 


+ 


type, the ‘ 


2 = « 


fit ~ 


ib 3 7? 
6 6478 OF Ti bi de? 


i 





?.2£i3 7° 


ar ue 


- 


492 TRANSACTIONS OF THE ASM 


gave the geometric mean diameter. Table LV gives these inclusi: 

It was discovered upon statistical analysis of these data that there wa. 
a relation between the sizes of the inclusions associated with the | 
and the lives of the specimens. 

Of the inclusions that we found in the 107 specimens referred 4, 
above, none was larger than 0.0025 inches in diameter, about half wer, 
somewhat over 0.0010 inch, and the others reduced down to abou 
0.0004 inches. The steel tested is of high quality and the “scatter” js 
small. However, it appears that the aircraft quality SAE 4340 steel js 
sensitive to variations even in these microscopic sizes. The fracture sur 
faces were examined at approximately 400 diameters magification 
Polarized light was used to increase contrast between the inclusions 
and the parent metal since plain white light does not bring out the con 
trast sufficiently. No surface preparation was made other than to clean 
the fracture surfaces in a soap and water solution to remove dust and 
lint which would interfere with the examination for inclusions. Figs 
11 and 12 show typical inclusions observed at the origins. The radiating 
lines seen in these photomicrographs and also in Fig. 13 served to lo- 
cate the origin of failure. In a few cases, no actual included material 
was seen at the origins, but instead, a void was observed on one fracture 
surface and an inclusion of the same size was seen on the opposite sur 
face. Therefore, it was assumed that the voids had been filled with in- 
cluded material at the time of failure. This assumption was necessary) 
because in some specimens one surface was so smeared as to obliterate 
the origin, and only a void could be seen on the other surface. In such 
cases, the size of the void was measured. Measurement was made by 
use of a micrometer eyepiece. The inclusions (or voids) were meas- 
ured in two directions in the plane of fracture, one perpendicular to the 
external surface of the specimen (depth) and one parallel to that sur 
face (width). With the magnification used, readings to the nearest 
0.0001 inch were possible. 

The inclusions were essentially spherical in shape. Fig. 14 shows a 
transverse cross section through a large inclusion, and Fig. 15 shows a 
smaller inclusion seen on a longitudinal section of the same specimen 
It will be noted that there was no appreciable elongation of the inclu 
sion in the longitudinal direction. This is typical of inclusions which 
are not malleable at steel rolling temperatures, and the inclusions have 
been identified by the steel suppliers as complex manganese alumino 
silicate type. A preliminary plot of inclusion size against nominal fa 
tigue life showed a strong correlation between the two variables. Since 
there was a considerable number of fractures at an appreciable distanc: 
from the minimum cross section of the specimen, it was decided to ad 
just the fatigue life of such specimens to approximately what the life 
would probably have been if the critical inclusion had been at the mim 
mum section. The procedure for adjusting is described in Appendix I. 
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Inclusion Observed at Origin of Failure of Specimen CPAZ18, Which 
Failed After 263,000 Cycles at 86 ksi Stress. x300 
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\iter the adjustments were made the inclusion sizes were < 


igain plotted 
inst kilocycles to failure. The results are shown on Fig. 16 plotted on 
log coordinates as a matter of convenience. The improvement in 
relation, obtained by putting all tests on the basis of the effect of a 
e inclusion on the life of specimens stressed at a common stress of 

| = 86 ksi, is shown by the fact that before adjusting for off-center 
tures the “quadrant sum’”’ (see Appendix IT) was 24, whereas after 
ljustment the quadrant sum was 53. 

‘best-fit’ straight line is shown on Fig. 16, determined by “‘least 
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Void (arrow) Observed at Origin of Failure of Specimen CPAZ}1 
Which Failed After 567,000 Cycles at 86 ksi Stress. x300 


15 


Inclusion Observed on Transverse Section Through Specimen CPAZ13 
Inclusion Observed on Longitudinal Section Through Specimen CPAZ13 


14 


squares” but the equation is not given since further studies have show! 
that there is no simple general mathematical relationship applicable t 
all stress-levels. Furthermore, the existence of a large inclusion some 
what below the surface frequently corresponds to a fatigue life con 
siderably greater than it probably would be if the inclusion were nearer 
or at, the surface. 


Following the study of inclusions at constant stress level, for 140 ks! 
UTS steel, exploratory studies were made on the connection between 
inclusions and fatigue life at varying stress levels. It must be kept in 
mind that not only does steel probably respond differently from non 
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us metals to the presence of inclusions, but also that a given steel 
respond in different ways according to the various heat treatments 


ven to it, and to the process of manufacture employed. Ransom (+) 
is shown that malleable (stringer type) inclusions have remarkably 
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+} 
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ifferent effects on transverse specimens from those on longitudinal 
pecimens. Dieter and Mehl (10) have shown that by selective heat 
reatment the microstructure of steel can be so changed, for the same 
ltimate tensile strength, that the S-N curve is changed considerably, 
though presumably the inclusion content is not altered. Their 

rk suggests that under some conditions, even though the stress-raiser 
ct of inclusions is not changed, there are circumstances under which 
microscopic stress-raisers outweigh the effect of inclusions. For 


tudies to be reported herein, we have used the tests of 190 ksi UTS 


at least in the case of steel of the same quality heat treate 
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‘ 


ircraft quality SAE 4340 smooth specimens, and the tests of high 
vacuum melted SAE 4340 steel. 

soon as microscopic examination of the fracture surfaces of all 
mooth specimens of aircraft 190 ksi UTS steel, stressed in sets ot 

t each stress level from 93 ksi up to 190 ksi, had been completed 1t 

e evident that the relatively simple correlation found between 

ion size and fatigue life at a single stress level (86 ksi for 107 
mens of 140 ksi UTS steel) was not so apparent at high stress 
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1 UTS. Multiple nuclei appeared in increasing numbers of spect 
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mens as the stress level was increased. These nuclei of failure 
were in all cases close to the surface, but in some cases a rath: 
inclusion appeared in a nucleus at a measurable distance (up to 
thousandths of an inch) below the surface in a relatively |o; 


specimen. No way has yet been found to put the varied types | 
ture, single and multiple nuclei, large and small inclusions, dept! 


low surface, etc., all on a common basis so that a single general 


Aircraft 


13C 
ae Quality 


°-10,000 RPM 


4-10,000 RPM 
lav” 


Vacuum 
Melt 
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a Quality 
_j|A_ | 


>< on lp ee FO 


80 H\ 120 40 
Alternating Stre 


lig. 17--Average Number of Nuclei Per Specimen at Vari 
us Stress Levels. SAE 4340 steel, 190 ksi UTS, smooth 
specimens. R. R. Moore rotating beam tests 


tative correlation between, say, inclusion size and its effect on fatig: 
life, or on fatigue strength, can be determined. Microscopic examinati 
of fractured specimens of aircraft quality 190 ksi steel shows a sor 
what bewildering conglomeration of sizes, numbers, and depths be! 
surface. So far the only suggestion of correlation comes from study’ 
the tabulation of numbers of identifiable nuclei versus stress level, Tab! 
V, and the plot of the average number of nuclei per specimen, vs. stress 
level, Fig. 17. The dash lines, drawn on Fig. 17 by eye, suggest that 
there is a rather rapid change, with increasing stress, from sensitivity 
to (perhaps ) the effect of a single dominant inclusion at low stresses, t 
not only some dominant inclusion but also other smaller inclusions 1 
the general region of fracturing. There is also the implication on th 
plot that the number of nuclei contributing cracks toward the fractu 
of a specimen may be larger at low speeds of cycling than at high speeds 
[t may or may not be significant that the change in sensitivity to se\ 
inclusions appears, on this plot, to occur, for aircraft quality steel, 1 
the stress interval between, say 120 and 140 ksi, which is the 
region within which the spread of off-center fractures decreased 
large to a small amount. This region is also close to the region 
change in speed of testing. (This change in speed of testing was neces 
sary both because of excessive heating of the specimens and also | 
obtain an accurate count of the number of cycles to produce failur: 
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Table V 
Number of Fracture Nuclei 
In Individual Smooth Specimens of SAE 4340 Steel, 190 ksi UTS, 
Stressed, as Indicated, in R. R. Moore Rotating Bending Tests. 
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Number of Nuclei in Fracture Surfaces of 
Smooth Specimens of Vacuum Melted SAE 4340 Steel 
of 190 ksi UTS, Tested at 10,000 RPM 
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R. R. Moore Rotating Beam Tests. >= 
om 
Average cm 
No 
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| by hand after stress relief. 


. 


. e fractured surfaces of 134 specimens of vacuum melted SAE 
: +)40 steel, hardened to the same hardness, 190 ksi UTS, and tested at 
e some of the same stress levels used for the aircraft quality steel, were 








big Le Tests of SAE 4340 Steel Vacuum Melted, 190 ksi 

UTS Smooth Specimens, R. R. Moore Rotating Beam Tests 

probability line for aircraft quality steel shown for 
comparison. ) 


e =|40 ksi 
°=190 ksi 
x=260 ksi 


lO a7 «6S CTO 90 95 9899 99.8 
Accumulated Percentage of Fractures 
19—-Accumulated Percentage of Fractures Occurring up to 


Distance From Center of Specimens. SAE 4340 steel—sm 
imens—all stress levels. R. R. Moore rotating beam tests 


studied for number and size of inclusions in nuclei. Although nu 
could be identified and counted (see Table V1), there were practica 
no measurable inclusions in them. The average number of nuclei | 


specimen is plotted on Fig. 17 (line AA will be explained later 
appears that as the stress level increases the number of nuclei incr 
in the vacuum-melted specimens faster than in the corresponding 
craft quality specimens. It is interesting to note that whereas in Fi 


the vacuum melt curve diverges from the aircraft quality curve as stress 
rises from about 120 to 140 ksi, the S-N curves for the same spec hs 
(Fig. 18) converge. At the 140 ksi stress level the fatigue life 

two steels is practically the same, but the vacuum-melted steel has 


( 
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nv fracture nuclei. It seems reasonable to believe that either in 
ns of almost submicroscopic size or some other submicroscopic 
raisers of various sizes are present since the curve for vacuum 
steel, on lig. 17, resembles so closely the corresponding curve 
ircraft quality steel. 
to the “scatter in position of failure’ (5), the location of the frac 
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Fig. 20—Location of Fractures vs. Stress Level 
for SAE 4340 Steel. R. R. Moore rotating beam 
tests of smooth specimens. (Minus sign indi 


cates distance toward motor.) 


surface with respect to the “center” of the specimen was deter 
ined by measuring to the nearest 0.01 inch the length of each part of 
tractured specimen, then dividing the difference between these 
ths by two. Of over 1100 smooth specimens tested in the main pro 

, about 10% broke at the center section, where the nominal stress 

it its maximum value. Others broke at varying distances up to a 
rter of an inch from the center. Since the cross section increases 
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gradually with the distance from the center of the specimen (se: 
10), and the bending moment is constant, the nominal stress fo, 
center fractures is somewhat less than that at the center section. A fr. 
ture that initiates at an appreciable distance off center, then, can mea) 
only that some stress-raising cause exists there so that the effecti, 
fatigue stress is as large as, or possibly greater than, the nominal cen} 


260 ksi UTS 
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-0.30 -0.20 +0.10 O +010 +0.20 +0.30 
Distance From Center, inches 
Fig. 21—Location of Fractures vs. Stress Level, for SAE 


4340 Steel. R. R. Moore rotating beam tests of smooth 
specimens. (Minus sign indicates distance toward motor.) 


stress. It has already been said that :—“‘Statistical analysis of the meas 
urements of the location of fatigue crack initiation provides—evidence 
of the inhomogeneous nature of—steel and its influence on the statis 
tical behavior in fatigue” (3). 

A study of Figs. 19 to 24 reveals more interesting things about this 
“inhomogeneous nature” of the steel being investigated. Fig. 19 is a 
plot on arithmetic probability paper of the accumulated percentage ot 
breaks up to any given position along the axis of the specimen. If the 
distances were “normally” distributed, the points for each of the three 
hardness levels would lie on a straight line, although not necessarily on 
the same line. Actually, through the points for approximately the 
middle half of the fractures, which occurred close to the centers of th 
specimens, a single straight-line could reasonably well be drawn repre- 
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Fig. 22—Scatter of Off-center Fractures About Mean 

Distance From Center of Specimens. Solid line (drawn 

by eye) suggests change in ‘‘Populations”’ as stress level 
changes. 
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Fig. 24—Scatter of Strength About Mean Strength at 
Constant Life. Solid line (drawn by eye) suggests change 
in “‘populations”’ as mean strength level changes. 


senting the distribution of fractures for all three hardness levels. Fo. 
the end quarters, separate straight lines, roughly parallel to one another 
but with a much steeper slope, would have to be drawn. Inspection o! 
igs. 20, 21, 22 reveals a decrease in the spread of the fractures at hig! 
stresses for each of the three hardness levels. The cut-off lines marked 
A-A, on these figures and also on Figs. 17 and 24, indicate a qualita 
tively determined stress level separating high stresses from low stresses 
This suggests that whatever determined the spread at low stresses is 
different from that at high stresses. To follow-up this suggestion, the 
data from which Fig. 19 was plotted were rearranged so that Fig. 25 
could be constructed. The stress ranges indicated on Fig. 23 are thos 
located on opposite sides of the cut-off lines A-A on Figs. 20 and 21. For 
each of the three hardness levels the points for the high stress rang: 
plot on a line having a much flatter slope than that of the line throug! 
the low stress range points. Since the slope of a straight line graph 

cumulative distributions plotted on probability paper is proportional t 
the ‘‘scatter” expressed as the standard deviation, it can be seen that 
Fig. 23 tells a story paralleling that told by Fig. 22. Indeed, Figs. 1" 
20, 21, 22 and 23 all point out the fact that, at high fatigue overstresses, 
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Moore rotating beam specimens of SAE 4340 steel, heat treated 
indicated hardness levels, fracture relatively close to the mini 
cross section, whereas at low overstress they fracture at much 
widely differing distances. 

he above discussion of variation in fracture location might appeat 

of only academic interest if it were not that the subject of funda 

| interest to design engineers—the fatigue strength itself and its 
ibility—is apparently tied in somehow with whatever accounts for 
iability in fracture location. This fact came to light in the studies 

le under the base contract, referred to earlier, when standard devia- 

s of fatigue strength at constant life (and, likewise, standard devia 

ns of life at constant stress) were computed and plotted against 
ress levels. Fig. 24, on which the standard deviations of fatigue 
trength are plotted, shows a remarkable resemblance to Fig. 22. The 
ve from small scatter at high overstress to large scatter at low 
erstress occurs at about the same stress level, as suggested by the 
cut-off lines marked A-A on both figures. Moreover, even the general 
shape of the graphs is the same, as suggested by lines marked “Approx. 

Trend.” 

(he recurrence of indications that appreciable differences exist in 

riability in fatigue strength, location of fracture surfaces, and the 

unber of nuclei of fatigue failure, and that for a given hardness level 
ese changes all take place at approximately the same stress level, as 
ress levels go from low to high overstress, makes it seem possible that 
whatever explains any one of these phenomena may explain the others. 

(he explanation that will be proposed in this paper appears to account 

or these differences 1n variability. 

Since the explanation involves the number, size, and rate of propaga- 
tion of fatigue cracks, some data from the general report on the work 
done under the base contract, relative to the sagging of specimens dur- 
ing testing, are believed to be pertinent. A recurring question that arises 
luring fatigue testing at high loads is what constitutes failure. “*Fail- 
ire’ of laboratory specimens is commonly thought of in terms of phys- 

| separation or breaking into discrete parts. However, as noted be- 

re, by prior agreement it may also be defined in terms of deflection 
hat exceeds a given amount, or by the appearance of a crack of speci- 
ed length. (In certain full-scale structural parts a fatigue failure is 
nerally considered to be a crack having a predetermined length.) In 

¢ present tests, the number of cycles to failure recorded in the tables 
determined by reading the counter when the R. R. Moore machines 

re automatically stopped by the drop of the housing onto the button 
the limit switch. In general the breaking into discrete parts occurred 
caused the stopping of the machines. However, at high stresses and 
paratively low hardness levels, many specimens did not break but 

ed sufficiently to stop the machines. In the laboratory reports of 
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0.010 0.020 0.030 0.040 0.050 
Deflection of Center of Specimen, inches 


Nominal | Cycles |. 
Specimen Hardness| Ratio to |Speed 
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Fig. 25—-Bending of Smooth Specimens of SAE 4340 
Steel During Testing in R. R. Moore Rotating Bending 
Machines. 


the tests are notations that most of the 140 ksi UTS specimens tested 


at slow speeds (115 to 130 rpm) were “not broken through’”’ at “‘fail 
ure.” They were cracked completely around, and the cracks were visibl 
to the naked eye. Obviously the actual criterion of failure in such cases 
is the lowering of the R. R. Moore machine housing, because of th 
sagging of the specimen as it becomes seriously damaged by fatigu 
stressing, sufficiently to touch the limit switch button and stop the 
motor and the cycle counter. The proposed hypothesis provides a pos 
sible explanation of this sagging effect. 

To find out whether or not the “life” as determined under the condi 
tions just described is equally reliable at various stress levels—and us 
able for design purposes—the gradual bending of specimens while be 
ing fatigue-stressed was investigated. The deflection of the minimum 
section of some of the rotating specimens was measured at frequent 
intervals. The results are shown in Fig. 25. Since this study was ex- 
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itory and brief, the absolute values are not important. Therefore 


lata were reduced to the common basis of deflection versus per cent 


ecorded cycles to “failure.”” Curves A to F inclusive are practically 
ntical. They show results from two hardness levels, tested at a re 


rsed stress level about equal to the “static’’ ultimate strength. Curves 


_G, H, I show tests of one hardness level only, at progressively lowet 


it if the limit switch button had been set 0.04 inches higher all speci 


ens tested at alternating stress levels equal to 90% or more of the 


| 
i 


S would have shown only half-or-less of the recorded cycles 


lure. 


In what follows, we have tried to account for the peculiarities in the 


\nN EXPLANATION CONCERNING THI 


MECHANISM OF 


FF ATIGUI 


to 


results of fatigue tests, at various stress levels of metallic alloys con 


ining nonmetallic inclusions. It is now known, of course, that such 


mel 
LAN 


know, there have been no tests previous to the present ones, involving 


\ 


that a unique alloy is available which is perfectly homogeneous even at 
the atomic level and that this alloy can be modified by the introduction 
f nonmetallic inclusions of a given size. It will be assumed that some 


ions, all of equal size, are introduced before its solidification. A second 
heat is likewise made of this pure alloy by introducing a somewhat 
larger number of smaller inclusions all of the same size. A third heat is 
prepared with a still smaller, but more average size of inclusion of even 
greater frequency. A fourth and fifth heat are prepared with smaller 
ind more numerous inclusions. These five hypothetical heats of this 


1 


{ 


In developing the theory to be presented herein it will be assumed 


1] 


usions act as microscopic stress-raisers, but, so far as the authors 


or 


ussed earlier in this paper. 


arge enough number of specimens to bring out clearly the facts dis 


this perfectiy homogeneous alloy is remelted and a few large inclu 


Heat No 


int Ww 


lf complete fatigue tests were made on each of these five heats, it 
would be expected that, if the S-N curve of each heat were plotted on 
he basis of the first appearance of microscopic cracks, the heat (No. 1) 
ving the largest inclusions would be the lowest curve, while the heat 
No. 5) having the smallest inclusions would be the farthest to the 
‘ht, and would have the highest endurance limit. Such a situation is 


Relative Size 
of Inclusion 
Very Large 
Large 
Medium 
Small 

Very Small 


lloy are listed in the following tabulation : 


Relative Frequency 


of Inclusion 
Very Few 
Relatively Few 
\verage 
lrequent 

Very Frequent 


\ustrated by the solid line S-N curves shown in Fig. 26. 
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If the rotating-beam specimens used in these hypothetical test 
constant diameter cylindrical test regions, no, or at least very 
scatter would be expected in these S-N curves. However, wher 
diameter along the specimen axis varies as in the case of a ci! 


platform, scatter of these curves will exist to a greater extent since th, 
most vulnerable inclusion is probably that which is just tangent t 
surface of the specimen, and since such an origin may not exist at pr 


Fracture Curves 
“a j 


+ EEE 


, 
Initial Crack — 
Curves 





Nominal Alternating Stress, ks 


1io> 104 10> 
N-Cycles 


Predicted S-N Cycles of Hypothetical Alloys. 


cisely the minimum diameter. This scatter of the S-N crack data would 
be considerably smaller in the case of the No. 5 heat, since the number 
of inclusions assumed is very large and there is a large probability that 
the most critical inclusions are located very near to the plane of mini 
mum diameter. However, in order to simplify this discussion it will be 
assumed that the S-N crack curves of Fig. 26 are the median or 50% 
pr ybability lines. 

As noted before, the solid lines of Fig. 26 would be obtained by ob 
serving the first micro-crack or micro-cracks which appear on the sur 
face of the specimens. The complete fracture of the specimen would 
require additional cycles to propagate these cracks into sufficient lengt! 
and depth to cause separation of the specimen into two parts. The plot 
of the total cycles to fracture versus the alternating stress is that usuall) 
presented in the conventional S-N curve. 

By tests performed in the past, the rate of crack propagation with 
the number of cycles is known to be influenced greatly by the value of 
alternating stress. At high stress the number of cycles to propagate an 
initial micro-crack into one of a specified length is much less than the 
number of cycles at a low stress required to produce a crack of the same 
length. 
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Nature of Fatigue Fracture in R. R. Moore Specimens. 
crack starts at largest critical inclusion and dictates final fracture surface; ( 


ision but propagates at a slower rate than those cracks in higher stress regions 
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1340 STEEI 
Surface of Specimen Affect Location 
(A) Low overstress: (a) 
b) In 
(B) Intermediate Over 
ons (two) and link together causing 
Some cracks start at othe 
First crack starts at critical largest 


start 

many incl 
start neat 
ficient cross 


in all 


size 


the center line 


inclusions, but 
usion cracks link together 
from the 


links, if any, to dictate 


These numerous cracks cause specimen to have increased flexibility; (c) 
ippears at largest critical inclusion. 


@ Largest 


inclusions 


few in 


number 


O Moderately large inclusion, moderate number. 


o Small inclusions, 
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When these additional cycles are added to the S-N crack curves , 
Fig. 26 a misinterpretation of these curves might occur since the log 
scale causes the two types of curves to diverge as the stress is increased 
whereas the difference in the cycles between the crack-curve and th, 
fracture-curve diminishes rapidly as the stress is increased. 

Another subtle effect occurs in comparing the fracture curves of th 
different hypothetical heats. In the No. 1 heat, containing the infr 
quent large inclusions, the chance that two critical inclusions will ocew 
in the same plane as the first is very remote so that the single crack must 
propagate sufficiently across the section to cause the final fractur 
However, if the density of the inclusions is sufficiently large, as in th 
case of the No. 4 heat, there is a good chance that a number of critica! 
inclusions will be located in, or very near to, the plane of the first critical 
inclusion. These inclusions will initiate cracks at about the same time 
and will each propagate and contribute to the final fracture. For this 
reason, the number of additional cycles to propagate the first micr 
cracks into the complete fracture is less than in the case of the sing| 
large inclusion. 

For this reason, the fracture S-N curves of the five hypothetical heats 
cross over one another as shown by the dotted curves in Fig. 26. At 
relatively high overstress the S-N fracture curve of heat No. 1 is to th 
right of the other curves, while at a low stress, it is to the left of th 
other curves. 

Now consider that these five heats are melted together in equal pro 
portions to forrn a new heat which may be considered to be a “practical” 
condition such as would exist in a commercial heat. Fig. 27 illustrates 
such a composite heat, excepting that the two smallest sizes of the as 
sumed inclusions in heats 1 to 5 are not shown. (Fig. 28 shows photo 
micrographs of actual inclusions in an SAE 4340 steel.) When speci- 
mens are machined from this new heat and fatigue tested, it would bi 
expected that the first micro-cracks would arise from the most critical 0! 
the largest inclusions, but that the final fracture surface would be gov 
erned by the value of the over-stress. 

The S-N fracture curve of the new composite heat would be expected 
to be the left-hand envelope, ABCD, etc., of the individual S-N fracture 
curves. 

Referring to the curves of Fig. 26, the fracture surface at, say, 80 
ksi would contain but one origin. Between the stresses corresponding 
to the intersection points A and B, two or more nuclei in the fracture 
area would be expected. As the stress level is increased, increasingly 
greater numbers of nuclei would be expected to be found in the frac 
ture area. The expected trend is plotted in Fig. 29. This predicted trend 
is in agreement with that found in the fatigue investigation of SAE 
4340 upon which this paper is based. 

An additional deduction from this reasoning is that the scatter of the 
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Photomicrograph Showing Typical Inclusions in AMS 6415 (4340) Stock 
Longitudinal section from outboard end of 145888 Hub barrel. x100 
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Expected Trend in Number of Nuclei in the Fracture Surface and the 
Variance in Position of Fracture Surface 


position of the fracture surface from the plane of minimum diameter 
hould remain substantially constant in the same stress range where 
ingle nucleus of failure in the fracture surface exists, and that this 
tter will decrease as the stress level is increased above this range. 
his also is illustrated qualitatively in Fig. 29, and was shown to actu 
be the case in Fig. 22. Actual data on the number of nuclei in the 
cture surface and on the variance in the position of the fracture sur- 

e have been obtained from the fatigue investigation of SAE 4340 and 
tted in Figs. 17 and 22. 
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PREDICTIONS 
Based on the foregoing explanation and discussion on the mec! 
of fatigue, the following predictions are made: 


a. The first micro-crack appearing on the surface of the specime; 
will always be associated with a large inclusion regardless 0; 
the stress level, but the final fracture may not be associated wit! 
this first crack. 

The variance of the location of the first micro-crack will b: 
dependent of the stress level. 

As in the case of fatigue at high stress levels, it is predicted that 
the static tensile fracture will be initiated at that location having 
the largest number of small inclusions in or about one plan 
The number of cracks appearing on the surface of a “failed” 
fatigue specimen (away from the fractured surface) will by 
found to increase with the stress level. ( — could account fo: 
the sagging of specimens under high stress. 

Material, like vacuum-melted steel, having numerous, ex 
tremely small, inclusions or discontinuities will have a flatt 
slope of the upper branch of its S-N curve as compared to th 
of a commercial heat. 

If all of the very small inclusions and other micro-stress raisers 
could be eliminated from our hypothetical ee heat, whicl 
means eliminating all of the lines numbered 5, 4, 3, say, on Fig 
26, the life at very high fatigue over-stresses would be i increased 
by a large amount. 

Similarly, if only the large inclusions were eliminated (which 
is the case in the vacuum-melted steels made from chemicall; 
pure materials), the life for low fatigue over-stress would b 
increased by a large amount, but life, for high over-stress, would 
be improved little, if at all. 
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Appendix I 
Adjustment of Fatigue Life for Off-Center Fractures 


\Ithough, following custom, the fatigue life in kilocycles to failure 
ported as those for stress levels at the surface of the minimum 

ss section of specimens, about 30% of all smooth specimens broke 

r enough away from the minimum section so that the MC/I stress at 
he fracture was at least 1% less than that at the center. For the study 
correlation between inclusion size and fatigue strength in the case 
he 107 preliminary test specimens of 140 ksi UTS steel, an approxi 

ite adjustment was made in order to reduce the number of causes for 
rtening the fatigue life by trying to determine what the life, in each 
se, would have been had the inclusion at the nucleus of fracture been 
ted at the minimum section, where the MC/I stress was 86 ksi. The 
ustment was made as follows: On a large-scale log S-log N chart 
tests were plotted, as recorded, at the 86 ksi level. For each specimen 

broke off-center, the point plotted at 86 ksi was lowered to the 

ss level computed for the increased diameter at the fracture. It was 

n assumed that the slope of a 50% probability S-N curve for speci- 

s like those tested would be the same, in the 86 ksi region, as that 

n for smooth specimens of 140 ksi UTS steel. ( This, of course, 
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introduces an element of approximation into the adjustment.) [t wa 
further assumed that the lines of constant probability would be paral 

to the 50% line. Through each lowered point a line was drawn uy | 
parallel to the assumed 50% line, until it intersected the 86 ksi level, 
the point of intersection, the reduced value of kilocycles to failure w,; 

read off and used as the probable life that the specimen would have hax 
if the inclusion involved had been at the minimum section. These ad 
justed values of kilocycles to failure were used in the construction o0{ 
Fig. 7. 

Appendix II 


“Quadrant Sum” Test for Correlation 


A simple, quickly applied test for the probability that a correlatio: 
exists between the two related variables is described by Wilcoxon (11 
and credited by him to Olmstead and Tukey, for which he gives refer 
ence (12). This is the test that was applied to Fig. 16 to determine hoy 
much risk one would take in concluding that there is a direct conne 
tion between the size of the inclusion, at the nucleus of each fractur 
and the adjusted kilocycles to failure of the set of specimens tested in 
the preliminary testing program. After the points have been plotted 
forming the familiar scatter diagram, the following procedure is to b 
followed : “Two median lines are drawn so as to divide the points int 
two groups of equal numbers, horizontally and also vertically. Th 
plotted points now lie in four quadrants, the lower left and upper right 
being taken as plus (or minus) quadrants while the upper left and 
lower right are taken as minus (or plus) quadrants. Commencing ; 
the right side of the diagram, we lay a ruler or pencil parallel to th 
vertical axis and move it to the left, counting the plotted points passed 
over until the next point lies on the other side of the y-median. Next 
lay the ruler at the bottom of the diagram parallel to the horizontal axis 
and move it upwards, counting the plotted points passed over before a 
point is reached on the other side of the x-median. In a similar manner, 
move in from the left, and down from the top. Four values are thus 
obtained to which are attached the signs of the quadrants in which the) 
lie. The algebraic sum of these four values is called the quadrant sum, 
and its expected value is zero if there is no association of the two plotted 
quantities” (11). The expected value, according to the reference, 1s 
+9 if there is a 10% risk in concluding a correlation exists, and + 14 to 
15 if the risk is only 1%. In the discussion of Fig. 16, the quadrant sum 
is given as 24 for unadjusted life values and 53 for adjusted values, 
indicating in either case that there is a very slight risk—away below |‘ 

-in concluding that a direct relation exists, for the specimens under 
discussion, between inclusion size and fatigue life. 

The above description of the quadrant-sum test is simplified some- 
what. The reference shows the procedure for tied points, etc. 
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DISCUSSION 


Written Discussion: By Frank A. McClintock, associate professor of mechani 
‘neering, Massachusetts Institute of Technology, Cambridge, Massachu 


tuthors’ illuminating study and interpretation of fracture nuclei makes it 
to re-examine the assumptions and apply the results of the writer's the 
elation between the scatter in position of failure and the scatter in strength 
rs’ Ref. 5 which has now been published as “A Criterion for Minimum 
Scatter in Fatigue Testing,” Journal of Applied Mechanics, Vol. 22, 1955, p. 427 


e principal assumptions were a) that the specimen could be considered as 
up of segments in each of which the tendency to failure was statistically 
ndent of that in adjacent segments and b) that the scatter in strength varied 
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Fig. 30—Standard Deviations of Strength Predicted from _ the 
Standard Deviation of Position of Failure. 


y slowly with changes in stress level. The first of these assumptions seems valid 
since segments can be chosen to be complete circular segments small compared 
the scatter in position of failure but larger than the steps where the micro 





join at high overstress. (The theoretical analysis was developed with dif 





tial segments for mathematical convenience, but very similar results had been 
ned earlier with as few as eight discrete segments.) The second assumption 
irs valid at high and low stress levels, but not at the intermediate level AA, 
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where the scatter in strength does vary rapidly with the level of appli: 
For the authors’ specimens, the theoretical relation derived from tl 
assumptions is that for a standard deviation in position of failure, ¢,, ar 


stress level, S, the standard deviation in strength should be 


os —6.0Sc¢;? 


lig. 30 of this discussion shows the standard deviations of strength | 
from the standard deviation of position of failure given by the “app: 
trends” of Fig. 22 (dashed lines) and the slope of the accumulated pe 
of Fig. 23 (dotted lines). Granting the validity of the assumptions and t 
retical analysis, one may then conclude that the authors have been su 
in eliminating practically all external sources of variability, such as di 
in the preparation and testing of specimens, so that the observed scatte: 
marily due to local variations in strength within specimens. Possible « 
are the high stress levels in the two lower strength steels, but here t! 
is already only of the order of 1%, and further improvement of preparati 
testing techniques would hardly be worthwhile. 
; In conclusion the clear physical picture which the authors have developed fit 

into the framework of the statistical theory, which had been based or 


considerations rather than a specific understanding of the role which in 


play. 

Written Discussion: By Harry B. Gayley, metallurgical engineer, Indust: 

. Gas Turbine Engineering, Westinghouse Electric Corporation, Lester, Pen: 
> vania. 


The authors have done a painstaking job on a problem which is very dif 
because of the many variables which are encountered. These variables mak 
drawing of conclusions very difficult hence rather general conclusions, or at be 

5 proposed mechanisms must be drawn. In this work an ideal steel cont 
spherical, quite small inclusions was studied. 
It would be very interesting to have the writer’s opinions on the effect of | 


Zz inclusions, inclusions of angular shape and the effect of superimposed mec! 

ly notches. What relationships similar to Fig. 27 might be postulated, from th« 
die thors work, which would predict the behavior of inclusion size and shap« 
rf different mechanical notches? In Figs. 7 and 16 it would appear that th 

» chanical notch effect greatly outweighs the effect of inclusions. 

ed From the failure mechanism given in Fig. 27 of the paper, is it correct to assun 


that at some level of overstress a crack would form which would not progress 1! 
the stress level was lowered. This could possibly remove the threat of a fatigu 
failure but a very severe notch would then exist. This notch could then be opet 
tive as a stress raiser which might cause rapid crack propagation in mate! 
which are prone to brittle failures or it could cause an early fatigue failure 
some lower stress. The authors comment concerning the importance of inc! 
on failure mechanisms such as these would be appreciated. 

Written Discussion: By A. M. Aksoy, chief metallurgist, Vacuum Metals ‘ 
poration, Syracuse, New York. 

The authors are to be commended for their contribution to the literature 
effect of inclusions on the fatigue properties of steels. 

Fatigue data presented in this paper show that vacuum melted 4340 
endurance limit of approximately 15% greater than that of aircraft quality 4540 
both heat treated to 190 ksi UTS. Data developed by Vacuum Metals Corporation 


icuum induction melted 4340 and other steels show similar results, 
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Ferrovac -4340-Rc 54.5 Longitudinal 280 ksi 

} 
Ferrovac -4340-Rc 46.5 Longitudinal ) 
Ferrovac-4340-Rc 46.5 Transverse > 230 ksi 


; as 
Air-Melted-4340 -Rc 46.5 Longitudinal J 
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perhaps 
cases to a greater extent. 

31 shows our fatigue data on 4340 heat treated to 230 ksi and 280 ksi UTS 

Even though the number of fatigue tests made by us are small, as compared 


ise of the authors, certain trends are clearly apparent 


indurance limit for vacuum melted material is higher. (An endurance 
limit of 90 ksi for 90% probability and 115 ksi for 10% probability may 
be assigned for material heat treated to 260 ksi UTS from the authors’ 
result). 

\t high stress levels vacuum melted material has longer fatigue life. SN 
curves of vacuum melted and air melted 4340 heat treated to 230 ksi UTS, 
lo not converge at high stress levels as rapidly as those given by the au 
thors in their Fig. 18. 


Ratio of transverse endurance limit to longitudinal endurance limit, is 
0.92 for vacuum-melted material, heat treated to 230 ksi UTS. As indicated 
by Ransome,’ this ratio would be much lower for air-melted material. 


their “Predictions,” the authors imply in paragraphs 5 and 7 that vacuum 


| material contains numerous, small inclusions. It has been our experience, 


n micro-examination of several hundred heats that the inclusions found in 
melted material are small and also much fewer as compared with air 


| material. 


; 


Ransome, “The Effect of Inclusions on the Fatigue Strength of SAE 
tons, American Society for Metals, Vol. 46, 1954, p. 1254. 
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Authors’ Reply 


We wish to thank the discussers who have taken the time to prepar: 


comments about our paper. It is interesting to note that Mr. Aksoy 

that the improvement which he has found in vacuum-melted materials is s 
greater than that which the authors have reported. It would appear i 

to remember that the air-melted material used by the authors was all from o; 
which was considered better than average. Therefore, the vacuum melted 1 
when compared with this particular heat, may not show as great an imp: 

as if it had been compared with a variety of heats more nearly representi 
average aircraft quality level. Differences in the method of preparing the ¢ 
particularly the use of stress-relief treatment after machining, may also accoy 
for some of the differences. We have, however, found inclusions in the yacuy 
melted materials and, therefore, believe that they can not be considered as inclusio; 
free. To date we have not extended this study to include tests made in the tr 
verse direction. Work of this nature is planned for the future. 

Mr. Gayley has raised some very interesting questions, some that we hope t 
find answers to in future work. We are of the opinion that larger inclusions of 
same type should fall into this predicted pattern. However, inclusions of a stringe: 
type may not have the same effect, particularly when tested in a longitudinal 
rection. In the transverse direction, however, they may be even more detrimental] 
Some very interesting work in this connection has been done in Great Britain’ 
This work reports that acid open hearth steels and neutral open hearth steels gi) 
a marked improvement in fatigue properties over basic electric furnace steels 
the same analysis. This would indicate that the nature of the inclusion may 
of even greater importance than its size. The question concerning what happens 
if a crack is started at a high over stress and then tested at a lower stress is entire! 
a matter of magnitude. We are of the opinion that once a crack has formed, t 
effect of the crack greatly over shadows the effect of inclusions. 

It is gratifying to note that our data has confirmed the theoretical analysis that 
Dr. McClintock has made of the relationship between scatter of position of failur: 
and scatter in strength. Dr. McClintock has expressed some concern that there | 
some slight lack of correlation under certain conditions. At high stress levels th 
testing becomes somewhat difficult and, therefore, the accuracy in this regio! 
may be less precise than that obtained in the lower stress regions. This may account 
for some of the lack of correlation to which Dr. McClintock refers. This is on 
reason why the R. R. Moore machines were run at reduced speed during the testing 
in the high stress region. 


* P. H. Frith, “Fatigue Tests on Rolled Alloy Steels made in Electric and Open-Heart 
Furnaces,” Special Report No. 50—The Iron and Steel Institute. 



























EEFECT OF SILICON ON TRANSVERSE PROPERTIES 
AND ON RETAINED AUSTENITE CONTENT 
OF HIGH STRENGTH STEELS 


By JoHN VAJDA, JOHN J. HAusER, AND Cyrit WELLS 


Abstract 
The variation of transverse mechanical properties and re 

‘tained austenite content with cooling rate and the effects of 
adding 1 and 1.5% silicon to an AISI 4340 steel on this 
variation were studied using 7 x 7-inch rounds in both the 
“end-quenched” and the ‘“‘end-quenched and tempered” 
states. The influence of silicon on transverse tensile and 
‘ransverse tmpact properties of both fully-quenched and 
slack-quenched structures have been presented for these 
steels, heat treated to tensile strengths in the range 150,000 
to 300,000 psi. A determination of the effect of silicon on the 
amount of retained austenite in end- quenc he d 7-inch rounds 
of the subject steels, “as-quenched” and “as-quenched and 
tempered,” has been reported. Silicon markedly increased 
the amount of austenite retained, especially in slack 
quenched structures. Results showing the effect of silicon on 
the relation between tempering temperature and retained 
austenite are given. Amounts of retained austenite in stand 
ard end-quenched Jominy test bars are reported. Also, some 
data showing effects of multiple tempering and re Irige ration 
on retained austenite decomposition are included. (ASM 
SLA Classification: Q general, N8, AY ) 


INTRODUCTION 


HE PRIMARY purpose of this investigation was to determine 
the effect of increased silicon content (a) on the transverse me- 
chanical properties in a wrought AISI 4340 type steel heat treated to 
high tensile strength levels and (b) on the amount of retained austenite 
in this steel. An additional objective was to study the influence of this 
retained austenite on mechanical properties. Prior to planning the re- 
search program, a review of the literature indicated that no systematic 
study of the effect of silicon on transverse properties in AISI 4340 
type steels having tensile strengths of over 200,000 psi had been re- 
ported ; also, results obtained from a few preliminary experiments had 
wi rk was sponsored by the Aeronautical Research Laboratory, Department of the Ai: 


, Wright Air Development Center, Air Research and Development Command, Wright 
Air Force Base, Ohio, under Contract AF 33(616)-2286 
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shown that silicon increased retained austenite content to a much large; 
extent than exnected. One per cent of silicon added to a base AIS[ 874) 
steel increased the amount of retained austenite in the more 
cooled regions of end-quenched 7-inch diameter rounds from aj 
mately 1 to 25%. | 
Insofar as steels high in silicon, Hy-Tuf, for example, are 


those used for aircraft applications where tensile strengths in the rang, 
200,000 to 300,000 psi are required and insofar as users of these “ltr 
high strength” materials are becoming more concerned about the ne 


for better transverse properties, it would seem that an increased know! 
edge of the effect of silicon on such properties should be of interes, 
and value to those working in the highly important, but restricted, field 
pertaining to the development of materials for high strength appli 
cations. | 

From conversations with various aircraft industry personnel, it see 
to the authors that transverse ductility has become a critical factor, pe 
haps the most critical factor, governing the selection of steel for use i 
what is becoming known as the “ultra high strength” range, tensi}; 
strength 260,000—280,000 psi. This is not surprising for it is well know: 
that (a) ductility, as well as yield and tensile strengths when transvers 
ductility is sufficiently low, are much poorer in the transverse than it 
the longitudinal direction and (b) in the design of aircraft landing 
gears, for example, one cannot always avoid the condition where 
principal stress is perpendicular to the fiber direction. The longitudinal 
direction is thought of here as being parallel with the forging floy 
lines while the transverse direction is perpendicular to them. 

Earlier investigators who have determined the effect of silicon on th 
mechanical properties of high strength steels quenched their steels es 
sentially to martensite and subsequently tempered them to various 
tensile strength levels. The present investigation was designed in a1 
effort to determine the effect of silicon on the mechanical properties of 
high strength steels of such mass and so end-quenched that a whol 
range of structures would be developed during quenching. By deter 
mining the effect of silicon on the mechanical properties of each of thes 
structures, both untempered and tempered, it was thought that muc! 
could be learned about the effect of silicon on the mechanical properties 
in forgings having a wide variety of sizes—some small enough to 
quenched almost entirely to martensite and others so large that during 
quenching the austenite would decompose mostly to ferrite, bainite, anc 
pearlite. 


MATERIAL 


The steels selected for study consist of an AISI 4340 base compos! 
tion and two silicon modifications of this base analysis. The steels wert 
produced in a basic electric 15-ton furnace using a double slag with 
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e-type finishing slag. In order to obtain the desired silicon modi 
ns of the base composition, additions of ferrosilicon were made to 
got molds during pouring. The 25-inch square ingots were rolled 
nch rounds; macroetch tests and magnaflux examinations indi 
the rolled product to be clean and sound 





Che analysis of the base composition of this heat. S- +, is as follows: 
Per Cent of Element 

¢. Mn P S Si Ni aoe Mo 

0.40 0.71 0.008 0.009 0.25 1.81 0.71 0.26 


Chemical analyses made at midradius positions of the 7-inch rounds 

four locations ranging from top to bottom in each ingot indicated 
that, with the exception of silicon, the differences in the amounts of 
each of the normal elements among the three steels tor all positions 

lyzed were quite small (maximum difference 0.02% ). However. in 
uldition to the intentional differences in silicon content among the 
three steels resulting from the ferrosilicon additions, considerable seg- 
regation of silicon within one of the modified ingots (Steel S-3) was 
ilso revealed by the chemical analyses. 

in order to have material with silicon content in the 
test samples were taken from the bottom portion of the top section of 
each ingot. Silicon determinations were made on each of the test sam 
les from both S-2 and S-3 steels in order to determine more precisely 
e variation of silicon along the selected length of the rolled section, 
Che following silicon percentages are reported for these steels at indi 
cated positions in the bottom portion of the section rolled from the top 
ot the ingot. 


desired range, 


1 
+} 


riation of Silicon Along Length of Rolled Sections from Steels S-2 and S-3 


Distance in Inches from Bottom of Section from Top of I 


igot 
0 74 14 2134 29 
S-2 1.10 1.07 1.07 1.05 1.04 
S-3 1.63 1.60 1.55 1.73 


PROCEDURE 


Che experimental procedure followed is that developed by Vajda and 
Busby and is fully described in a previous publication (1).! Briefly the 
ethod consists of end quenching 7 x 7-inch diameter round steel sec 

which previously had been partially slotted along the length of 
the section into eight transverse slabs. This operation on each round 
ction provides eight similarly quenched, midradius portion slabs, 

x £34 x 7-inch, which, after removal from the original round, are 

bjected to the various tempering treatments and subsequently used 

mechanical tests. Heat treatment of the 7-inch rounds consisted of 
: ustenitizing 17 hours at 1550 I’, followed by end quenching with 
ter. Tempering time in all cases. except where listed, was 17 hours: 


ae eg a ee 


hgures appearing in parentheses pertain to the references appended to this paper 
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slabs were tempered at various temperatures in the range between 
300 and 1000 °F. At the end of the tempering time period, the slabs 
were quenched in water. Materials subjected to the various heat trea; 
ments and mechanical property studies were examined for the presence 
of retained austenite by means of a Geiger counter x-ray technique (2 

During cutting, machining, and other operations used in the prepara 
tion of tensile and impact specimens, a special effort was made to kee 
the material cool. Because of the high hardness of the tensile test blanks 
center holes could be drilled only after the extreme ends of the blanks 
were softened. This was done individually for each piece by playing 
torch flame on the protruding end of the blank, the rest of which was 
totally immersed 1n cold running water. Impact specimens were surfac: 
ground to final size after removal from the slab. Specimens we: 
notched by grinding, using a wet wheel dressed to the proper contour 
and radius. Tensile test bars were 0.252-inch in diameter, and the \ 
notch Charpy impact specimens were standard. Impact specimens wer 
broken at two temperatures, either at 68 or at 212 °F. 

At all stages in the preparation of material for x-ray examination 
the samples were kept close to room temperature. Samples were « 
liberately cut slowly from the slabs so as to avoid working the material 
close to the cut surface as much as possible. Specimens were mechani 
cally polished, subsequently electropolished, and finally etched in 4% 
nital. 

Mechanical property and retained austenite data were plotted as ; 
function of cooling rate (distance from the quenched end). Distance 
was measured from the quenched end of the 7-inch diameter round (a 
to the center of each tensile specimen and (b) to the root of the note! 
in each impact test specimen. 


HARDENABILITY 


Jominy curves for standard 1-inch rounds and hardenability curves 
for 7-inch rounds are given in Fig. 1. Jominy curves for all three steels 
fall within the hardenability band for AISI 4340 type steels. 

The effect of silicon on hardenability is better shown by the curves 
for the 7-inch rounds than for those for the 1-inch standard Jominy 
test pieces, primarily because of the high hardenability of the base mate 
rial. The results suggest that silicon increases hardenability at first 
more and subsequently less rapidly with increasing silicon content ; an 
increase of silicon content by 1% above the base changed the curve for 
the 7-inch round from that designated S-4 to S-2 while an additional 
0.5% changed the curve by only a relatively small amount from that 
designated S-2 to S-3. 

The major cause of the higher hardness in S-2 and S-3, richer in 
silicon, compared with the base, S-4, is believed to vary with structure 
At a position not far removed from the quenched end of the 7-inch 
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;. more martensite in S-2 and S-3 than in S-4 is believed to be 
ijor cause; however, at a position so far removed from the 
hed end that the structure consists essentially only of retained 
nite, ferrite, and carbides, higher hardness is thought to result 
ly from the strengthening effect of silicon in ferrite. This point of 

y is consistent with the observed fact that beyond a certain distance 
m the quenched end of the 7-inch rounds, the difference between the 











S-4 Base (AISI 4340 | 


S-2 Base +1.0% Si 
5-3 Base + |1.5%Si 





lO 20 30 40 lO 20 30 40 
istance From Quenched End in =-in. Intervals 


Fig. 1—End-quenched 1-Inch (Jominy) and 7-Inch Round Hardenability 
Curves on S Steels. 


hardnesses in S-3 and S-4 or between those in S-2 and S-4 is roughly 

nstant. This constant difference persisted to and beyond that distance 
trom the quenched end where hardness decreased only slightly, if at all, 
with additional distance. 


MECHANICAL PROPERTIES 
(he mechanical properties considered in this section include hard- 
ness, transverse tensile, and transverse impact. Hardness, tensile, and 
impact data, except those for impact specimens broken at 212 °F, are 
tor material tested at room temperature. 


Hardness 
i\ffect of tempering temperature on hardness at each of four dis- 
| nces from the quenched end of the 7-inch rounds is shown in Fig. 2 
: ‘or the three steels. In general, the curves for the base (S-4) and the 
a base plus 1% silicon (S-2) show hardness to fall in a rather regular 
manner, at first slowly, if at all, and then more rapidly with increase of 
tempering temperature. 
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at. rig. 2—Effect of Tempering Temperature on Hard 
“— ness at Indicated Distances from the Quenched 
= End of 7-inch Rounds. Tempering time—17 hours. 


















Significant secondary hardening occurred in S-3 (base plus 1.5! 
silicon) but not in S-2 or S-4. This secondary hardening which was 
observed at all four distances, 1/16, 1, 2%, and 5 inches from th 
quenched end of a 7-inch round, resulted from tempering at tempera 
tures in the range between 500 and 800 °F. It would appear from thes: 
results that 1.5% silicon added to the base AISI 4340 caused secondar\ 
hardening in quenched and tempered material independent of whether 
the steel, before tempering, was quenched to martensite or to a struc 
ture containing little if any martensite, considerable bainite, some 
pearlite, and some proeutectoid ferrite—balance retained austenite. 
doubt “as-quenched,” the structure of the end-quenched 7-inch round 
of S-3 was martensitic 1/16 inch from the quenched end; 5 inches trom 








HIGH STRENGTH STEELS 5? 
nd it probably consisted largely of high temperature bainite, to 
with retained austenite, some pearlite, and some proeutectoid 


istance to softening during tempering, caused by silicon, and ob 
by the present authors as well as by other investigators (3,4,5) 
ecreased as the structure developed by quenching became less 
nsitic. At low tempering temperatures, 400 °F or less, any re 
nce to softening, due to silicon, was so small as to be practically 
nificant. The hardness of all three steels quenched to martensite 
ince 1/16 inch from the quenched end of 7-inch rounds) and sub 
ntly tempered at 300 °F was close to Rockwell C-55. Maximum 
rease in resistance to softening was observed usually in material tem 
lat 700 °F; a study of the data plotted in lig. 2 revealed that as a 
it of tempering at 700 °F silicon increased resistance to softening, in 
Rockwell C hardness, by 5, 2, 2, 21n S-2 at distances of 1/16, 1, 
and 5 inches from the quenched end and by 8, 4, 3, and 3 in S-3 
mparable distances. 
Very roughly the hardness of S-2 was Rockwell C-8'% points 
her and S-3 about 9'% points higher than S-4 at distances of 1, 
and 5 inches from the quenched end of the 7-inch rounds under 
parable conditions whether the steels were ‘“‘as end quenched” or 
|-quenched and tempered in the range 300 °F to 1000°F; a mint 
| ditference of 6 points Rockwell C and a maximum difference of 
points, when secondary hardening occurred, was observed. 


Tensile and Impact Properties 

In the investigation of the effect of silicon on transverse tensile and 
sverse V-notch Charpy impact properties, end quenched steels, 
untempered and tempered, were used. Tempering temperatures 
ere limited to a maximum of 800 °F because the primary objective 
to determine the effect of silicon on transverse properties in the 
ile strength range between 200,000 psi and 300,000 psi and because 
rdness studies had indicated that to ensure a tensile strength of more 
200,000 psi in the base AISI 4340 steel, quenched to martensite, 
: the tempering temperature should not be higher than 800 °F. ‘Trans 
e tensile and transverse lmnpact values for each of the steels, S-2, 
ind S-4, have been plotted as a function of distance from the 
enched end of 7-inch rounds; data for “as-quenched” material are 
ted in Fig. 3, while those for quenched material tempered at differ 

emperatures are given in Figs. 4 to 7. 
nce the effect of silicon on tensile strength in the end quenched 
ls and in the tempered slabs from end-quenched rounds of the 
estigated, as revealed in Figs. 3 to 7, inclusive, is equivalent 
he effect of silicon on hardness and since the effect of silicon on 
ness has already been considered in some detail, it was felt that any 
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further discussion of the effect of silicon on tensile strength should }, 
brief. 

From Fig. 3 it is apparent that silicon increased tensile strength ay 
yield strength at each of several rates of cooling. Since the tensij 
strength was raised more than the yield strength, the differeng 
between these two properties was larger in S-2 and S-3 than in 
base, S-4. Beyond 1 inch from the quenched end of the “as-quenched’ 
7-inch rounds, the difference was close to 100,000 psi in the silicon steels 
and 60,000 psi in the base; tensile strengths were increased by roughh 
50,000 psi and yield by 20,000 psi. Silicon improved transverse ductilit 
and transverse toughness of impact specimens broken at 212 °F in th; 
more slowly cooled region of the ‘“‘as-quenched”’ S-3 rounds but is not 
thought to have improved transverse ductility at other positions or the 
transverse impact quality of specimens broken at 68 °F. 

Tempering at 500 °F raised the yield strength in the silicon steels 
considerably relative to tensile strength so that after this treatment th 
difference between yield and tensile strength was roughly the same in 
each of all three steels, and both yield strength and tensile strength were 
much higher in the silicon steels than in the base. Transverse reduction 
of area and room temperature impact were improved in the highest sili 
con steel S-3 as a result of this tempering treatment and these proper 
ties were better in this material than in the base (Figs. 3 and 4). Double 
tempering at 500 °F did not change mechanical properties appreciably 
relative to those obtained as a result of single tempering (Figs. 4 and 
J). 


1 
Th 
Liit 


Tempering at 600 °F raised both yield and tensile strengths in S-3 
to higher values than were obtained by tempering at 500 °F (Figs. 4 
and 6). This increase occurred as a result of secondary hardening 
caused primarily by the increased silicon content in S-3 as compared 
with the base. Transverse ductility and transverse toughness were about 
the same in the highest silicon material as in the base (Fig. 6). 

After tempering at 800 °F both yield and tensile strength were still 
considerably higher in the two silicon steels. Both transverse ductility 
and transverse toughness were poorer in the silicon steels than in the 
base (Fig. 7). 

While Figs. 3 to 7, inclusive, taken together may be used to show 
the effect of silicon on the relation between tempering temperature and 
mechanical properties at as many selected distances from the quenched 
end of the 7-inch rounds as may be desired, it was thought that the 
selection of only two distances, % and 5 inches, together with informa 
tion taken from the above figures and replotted as in Figs. 8 and 7 
should suffice to indicate more clearly the effect of silicon on the relation 
being considered (a) in material quenched essentially to martensite and 
(b) in material quenched to products of austenite decomposition 
formed at temperatures above M,. 
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A summary of the effect of silicon on the mechanical properti 
material 2 and 5 inches from the quenched end of a 7 x 7-inch round 
is given in Figs. 8 and 9 as a function of tempering temperature. T) 
material 4% inch from the quenched end represents essentially mar 
tensitic structures and the material at 5 inches represents 


SLACK 
quenched structures. Silicon apparently caused close to a maxii 
improvement of both transverse ductility and transverse toughness in 
Steel S-3 (1.5% added silicon) tempered at 500 °F in both the full 
quenched and slack-quenched material.“ Retained austenite curves 
plotted in the figures suggest that this improvement is not primaril 
associated with the transformation of the retained austenite since afte 
tempering at 500°F most of the retained austenite initially present 
still remained. 

A list of YS/TS ratios is given in Table I. As expected, the value of 
this ratio in the tempered product was lowered by slack quenching ; i.e 


Table I 
Yield Strength (0.1% Offset) —Tensile Strength (YS/TS) Ratios Obtained on 
S Steels for Different Heat Treatments and Positions in End-Quenched 7-inch 


Rounds 
Steel Treatment” Distance from Quenched End (In.) 
0.25 0.75 ae 1.75 2.75 $1.25 
S-.4 AO 0.66 0.67 0.68 0.63 0.65 0.66 
( Base S00 °F ts 0.85 0.80 0.71 0.72 0.72 0.68 
AISI 500 °F 2X 0.83 0.79 0.74 0.70 0.69 0.65 
4340) 600 °F 1X 0.86 0.84 0.78 0.75 0.72 0.71 
800 °F 1X 0.92 0.90 0.84 0.81 0.80 0.79 
S-2 AQ 0.61 0.57 0.56 0.57 0.55 0 
( Base 500 °F 1X 0.82 0.85 0.80 0.81 0.79 0.77 ) 
500 °F 2X 0.84 0.81 0.81 0.79 0.75 0.7¢ 
1% Si) 600 °F 1X 0.85 0.84 0.83 0.80 0.77 0.77 
R00 °F 1X 0.90 0.89 0.86 0.84 0.81 0.77 0.7 
S.3 AQ 0.55 0.59 0.60 0.62 0.57 
(Base 500 °F 1X 0.79 0.79 0.76 
500 °F 2X 0.84 0.80 0.78 0.74 0.73 0.77 77 
1.5% Si) 600 °F 1X 0.84 0.79 0.81 0.81 0.79 0.78 0.7 
800 °F 1X 0.86 0.85 0.83 0.81 0.75 0.74 


*“ AO As-Quenched 
1X Single Temper| Tempering time per tempering treatment—17 hrs. All slabs wet 
2X Double Temper{ quenched in water from tempering temperatures. 
it decreased with distance from the quenched end. Silicon additions 
lowered this ratio in untempered slack-quenched material as seen b) 


this ratio by silicon in fully hardened and tempered material had been 

observed previously (6,7) ; the data given in Table I (0.25 inch from 

quenched end) and in Table II confirm this observation. The decrease 

in this ratio occurred primarily as a result of lower yield strength which 
2 Fully-quenched steel has practically a maximum hardness and consists essentially 


martensite; slack-quenched steel has a lower hardness and contains more decomposition pt 
ucts formed at temperatures above Ms than does the fully-quenched material. 
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Fig. 9—-Relation (a) Between Mechanical Properties and Tempering Temperatur: 

and (b) Between Amount of Retained Austenite and Tempering Temperature 1 

S Steels at 5-Inch Position From Quenched End of 7-Inch Rounds. Tempering 
time—17 hours. 
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Table II 
Transverse Tensile Properties of S Steels 
Obtained on Specimens Treated as Individual Blanks 
Normalized 1 hour at 1650 °F 
Austenitized 1 hour at 1550 °F and Oil-Quenched 
Tempered 17 hours and Water-Quenched 


Tempering Temperature 
500 °F (1X) 500 °F (2X) 600 °F (1X) 00 °F (1X) 


255.000 54,000 243,000 ’ 
"S (0.1%) (psi) 26,000 »27 O00 23.000 195,000 
T (&% 11.4 ee a 


0.88 0.89 9? 


19.9 


().97 


289,000" 286,000 70,000 
243,000* 248,000 240,000 
is.9" 8.6 5.5 
0.84% 0.87 sy 


15,000 
03,000 
19.9 

0.94 
(psi) 302,000 300,000 96,000 27 000 
(0.1%) (psi) 254,000 254,000 57.000 
T (%) 9.0 8.7 14.5 

TS 0.84 0.85 0.87 


208,000 
18.9 


0.9? 


value is an average of 2 tests 

* Single test 

1X Single temper 

»X Double temper 
lay be due to the development of high stresses associated with the sil 
con addition. This belief is based on the observation that tempering of 
the silicon steels at 500 °F raised yield strength markedly (compare 
Figs. 3 and 4), and much more than in the low silicon base material. 
(his behavior suggested that the improvement in yield strength was 
lue primarily to stress relief during tempering. 
Since some investigators have concluded that a most striking effect of 
‘tained austenite is its deleterious influence on yield strength (8), one 
might suspect the decomposition of retained austenite which occurred 
as a result of the 500 °F temper to be a major cause of increased yield 
strength. However, results obtained in this investigation do not support 
this suspicion. For example, material in S-3 located 5 inches from the 
quenched end of a 7-inch round contained about 22% of retained aus- 
tenite after being tempered at 500°F for 17 hours and had a yield 
strength of 150,000 psi (tensile strength 197,000 psi) ; after being tem- 
pered at 800 °F for the same time, comparable material contained less 
than 1% of retained austenite and had a yield strength of 148,000 psi 
tensile strength 200,0G0 psi). 


t 


in Table II are shown results of tensile tests on transverse specimens 
| S steels treated as individual blanks and subjected to the tempering 
treatments already described. Comparison of tensile strength values of 


th 


ese specimens with equivalent values obtained on those from material 
djacent to the quenched end in 7-inch rounds, given in Figs. 3 through 
/, shows good agreement. Yield strengths and YS/TS ratios obtained 
ll Specimens from the 7-inch round, however, are generally lower than 
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those obtained from individually treated blanks for similar treatn 
presumably due to higher stresses and the presence of some 
quenched products in the microstructure. 


RETAINED AUSTENITE STUDIES 
Some of the factors which influence the amount and the transform 

tion of retained austenite in end-quenched and end-quenched and tem- 
pered rounds of the S steels are considered in this section. The method 
utilized for the measurement of retained austenite is basically the meas 
urement of x-ray integrated intensities by means of a Geiger counter 
technique described elsewhere (2). The number of determinations of 
retained austenite content per sample was usually one or two: the 
standard deviation was estimated to be about 0.4% (probable error 
0.3% ). In order to check the effect of room temperature aging on 
amount of retained austenite, retained austenite determinations wer: 
made on the same set of samples in each of two time periods which were 
several months apart. Results showed that the austenite content did not 
change between these two time periods. 


Effect of Silicon on Retained Austenite in End-Quenched 
7-inch Rounds 
Amounts of retained austenite determined for each steel have been 
plotted as a function of distance from the quenched end. The curves of 
Fig. 10 show how the addition of silicon to the base composition influ- 
enced the amount of retained austenite in the ‘‘as-quenched” steels 


O- Base + 1.0% Si 
@- Base +1.5% Si 





Retained Austenite (%) 


Distance From Quenched End (in ) 


Fig. 10—Effect of Silicon on Amount of Retained Austenite 
at Various Distances From the Quenched End of 7-Inch 
Rounds. 


Both silicon-treated steels had about the same quantity of retained aus- 
tenite in the most rapidly quenched region and this value, 6.2%, is not 
much larger than that retained by the base, S-4 (0.25% silicon). How- 
ever, in the slack-quenched region, at a distance of 5 inches from the 
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quenched end, the amount of retained austenite is 27.2% in Steel 5-9 
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silicon added) and 24.5% in S-2 (1% silicon added). The 

es for the two silicon-treated steels show a relatively constant dif 

nce of about 2.5% at a distance of 11% inches and beyond, which is 
ttributed to the higher silicon content in S-3. 

rhe curve for S-4 shows a maximum of 7.1% located at % inch dis 

tance from the quenched end ; beyond 1% inch the curve decreases, levels 

off, and then drops again to a minimum of 2.4% at the 2% inch posi- 


n and rises slowly the remaining distance to 5.1%. The sudden rise 
in the beginning of the curve may be due to the stabilization of austenite 
.s it cooled through the martensitic range, and the decrease in the curve 

be the result of decreasing cooling rate with increasing distance 
along the length of the round causing more and more of the austenite 
to disappear as a result of higher temperature transformation. It is 
thought that the increase of austenite content from 2.4% at 2% inches 
to 5.1% at 6% inches from the quenched end is at least in part due to 
air cooling. 

It appears that the addition of silicon to the base had the tendency to 
increase the stability of the austenite as the cooling rate decreased from 
the quenched end of the round; these silicon steels gave an inflection 
point on the curve (Fig. 10) at about /% inch from the as-quenched 
end, which distance corresponded to the peak on the curve for the base 
steel (0.25% silicon). 

Retained austenite data, similar to those given in Fig. 10, obtained 
previously on a silicon treated steel of lower base hardenability than 
\ISI 4340 indicated that the rate at which the retained austenite curve 
increased with distance from the quenched end to the maximum value 
was associated with the hardenability of the material. In a 7-inch end- 
quenched round of an AISI 8740 + 1.0% silicon steel examined previ- 
ously for retained austenite content (2), the retained austenite content 
rose more rapidly with distance from the quenched end than did that 
in the silicon-modified AISI 4340 steels. For example, at the 11% inch 
distance in the AIST 4340 + 1.0% silicon steel, 13% retained austenite 
was present whereas in the AISI 8740 + 1.0% silicon steel at a similar 
distance, 20% was present ; the maximum amount of retained austenite 
in each of these steels was roughly 25%. 

Vhotomicrographs showing typical microstructures obtained at vari 
ous positions in end-quenched 7-inch rounds of these steels, together 
with determined Rockwell C hardness values and retained austenite 
contents, are given in Fig. 11. Up to % inch or so from the quenched 
end of the 7-inch rounds, the effect of silicon on hardenability is believed 

be the major one. Even at %4 inch from the quenched end, the hard- 
ness of S-4 had dropped from about Rockwell C-57 to C-54 and the 
structure was not completely martensitic (Fig. 1la—martensite + 
probably low temperature bainite). At this position the hardness of the 
silicon steels had dropped only about % to 1 point Rockwell C so that 
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Fig. 11—Microstructures of S Steels at Indicated Positions in End-quenched 7-Inch 


Rounds. (a) S-4, 1/2 inch position, 7.1% retained austenite 54.0 Re. (b) S-3, 1-1/2 


inch position, 15.7% retained austenite 50.5 Re. (c) S-2, 1 inch position, 10.7% re 

tained austenite 53.5 Re. (d) S-2, 1-1/2 inch position, 13.0% retained austenite 

#8.5 Re. (e) S-4, 5 inch position, 4% retained austenite 35.0 Re. (f) S-2, 5 inch 
position, 24.5% retained austenite 41.5 Re. Etch 2% Nital. x1000. 
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shese steels were more martensitic than S-4. At as short a distance as 
| inch from the quenched end, the structure of S-2, 1% silicon added, 
like S-4 at % inch was not entirely martensitic and hardness had 
lropped from Rockwell C-57 to C-53.5 (Fig. 11e—martensite 4 

hainite). At and beyond this distance, the effect of silicon on ferrite 
strength and on the tendency to give proeutectoid ferrite in S-2 and 
S-3 and lower carbon bainites than in S-4 (Figs. 11b and llc) became 
increasingly important in their effects on the amount of austenite re- 
tained. If S-4 had been as martensitic as S-2 at ™% inch, it is believed 
S-4 would have had more retained austenite relative to S-2 (harden- 
ability effect), possibly the same amount. Steel S-3 at the 1% inch 
position is thought to contain considerable retained austenite (15.7% ) 
not so much because of the effect of silicon on hardenability but because 
of other effects mentioned. Because of its influence on ferrite strength, 
promotion of ferrite formation, and on the carbon content in bainite 
(Fig. 11b—martensite, bainite formed over a range of temperatures, 
and probably lower in carbon than in S-4, and proeutectoid ferrite) as 
the distance from the quenched end increased, the effect of silicon on 
hardenability became less significant and other effects mentioned be- 
came more important in forming a higher carbon austenite which was 
more stable at least in a kinetic sense in the silicon steels than in the base 
and gave rise in the presence of strengthened ferrite to increasingly 
higher percentages of retained austenite, 10.7, 13, and 24.5% in S-2, 
at positions of 1, 2%, and 5 inches from the quenched end (Figs. Ile, 
lid, and 11f). From a comparison of Fig. lle with Fig. 11f, the effect 
of silicon on the microstructure at 5 inches is readily apparent. The 
microstructure of the base (Fig. lle) etched darker (more carbon in 
the bainite). Steel S-2 (Fig. 11f) showed (a) more proeutectoid ferrite 
separated out and (b) many grains formed which no doubt consisted 
essentially, if not completely, of retained austenite. 


Tempering Studies 

Curves of Fig. 12 show the effect on austenite decomposition of tem- 
pering the steels at various temperatures for 17 hours. The base steel, 
5-4 (0.25% silicon), was first considered ; here one may note that the 
300 °F temper transformed almost as much austenite as the 500 °F 
temper. Tempering for 17 hours at 500 °F reduced the retained aus- 
tenite content on the average to about 1% ; tempering for this time at 
000 °F decomposed the retained austenite content practically to zero. 
in the case of the silicon-treated steels, the curves show that retained 
lustenite persists during tempering more in Steel S-3 (1.5% silicon 
ulded) than in S-2 (1% silicon added) ; this was most noticeable in the 
700 °F temper. For example, at the 5 inch distance from the quenched 
nd, Steel S-3 contained 14.0% austenite after the 700 °F temper while 
Steel S-2, after being similarly tempered, contained only 1.7% of re- 
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Steel S-4 | | ©-As-Quenched 


—+—_+—+ 4- Tempered at 300°F 

Bose AlS| 4340 e- Tempered at 500°F 
t+} }—F o- Tempered at 600°F 
[ | 4- Tempered at 7OO°F 

| S- Tempered at 800°F 
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Distance From Quenched End (in.) 


Fig. 12—-Retained Austenite Content in End-quenched Slabs 
Some slabs were quenched; others were quenched and tempered 


as indicated. Tempering time—17 hours. 
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tained austenite. Photomicrographs (Fig. 13) taken at the 2-inch dis 
tance from the quenched end of sections from Steels S-2 and S-3 show 
the effect of the 700 and 800 °F temper on microstructure. It was ob- 
served that the microstructures of the as-quenched material (Fig. 13a) 
became less acicular as a result of tempering (Fig. 13b). As further 
evidence that silicon increased the resistance to decomposition, one ma) 
note that a tempering temperature of 80C °F was necessary in the case 
of Steel S-3 to produce essentially the same microstructure, hardness, 
and retained austenite content as those obtained in Steel S-2 tempered 
at 700 °F ( Figs. 13c and 13d). 

To show more clearly the effect of silicon on the relation between 
amount of retained austenite and tempering temperature at each of 
several distances from the quenched end (i.e., at each of several cooling 
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; Fig. 13—Microstructures at the 2-Inch Distance in End-quenched 7-Inch Rounds of 
ig Steels S-2 and S-3 for Indicated Treatments. Tempering time 17 hours. (a) 5-3, 
a As-quenched, 19.8% retained austenite 48.0 Re. (b) S-3, 700 °F Temper, 8.2% re 
Re tained austenite 49.3 Re. (c) S-2, 700 °F Temper, 1.0% retained austenite 45.5 R« 
(d) S-3, 800 °F Temper, 0.8% retained austenite 45.5 Re. Etch 2% Nital. x1000 
> 
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rates), the curves in Fig. 14 were plotted. These curves, when con- 





sidered together, emphasize many of the points already discussed and, 
in addition, give a more pictorial presentation indicating the continuity 
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of the effect of silicon on retained austenite as the tempering tem; 

ture was increased. Obviously, the silicon steels, S-2 and S-3, as end 
quenched contained considerably more retained austenite than S-4, th, 
base ; the amount of retained austenite in the as-quenched silicon steels 


increased rapidly with decrease of cooling rate (i.e., with increase 0; 


é inch Distance Steel S-4 
linch Distance Base AISI 4340 
o-24 inch Distance + 4 + + 
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Fig. 14—Effect of Tempering Temperature on 

Amount of Retained Austenite at Indicated Dis 

tances From the Quenched End of 7-Inch Rounds. 
Tempering time—17 hours. 


distance from the quenched end), whereas the changes of retained aus- 
tenite content with decreased cooling rate were relatively minor in the 
hase steel under comparable conditions. At 5 inches from the quenched 
end (1.e.,1n a region where the steels were relatively slowly cooled, were 
considerably slack-quenched, and contained relatively high tempera 
ture decomposition products rather than martensite), the retained aus- 
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Table III 
Effect of Multiple Tempering Treatments and Refrigeration 
on Retained Austenite (Ret. y) and Hardness (R.) at Various Distances 
from the Quenched End of 7-inch Rounds of Steels S-2 and S-3 


17 hours 17 hours 17 hours 
500 °F 500 °F 500 °F wy Be 
Distance As Quenched First Second Third Refrigerated 
from Tempet Temper rempet 
Quenched 
End Ret. R. Ret R. Ret R. Ret R Ret R 
(in.) 7 1 ) .) _ 
(%) (% ) (% ) (%) (%) 
1/16 6.0 57.5 5.0 54.0 4 2 8 51.0 
11.2 545 7.3 $2.5 7.1 47.1 6.2 49.0 
c 1/32 3.0 56.7 - 8 56.9 
S l 10.4 49.0 5.1 + 51.0 
S » 1/4 13.4 43.5 - ] ) $4.1 


tenite percentages were almost 25% and close to 27% for the high 
silicon steels, S-2 and S-3, but only about 4% for S-4, 0.25% silicon. 
[hese percentages decreased in a regular fashion as tempering treat- 
ments were applied and tempering temperatures (constant time) were 
increased, It is also quite apparent from the curves that silicon increased ' 
the temperature at which retained austenite was practically all decom- 
posed as a result of the tempering treatments indicated. As silicon 1n- 
creased from 0.25% (S-4), through 1.1% (S-2, to 1.7% or so (S-3), 
the tempering temperatures at which essentially all of the retained aus- 
tenite was removed were less than 600°F (S-4), 700°F (S-2), and 


_—" 2-7 «« «€« == 


800 °F (S-3). Secondary hardening such as observed at distances rela- 
tively far removed from the quenched end of the 7-inch rounds ( Fig. 2) . 
is believed to be associated with the decomposition products of the 


retained austenite; however, at distances sufficiently close to the 
quenched end so that the “‘as-quenched” structure was essentially mar- 
tensite, secondary hardening is thought to be caused primarily by co- 
herency hardening accompanying the formation of the epsilon transition 
phase. 
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Multiple Tempering and Refrigeration 

Multiple tempering and refrigeration studies were restricted to the 
silicon steels, S-2 and S-3. Some samples were analyzed for retained 
austenite content after receiving multiple tempering treatments at 
900 °F for 17 hours. The meager data shown in Table III indicate that, 
| as expected, a larger amount of retained austenite is transformed by the 
a lirst temper than by any subsequent temper. 
a in addition to multiple tempering, the table shows the effect of re- 
. irigeration on samples taken from positions located at various distances 
trom the quenched end of the rounds. The table indicates that the 
lecrease of retained austenite resulting from refrigeration was small. 
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Retained Austenite in Quenched Jominy Bars 


The retained austenite content was measured as a function oj 
tance from the quenched end in standard 1 x 4 inch Jominy test ba: 
each of the steels, S-4 and S-3. The retained austenite and hardenal)ility 
curves are shown in Fig. 15. The shape of the curve for the base, S-4 
is in agreement with x-ray diffraction studies based upon relative in 
tensity measurements by Troiano on Jominy bars of SAE 2340 and 


Hardness, Rc 


ase (AISI 4340) ___ 
ase + 1.5% Si 


(oy \ 
‘o/ 


Retained Austenite ( 


Austenite 


| 2 
Distance From Quenched End ( in.) 


Fig. 15--Hardenability and Retained Austenite Curves For Stand 
ard Jominy Test Bars. 


5140 steels. His results, although qualitative, showed that the steels ex 
hibited a gradual increase in the amount of retained austenite which 
attained a maximum and then decreased with a further increase of dis 


tance up to 2% inches or so from the quenched end (9). 


The austenite curves conform with findings on the 7 x 7-inch rounds 
in that the curve for the base, 0.25% silicon, reaches a maximum and 
drops off, and the curve for S-3, 1.5% silicon added, indicates more 
austenite was retained in the higher silicon steel, at least away from the 
as-quenched end. However, because of the faster cooling rate along the 
length of the high silicon Jominy test bar, the general level of retained 
austenite values is markedly lower than that observed for the 7 x 7-inch 
rounds of the same steel. 


Relationship Between Retained Austenite Content and 
Logarithm of Distance 


The retained austenite content was plotted against the logarithm of 
distance from the quenched end for the steels as shown in Fig. 16. A 
linear relation was found for Jominy bar, S-4, up to a distance of about 
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hes which is the region where practically all austenite transformed 
¢ quenching gave martensite as revealed by microscopic examina 
Other investigators have observed this linear relationship (10). 
lata for the as-quenched 7 x 7-inch rounds of Steels S-2 and S-3 
also plotted in a similar manner. A dashed straight line was drawn 
eh the data points (three per steel), each point representing a 
nercentage of retained austenite at a given distance from the quenched 


ase (AIS! 4340) 

ase +1.0% Si 
5% Si + | + 

“x 7" Rounds 
LL- 


6 8 10 20 40 
Distance From Quenched End (Sixteenths of an inch) 


Retained Austenite Content as a Function of the Logarithm o 
Distance From the Quenched End of S Steel Rounds 


nd; distances up to 1 inch from the quenched end were included here. 


\nother straight line with a greater slope was drawn for each steel, S-2 
and S-3, through the data points representing distances from the 1 inch 
up to the 5 inch position. 

lt is interesting to note that a linear relationship has been reported 
between the logarithm of distance and the logarithm of the cooling rate 
per second at approximately 1300°F for both Jominy and 7-inch 
rounds (1); this suggests that if the retained austenite data in Fig. 16 
were plotted against the logarithm of cooling rate per second at 1300 ° I 
rather than against distance from the quenched end, close to linear rela- 
tions would again be apparent. 


SUMMARY 


Lhe effects of adding 1 and 1.5% silicon to an AISI 4340 steel on 
the transverse mechanical properties and retained austenite content of 
end-quenched 7 x 7-inch rounds in the as-quenched, as well as in the 

enched and tempered condition, were determined. This investigation, 
which included both fully-quenched and slack-quenched structures, was 

ried out in the tensile strength range of 150,000 to 300,000 psi. A 

marization of this work is as follows: 


Known effects of silicon additions to steel on (a) increasing 
enability and (b) increasing resistance to softening during temper- 


re 
i 


e shown. Secondary hardening caused by silicon was observed in 
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both fully-quenched and slack-quenched steels, at least when ten 
in the temperature range between 500 and 800 °F. 

2. The maximum tempering temperature at which silicon increased 
resistance to softening during tempering seemed to be higher in ¢| 
fully-quenched than in the slack-quenched steels. Evidence that this y, 
sistance to softening due to silicon occurred at a temperature as high as 
1000 °F is given. 


ere 


if 


3. The ratio of yield strength to tensile strength in end-quenched 
7 x 7-inch rounds was decreased by silicon additions. 

+. Marked improvement of both yield strength and the yield strengtl 
to tensile strength ratio of the silicon steels as a result of tempering 17 
hours at 500°F appears to be essentially independent of the trans 
formation of retained austenite and may be associated with the relief of 
stress during tempering. 

5. For a tempering treatment of 17 hours at 500 °F, the addition of 
1.5% silicon to AISI 4340 steel improved transverse reduction of area 
(RAT) and transverse V-notch Charpy impact quality in 7-inch 
rounds. This treatment also improved transverse ductility and trans 
verse toughness of the slack- but not the fully-quenched material t 
which 1% silicon had been added. At a tempering temperature of 
SOO °F, both properties were impaired by silicon added to S-2 (1' 
added) and S-3 (1.5% added). 

6. Results indicated that aircraft quality AISI 4340 to which 1.5: 
silicon has been added can be tempered as high as 500 °F to give in 
fully-quenched forgings a tensile strength of around 280,000 psi, to 
gether with relatively high transverse ductility and transverse tough 
ness—say, 15 to 20% of transverse reduction of area and 10 to 12 foot 


A hw 


pounds of transverse V-notch Charpy impact at room temperature. 


7. Since the effect of silicon on transverse mechanical properties has 
heen determined over a very large range of cooling rates, the findings 
are applicable to both large, massive forgings as well as to small 
forgings. 

8. Retained austenite content measured in standard Jominy test bars 
and of 7 x 7-inch rounds of an AISI 4340 steel subjected to end quench 
ing was increased by the addition of silicon, especially in the slack 
quenched structures. As high as 27% retained austenite was observed 
in the slack-quenched portion of a 7-inch round of an AISI 4340 + 1.5% 
silicon as compared with 4% observed in the base AISI 4340 for similar 
cooling rates. 

¥. An interpretation of the effect of silicon on amount of retained 
austenite formed has been given. 

10. No significant effect of retained austenite on mechanical prop 
erties was observed. 

11. The tempering temperature required to decompose practically all 
of the retained austenite increased with silicon content of the steel. This 


/ 


temperature was roughly 800 °F for S-3 (1.5% silicon added), 700 °F 
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+ S-2 (1% silicon added), and 600 °F for S-4 (AISI 4340, 0.259% 

jlicon), independent of whether the steels were fully-quenched or 
quenched. The tempering time was 17 hours in all cases. 

|2. Meager data for S-3 show that more decomposition of retained 

‘ustenite resulted from the first 17 hour temper at 500 °F than from 


ny subsequent similar tempering treatment at this temperature. 
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DISCUSSION 


Written Discussion: By William V. Ward, engineer, Metallurgica] 
Lockheed Aircraft Corporation, Burbank, California 

The authors have presented some very valuable data on a subject of 
able current interest in the airframe industry. The use of 4340 steel in th 
to 280,000 tensile strength range for primary structural components has 


eral acceptance, and the search is on for improved alloys and higher valu 


of the present design needs in the high strength steel field may be 


follows: (a) Highest room temperature and elevated temperature tensile st; 

consistent with good ductility and toughness, (b) extension of permissa 
processing and operating temperatures upwards to 600 or 700 °F without 
of room temperature strength or development of undesirable brittleness, 


ACTH 


velopment of full strength and ductility in sections of greater size than the pri 
limitations of standard 4340, (d) reasonable cost and low critical alloy content 
(e) improvement in transverse ductility, notch strength, and fatigue properti 
narrowing of the scatter band for these values, and reduction of anisotropy. 
maximum cleanliness, homogeneity, and freedom from banding and alloy 
gation, particularly in heavy products, and (g) reduction of distortion, que: 
cracking, and residual stresses induced by heat treatment. 

The previous work of Allten and Payson, Shih, Averbach and Cohen, and ot! 
has demonstrated that steels of the basic 4340 composition with increased sili 
content, promise to satisfy the first four of these requirements. This paper 
provides much needed information on the last three needs. 

One item of real concern to potential users of high silicon steels is the questi 
of silicon segregation. The authors report an appreciable variation in the cor 
tration of this element at different positions in the S-3 ingot (1.5% silicon add 
If such a condition is characteristic of this class of steels and persists in f 
products at time of heat treatment, undesireable consequences may result. TI 
areas deficient in silicon, in a part tempered at 600-700 °F, may be considera! 
below the 280,000 psi tensile strength minimum expected of fully quenched ai 
drawn structures. Regions of high silicon concentration may show reduced du 
tility. Would the authors care to comment on the control of silicon distributior 
in these modified alloys ? 

Another disclosure in this paper of considerable interest and practical signi! 
cance, is that the austenite retained in quenched structures persists during tempe! 
ing for temperatures as high as 800 °F. In the heat treatment of normal 4340 
have assumed, that for all practical purposes, all of the retained austenite 
transformed at draw temperatures of 500 °F or above, based principally on t 
observation that the yield strength, on tempering, increases up to that temper 
ture, and then decreases. Low-temperature austenite stabilization treatments a! 
used when tempering below 500 °F. It was hoped that in the use of steels wl 
can be tempered above 500 °F for maximum strength, the austenite stabilizatiot 
treatments would be rendered unnecessary, through complete transformatiot 
the retained phase during tempering. Apparently this is not to be the case 

The authors attribute the increase of yield strength on tempering principal) 
to the relief of residual stresses, rather than transformation of retained austen! 
The yield continues to increase at higher tempering temperatures for the ! 
silicon steels than for the base alloy. This suggests the possibility that 
quench stresses are induced in the high silicon alloys. If true, the modifed 









HIGH STRENGTH STEELS 


nore susceptible to quench cracking. The authors’ opinion on this point 
| be appreciated. 
Written Discussion: By Paul E. Busby, assistant director of research, Heppen 
mpany, Pittsburgh. 
authors are to be commended for a very interesting paper on a timely 
‘hiect. Their results are of special interest to the plant metallurgist concerned 
+h the heat treatment of large forgings and it is gratifying to note that the 
asis of the study was placed on transverse properties which are so much 
ore important than longitudinal properties in high strength steels. 
lf the writer’s interpretation of the paper is correct with respect to mechanical 
roperties, the authors propose that the higher strength properties in the silicon 
teels are due to the effects of silicon on coherency hardening and on ferrite 
treneth. Are these the only contributions of silicon or are there other factors 
serating? With regard to the conclusion that silicon additions lowered the yield 
nsile ratio, would it not be possible to improve this condition by strain aging? 
lhe observed effects of silicon on the retention of austenite in the slack quenched 
ions of 7-inch rounds are certainly unexpected. In the writer’s opinion, how 
ver, the generally lower level of retained austenite in the Jominy bar is due 
primarily to the lower stress level in the small bar rather than to the faster cool 
ng as intimated by the authors. When the differences in the cooling rates of the 
» bar sizes are taken into account by using cooling rate data given in Ref. 1 
f the paper, it is observed that the retained austenite content of the seven-inch 
round is consistently higher than that of the Jominy bar of the same steel. 
In view of the authors’ explanation of the influence of silicon in retaining aus 
tenite, it would be interesting to know what effects phosphorus and aluminum 
ilso strong ferrite strengtheners ) would have on the amount of austenite retained 


slack-quenched steels. 


Authors’ Reply 
. (he authors wish to thank both Mr. P. E. Busby and Mr. W. V. Ward for 


their discussions. 
Other factors not previously mentioned but contributing to the higher strength 
; properties of the silicon steels probably include noncoherency hardening and 
; arbide particle distribution. The authors believe that silicon so affected dis 
: tribution and restricted carbide particle growth as to cause noncoherency harden 
Results available in the literature (1,2,3)* appear to be consistent with this 
belief; these results relate (a) to the effect of silicon on the activity coefficient 


E carbon in austenite and ferrite, on the solubility limit of carbon in these 
hases, and on the rate of mass flow through ferrite, and (b) to the partition 


{ silicon between cementite and ferrite. 
One expects and finds, when tempering temperatures are sufhciently high and 


pering times sufficiently long, that the strengthening effect of silicon in ferrite 


4 becomes relatively more important as the major cause of increased tensile strength. 
E \vailable data (4,5,6, and present paper)* show, for example, that silicon in 
; territe accounted for roughly 50% of the increase of tensile strength, due to 


* n, in martensitic steels when tempered for seventeen hours at 500 °F (260 °C) 
Fi and tor 95% when tempered for 1 hour at 1250°F (677 °C). 


ondary hardening which occurred in S-3 (1.63% silicon) as a result of tem 


references in the foot-notes of this authors’ reply. 
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pering is attributed to the decomposition of retained austenite in 
quenched to products other than martensite and to coherency hardening 
quenched to martensite. 

The question raised by Mr. P. E. Busby relative to strain aging is a perti, 
one. Strain aging increases the yield-tensile ratio. Results recently publi 
H. W. Paxton and C. C. Busby (7,8)* indicate that, at least in the lah 
strain aging AISI 4340 (straining by rolling) was used successfully to ci 
the difference between yield and tensile strength by a desirable and rat! 


dictable amount. They controlled strain aging to give a desired yield-tens; 
of 0.95. 

The authors agree with Mr. P. E. Busby that mass, and therefore stress 
an important role in affecting the amount of retained austenite present i1 
however, they also think that cooling rate, per se, is important, too. One cannot 
quantitatively evaluate the separate effects of stress or cooling rate on an 
retained austenite by using the cooling rate data considered by Mr. Busby 
given in Reference 1 of the paper. 

The degree of segregation of silicon in ingot S—3 referred to by Mr. Ward 
abnormal; the authors believe silicon segregation is usually such that mechani 
properties are not significantly affected by it. Mr. Ward’s conclusion that the mod 
fied steels containing 1.07% silicon and 1.63% silicon may be more susceptibk 
quench cracking appears to these authors to be sound ; however, no direct evider 
supporting this point of view is available. It is thought that the much lower tensi! 
strength values for the higher silicon steels (S—2 and S—3) than for S—4 at th 
inch position from the quenched end of the 7-inch rounds (Fig. 3) may be caus: 
by higher quench stresses in S—2 and S—3; actually, the hardness values of S-2 
S-3, and S-4 tensile specimens taken from the % inch position were all clos 
Rockwell C—57 (equivalent tensile strength 300,000 psi). 

Results indicate that aircraft quality AISI 4340 to which 1.5% silicon has be 
added can be tempered at 500 °F (260°C) to give in slack-quenched forgings of 
heavy section a tensile strength of 200,000 psi or so together with transvers 
reduction of area and room temperature V-notch transverse impact values 
high as 30% and 19 foot-pounds, respectively. 

Despite the apparent advantages of using high silicon steels for ultra hig! 
strength applications, there is much to support the opinion of many metallurgists 
that inherent steel quality is more important than whether or not steels containing 
1.5 to 2% silicon should be selected for such applications. Important prerequisites 
of best overall mechanical properties include (a) good inherent steel quality 
(b) tempered martensite, (c) as low carbon as is consistent with the dest 
tensile strength level, and (d) avoidance of tempering in an unfavorable tempet 
ing range. 

There are two well known and distinct advantages to be gained from using | 
silicon steels, one is that high silicon raises the optimum tempering temperatu! 
at which one tends to get the best overall combination of strength, ductility, 
toughness and the other is that at this tempering temperature silicon raises tens 
and yield strength, tends to reduce the difference between yield and tensile b 
of the higher tempering temperatures used for the silicon steels, and allows fo 
reduction of carbon content, perhaps by five points or so, say from AISI 4340 t 
\ISI 4335 (1.5% silicon), which in turn improves ductility, toughness, and r 
sistance to quench cracking. 











HIGH STRENGTH STEELS 549 


isadvantage of high silicon steels is that they tend to be dirty, containing 
ntal, siliceous nonmetallic inclusions unless considerable care is taken in 
ing and deoxidation of such steels. A second disadvantage is that high 
scrap has lower economic value than comparable low silicon alloy scrap 
isliked by steel producers. 
luating the merits and demerits of silicon steels for high strength applica 
ire should be taken to make a proper allowance for the effect on properties 
as well as silicon when carbon and silicon are varied together. For ex 
a strength level of 250,000 psi, AISI 4325 (1.5% silicon) had substan 
igher notch toughness than AISI 4340. While some of this higher tough 
accepted as due to silicon, probably at least one-half of the increase and 
much more is due to the lower carbon. 


fodney Smith, “Equilibrium of Iron-Carbon-Silicon and of lron-Carbon-Manganes« 
\lloys with Mixtures of Methane and Hydrogen at 1000 °,’ Journal, American 
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BEND: TENSILE RELATIONSHIPS FOR 
TOOL STEELS AT HIGH STRENGTH LEVELS 


By JoHN C. HAMAKER, JR., VANCE C. STRANG, AND 
GEORGE A. ROBERTS 


Abstract 

In the development of high strength steels, a hardness 
level is frequently reached where the bend test offers mor 
reliable and sensitive measurement of strength and ductility 
than the tensile test. Two medium alloy tool steels, heat 
treated to various hardne were tested in tension and in 
bending (single and double point loading) to obtain pre 
liminary conversion relationships between the two test 
methods. From Rockwell C-30 to C-55, tensile strength was 
equivalent to 45-50% of bend strength, while 0.2% offset 
tensile yield strength equalled about 88% of bend yield 
strength. Curves relating tensile elongation to bend plastic 
deflection are also presented. Strength hardness relation 
ships for five tool steels are discussed in the light of high 
strength steel development. An interesting decrease in mod 
ulus of elasticity with increasing hardness was observed in 
three steels. (ASM-SLA Classification: O5, Q27, TS) 


INTRODUCTION 


N THE development and comparison of hardened steels for high 
strength applications, the tension test frequently exhibits serious 

shortcomings. Slight misalignment of the specimen holders or small 
imperfections on the specimen surface may cause brittle failure at or 
below the yield point, thereby obviating any measurement of tensil 
strength or relative ductility of the material. Even where a complete 
load—extension curve is obtained, the relatively small plastic deforma 
tion is not amenable to accurate measurement and the data show con 
siderable scatter. 

This problem was encountered many years ago in the evaluation ot 
hardened tool steels and a number of tests were evolved in which the 
ductility component of the material could be magnified. Notable among 
these are the torsion (1),’ torsion impact (2,3), and bend test (4). The 
bend test has gained particular favor in recent years because the har 
dened specimens are relatively easy to prepare and the stress-strain 

' The figures appearing in parentheses pertain to the references appended to this paper 

A paper presented before the Thirty-eighth Annual Convention of the Society, 
held in Cleveland, October 8 to 12, 1956. Of the authors, John C. Hamaker, Jr. 1s 
manager of research, Vance C. Strang is research metallurgist, and George A 
Roberts is vice president—technology, Vanadium-Alloys Steel Company, Latrob 
Pennsylvania. Manuscript received April 23, 1956. 
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teristics can be readily determined by use of simple beam calcu 
ns and resistance strain gages. 
is investigation was undertaken to determine, in a preliminary 
what correlations might be developed between properties meas 
red in a bend test and those measured by the tension test. With such 
rmation, the materials engineer would have a simple method of 
; curately determining properties at high hardness levels, and his data 
ould still be useful to the designer who prefers to think in terms of 
tensile properties. 
In previous bend test studies, fully described in an earlier paper (4), 
testing jig was developed for operation between the compression 
heads of a tensile machine and the various testing variables were thor 
uughly investigated. This resulted in a standardized procedure involv 
long. The specimen is placed between fixed cylindrical pins, forming a 
imple beam, and is bent to fracture. Simultaneous load and deflection 
readings are taken throughout the test, using either a dial gage or a 
deflectometer connected to a stress-strain recorder. From these data. 
four properties are determined : 


|. Bend yield strength or proportional limit—Stress at which the 
load-deflection curve first deviates from a straight line. 

2. Bend strength— Maximum fiber stress at fracture for low duc- 
tility materials or at the peak of the load-deflection curve for 
high ductility materials. 

3. Total deflection—The total transverse deflection at the center 
of the beam from the beginning of the test until fracture. 

+. Plastic deflection—The nonelastic component of the total de- 
flection from the yield point to fracture. This is measured as 
the difference between total deflection and the deflection value 
where the straight-line portion of the curve is extended to the 
breaking load. 


(wo alternative methods of beam loading, double point and single 
point, may be used. With double point loading, the stress is evenly dis- 
tributed along the bottom of the span between the two upper pins and 
bending occurs in a gradual arc. This method is best suited to the most 
s brittle materials where maximum amplification of ductility is desired. 
| With more ductile materials, the specimen may bend indefinitely with- 

out fracturing. In such cases, single point loading can be used to con- 

centrate the stress under the upper pin and produce fracture with 

smaller deflections. 

the investigation. Not only did they have the ability to achieve high 
engths, but their ductility characteristics were amenable to both 
id and tensile testing over a wide hardness range. One steel, a high 
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'wo medium alloy tungsten-chromium tool steels were selected for 
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carbon die grade (07), was best suited to double point loadin, 
other, a low carbon chisel type (SI), required single point loading | 
fracture to occur. Additional data for a high strength hot work die stee 
and two high speed steels are included where available to further j}]y. 
trate the effect of composition on certain relationships. 


EXPERIMENTAL PROCEDURE 


The chemical compositions of the steels investigated are presented j; 


Table I. The tungsten chisel steel (Sl) and tungsten-chromium 0; 
hardening die steel (07) were tested in both tension and bending, ‘T) 


Table I 
Compositions of Steels Investigated 
Type S Si Mn S P W Cr \ 
S} 0.50 0.25 0.31 0.006 0.017 1.98 1.68 
O7 1.17 0.33 0.31 0.011 0.015 1.52 0.7 
Hill 0.40 0.92 0.39 0.015 0.018 5.09 ( 
Tl 0.72 0.31 0.23 0.009 0.015 17.88 1.10 1.07 


0.82 0.32 0.29 0.011 0.019 





6.31 









5% chromium hot work die steel (H11) was used for supplementa: 
tensile data, while the high speed steels (Tl and M2) supplied addi 
tional bend data. 

Tensile specimens were prepared from 7g-inch diameter anneal 
hot-rolled bar stock. The specimens were completely machined befor 
heat treatment with the exception of the 0.505 inch center section 
which was left at the 0.600 inch shoulder section size until all heat treat 
ment was completed. Austenitization was accomplished in gas-fired 
semi-muffle type furnaces. Both steels were preheated at 1250°! 
transferred to a high heat furnace for 15 minutes at temperature, and 
oil-quenched. Type Sl was austenitized at 1650°F. and Type 07 
1600 °F. Three Sl and four 07 specimens were tempered in salt for tw: 
hours at each temperature. Tempering temperatures for SI wer 
600 °F. to 1300°F. in 100°F. increments, and for 07, 800°F. t 
1300 °F. in 100 °F. steps. 

The gage length of each heat treated specimen was ground to ap 
proximately 0.505 inches, with a further slightly reduced and tapered 
section about 0.500 inches by 34-inch wide at its center. The entir 
gage length was then polished with Number 1 emery paper so as t 
leave the polishing scratches at a 45-degree angle to the longitudinal 
axis. Testing was done at 5000 pounds per minute on a Southwark 
Kmery tensile machine, autographic load extension curves being re- 
corded for each specimen. A microformer-type extensometer was used 
to measure extension to beyond the 0.2% yield point, following which 
a deflectometer completed the record to the point of fracture. 
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The bend test specimens were prepared and tested by the procedure 
lescribed in detail in the earlier paper (4). The '4-inch by 5¢-inch 
nnealed hot-rolled bar stock was cut to 2.25 inch lengths, ground to 
.170 inches by 0.530 inches, and austenitized tension side up under the 
same conditions as the tensile specimens. Tempering temperatures em 

oved for both steels were 300 °F. to 1300 °F. inclusive, in steps of 
100° F. Twenty specimens were tempered at each temperature and 
twenty were left in the as-quenched condition. Finishing was accom 
plished by dry grinding longitudinally after heat treatment, 0.015 inches 

eing removed from each side and each flat to give the final specimen 
limensions of 0.140 inches by 0.500 inches by 2.25 inches. 

\Vith some exceptions, half of the specimens of each steel from each 
tempered condition were tested under single point loading and the 
other half under double point loading. In both cases the lower pins 
were placed 2 inches apart, while the upper pins are located 0.745 
inches apart for double point loading. The specimens were loaded 
it 1000 pounds per minute while deflections were read from a dial gage 
in thousandths. Strain was measured on one test from each tempering 
treatment by means of an SR-4 type A-5 strain gage cemented to the 
bottom (tension) surface of the specimen. 


EXPERIMENTAL RESULTS 
Tension Tests 
The tensile fractures had the normal appearance of tests at high 
strength levels (Fig. 1), ranging from a very straight, brittle fracture 
left) at the highest hardness to a modified cup and cone with appre- 
clable necking down (right) at lower hardnesses. Typical stress-strain 
curves from each tempering treatment on the SI steel are shown in 
‘ig. 2 and similar curves for the 07 steel are plotted in Fig. 3. The 
superior ductility of the Sl type is clearly evident. It is interesting to 
note that upper and lower yield points appeared in SI only after temper- 
ing at 1300 °F. to Rockwell C-30, whereas they were found in 07 after 
both 1200 °F. and 1300 °F. tempers Rockwell C-40 and C-31 respec- 
Ively, 
he average tensile properties obtained from three or four tests at 
each tempering temperature are summarized in Tables II and III. 
Yield strengths were determined at the proportional limit and at var- 
lous engineering values of 0.01%, 0.1%, and 0.2% offset. The apparent 
reductions in yield strength at 0.2% offset shown by the 1300 °F. tem- 
pered specimens of Sl steel and the 1200 °F. and 1300 °F. specimens 
of 07 are related to the aforementioned upper and lower yield points. 
the 0.01% offset falls close to the initial upper yield point whereas 
V.."o offset intersects the curve out farther near its lower yield point. 
The energy absorbed during the test, calculated from the area under 
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Fig. 1—Representative Tensile Test Fractures. Left: Low ductility 
fracture from 07 steel at Rockwell C.-*-! Right: Ductile fracturs 
from SI steel at Rockwell C.-° 
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Fig. 2—-Typical Stress-Strain Curves from Tensile Tests on SI Steel 
Specimens were oil-quenched from 1650 °F and tempered 2 hours at 


indicated temperatures. 
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Fig. 3—Typical Stress-Strain Curves from Tensile Tests on 07 Steel 
Specimens were oil-quenched from 1600 °F and tempered 2 hours at 
indicated temperatures 


é Table II 
Tensile Properties of Type Sl Steel 


Specimens Austenitized 15 Minutes at 1650 °F., Oil-Quenched, and Single 
Tempered Two Hours at Temperature 


En- Hard 
Yield Strength—psi Klong. Red ergy ness 
per Lowet Propor Pensile in 2 of Ab- Rock 
Viel Yield tional 0.01% 0.1% 0.2% Strength Inches Area sorbed well 
Point Point Limit Offset Offset Offset psi % % Ft.-Lb. “C” 
227,000 241,000 252,000 258,000 295,000 10 [2:2 842 13.7 
222,000 235,000 247,000 252,000 281,000 1.6 13.5 849 3.0 
211,000 222,000 236,000 240,000 263,000 5.3 16.8 923 51.3 
191,000 207,000 222,000 227,000 247 000 6.6 at.3 1037 50.1 
177,000 190,000 207,000 213,000 234,000 7.5 22.9 1151 19 
159,000 170,000 191,000 197,000 219,000 RS & 26.1 1255 17.3 
146,000 155,000 167,000 169,000 182,000 11.9 35.1 1415 $2.5 
AL 108,000 111,000 116,000 109,000 108 000 123,000 17.6 47.9 1421 30.1 


Table III 
Tensile Properties of Type 07 Steel 
Specimens Austenitized 15 Minutes at 1600 °F., Oil-Quenched, and Single 
Tempered Two Hours at Temperature 


Yield Strength —psi Hara 

> Elong Red Energy ness 
per Lower Propor Tensile in 2 of Ab Rock 

Yield Yield tional 0.01% 0.1% 0.2% Strength Inches Area sorbed well 

. Point Point Limit Offset Offset Offset psi J % Pte. “CO” 

: 218,000 231,000 254,000 261,000 272,000 0.6 0.3 165 54.2 
192,000 205,000 231,000 238,000 258,000 0.8 1.3 171 52.1 

e 185,000 194,000 213,000 219,000 237,000 1.0 0.8 221 50.4 
163,000 177,000 191,000 185,000 209,000 77 2.6 499 16.8 

; 0) 147,000 137,000 146,000 151,000 148,000 161,000 5.2 9.2 S82 10.2 


118,000 120,000 127,000 122,000 119,000 128,000 9.3 12.3 R08 30.9 
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the stress-strain curve, is sometimes used as an indication of 
toughness. 

It has been frequently pointed out (5,6) that low alloy SA| 
steels behave nearly identically in their correlation between hardness 
and tensile strength or yield strength. In Fig. 4 values from Tables ) 
and III and similar data for an H11 hot work die steel have been plotte, 
over the ranges derived for SAE steels by Janitzky and Baeyertz (5 
Allowing for potential error introduced by the conversion of Ro kwell 


Tensile Yield 
Strength Strength 
(0.2% Offset) 


Strength - 1000 psi 
nm 
i) 
oO 


u 


. 
” 

e.. 
om 
“4 
«A 
- 


a ate 
’ 

~ 

; 


200 350 400 450 500 550 600 
Brinell Hardness 


Fig. 4 -Tensile and Yield Strengths (0.2% Offset) of Sl, 07, and HIl Tool 
Steels Superimposed on Janitzky-Baeyertz Relationship (5) for Low Alloy 
SAE Steels. 


to Brinell hardness at the higher hardnesses, these ranges appear to 
apply equally well to the three tool steels. This relation of strength and 
hardness is further confirmed in Fig. 13, which will be discussed in 
connection with the bend test results. 

Unlike the close correlation between strength and hardness, the duc- 
tility values for Types Sl and 07 steels are markedly different at each 
strength level, as shown in Fig. 5. Type 07, containing numerous excess 
carbides and designed primarily for wear resistance, is understandabl) 
less ductile than the shock resisting type Sl. Thus, for tool steels as 
well as SAE steels, differences between various compositions occut 
primarily in ductility and not in strength, which tends to relate directly 
to hardness. 

A calculation of the elastic moduli for the three steels indicated an 
interesting relationship that has apparently escaped the notice of pre- 
vious investigators. As shown in Fig. 6, there is a slight, but consistent, 
downward trend in the modulus of elasticity as the hardness is in- 
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Fig. 5—-Elongation and Reduction of Area for 
Sl and 07 Steels as a Function of Tensil 
Strength. 


creased. This was particularly consistent for Type Sl, in which all of 
the points touch the straight line. 


Bend Tests 

In the as-quenched condition or after tempering at low temperature 
(Rockwell C-63-67), type 07 steel exhibited a typical low ductility 
bend fracture similar to those previously observed with fully hardened 
high speed steels. Fig. 7a shows the top surface of such specimens after 
testing under double point and single point loading. It will be noted that 
a large portion of the compression side and some of the tension side 
break out of the center of the specimen during fracture. Stress-strain 
curves for this type of fracture are represented in Fig. 9a by both single 
and double point loading on AQ specimens and single point loading on 
700 °F. specimens. Even under these relatively brittle conditions, the 
bend test properties can be accurately measured and exhibit good re- 
producibility. 

With type Sl steel and at lower hardness in type 07, considerable 
bending and plastic deflection may take place before fracture. Fig. 7b 
shows ductile fractures from double point loading (upper) and single 
point loading (lower). The appearance of these fractures is related to a 
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“curling” of the specimen which occurs at large plastic deflecti, 


s. As 
shown in the end views of Fig. &b, curling is most ] 


ronounced at th, 










center of the beam and consists of a downward bend at the edges of th, 
tension surface. Both single and double point loading are equally sys 
ceptible to this phenomenon. Its principal effect appears to be an im 
provement in load carrying capacity at a given deflection, Just as a 
stiffening rib rigidizes a structural member. and when fracture ‘curs. 






it tends to bypass the curled edge. Thus, double point loaded specimens 
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tend to break under one of the upper pins, where curling is less pro 
nounced, while the single point fracture veers off froma transverse line 
. at the edges. These ductile fracture tests are illustrated in Fig. 9a by 
Fens 











pes the double point 1100°F, and single point 1300°F. curves, and in 
yee Fig. 9b by the single point 900 °F. curve. With slightly less ductility, a 
r : piece breaks out of the c« mmpression surface after considerable bending 
— This is exemplified in Fig. 9a by the double point 700 °F. and single 
3 Be: point 1100 °F. curves, and in Fig. 9b by the single point AO curve. 







With high ductility, the specimens do not break within the limits of 
the jig (0.5 inch deflection ), but are plastically deformed into the shapes 
shown in Fig. 8a. Such tests are shown in Fig. Ya by the double point 
1300 °F. curve and in Fig. 9b, by all the double point curves plus the 
single point 1300 °F. curve. 

It should be recognized, of course, that the stress calculations ar 
necessarily quite approximate at large deflections because the simpl 
beam formulae are applicable for only limited bending. However, lik 
“tensile strength,” which is merely an engineering quantity and not a 
true stress value, it is believed that “bend strength” will provide a use 
ful and reproducible criterion for comparing materials. This is partic 
ularly true when conversions such as Figs. 15 and 16, to be described 
are available to translate the data to more familiar terms. 
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Representative Bend Test Fractures. Fig. 7a—Top (compressive) surfaces of low 
tility fractures. Front: Single point loaded 07 specimen at Rockwell C.-®-* Rear 
ble point loaded 07 specimens at Rockwell C.-*-*® Fig. 7b—Bottom (tension) surfaces 
luctile fractures. Front: Single point loaded Sl specimen at Rockwell C.-*-° Rear: 

Double point loaded 07 specimen at Rockwell C.-*:! 


he appearance of a maximum stress in the curves for the ductile 
bend specimens is somewhat different from the maximum in tensile 
testing, where a visible reduction in cross section is responsible. Appar- 
ently, changes in specimen geometry at high deflections cause this 

luction in load carrying capacity in the bend test. One contributing 





TRANSACTIONS OF THE ASM 


Fig. 8—Plastic Bending of Highly Ductile Specimens. Fig. 8a—Full view of bottor 

(tension) surface. Front: Single point loaded Sl specimen at Rockwell C.-*-! Rear 

Double point loaded 07 specimen at Rockwell C.-*5-° Fig. 8b—End view of same sp 
mens, showing curl in tension surface. 


factor is the lengthening of the span as the specimen is pushed throug! 
between the fixed pins. This extension is appreciable as shown by th 
sliding marks near the ends of the specimens in Fig. 8a, and is mor 
pronounced with double point loading. Another contributing factor 
could be the aforementioned curling of the specimen, causing the neu 
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Fig. 9—Typical Stress-Strain Curves from Bend 
Tests Under Single and Double Point Loading 
(a) 07 specimens as-quenched, and tempered at 
700, 1100, and 1300 °F. (b) SI specimens as 
quenched, and tempered at 900 and 1300 °F. 


tral axis to shift during various stages of the bend, and possibly moving 
the point of maximum stress to different points along the beam length. 
In all cases, bend strength was calculated from the maximum load, 
similar to tensile strength. The double point 1100 °F. curve of Fig. 9a 
illustrates a condition in which fracture occurs after the stress has 
passed through a maximum. 

The bend test properties determined for single and double point load- 
ing of each steel are listed in Table IV and V. Most values represent 
an average of ten tests. The term 30x under each property statistically 
indicates the reliability of the measurement. Specifically, it means that 
a repetition of the same tests will, 997 times out of 1000, yield a new 
average which is within + 30 of the old average. 

Duplicate testing under both loading conditions provided a compari- 
son of single versus double point bend testing for two different ma- 
terials. As indicated in Fig. 9, the stress-strain curves for both test 
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Total Deflection 


Single Point Value 


Ratio : 


Yield Strength 


Type O7 @ 4 @ «x 
Type SI oO 4 


35 40 45 SO 55 60 65 70 


Hardness - Rockwell “C 


Fig. 10—-Ratios for Conversion of Single Point to Double 
Point Bend Test Properties. Values obtained by using both 
loading methods on identical specimens of 07 and S| steels. 


methods nearly coincide up to maximum stress, and the major differ 
ence lies in the amount of deflection or strain occurring beyond this 
point. | 

To more closely compare the two methods of loading, corresponding 
properties obtained from identically hardened specimens in Table IV 
and V were calculated as ratios of double point to single point values 
and plotted against hardness in Fig. 10. For both yield and bend 
strength, there was no significant variation with the steel but the method 
of loading introduced a slight but consistent difference in strength 
Over most of the hardness range, the yield strength determined by 
double point loading averaged about 10% lower than that determined 
by single point loading. Above Rockwell C-60, this difference appears 
to increase to 20-30%. With bend strength, the effect reversed, giving 
double point values that were about 10% higher than single point 
values. A downward trend in the ratio above Rockwell C-60 again tends 
to appear. 





BEND TESTS ON TOOL STEELS 


Hordness 


Strength - !O00 psi 


Yield Strength 


Type O7 Steel 
Double Point Loading , 
' . 7 


4’ 
/ 


4 


+ 


- inches 


Total Deflection 


Deflection 


Plastic Deflection 


200 400 600 800 1000 1200 1400 
Tempering Temperature - °F 


Fig. 11-—Effect of Tempering on the Double Point 
Bend Test Properties ot 07 Steel. Specimens wert 
oil-quenched from 1600 °F and tempered 2 hours at 

temperature. 

\ comparison of single and double point deflection values was limited 
to 07 steel only, since type SI failed to break at any hardness with double 
point loading. Consequently, it is not known whether these relationships 
are independent of the material. As shown in Fig. 10, the plastic de- 
flection measured by double point loading is over two and one half times 
that obtained by single point loading, and the ratio increases slightly 
vith hardness. The ratio of total deflection is lower and decreases ap- 
preciably with hardness, approaching 1.0 at high hardness levels. Part 
of this difference in behavior may be explained by the larger elastic 

omponent of total deflection accompanying the higher yield strength 

obtaine d with single point loading. 

Che bend modulus of elasticity was found to be independent of steel 


composition or loading method within the limits of the investigation. 
( 


sae SR erie, < 


wise 


onsistently high values were obtained, averaging about 35 million, and 
his might be associated with a beam stiffening effect from curling of 
Ras 2 : ° ° . . - 
ne specimen in the elastic range. At hardnesses above Rockwell C-65, 


1 
; 


? 


, bend modulus showed a sharp decrease to more normal values 
round 32 million. 
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Fig. 12—-Effect of Tempering on the Single Point 

Bend Test Properties of Sl Steel. Specimens wer 


oil-quenched from 1650 °F and tempered 2 hours at 
temperature. 


Turning to the effect of tempering temperature on the bend test 
properties of the two steels, only the optimum loading method for eac! 
steel will be considered for sake of brevity. In Fig. 11 are compiled 
summary curves for type 07 tested by double point loading, while Fig 
12 shows similar curves for the single point loading of type SI steel 
When comparing these figures, it must be kept in mind that the yield 
strength for 07 is about 10% low, the bend strength 10% high, and th 
plastic deflection about two and one half times that which is obtained 
when it is tested under the same loading conditions as Sl. 

Similar to high speed steel, 07 exhibited relatively low yield and 
bend strength, in addition to poor ductility (deflection), in the as 
quenched condition (Rockwell C-67.5). This is attributable both to 
residual quenching stresses and retained austenite. In medium allo) 
steels, the latter usually does not fully transform to bainite until temper 
ing reaches 500—600 °F. All properties gradually improved with temper 
ing to achieve maximum strength and moderate ductility after tem 
pering at 600°F. to Rockwell C-59. Further tempering to lower 
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ness sharply increased the ductility while decreasing the strength, 

e usual manner for low and medium alloy steels. 
s| steel (Fig. 12) differed considerably from 07 in that it displayed 
imum bend strength with relatively good ductility in the as 
nched condition (Rockwell C-59). This is apparently associated 
th the good as-quenched properties of low-carbon martensite (9). On 

\pering, the bend strength decreased steadily while the yield strength 

proved slightly to peak at about 600 °F. (Rockwell C-53) before 
ecreasing. Again the improvement in yield strength might be attributed 

transformation of retained austenite to bainite at 500—000 °F. The 
ss in ductility in the 500 to 700 °F. range is quite pronounced and is 
lieved to be the “500 °F. embrittlement” frequently observed in me- 
lium carbon structural steels tempered at this level. Note that the 
astic deflection does not recover its original as-quenched value until 
empering is carried beyond 800 °F. (Rockwell C-50). 

\ relationship between bend yield strength and hardness, similar to 
the aforementioned hardness-tensile property relationships ( ig, 5 a 1S 
reproduced in Fig. 13 (8). On this curve are plotted all of the double 
point bend yield strengths obtained in this investigation and in an earlier 
study of Tl and M2 high speed steels. It is notable that four such 
widely different compositions, ranging from low to high alloy and 
medium to high carbon contents, should tend to follow the same curve. 
lhe dotted lines extending downward from the curve indicate where 
ach steel is under-tempered with respect to residual stresses and re 
tained austenite. Thus, each composition has a certain limiting tempered 
hardness for maximum yield strength, and tempering to still higher 
hardness results in a deterioration in this property. Similar behavior 
has been observed in tensile testing and extensively discussed in recent 
papers (7,10). 

Curves similar to Fig. 13 offer a useful tool in the development of 
high strength steels. They not only pinpoint the optimum heat treated 
hardness for maximum strength from each composition but also com- 
pare compositions in their strength—achieving potential. For example, 
he bend yield strength of SI is limited to a maximum of 290,000 psi at 
n optimum hardness of Rockwell C-54, whereas 07 can reach 360,000 
psi at Rockwell C-61, and high speed steels can achieve 450,000 psi at 
Kockwell C-64. 

\nother major criterion in evaluating steels for high strength appli- 

tions is ductility. In Fig. 14 plastic deflection is plotted against hard- 

‘s for the three steels that fractured under double point loading. The 
luctility decreases in proportion to hardness quite uniformly for the 

ree high carbon steels shown. However, M2 and 07 appear slightly 

iperior to Tl below Rockwell C-59. Type Sl, which is limited to Rock- 
ell C-54 for maximum strength, failed to break at any hardness under 
uble point loading and therefore would give values above this plot 
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Fig. 13—Consistent Relationship of Bend Yield Strength to 

Hardness for Two Medium Alloy and Two High Speed Tool 

Steels. Dotted lines indicate where each steel is undertempered 
for its composition. 
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Fig. 14—Relationships Between Bend Plastic Deflection and Hardness for 
Three Tool Steels. 
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reater than 0.400 inches). Intermediate compositions might be ex- 
ted to provide higher strength than S1 with better ductility than 07. 
BEND: TENSILE RELATIONSHIPS 


By plotting tensile and bend strength properties on the same scale 
inst hardness, it was possible to develop ratios for these values simi 
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rresponding Tensile Properties. Values calculated from working plots 
of Sl and 07 tensile and bend properties against hardness 
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Fig. 17—-Effect of Hardness on Energy Absorbed Durin 


Tensile and Bend Testing of SI Steel. Values calculated fron 


areas under stress-strain curves. 
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Effect of Hardness on Energy Absorbed During Tensile and Bend Testit 


ot 07 Steel. Values calculated from areas under stress-strain curves 
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to those already discussed for single and double point bending. The 
sulting relationships, shown in Fig, 15, offer ready conversion from 
nd to tensile properties. The freedom of the bend strength-tensil: 
ength ratio from much hardness or composition dependence, even 
low hardnesses where extensive bending occurred, lends credence 


the use of bend strength as an engineering property despite the un 


ertainty of the true stress calculation. Over the entire range, Rock 

| C-30 to C-55, tensile strength is equivalent to 45-50% of the bend 
trength. 

For the yield strength comparison, bend yield strength, being meas 
ured as the first deviation from a straight line, appeared to be most 
losely akin to tensile proportional limit. As shown in Fig. 15, tensile 
roportional limit averaged about 72% of bend yield strength over the 
hardness range investigated. From the tensile data on 07, Sl, and H11, 
the proportional limit averaged about 82% of the 0.2% offset yield 
strength. Combining these two relationships, the tensile yield strength 
(0.2% offset) then equals approximately 88% of the bend yield 
strength. 

For the above relationships, values from double point loading were 
employed because that method is best adapted to the high hardnesses 
where tensile testing is unsatisfactory. Single point bend data can, of 
course, be converted to tensile properties by simply using Fig. 10 to first 
convert the single point results to double point. 

In considering ductility relationships, bend plastic deflection, being 
a function of the elongation of the bottom surface fibers, appeared to 
offer the best possible correlation with tensile elongation. Fig. 16 shows 
this relationship for single point loading of 07 and SI steels, and double 
point loading of 07. The single point curves show appreciable freedom 
trom composition dependence, despite the difference in hardness ranges 
and excess carbides in the steels, and should be useful for approximate 
conversions. Additional data are necessary to ascertain if the double 
point relation similarly holds for various compositions. 

iy measuring the areas under the stress-strain curves, both tensile 
and bend, the energy absorbed during testing could be evaluated as 
a relative measure of toughness. These values are plotted against hard 
ness for Sl steel in Fig. 17 and 07 steel in Fig. 18. As before, the bend 
test clearly magnifies the values obtained for greater sensitivity of 
measurement. With the SI steel, the sharp dip in energy values at Rock 
well C-48 to C-56 corresponds with the decrease in ductility in the 
500-700 °F. range. The tensile energy shows a similar reduction but 
it is not known if a similar recovery is obtained at higher hardnesses. 
‘or type 07 steel (Fig. 18), the tensile energy appears to decrease 
steadily with hardness, whereas both single and double point bend ener- 
gles remain quite constant up to Rockwell C-50 to C-55 before dropping 
tf at higher hardness. 
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SUMMARY 


Two tungsten-chromium tool steels of medium and high carbon con 
tent, types Sl] and 07, were tested in tension and bending (single and 
double point loading) to establish the following preliminary relation 
ships: 


1. In the hardness range Rockwell C-30 to C-55, tensile strength 
is equivalent to 45-50% of double point bend strength, independent 
of composition for the steels studied. 

2. In the same hardness range, tensile proportional limit is approxi 
mately 72%, and 0.2% offset tensile yield strength is about 88%, of the 
double point bend yield strength. 

3. A ductility relationship between elongation from tensile testing 
and plastic deflection from bend testing is graphically presented (Fig. 
16). 

4. Yield and tensile strengths for the above tool steels, plus an addi- 
tional H11 hot work die steel, show close agreement to the Janitzky- 

Saeyertz strength versus hardness relationship for low alloy SAE steels 

5. A similar plot of bend yield strength versus hardness for the above 
steels plus two high speed steels ( Fig. 13) indicates the effect of com- 
position on the maximum strength attainable by heat treatment. This 
method of testing and plotting offers a useful tool for the development 
of high strength steels. 

6. A slight, but consistent decrease in the tensile modulus of elasticity 
was observed in three tool steels as the hardness was increased from 
Rockwell C-28 to C-58. 

7. The characteristics of single and double point loading in the bend 
test have been investigated for both low and high ductility materials, 
and various conversions are presented. With decreasing ductility of the 
material, it is suggested that the test method be changed in the following 
sequence for maximum sensitivity of property measurement: tensile, 
single point bend, double point bend. 
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DISCUSSION 


Written Discussion: By Henry Hubbell, chief metallurgist, The Fafnir Bearing 
Company, New Britain, Connecticut. 

[his paper makes a valuable contribution to the field of physical testing of hard 
steels, a field in which there is an urgent need for more information. The bend 
test is a particularly important method for testing hard steels because it 1s a sen 
sitive test performed on specimens that are relatively easy to manufacture. 

Data on scatter are given for bend test results but not for tensile tests. It would 

interesting to see a direct comparison of the scatter in results obtained by bend 
and by tensile test, using the same materials, and particularly the same degree 

f care in preparing samples and performing the tests on a statistically adequate 
number of specimens. 

No particular reference is made to any inspection for grinding damage. Because 
in this test the maximum stress is on the surface, the “extreme fiber” being the 
material tested, we wonder if some check on grinding was made, such as nital 
etching to reveal local tempering. 

During an investigation of the properties of a chromium tungsten hot work 
steel, using 0.142 x 0.500-inch specimens, we found a pronounced decrease in prop- 
erties at a hardness of Rockwell C-60 when material from inch thick sleeve forg 
ings was bent transverse to the rolling direction. Fracture strength dropped from 
$80,000 psi. to 387,000 psi. and deflection at fracture from 0.126 to 0.084 inch. 


Moreover, all of 250 specimens cut from sleeve forgings and bent transversely 
broke on bending, whereas 15 out of 85 specimens manufactured from small rolled 


tock did not break when deflected about 0.150 inch, the limit of our equipment. 
Since many tools are substantially larger than the bend test specimens, and are 
tressed transversely in use, caution seems indicated in applying data obtained 
om small samples. However, because of the ease of preparation of the bend 
t specimens, large parts can be sectioned and the material tested in any direction 
more easily than by tensile testing. It is hoped that the authors will extend 
eir efforts in this direction, and thus provide valuable information on effect of 
rging reduction and flow, as applied to hard tool steels. 
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Written Discussion: By Floyd R. Anderson, chief metallurgist, Gardner-| 
Company, Denver. 

Use of the bend test for developing significant strength values in highly 
ened steels is a valuable tool to anyone attempting to measure progress iy 
viding materials better able to withstand the ever increasing stresses of | 
loaded machine parts. Tests made to develop the data used in Grobe and R: 
paper “The Bend Test for Hardened High Speed Steel” published in 1948 wag 
extensive and beautifully done, bringing to the fore the enormous strength values 
actually available in highly hardened steels. Their work and that of other inves 
tigators has, logically, pointed to the need for correlation between bend test results 
and those of the conventional tensile test. 


if 


The work done by the authors in this direction is of necessity confined to hard 
ness values not over Rockwell C-54 on the tensile tests. This is due to the short 
comings of the tensile test as pointed out in the introduction, i.e., misalignment. 
surface imperfections and small plastic deformation, all of which produce excessive 
scatter in results. One cannot help but reflect on the weaknesses which are in- 
herent in either method when it is learned of the much higher strength values 
shown in the testing of metal whiskers and filaments of micro-size. With this in 
mind, point 7 in the summary might be extended to include other methods whic! 
may more closely approach true tensile strength values of metals. 

In the discussion by Zmeskal of the 1948 paper, he states that higher bend 
strength values are shown by specimens having a circular cross section. This 
seems logical since maximum stress is located at a point on the surface of a 
cyclinder, not an irregular surface on the under face of the rectangular specimen 
As such it is not as subject to the “stress-raiser” effect of the sharp edge corner 
of the rectangular specimen and the more complex system of multi-directional 
stresses at the corner. It is believed evident that the curling of the under face 
of the low hardness specimen and necking of the tensile specimen is but a reflection 
of the state of multi-axial stress which complicate and detract from the true 
strength value. 

While tensile and bend test values may reproduce conditions of actual service, 
the philosophy of testing involves elimination of extraneous variables to the fullest 
possible extent through use of refinements, such as: care in grinding to avoid 
surface tempering or stressing, elimination of decarburization, care in loading, etc. 
These refinements are intended to more closely approach par. Does not the same 
reasoning point to the worth of considering the round specimen for bend testing 
in place of the rectangular one? Such questions are easily asked but it remains 
for the patient and expert investigator to provide the data and analysis by which 
progress is made. The present authors have contributed much and it is hoped they 
will continue this interesting and valuable work. 


Authors’ Reply 


The authors wish to thank Messrs. Hubbell and Anderson for their interesting 
and stimulating discussions, which provide a valuable addition to the paper. 

A statistical comparison of the scatter from tensile and bend tests would indeed 
be interesting. Unfortunately, as Mr. Hubbell indicates, the usual tensile testing 
in triplicate yields too few data for satisfactory statistical analysis. The 3o. method 
that was used for the bend tests is misleading with fewer than about 10 specimens 
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is a “Student’s ‘t’ Distribution” applicable to smaller numbers but it gives 

ely broad statistical limits with three specimens. 

.dingly, a comparison can be made only in a qualitative way. With the S1 
triplicate tensile tests at high strength levels gave values that fell within 1% 
e average for yield and tensile strengths, while elongation and reduction of 
howed much wider scatter with deviations of 10 to 25% from the average 
high strength tensile testing in general, however, occasional high or low 
; may fall considerably outside these limits to give a low confidence level to 
timate. By comparison, the 30 limits (99.7% confidence in the average) for 

bend test lay within about 1 to 5% of the average for yield and bend strengths, 
> to 10% of the average for total and plastic deflection when S1 was tested in 
ame hardness range. Thus, bend testing appears to provide more reliable 
tility measurement, while strength values can be determined with about equally 
| accuracy by either method. 

(he importance of the bottom surface fibers, emphasized by Mr. Hubbell, was 

rly recognized in our bend testing program, and a closely supervised procedure 

followed during specimen preparation. After heat treatment with the tension 
ide up, 0.015 inch grinding stock is removed in steps of 0.0005 inch (0.0002 inch 
for the final 0.001 inch), the wheel is frequently dressed, and grinding is inter 
rupted frequently enough to keep specimen temperature below 120 °F. Micro 

ructural checks have never revealed grinding damage using this procedure 

\ir. Hubbell’s data on transverse testing of sleeve forgings provided an interest 

g addition to the paper. The effect of section size, forging reduction, and speci 

‘rientation is high on our list of future bend test programs. 

\Mir. Anderson’s argument for a cylindrical bend test specimen is well taken. 
lhe cylindrical specimen would probably provide more accurate ultimate strength 
neasurement by involving a line, rather than a surface of maximum stress. The 
rectangular design was adopted primarily for simple and inexpensive specimen 
reparation. As such, it has given excellent comparative, although not absolute, 
values for the strength and ductility of various tool steels. 

\ctually, in interpreting the data, we prefer to concentrate on bend yield 
trength (more correctly, proportional limit), which is measured before any 
plastic deformation or extensive bending has taken place, and, therefore, is a 
tairly true stress value. Bend ultimate strength, like tensile strength, is strictly an 
ngineering value for material comparison, and does not represent a true stress 
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to inaccuracy of calculation. This inaccuracy enters with plastic deformation 
t the outer fibers, when the stress distribution departs from a linear increase with 
ance from the neutral axis, as required by the formula, and instead rises 
rapidly near the axis, levelling off beyond. Thus, the true stress in the outer 
bers should be considerably smaller than that calculated as bend ultimate 
trength. Perhaps the higher values of ultimate strength from a cylindrical speci 

might be partially attributable to an alteration in this stress distribution, with 


rresponding change in the calculation error. 


‘ 





TRANSFORMATION KINETICS OF URANIUM. 
NIOBIUM AND TERNARY URANIUM. 
MOLYBDENUM-BASE ALLOYS 


By R. J. VAN THyYNE AND D. J. MCPHERSON 


Abstract 

Transformation kinetics of the gamma solid solution of} 
U-Nb, U-Mo-Nb and U-Mo-Pt alloys were studied. Metal- 
lographic, resistometric, x-ray diffraction and hardness tech- 
niques were employed to investigate transformation. En- 
capsulated samples were solution treated at 1000 or 1050 °C 
(1830 or 1920°F ), quenched to and annealed at tempera 
tures between 000 and 300°C (1110 and 570°F). In the 
U'-Nb system the body-centered cubic gamma solid solution 
decomposes to form orthorhombic alpha-uranium and an 
other niobium-rich gamma phase. The gamma phase of the 
U'-Mo alloys decomposes eutectoidally to form alpha and 
epsilon, an ordered structure. 

The nose of the TTT curve for the U-10 weight % Nb 
composition occurs at about 550 °C (1020 °F ) and 0.2 hour. 
Minimum times for transformation were longer for the 
other alloys. Annealing times up to 2000 hours were em- 
ployed, since long times were required to initiate trans- 
formation at temperatures below 400°C (750°F). Alloy 
content had a pronounced effect upon the transfor mation 
kinetics, generally stabilizing the gamma phase. (ASM- 
SLA Classification: M24, U, C6, Mo) 


INTRODUCTION 


HIS IS the second of two papers reporting on the transformation 

kinetics of gamma phase uranium-base alloys. The first publication 
dealt with U-Mo alloys (1).' In addition to U-Mo-Nb and U-Mo-Pt 
compositions, U-Nb alloys are described herein. Similar to U-Mo com- 
positions, niobium additions allow the high temperature gamma phase 
to be retained to room temperature by water quenching. 

In the U-Mo system the gamma phase undergoes a eutectoid decom- 
position at about 575°C (1070°F) forming alpha-uranium and ep- 
silon, an ordered phase. The U-Mo phase diagram has been presented 
in the previous paper (1). The phase diagram of the U-Nb system illus- 
trated in Fig. 1 shows that the gamma phase decomposes monotectoid- 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-eighth Annual Convention of the Society, 
held in Cleveland, October 8 to 12, 1956. Of the authors, R. J. Van Thyne 1s 
assistant supervisor, Reactor Metallurgy, and D. J. McPherson is assistant 
manager, Metals Research Department, Armour Research Foundation of Illinots 
Institute of Technology, Chicago. Manuscript received April 2, 1956. 
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(eutectoidally) near 650°C (1200°F) (2). At the monotectoid 
remmperature, gamma containing approximately 5 weight % niobium 2 
imposes into alpha-uranium and another gamma structure contain 
about 60% niobium. Niobium is relatively insoluble in the ortho 
mbic alpha phase. 
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Fig. 1—The Uranium-niobium System 


EXPERIMENTAL PROCEDURE 
\ complete description of the preparation of alloys, annealing treat- 
ments, metallographic, x-ray diffraction, and electrical resistivity tech- 
niques has been included in the companion paper. Only information 
particularly pertinent to the alloys under study will be detailed here. 


Preparation of Alloys 


Che alloys were prepared with natural derby uranium. Cleaning of 
the uranium stock was accomplished in dilute nitric acid. High purity 


\ll compositions reported herein are in weight ‘ 


c 





578 TRANSACTIONS OF THE ASM 


commercial grade alloy additions were employed and the n 
purities are as follows: 


Alloy Addition Nominal Purity (% ) Supplier 


Uranium 99.9 (Obtained from Westinghous: 
Power Div.) 

Molybdenum 99.9 Fansteel Metallurgical Corp. 

Niobium 99.5+- Fansteel Metallurgical Corp. 

Platinum 99.9 Goldsmith Bros. 


High melting temperatures were involved with 10 and 20% niobiy 
alloys. The magnesia refractories employed for induction melting | 
other uranium-base alloys were not useful. For this reason, the U-N] 
alloys were arc-melted. The U-10% Nb ingots were inverted without 
opening the furnace and remelted four times. Chemical analyses ar 
shown in Table I. It can be seen that the analyses are in fair agreement. 
but homogeneity was not as good as that obtained in the preparatio: 


Table I 
Chemical Analyses of Arc-Melted Uranium-Base Alloys 


Nominal Composition Chemical Analyses (wt % Nb) 
(wt % Nb) Sample Position Heat 470 Heat 471 Heat 472 He 
10 Center top 10.26 10.20 10.37 
Center bottom 10.35 10.08 10.03 
Edge ‘‘A”’ 9.70 - 10.11 9.90 
Edge ‘‘B”’ 9.88 9.88 10.09 


Heat 397 Heat 
Center top 19.05 2) 
Center bottom 19.95 » 2 
Edge ‘‘A”’ 19.24 89 
Edge “B”’ 19.29 19 


58 


r 
) 


of other uranium-base alloys. The analyses represent worst conditions, 
as samples were taken from extreme portions of the ingots. Speci 
mens for study were taken from less extreme parts of the ingots. 

The melting of homogeneous U-20% Nb ingots was difficult. Ingots 
of varying size were prepared in the are furnace, using long melting 
times and numerous remelts. In general, the product could not be con 
sidered homogeneous. The technique finally employed was to melt smal 
25-gram 20% niobium “buttons” eight times ; these were then consol 
dated into a 200-gram ingot. Chemical analyses presented in Table | 
show that the alloys were reasonably uniform and should yield accept 
able information concerning the transformation characteristics. 

The U-Mo-Nb and U-Mo-Pt alloys were melted in an inductio! 
furnace under vacuum. Ingots weighing up to 2 kilograms were melted 
in especially high purity MgO crucibles and bottom poured into typ 
AUC carbon molds. Arc-melted master alloys containing 20% moly)- 
denum with 2.5% platinum, 3.75 and 7.5% niobium were used in th 
preparation of U-8% Mo-X compositions where X was 1% platinum, 
1.5 and 3% niobium, respectively. The chemical analyses shown in 





URANIUM-MOLYBDENUM-BASE ALLOYS 579 


[1 demonstrate the uniformity of the alloys. Prior to homo 
tion anneals, the U-Mo-X ingots were rolled 75% at 750°C 
20 °F) using a LigCO3-KeoCOs salt as the heating medium. 


Table II 
Chemical Analyses of Induction-Melted Uranium-Base Alloys 


il Composition Chemical Analysis 
(wt ) ( Location ) wi %) 


Mo-1 Pt Top centet 0.88 
Top edge 7 93 Mo-1.02 
Middle center 04 Mo-0.94 
Middle edge 7.066 Mo-0.83 
Bottom centet 7.73 Mo-0.92 
fottom edge , 

Top center 

lop edge 

Middle center 

Middle edge 

Bottom center ; 

Bottom edge XS Mo-1.65 
Top center 8 Mo-2.94 
lop edge 8.33 Mo-3.06 
Middle centet 313 Mo-3.15 
Middle edge 7.‘ Mo » 97 
Bottom center ; Mo-2.96 
Bottom edge : Mo-2.95 


Annealing Treatments 

\ll of the heat treatments were of the “‘step-quench” type. For an 
nealing, the samples were wrapped in molybdenum foil and sealed in 
\'veor tubes. The U-Mo-X alloys received a homogenization anneal of 
65 hours at 1000°C (1830°F) prior to the transformation studies. 
Coring was observed in the binary U-Nb compositions after the above 
treatment. Therefore, the binary niobium alloys were homogenized 
it 1200°C (2190°F) for 5 hours and metallographic investigation 
showed that coring had been removed. The U-Nb and U-Mo-X alloys 
were solution treated at 1050°C and 1000°C (1920 and 1830 °F), 
respectively. The maximum transformation annealing time was gen- 
erally 1000 hours. However, several U-Mo-X resistivity specimens 
vere annealed for 2000 hours at temperatures of 400 °C (750 °F) and 
elOw. 


X-Ray Diffraction Techniques 
“psilon, one of the transformation products of U-Mo alloys, reverts 
gamma upon cold working. Therefore, x-ray diffraction powder 
sainples were not employed since the filing required to produce the sam- 
removed any trace of the epsilon phase from the structure. X-ray 


t 


liffraction patterns were obtained using solid samples and a Geiger- 
unter spectrometer (x-ray diffractometer). The x-ray diffraction 
ta yielded identification of decomposition products but were not use- 
tor detection of incipient transformation. 
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DISCUSSION OF RESULTS 
U-Nb Alloys 

Metallography and Resistivity Results—As little was known of tly 
U-Nb system, samples of the 10 and 20% alloys were annealed 
various temperatures between 600 and 1200 °C (1110 and 2190 °; 
and observed metallographically. The monotectoid temperature is prob- 
ably located between 600 and 650 °C (1110 and 1200 °F), since a large 
difference was noted between the decomposition products of samples 
annealed at 600°C (1110°F) and at 650°C (1200°F) or above 
Fig. 2 illustrates the microstructure of a 20% niobium alloy, annealed 
at 750°C (1380 °F) for 90 hours and water-quenched. The structur 
is a rather surprising result of the heat treatment (y—y2). Similar 
structures were observed after annealing the 20% alloy at 650 and 
800 °C (1200 and 1470°F). Annealing the 10% niobium alloy at 
900°C (1650°F) produced a single-phase gamma structure. Th 
U-Nb alloys were solution-treated at 1050 °C (1920 °F) prior to iso 
thermal transformation treatments at temperatures between 600 and 
300°C (1110 and 570 °F). 

Metallographic results place the nose of the transformation curve 
for the 10% niobium composition at about 550°C (1020°F) and 0.2 
hour. This time is rather short compared to the data for the othe 
uranium-base alloys. Figs. 3 and 4 illustrate photomicrographs of th 
10% alloy annealed at 500°C (930°F) for 0.1 and 1 hour, respec- 
tively. The gamma phase is metastable in the former figure, but trans 
formation has initiated in the latter structure. The inclusions within the 
grains are a result of impurities. After annealing 10 hours at either 
500 or 600°C (930 or 1110 °F) the metallographically observed de- 
composition product covered the entire structure. In Fig. 5 [550°C 
(1020°F)-10 hours] no large patches of metastable gamma remain, 
although this does not necessarily represent the complete absence of 
gamma. Transformation was detected in microstructures of alloys an- 
nealed for 0.5 hour at either 500 °C or 600 °C (930 or 1110°F). 

Only a trace of the same decomposition product described above was 
observed at the grain boundaries after annealing the 10% niobium com 
position at 400°C (750°F) for 1000 hours. Careful metallographic 
re-preparation of the same sample revealed the existence of some struc- 
ture within the grains which could not be identified. With shorter an 
neals at 400°C (750°F) or long time annealing at 350°C (660 °F) 
no two-phase structures were discernible. However, the entire micro 
structures were attacked by the etchant, thus indicating that some 
change had occurred in the metastable gamma structures. 

Since the metallographic findings were ambiguous for samples an- 
nealed at 400 °C (750 °F) and below, more emphasis should be placed 
on the resistivity results for this alloy. Curves of room temperatur 
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Alloy: U-20% Nb. Treatment: 1200 °C-WQ; 750 °C-90 hours-WQ. Phase mix 
ture that probably is y + ye. Etchant: Electrolytic HeCeO.. x500 


Alloy: U-10% Nb. Treatment: 1050 °C-500 °C-O. 1 hr-WQ. Retained ° 
with impurities. Etchant: Electrolytic CeHsO7 + HNOs + HeO. x250. 


+—Alloy: U-10% Nb. Treatment: 1050 °C-500 °C-1 hour WQ. Transformation 
t the grain boundaries. Etchant: Electrolytic CoHsO7 + HNOs + H2O. x250 
Alloy: U-10% Nb. Treatment: 1050 °C-500 °C-10 hours WQ. Decomposition 


large patches of metastable y remaining. Etchant: Electrolytic HeCeO« 
HNOs + HeO. x250 
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Electrical Resistivity, Microhm-Cm. 


Solution Annealing Temperature =|050°C 
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Fig. 6—Room Temperature Electrical Resistivity Data for an 
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‘ Diagrams Illustrating Initial Resistivity Decrease for U-Nb Alloy 


resistivity versus transformation time are shown in Fig. 6. A TT! 
diagram is presented in Fig. 7 ; the data points represent transformatio! 
times to produce initial resistivity decreases. The transformation tim 
at 500°C (930°F) corroborates the metallographic results. Unlik 
the micrographic analysis, a change was noted after 2 hours at 400 °( 
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['T Diagram for a U-20 wt % Nb Alloy Illustrating Initial Metallographi 
Observation of Transformation. 


750°) and about 200 hours at 350°C (660°F). It appears that 
transformation is complete after 300 hours at 500 °C (930° F ), since 


no further decrease in resistivity results after this annealing time. Al 


though it may be unimportant, the resistivity curve for 400 °C (750 °T*) 
liffers slightly from the graphs for other uranium-base alloys in that 


it does not show an initial sharp decrease. 

lhe results of micrographic analysis of the U-20% 
llustrated in Fig. 8. Transformation times are longer than for the 10% 

mposition. The nose of the transformation curve exists at about 
C (1020°F) and 10 hours. After 1000 hours at 500 °C (930 °F), 
ihout 30% of the field in the microstructure consisted of metastable 
gamma. No decomposition was observed after a 1000-hour anneal at 
100 °C (750 °F). Unlike the other alloys investigated, some segrega- 


Nb alloy are 


ssf) 


tion was noted in the microstructures of the heat treated samples. This 
vas anticipated by the chemical analyses. 
Che effect of niobium content in stabilizing the gamma phase is 
‘early demonstrated by Fig. 7. In agreement with the metallographic 
rk, resistivity showed no transformation at 400°C (750°F) for 


the U-20% Nb alloy. 


X-Ray Diffraction and Hardness Data 
\-ray diffraction information is presented in Table III. After an- 
ling at 750°C (1380°F) for 90 hours, the 20% niobium alloy 
ired to contain gamma and also a trace of a more highly alloyed 
ma phase. This would be in agreement with the phase diagram. As 


1 ¢ 
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‘T Diagrams Illustrating Initial Hardness Change for U-Nb Alloys 


been occurring. This is probably related to the metallographic findings 
reported above and may be similar to the “distorted alpha” observed by 
other investigators (3). 

Hardness data for the 10% niobium composition are illustrated in 
lig. 9. It may be seen that a hardness increase occurs after short anneal- 
ing times and long before any precipitation is observed at the lower 
temperatures. At 300 °C (570 °F) only 2 hours is required to produce 
an increase. This may be due to a rapid pre-precipitation hardening. 
(he hardness data of Fig. 10 again illustrate the stabilizing effect of 
niobium upon the gamma phase. No hardness change was noted after 
annealing the U-20% Nb alloy at 350°C (660°F) for 1000 hours. 


U-Mo-Pt and U-Mo-Nb Alloys 


etallographic and X-Ray Diffraction Results—TTT diagrams 
graphically illustrating metallographic results for the ternary alloys 
ire presented in Figs. 11 to 13. The gamma phase transforms to a prod- 


uct of a+ e. No proeutectoid phase was noted metallographically and 


+} 


e x-ray diffraction results confirmed this. Greater accuracy is possible 
in the placement of the C-curves than would be indicated by the data 
points alone. Using the lever rule, the amounts of transformed and 
untransformed material in the microstructures are most useful for posi- 
tioning the initiation curve between data points at a particular tem- 
perature, 

(he TTT diagram for the U-8% Mo-1% Pt alloy is shown in Fig. 













TRANSACTIONS 





OF THE ASM 


x 







500 





\e) ° ° x « ” 


° Transformation 


Temperature °C 


o- Single Phase y 
X- Transformation 










Solution Annealing Temperature =|!O00°C 
| 
10 
Time in Hours 







lOO 








Fig. 11—-TTT Diagram for a U-8 wt % Mo-l wt % Pt Alloy 


Illustrating Init 
Metallographic Observation of Transformation 









SOOr 





© x 
° 
eg . 
free a > 
te © 400 
* © 
is ; 
het , t 
. ay 
one F 300 








© - Single Phase y 











x - Transformation 


Solution Annealing Temperature = |OOO°C 






10 
Time in Hours 


100 
















TTT 













Diagram for a U-8 wt % Mo-1.5 wt. % Nb Alloy Illustrating Init 
Metallographic Observation of Transformation. 


11. It may be noted that decomposition occurs after 40 hours of anneal 
ing at 400 °C (750 °F), but the gamma phase is untransformed after 


a 1000-hour anneal at 350°C (660°F). This is illustrated by the 
photomicrographs of Figs. 14 and 15, respectively. The small amount 





aah 


URANIUM-MOLYBD! 


x x 


o-Single Phase y 


x- Transformation 
Solution Annealing Temperature = |O000°C 


10 100 
Time in Hours 


[ Diagram for a U-8 % Mo-3 % Nb Alloy Illustrating 
Metallographic Observation « ansformation 


“2 
_ 


‘.s* | ° 


‘ 15 * SY AND EE ae ae 


U-8% Mo-1% Pt. Treatment: 1000 °C-+400 °C-40 hours WQ. Gamma 
and decomposition (a +e) at grain boundaries. x500. 


U-8% Mo-1% Pt. Treatment: 1000 °C-350 °C-1000 hours WQ 
Metastable yy. Impurity phase is evident, x500 
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Table IV 
X-Ray Diffraction Spectrometer Analysis of U-Mo-Nb and U-Mo-Pt Alloys 





Transformation Anneal + Phases Observed in the Decomposition P; 
Temperature (°C) Time (hrs) 
U-8% Mo-1% Pt U-8% Mo-1.5% Nb U-8% |! 
None; WQ from 1000 °C (1830 °F) ° 7 
500 (930 °F) 30 
500 100 


500 400 
500 1000 


400 (750 °F 100 
100 400 


400 1000 
350 (660 °F 1000 


300 (570 °F) 1000 


+ Solution annealing temperature, 1000 °C (1830 °F). 
"Gamma phase metastable. 


of impurity phase present is attacked heavily by the etchant. After 
annealing at 500 °C (930 °F) for 400 hours, the transformation prod- 
uct covered the entire field in the microstructure. 

Figs. 12 and 13 illustrate the TTT diagrams for the compositions 
U-8% Mo-1.5% Nb and U-8% Mo-3% Nb, respectively. Upon iso- 
thermal transformation at 500 °C (930°F), the gamma phase decom- 
posed at shorter times in the ternary alloy containing 3% niobium than 
in the composition with 1.5% niobium. However, at lower temperatures 
the gamma phase was generally metastable for longer times in the 
U-8% Mo-3% Nb composition. 

After 1000 hours at 350°C (660°F) the gamma phase was still 
metastable in all three ternary alloys. Since 1000 hours was the longest 
transformation time investigated, extrapolation of the indicated C- 
curves is of interest. It would appear from the slope of the curves that 
the gamma phase of the U-8% Mo-3% Nb alloy would remain un 
transformed for much longer times at 350 °C (660 °F) or below than 
that of the other alloys. 

The results of x-ray diffraction spectrometer analysis of annealed 
U-Mo-X alloys are presented in Table IV. After isothermal trans- 
formation at 400 °C (750 °F) for 400 hours, the U-8% Mo-1% Pt and 
U-8% Mo-1.5% Nb alloys contain a decomposition product of a+ «. 
Only the gamma phase was indicated by x-ray diffraction in the U-5% 
Mo-3% Nb composition annealed for 1000 hours at 400°C (750 °F), 
although a trace of decomposition was observed metallographically. No 
transformation was noted by x-ray diffraction analysis in any of the 
ternary alloys after annealing for 1000 hours at or below 350°C 
(660 °F). 


Resistivity and Hardness Data 
Curves of resistivity vs. transformation time similar to Fig. 6 were 
obtained for all alloys but are not shown because of space limitations. 





URANIUM-MOLYBDENUM-BASE ALLOYS 


x” 8 %Mo-|.5°%Nb 
a Ne ° 
x 


8% Mo-3%Nb 


e- 8%Mo- 1\%Pt 
O-8%Mo-|I.5%Nb 
X- 8% Mo-3%Nb 


Solution Annealing Temperature = |O00°C 


10 100 1000 
Time in Hours 


* Diagrams Illustrating Initial Resistivity Decrease for U-Mo-X Alloys 


s- 8Mo-!IPt 
Oo - 8Mo-I.5Nb 
xX - BMo-3Nb 


Solution Annealing Temperature = |OOO°C 


10 100 1000 
Time in Hours 


* Diagrams Illustrating Initial Hardness Change for U-Mo-X Alloys. 


"hese data showed that the decomposition of gamma was complete 
within 1000 hours only for the U-8% Mo-1% Pt alloy annealed at 
900 °C (930 °F). Fig. 16 illustrates the times required to produce an 
initial resistivity decrease. Transformation was observed for the U-8% 
Mo-1% Pt and U-8% Mo-1.5% Nb compositions in less than 2000 
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Table V 
Room Temperature Resistivity and Hardness Data 
for Gamma-Phase Uranium-Base Alloys 


Alloy Resistivity Hardnes 
(wt %) ( Microhm-cm. ) (VPN) 
8 Mo-1 Pt 69.0 


8 Mo-1.5 Nb 
8 Mo-3 Nb 
10 Nb 


) Nb 


hours at 350 °C (660 °F). With the 8% Mo-3% Nb alloy, 2000 | 
annealing at 400°C (750°F) was required to produce a slight r 
tivity decrease. However, transformation was obtained after a 10-hour 
anneal at 500 °C (930 °F). This represents decomposition at an earlie: 
time for the U-8% Mo-3% Nb alloy at 500 °C (930 °F) than for 
other ternary compositions, although the gamma phase is stabk 
longer times at 400 °C (750°F). This results in an almost horizont 
transformation curve as shown in Fig. 16, indicating that very long 
times would be required to produce decomposition at temperatur 
lower than 400 °C (750 °F). 

ig. 17 summarizes hardness data. As in the case of the resistivit 
data, an appreciable difference was obvious with the U-8% Mo-3% N| 
alloy. No hardness change was observed after a 1000-hour anneal 
100 °C (750 °F), although an increase occurred for the other ternat 
alloys in less than 1000 hours at 350°C (660 °F). Among the binar 
and ternary U-Mo alloys investigated, the U-8% Mo-3% Nb composi 
tion was the most stable at temperatures below 400°C (750 "I 
Metallographic and x-ray data corroborated these findings. Room ten 
perature electrical resistivity and hardness data tor the uranium-bast 
alloys are given in Table V. 


SUMMARY 

Transformation kinetics have been reported for U-Nb, U-Mo-N! 
and U-Mo-Pt alloys in which the high temperature gamma phase cat 
be retained to room temperature by water quenching. Alloys were 
pared in a non-consumable electrode arc furnace or melted and cast 
in a vacuum induction furnace. Samples encapsulated in Vycor bulbs 
were solution annealed at 1000 or 1050 °C (1830 or 1920 °F), quenched 
to temperatures between 600 and 300°C (1110 and 570 °F), and held 
for times up to 2000 hours. In the U-Mo-Nb and U-Mo-Pt compos! 
tions the transformation product resulting from the eutectoid decompo 
sition was generally a + e. Epsilon is an ordered phase, and its instabilit 
to working necessitated special sample techniques. The monotectoid (01 
eutectoid) decomposition product for the U-Nb alloys was a +} 
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thods employed to follow transformation included metallography, 
temperature electrical resistivity, x-ray diffraction and hardness. 
technique provided useful information. Pre-precipitation harden 
curred at the lower temperatures. 
nsformation is more sluggish in the U-20% Nb composition than 
he 10% niobium alloy. The nose of the TTT curve for the U-10% 
lov lies near 550 °C (1020 °F) and 0.2 hour. The minimum time 
r dec omposition is longer for the other U-Nb and U-Mo-X composi 
ns. After annealing at 500 °C (930 °F) for 1000 hours, transforma 
was complete for the U-10% Nb and U-8% Mo-1% Pt alloys. 
the lower temperatures, transformation was not complete within 
100 hours for any of the compositions. At temperatures below 400 °C 
750 °F) the gamma solid solution is metastable for the longest times 
the U-8% Mo-3% Nb and U-20% Nb alloys. No transformation 
as detected by any of the techniques in either composition after an 
ling 1000 hours at 350°C (660°F). 
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DISCUSSION 


Written Discussion: By Austin E. Dwight, Argonne National Laboratory, 
Lemont, Illinois. 
The authors have made a valuable contribution to the study of transformation 
etics in uranium alloys. The transformation kinetics studies at Argonne Na 
nal Laboratory have been directed at the U-Nb-Zr ternary alloys and the 
U-Nb binary alloys of less than 5% niobium by metallographic examination. 
lowever, some fragmentary data on an alloy of U — 10.5 w/o niobium were ob 
ed, and are presented in Fig. 18 for comparison with the authors work on the 
nium — 10% niobium alloy. Our line for beginning of transformation, though 
ited to temperatures just below the monotectoid, supplements the authors data, 


hich was obtained at temperatures of 600 °C and below. We present a typical 
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100% Transformation 


*|1% Transformation 


40 60 100 200 400 100 
Transformation Time, hours 


Some Fragmentary Data on an Alloy of U—10.5 w 
Niobium. 


Fig. 19-——Microstructure Obtained by Isothermal Transfor 
mation at 631 °C (for 44 hours) Water-quenched. x500 
Partially transformed U—10.5 Nb Alloy 


microstructure in Fig. 19, obtained by isothermal transformation at 631 °C for 


44 hours. This structure is interpreted as 15% transformed, the lamellar nodules 


being a + y niobium, and the matrix being untransformed metastable gamma 
[he authors have indicated that their x-ray diffraction results were obtained 
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x-ray diffractometer. Here at Argonne, the x-ray investigation of the 
alloys was carried out with needle shaped solid specimens approximately 
’ inch in diameter and 3/8 inch in length. These were carefully ground from 
ser section and then electropolished in a perchloric-acid bath in order to 
we the cold worked surface. It was thus possible to obtain a “powder pattern” 
the film technique which as indicated by the authors, is more sensitive than 
liffractometer for detecting small amounts of a second phase. In the case of 
uranium-niobium alloys, they were fine-grained so there was no difficulty 
spotty patterns. In most cases the diffraction patterns, which showed the 
ma phase, were sufficiently sharp to permit calculation of its parameter, which 
the most certain method of identifying yu vs yx». In some cases needle type 
imens have certain advantages over the larger specimens necessary for the 
actometer ; for example, it is possible to obtain a large number of specimens 
a relatively small amount of material; when it is desired, the maximum 
ing rate attainable during quenching is much more rapid for the smaller 
pecimens; and it is still possible to obtain a metallographic study of the same 
pecimen as used for x-ray diffraction by making the needle sufficiently long and 
en cutting a small piece from the larger end for metallographic mounting. 
Written Discussion: By A. A. Bauer, assistant division chief, Battelle Memo 
ial Institute, Columbus, Ohio. 
[his paper was read with a great deal of interest since it represents the results 
f a rather detailed study of a fairly intricate system. 
However, one point immediately grasps attention—the preparation and homog 
ation of alloys for this study. The authors have taken alloy castings and at 
tempted to homogenize them by heat treatment. Homogenization of cast structures 
extremely difficult to achieve by heat treatment alone and metallographic exam 
ition does not provide a sufficient means for evaluating such homogenization. 
he difficulty in obtaining a homogeneous structure may be expected to increase 
ith increased molybdenum content since coring during casting will be greater in 
e alloys containing higher molybdenum contents 


lt is suspected that the discrepancies between results reported here and, results 
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Fig. 21—Microstructures of Uranium—10 wt % Molybdenum Alloys During Transfo: 
mation at 500 °C. (a) 4% hr 800 °C, W.Q. 80 hr 500°C, W.Q. (b) 4% hr 800 °C, 
W.Q. 170 hr 500 °C, W.Q. (c) 4% hr 800°C, W.Q. 360 hr 500 °C, W.Q. 


reported by other investigators, where data were obtained on forged and rolled 
material, arise from this source. For instance, the authors report that the trans- 
formation structures shown for the 5.4 wt % molybdenum alloy were not ob 
served with the 10 and 12 wt % compositions. Also, the TTT diagrams indicat: 
that the initial hardness increase in the 10 wt % alloy occurs after a time in excess 
of 60 hours. Similarly, only transformation of the 5.4 wt % alloy is reported com 
plete after 1000 hours at 500.°C. 

Some electrical resistance, hardness and metallographic data obtained on 10 wt 
% molybdenum specimens transformed at 500°C are shown in Figs. 20 and 2! 
Resistance and hardness data plotted in Fig. 20 show fairly good agreement. The 
resistance measurements indicated a start and end of transformation in about 27 
and 170 hours, respectively. The difference in character between this resistance 
change curve and that shown by the author is explained by the fact that these 
measurements were made at the temperature of transformation, while those re 
ported in this paper were made at room temperature. 


Metallographic data showed good agreement with these values although the 
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Fig. 22—-Hardness Changes During Trans 


formation of Uranium—10 wt % Molybdenum 
Alloys at 500 °¢ 


indicated time for start of transformation was somewhat less. However, metallo 
eraphically the structures shown in Fig. 21 show the same type of transformation 
s reported for the 5.4 wt % molybdenum alloy. 
Some results obtained during studies of fuel alloys for the APDA ? fast-breeder 
reactor may be of added interest, since they show a rather marked dependence of 
transformation both on previous history and homogenization or solution treatment. 


Fig. 22 shows the hardness changes accompanying transformation of the 


uranium-10 wt % molybdenum alloy after various fabrication and solution treat- 
nent histories. It appears that the time required for observation of the initial 
hardness change increases with both time and temperature of the solution treat 
nent. However, the time required for peak hardness to be reached apparently 
reases with these same variables. Also it is indicated that the maximum hard- 
that is reached increases with both time and temperature of the solution 
treatment. This latter observation is readily explained as arising from increased 
nogenity and consequent refinement of the precipitating phase lamellae. 

\ very drastic increase in the rate of hardness change is produced as a result 
ld swaging the ailoy prior to solution treatment. Both the beginning and end 
hardness change occur at decreased times as the result of such treatment as 
vn by the last curve. 
licrostructural changes accompanying these treatments are illustrated in 

23. As might be expected the grain size increases with the solution treating 


Atomic . ° 
\tomic Power Development Associates, Detroit 26. 
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23—Microstructures of Uranium—10 wt % Molybdenum Alloys After Trans 
formation at 500 °C, Showing Effect of Fabrication and Solution Treatment Histor) 
(a) Fabrication: 1 hr 800 °C, W.Q. 8 hr 500°C, W.Q. (b) Forged and rolled 
1850 °F: 24 hr 900 °C, W.Q. 8 hr 500 °C, W.Q. (c) Cold swaged; stress relieved 1 | 
1100 °F: 24 hr 900 °C, W.Q. 8 hr 500 °C, W.Q. (d) Fabrication: 1 hr 800 °C, W.Q 
168 hr 500 °C, W.Q. (e) Forged and rolled at 1850 °F: 24 hr 900 °C, W.Q. 168 hi 
500 °C, W.Q. (f) Cold swaged; stress relieved 1 hr 1100°F: 24 hr 900 °C, W.Q 

96 hr 500 °C, W.Q. 
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[he time for the beginning of precipitation is also increased. How 


rate of transformation apparently is decreased, a specimen solution 


C showing, at a minimum, the same degree of trans 


rature 


the 
| for 24 hours at 900 
‘tion after 168 hours at 500 °C as a specimen solution treated 1 hour at 800 °¢ 


te the still faster rate of transformation produced as a result of cold swaging 
, it has 


\ 


e transformation is negligible in the specimen after 8 hours at 500 °¢ 
roone about 95% transformation after only 96 hours. 

pon the basis of these results it appears clear that both fabrication procedure 
solution-treatment temperature and time play a large role in transformation 
tics of this alloy. It is concluded that this dependence is assignable to different 


rees of homogenization, both with respect to composition and stress in the 


vy. and that increased homogenization decreases the total time required for the 


npletion of the transformation. 


Authors’ Reply 
he authors appreciate the comments of Mr. Dwight. As he indicates, the x-ray 
ictometer was used because of the instability of the epsilon phase to working 
sliver-type specimens offer some advantage, for they are conservative of 
y stock. We also electrolytically polished a number of specimens to remove 


lightly contaminated surface prior to x-ray diffraction determinations. Care 


IZ 


t be taken with this approach, since it was found that either alpha or epsilon 
be preferentially removed from the surface by deep electrolytic polishing. 
surface to be used for x-ray diffraction results must be carefully prepared. 


Ch 
Contamination may accelerate the transformation at the surface. However, the 
innealed surfaces of the specimens used in this investigation were quite clean 
nd correlating all data after grinding and/or polishing, it was found that no error 

as encountered by using the unprepared surface. 

Mr. Bauer’s remarks have been discussed after the next paper, since his com 


nents are similar for both papers. 





TRANSFORMATION KINETICS OF URANIUM 
MOLYBDENUM ALLOYS 


R. J. VAN THYNE AND D. J. McPHERSON 


Abstract 

Transformation kinetics of the gamma solid solution wer 
inve stigated for uranium- base alloys containing ; 5.4,8,10 and 
12 weight Yo molybdenum. The gamma phase is retained to 
room temperature in these compositions by water quenching. 
Samples were encapsulated in V ycor bulbs, solution treated 
at 1000 °C (1830 °F), quenched to and annealed at temper 
atures between 570 and 200°C (1060 and 390 °F). Tech 
niques employed to follow transformation included metal 
lography, resistivity, x-ray diffraction and hardness. A 
difference exists between the TTT curves for the same alloy 
determined by different techniques; however, this can be 
rationalized. 

The body-centered cubic gamma phase of the U-Mo alloys 
decomposes eutectoidally to form alpha and epsilon, an or 
dered structure; the eutectoid temperature is about 575 °C 
(1070 °F). The nose of the TTT curve for the U-5.4 weight 
% molybdenum composition exists at about 550°C 
(1020 °F ) and 0.1 hour. Minimum times for transformation 
are longer for the other alloys. Transformation is rather 
sluggish at the lower temperatures. For this reason, anneal 
ing times up to 2000 hours were employed. Increasing mo 
lybdenum content generally stabilizes the gamma phas 


(ASM-SLA Classification: NG, U, Mo) 


INTRODUCTION 


HE STABILITY of the high temperature gamma phase has been 

investigated at temperatures between 570 and 200°C (1060 and 
390 °F), using various techniques. The general features of the U-Mo 
phase diagram are available in the literature (1).' These data indi 
cated that a minimum existed for the body-centered cubic gamma phas¢ 
field. However, more recent work has shown that the gamma phase 
undergoes a eutectoid decomposition (2). The eutectoid point is lo- 
cated at about 11.5% molybdenum and 575 °C (1070 °F) ; the products 
are alpha-uranium (orthorhombic structure) and an ordered body- 
centered tetragonal phase (epsilon) containing about 15.5% molyb 


‘ The figures appearing in parentheses pertain to the references appended to this pape! 

A paper presented before the Thirty-eighth Annual Convention of the Societ) 
held in Cleveland, October 8 to 12, 1956. Of the authors, R. J. Van Thyn 
assistant supervisor, Reactor Metallurgy, and D. J. McPherson is assistant 
manager, Metals Research Department, Armour Research Foundation of [llino! 
Institute of Technology, Chicago. Manuscript received April 2, 1956. 
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m.* Alpha-uranium has characteristic low solubility for molyb 
um. Incorporating this information, the phase diagram shown in 
| results. 


Atomic % Molybdenum 


20 40 60 80 
10; 30 | 50 | | 90 





30 | 50 | 
20 40 60 80 
Weight % Molybdenum 


Fig. 1—The Uranium-molybdenum System 
EXPERIMENTAL PROCEDURE 


Materials 


Natural derby uranium was used as an alloy base. Some of the 
uranium was warm rolled for the preparation of melting charges. Heat- 
ng prior to rolling was done in a silicone oil bath held at 275 °C 
(525 °F). Cleaning was accomplished in dilute nitric acid. The ura- 
nium, of 99.9% nominal purity, was obtained from Westinghouse 
\tomic Power Division. Molybdenum sheet (99.9%) was produced 

l'ansteel Metallurgical Corporation. 


Preparation of Alloys 
] y ad 4 . . . = . 
lhe U-5.4% Mo ingots weighing 350 grams were melted in a non 
nsumable tungsten electrode arc furnace. A 234 inch crucible was 


a 49 3 
’ mpositions reported herein are in weight % 
g 
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employed, resulting in a “pancake” ingot approximately 4 inch | 
Power was supplied by a 600 ampere ( D.C.) motor-generator set 
furnace was hermetically sealed and evacuated to about 20 micro: 
mercury by means of a mechanical vacuum pump. The unit was fli 
with high purity helium, evacuated again and finally filled with a s| 
positive pressure of helium. As a sensitive test for possible conta 
tion, small control buttons of titanium were melted and remelt: 
the furnace. No measurable hardness increases were noted, indicati; 
that melting conditions were noncontaminating. 

To insure homogeneity, each ingot was inverted without opening 
the furnace and remelted four times. The alloy charges and resultant 
ingots were weighed. Generally, small losses were observed after melt 
ing, indicating that the actual compositions must follow the nomi: 
compositions closely. Check chemical analyses proved this to be cor 
rect. Ingots were sectioned, macroetched, and found to appear stru 
turally homogeneous. 

The U-(8,10,12)% Mo alloys were melted by a two furnace pr 
cedure. “Pancake” ingots of the correct alloy content were arc-melted 
cut in pieces, vacuum induction melted and cast. A schematic diagram 
of the induction furnace is presented in Fig. 2. Ingots were melted in 
special purity MgO crucibles and bottom poured into type AUC carbon 
molds. A magnesia splash plate used in the bottom of the mold pre 
vented carbon contamination. During melting, the temperature was 
determined by using either a platinum, platinum-rhodium thermo 
couple located in the stopper rod or an optical pyrometer sighted di 
rectly on the melt surface. Power was supplied by a 20 kilowatt high 
frequency converter. The vacuum pumping equipment consisted of ar 
oil diffusion-ejector pump (type KS-100) and a mechanical pump 
This apparatus maintained pressures below 10 microns even witl 
degassing during melting. 

Ingots weighing up to 2 kilograms were melted and cast at temper 
atures between 1350 and 1550°C (2460 and 2820°F). Alloys wer 
sectioned, macroetched, and found to be sound with the exception o! 
a few gas holes near the outer circumference. The ingots were easil) 
removed from the molds and chemical analyses indicated that the 
alloys had not reacted with the carbon. The ingots were homogeneous 
and alloy contents were very close to nominal compositions as shown 


Table I 
Chemical Analyses of Induction-Melted U-Mo Alloys 


Nominal Composition Chemical Analysis 
Heat No (wt %) ( Location) (wt %) 
516 8 Mo Top edge 8.16 M 
518 10 Mo Top edge 10.11 M 
Rottom edge 10.15 Mo 
12 Mo Top edge 11.86 M 
Bottom edge 12.08 M 
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Schematic Diagram of the Vacuum Induction Furnace 


by the analyses in Table I. The double furnace procedure is probably 


not mandatory, since similar compositions were successfully induction 


melted using a 20% molybdenum arc melted master alloy at another 
time. 


Annealing Treatments 

\ll of the annealing treatments were of the “step-quench”’ type. Be- 
ause of the reactive nature of uranium and its alloys, samples were 
vrapped in molybdenum foil and encapsulated in Vycor bulbs prior 
to heat treatment. For this reason the sample in the bulb did not reach 
e transformation temperature immediately. However, the time lag 

as very slight compared to the observed times for transformation. 
\ll alloy samples were given a homogenization anneal prior to the 
transformation studies; 65 hours at 1000 °C (1830°F) was sufficient 
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to remove the as-cast structure. The solution annealing temper 
was 1000°C (1830°F). The maximum transformation anne 
time was generally 1000 hours. However, several resistivity speci 
were annealed for 2000 hours at 400 °C (750 °F) and below. For ; 
transformation annealing treatments, the encapsulated samples 

quenched directly into lead (or lead-tin) baths, held for the de 
time and water-quenched. Because some of the annealing times 


1000 hours or longer, precision controlled furnaces were employed 


the long-time treatments. In this case the sample was quenched 

the solution treating temperature to approximately the transformati 
temperature and then inserted into the furnace. This technique 
employed to prevent a serious time lag while the specimens were reach 
ing the annealing temperature. 


Metallographic Procedure 

Samples to be examined were mounted in phenolic resin and wet 
ground with silicon carbide papers on a rotating disk. Water was used 
as a lubricant and to prevent the toxic dust from escaping into the air 
Electrolytic and mechanical methods were employed to polish the sp 
mens after grinding. The grinding procedure listed above preceded both 
techniques. For electrolytic polishing, a solution of 1 part chromic acid 
(50 gm. CrO; — 60 ml H2O) and 3 parts glacial acetic acid was used 
at 2 amperes and 40 volts D.C. for 30 seconds with a stainless steel 
cathode. 

Mechanical polishing was found to be less laborious and generally 
produced good results. The ground specimens were rough polished on 
a cotton cloth using a 9 grit medium concentration diamond abrasiv: 
with kerosene as a lubricant. Final polishing was accomplished on an 
A.B. Microcloth using Linde B abrasive. A 1% solution of hydrofluoric 
acid was used as the lubricant in this polishing operation. The acid acts 
as an etch polish and removes any flowed-metal that forms on the sur 
face. Often a desirable final etch was obtained during this operation 
by increasing the concentration of hydrofluoric acid. Two of the 
electrolytic etchants employed for uranium-base alloys are as follows: 


1. 10 gm. citric acid 
10 ml. nitric acid 
90 ml. water 
2 volt wet cell 
2. 1 part chromic acid (50 gm. CrOs 
in 60 ml H2Q) 
10 parts glacial acetic acid 
0.5 amperes at 20 volts D.C. 


The above etchants tended to stain. It was found that, for some alloys, 
a 10% solution of oxalic acid used electrolytically with a 6-volt dry cell 
gave a satisfactory etch with easy control and no staining. 
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X-Ray Diffraction Techniques 

ne ot the decomposition prt xducts of U Mo alloys ( epsilon ) reverts 

mma upon cold working. This excluded the use of powder samples 
btain x-ray diffraction film patterns, since the filing necessary to 
duce the specimen removed any trace of the epsilon phase from the 
icture. 
\ccordingly, x-ray diffraction patterns were obtained using a Geiger 
inter spectrometer (x-ray diffractometer). With this technique, 
lid samples of approximately 1 inch diameter were used. Because a 
id sample is usually coarse-grained, patterns from such specimens 
ire often somewhat faulty. To correct this situation, a specimen spinner 
as employed which rotated the sample. This greatly assisted in ob 

ining quantitative readings of intensities. Nickel-filtered copper radia 

n was used with a chart speed of % degree per minute. 

(he x-ray diffraction spectrometer is even less accurate than film 

itterns from powder samples for observing the initial appearance of 
. second phase. Any x-ray diffraction technique requires the presence 
f an appreciable amount of a phase before detection is possible. There 
fore, the x-ray diffraction results were employed to give more positive 
identification of decomposition products rather than for the detection 
{ incipient transformation. 


Resistometric Techniques 


[‘lectrical resistivity data were obtained on machined bars approxi- 


itely 0.2 inch square by 2% inch long. Measurements were not taken 
t the test temperature, but were obtained from quenched specimens at 
room temperature after the annealing treatment was completed. Several 
heat treatments were duplicated using separate samples of the same 
omposition. Test specimens were held firmly against copper knife 
lges by a spring and the resistivities were determined by the usual 
urrent-potential method, employing a standard series resistance. Po- 
‘tentials were taken with a precision potentiometer. Automobile type 
storage batteries provided a stable potentiometer and specimen current. 
in all cases the data were reproducible and the maximum experimental 
error was +0.6 microhm-cm. 


DISCUSSION OF RESULTS 


Metallographic Results 
Specimens were solution treated at 1000 °C (1830 °F) and isother- 
lly transformed at temperatures between 570 and 200 °C (1060 and 
U °F). The body-centered cubic gamma phase of all alloys investi- 
ted was retained upon water quenching from 1000°C (1830°F). 
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Temperature °C 
Ba 
oO 
oO 


© Single Phase y 
x Transformation 


Solution Annealing Temperature =|O000 °C 


10 100 
Time in Hours 


’ Diagram for a U-5.4 wt % Mo Alloy Illustrating Initial Metallographic 
Observation of Transformation. 


Metallography was found to be excellent for following transformation 
of the 5.4% molybdenum alloy as decomposition was readily detected. 


A TTT diagram based on the metallographic results is shown in Fig. 3. 
The nose of the curve occurs at about 0.1 hour and 550 °C (1020 °F) 
The gamma phase starts to decompose in approximately 2 hours at 
400 °C (750°F) and 100 hours at 300°C (570°F). No transforma 
tion was observed after a 700 hour anneal at 200° C (390° F). 

The retained gamma phase is shown in Fig. 4, and initiation of trans- 
formation is illustrated in Fig. 5. Transformation always initiated at 
the grain boundaries and not at the impurity phases within the gamma 
grains shown in the photomicrographs. A lamellar decomposition struc- 
ture is presented in Figs. 6 and 7 at different magnifications. In Fig. 8 
[550°C (1020 °F)-5 hours] no gamma is microstructurally evident, 
although x-ray diffraction studies have shown that this phase is present 
in large amounts. 

The micrograph of Fig. 9 shows the result of longer time annealing 
treatment at 550°C (1020 °F). The new features of structure may be 
a result of agglomeration of phases that had previously precipitated or 
could be a different decomposition product. Assuming the latter to be 
true, the new structure would presumably be a result of co-precipitation 
of a+. Then the lamellar product observed after short-time anneals 
shown in Fig. 7 would be y+ a. As alpha precipitates, the gamma 
phase must become enriched in molybdenum, so the problem is whether 
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+—Alloy: U-5.4% Mo. Treatment: 1000 °C-550 °C-0.1 hour WQ. Retained 4 


and impurity phases. Etchant: Electrolytic CeHsO7 + HNOs + H2O. x250. 


Alloy: U-5.4% Mo. Treatment: 1000 °C-+550 °C-0.25 hours WQ. Incipient 
formation at grain boundaries. Etchant: Electrolytic CeHsO7 + HNOs + HeO. x250 


Alloy: U-5.4% Mo. Treatment: 1000 °C—5 
decomposition of 4 


55 
y. Etchant: Electrolytic CeHsO7 + HNOs + H2O 


0°C-1 hour WQ. Additional 


x 0 


Same Sample as Fig. 6 at Higher Magnification. Lamellar structure now evident 


x750. 
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Fig. 8—Alloy: U-5.4% Mo. Treatment: 1000 °C-+550 °C-5 hours WQ. No massiv 
patches of y remain. Etchant: Electrolytic CeHsO7 + HNOs+ HeO. x250 


Fig. 9—Alloy: U-5.4% Mo. Treatment: 1000 °C-550 °C-600 hours WQ. New 


features of structure are a result of some agglomeration of the previous transformatiot 
4” a new decomposition product. Etchant: Electrolytic CeHsO7 + HNOs + H2O. x25 


Fig. 10—Alloy: U-5.4% Mo. Treatment 1000 °C-590 °C-244 hours WQ. Structur 
that appears to be a result of eutectoid decomposition although sample was anneal 
a y+a field. Identified as y-+a by x-ray diffraction. Etchant: Electr 
CeHsO7 + HNOs + HeO. x250. 
Fig. 11—Alloy: U-5.4% Mo. Treatment: 1000 °C-400 °C-672 hours WQ 
decomposition product. Etchant: Electrolytic CoHsO7; + HNOs + H2O. x250 





rt 
irtl 


Alloy: U-10% Mo. Treatment: 1000 °C—400 °C-1| 


00 hours WQ. Precipitation, 
ularly along subgrain boundaries. Etchant 


Electrolytic CeHsO7; + HNQOs + HeO 
xZ5Q. 


Alloy: U-12% Mo. Treatment: 1000 °C- 


>500 °C-1000 hours WQ. Structure 
that is typical of epsilon 


Polarized light—unetched. x250 


the other phase in the lamellar product is a molybdenum-enriched 
gamma phase or ordered enriched gamma, namely epsilon. Although 
a lamellar structure is usually indicative of a eutectoid reaction, similar 
structures have been observed after precipitation of a single phase in 
other systems. Fig. 10 illustrates a photomicrograph of a sample held 
at 590°C (1095 °F) for 244 hours. A lamellar structure is evident, 
although the sample was annealed in the y +a field. X-ray diffraction 
confirmed that the structure was y + a. Therefore, it is also possible 
that the lamellar structure shown in Fig. 7 is y + a. The very fine pre 
ipitate obtained upon annealing at 400 °C (750 °F) is shown in Fig. 11. 
Metallography was not a completely satisfactory tool for determin- 
ing the start of transformation in the alloys containing 8, 10 and 12% 
molybdenum. Decomposition was readily observed at 500 °C (930 °F) 
with the 8% molybdenum composition. After a 1-hour anneal at this 
temperature, gamma was metastable, but transformation had unmis- 
takably taken place after 10 hours. After a 400 hour anneal at 500 °C 
(930 °F) the decomposition product covered the entire microstructure. 


"he types of transformation structures previously shown for the 
>.4% Mo alloy were not observed with the 10 and 12% molybdenum 
positions. In general, only a fine precipitation occurred, particularly’ 
subgrain boundaries. This structure is illustrated in Fig. 12. 
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40 39 38 37 36 35 34 
28 (Degrees) 


Fig. 14—X-ray Diffraction Spectrometer Pat 

tern. Alloy: U-5.4% Mo Treatment: 

1000 °C-550 °C-1 hour WQ. Only y is 

detected although the microstructure showed 
that transformation had initiated. 
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40 39 38 37 36 35 34 
26 (Degrees) 


Fig. 15—X-ray Diffraction Spectrometer Pat 

tern Alloy: U-5.4% Mo. Treatment 

1000 °C-550 °C-5 hours WQ. After the 
additional annealing, a is observed. 


Temperature-time relationships for the metallographic appearance 0! 
this precipitate were similar for the 8, 10 and 12% molybdenum allo) 

Hlowever, resistivity data show that times for transformation vary tor 
the different compositions. Accordingly, the observed precipitation 
may be a result of impurities rather than a true phase change an 
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Fig. 16—X-ray Diffraction Spectrometer Pat 
tern Alloy J-§ ‘ Mo Treatment 
1(\ C3550 ; hour WO All 


phases; y, a, an , are present 
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Fig. 17—-X-ray Diffraction Spectrometer Pat 

tern Alloy: U-5.4% Mo. Treatment: 

1000 °C-550 °C-64 hours WQ. Increasing 
amount of €, 


1] 
| 


ography appears unsatisfactory for investigation of these alloys. 

(he microstructure of a 12% molybdenum alloy annealed for 1000 

urs at 500°C (930°F) (Fig. 13) is typical of the epsilon phase. A 

larly annealed sample was shown by x-ray diffraction to contain 

lon. Careful metallographic techniques are required to produce the 
ture. 
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Table II 
X-Ray Diffraction Spectrometer Analysis of U-Mo Alloys 


Transformation Anneal* Phases ( 
Cemperature rime in De 
(°C) (hrs) Additional Treatment Pr 
None; WQ from 1000 °C 


590 (1095 °F) 244 


550 (1020 °F) 
550 
550 


550 ground 


} 
50 ground 
550 168 
550 500 
550 500 electropolished 
550 500 electropolished & ground 


100 (75 - 120 
400 240 
400 455 


50 (660 °F 168 

) 360 
50 72 
168 
360 
720 


720 ground 


10 
100 
100 electropolished 
100 electropolished & ground 
400 
1000 


100 
400 
1000 


1000 
1000 


10 
100 
400 
1000 
1000 ground & electropolished 


100 
400 
1000 
1000 electri polished 


1000 
1000 
10 
100 
100 ground 


400 
1000 


100 
400 
1000 
1000 
1000 


+ Solution annealing temperature, 1000 °C (1830 °F) 
*+ phase metastable. 
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Fig. 18—X-ray Diffraction Spectrometer Pat 
tern Alloy U-5.4% Mo lreatment 
1000 °C-550 °C-64 hours WQ;_ ground 
Due to the surface grinding e has reverted t 


y. a is unaffected 


80 
tO 
60 
5O 
40 
30 
20 


10 


0 
40 39 38 37 36 35 34 
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Fig. 19—-X-ray Diffraction Spectrometer Pat 

tern. Alloy: U-5.4% Mo Treatment: 

1000 °C-+550 °C-168 hours WQ. Increased 

amount of e€ from that in Fig. 17. The diffi- 

culty in determining the absence of vy is 
apparent 


X-Ray Diffraction Results 


x 


.-ray diffraction results are presented in Table II, and photostats 
partial x-ray diffraction spectrometer traces are given in Figs. 14 


+ 
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to 19. They represent a series of annealing treatments at 

(1020 °F) for the U-5.4% Mo alloy. After isothermal transformatio 
for 1 hour, only gamma was evident, as shown in Fig. 14. Gamma ap 
a trace of alpha were the identification of the specimen annealed { 
5 hours (Fig. 15). This might indicate that alpha is a proeutectoid co; 
stituent. However, it is also possible that a + « are the initial decomp 
sition products, but that epsilon is not present in sufficient quantities 
to be detected by the x-ray diffractometer technique. As an exampl\ 
only gamma was observed in the specimen annealed at 550 °C (1020 °F 
for 1 hour using the diffractometer ; however, a film pattern of the san 
sample was identified as y + a. Similar results were obtained for speci 
mens annealed for long times at 300 °C (570 °F) ; decomposition was 
not detected using the spectrometer, but alpha was observed in film 
patterns. Nevertheless, effort was concentrated on spectrometer tech 
niques, since the work-sensitive epsilon phase could not be retained in 
powder samples. 

Because of the difficulty in determining whether the initial trans 
formation product is a or a +e, only the curve of initial decomposition 
has been shown on the TTT diagrams. Time-temperature fields of y, 
y +a, y-+a-+eanda- e could have been indicated roughly from th 
x-ray diffraction information, but it is realized that this would be quit 
inaccurate. 

After sufficient transformation has occurred, x-ray diffraction pro 
vides identification of the phases present. The important reflections 
from the planes of low indices for gamma, alpha and epsilon are shown 
in Figs. 16 and 17. For the 5.4% molybdenum alloy, the (110) gamma 
reflection occurs near 20 = 37 degrees. The four characteristic alpha 
peaks [(110),(021),(002),(111) | can be seen. When epsilon, the or- 
dered phase, is present, two peaks (220) and (202) occur. One of 
these lies at about the same 26 value as the peak corresponding to 
gamma. On the spectrometer patterns a peak was sometimes observed 
at about 20 = 36.4 degrees. It was not present if the sample was ground 
after heat treatment. Probably a result of UO on the surface of the 
specimen, it did not hinder identification of the patterns. 

After annealing the U-5.4% Mo composition at 550°C (1020 °F 
for 16 hours, the structure was identified as y +-a-+ e (Fig. 16). An 
increase in the amount of epsilon present is apparent in Fig. 17 corr 
sponding to an annealing time of 64 hours. Upon removing the slight 
surface contamination by grinding about 0.001 inch deep, the epsilon 
reverted to gamma as shown in Fig. 18. This parallels the results of 
other investigators (3). Apparently the slight amount of work involved 
in grinding is enough to disorder the epsilon phase, reverting it back to 
gamma. Since the x-ray beam is diffracted from only the very surtace 
of the sample, epsilon cannot be observed in ground specimens. 

The amount of epsilon increases with additional annealing at 550 °C 
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F) as shown in Fig. 19. As the peak corresponding to gamma is 
rimposed on an epsilon peak in the spectrometer traces, it is diffi 
to determine when gamma is consumed and only epsilon remains 
end of decomposition can be estimated by observing when no addi 
| changes occur in the two peaks upon continued annealing treat 
ts. Resistivity information to be described later provides a more 
irate method of determining the end of transformation. As shown 
ible II, a and a + e were observed after annealing the 5.4% molyb 
um composition at 400 °C (750 °F) for 120 and 240 hours, respec 

\fter a 720 hour anneal at 350°C (660°F) only alpha was 

tected. Using spectrometer techniques, no decomposition was ap 
rent after annealing at 300°C (570 °F) for 720 hours. ° 
(he x-ray diffraction samples were not ground after heat treatment 
iuse of the instability of the epsilon phase. A number of x-ray 
nples were electrolytically polished and/or ground to determine if the 
slight oxide layer resulting from annealing had an effect on the struc 
ture determination. The results are shown in Table Il. It was found 
that either alpha or epsilon could be preferentially removed from the 
surface by electrolytic polishing. Correlating all the data after polish 
ng and/or grinding, it was found that no error was encountered in 
ing the unprepared annealed surface for x-ray diffraction studies. 

Whereas the primary product observed in the 5.4% molybdenum 
lloy was the alpha phase, a +- « were generally observed simultaneously 
in the 8 and 10% alloys. For the annealing times employed, alpha was 
not detected in the 12% molybdenum composition. These results are 
in general accord with the phase diagram. lor all alloys, transformation 
was observed after a 100-hour anneal at 500°C (930°F). At 400°C 
(750 °F) a+-e were observed in samples of the 8 and 10% alloys, al 
though the gamma phase appeared to be metastable in the 12% com 
position after a 1000-hour anneal. No decomposition was found in any 
of the alloys after 1000 hours at 350 or 300 °C (660 or 570°F). 

The 10% molybdenum sample annealed at 500°C (930°F) for 
1000 hours was identified as containing a + e. It was ground 0.010 inch 
which reverted the epsilon to gamma at the surface. The specimen was 
lectropolished 0.003 inch and again identified as a+ e«. Therefore, 
003 inch was enough worked material to remove after grinding to 

etect epsilon. Also, this indicates that the structure in the interior of 
the sample was the same as that at the surface. 


Resistivity Data 


oom temperature electrical resistivity data for the isothermally 
nsformed 5.4% molybdenum alloy are presented in Fig. 20. The ini- 
tial value is an average of a number of samples that were water-quenched 
m the solution treating temperature (1000°C or 1830°F). In all 
es, data have been found to be reproducible. Transformation of the 
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Room Temperature Electrical Resistivity Data for an Isothermally 


formed U-5.4 wt % Mo Alloy 
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21—TTT Diagrams Illustrating Initial Resistivity Decrease for U-Mo Alloys 


gamma phase is accompanied by a large decrease in resistance. At lower 
temperatures the resistivity curves for all alloys show a slight rise be 
fore decreasing. This increase is about two microhm-cm. and probably 
is a result of pre-precipitation stresses in the sample. 

From Fig. 20 it appears that decomposition (y—a + e) is complete 
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rdness Data for an Isothermally Transformed U-5.4 wt % Mo Alloy 
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8% Mo 
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12 % Mo 


- 5.4% Mo 

- 8% Mo 
10 % Mo 
12 % Mo 


Solution Annealing Temperature = !000 °C 


iO 100 1\O0O 
Time in Hours 
TTT Diagrams Illustrating Initial Hardness Change for U-Mo Alloys. 
thin the times employed at 550 and 500°C (1020 and 930 °F), as 
) further resistivity change occurs with continued annealing beyond 
hours. The resistometric technique provides the best method for 
rmining the completion of transformation. It can be seen that the 


ve for 400 °C (750 °F) has not reached a constant resistivity value 
ithin 1000 hours. 
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Hardness 


Metallography Resistivity 


Temperature °( 


0.1 10 100 
Time in Hours 


TTT Diagram for a U-5.4 wt % Mo Alloy Illustrating Initiation « 
formation as Determined by Various Techniques. 


Although not shown because of space limitations, curves of root 
temperature electrical resistivity versus annealing time were obtained 
for the other U-Mo compositions. The results showed that the resistiy 
ity had not reached a constant value (indicating that transformatio: 
was not complete) for any of the 1000 or 2000 hour annealing treat 
ments. The findings are summarized in Fig. 21 wherein the data points 
represent transformation times to produce initial resistivity decreases 
The effect of molybdenum content in stabilizing the gamma phase is 
apparent. After annealing at 350°C (660°F) for 1000 hours, th 
gamma phase appeared to be still metastable only in the 12% molyb 
denum composition. 


Hardness Data 

Vickers hardness data for the U-5.4% Mo composition were ob- 
tained on the same samples used for metallographic results. This infor- 
mation is presented in Fig. 22. At the higher temperatures, hardening 
occurs after transformation has taken place. For example, the samp! 
annealed at 550°C (1020°F) for 1 hour possesses low hardness, al 
though considerable decomposition has occurred as shown by the photo- 
micrographs of Figs. 6 and 7. The highest hardnesses were obtained 
upon annealing at 400 °C (750 °F). 

At 300°C (570°F) an increase in hardness takes place at times 
slightly less than those necessary for initiation of decomposition as de 
termined metallographically. This was also observed for other uranium 
base alloys. Apparently this effect is due to pre-precipitation hardening 





KINETICS OF URANIUM-MOLYBDENUM ALLOYS 617 


lower transformation temperatures. Little hardness change oc 

| at 200°C (390°F). 
rves similar to Fig. 22 were obtained for the U-(8, 10, 12)% Mo 
Only a slight increase in hardness was noted upon annealing the 
Mo alloy at 500 °C (930 °F). This may result from the absence 
pha from the transformation product. The times required for an 
enum generally stabilized the gamma phase, although a hardness 
hange was observed for the 12% molybdenum alloy at rather short 
nes at 400°C (750°F) and above. After 1000 hours at 350°C 
600 °F) only the 12% molybdenum composition showed no change in 
irdness. The data indicate that a discontinuous curve exists for the 
molybdenum alloy, and resistivity data also demonstrate that this 

y be true. 


nitial hardness change are shown in Fig. 23. It can be seen that molyb- 


Conclusions 
Transformation kinetics for various uranium-base alloys have been 
lescribed. Some generalizations can be drawn from this information. 
\s expected, alloy additions increase the initial hardness and resistivity 
values for the metastable gamma phase (Table III). It has been shown 
that for any given alloy and temperature level the observed times for 


Table III 
Room Temperature Resistivity and Hardness Data 
for Gamma-Phase U-Mo Alloys 


Resistivity Hardness 
(Microhm-cm.) (VPN) 


62.6 135 
66.5 260 
70.0 280 
73.2 300 


transformation vary, depending upon the techniques employed. The 


easons for this can be rationalized. However, using any given tech- 
nique, trends due to alloying are similar. It is apparent from the data 


th 


ul 


at molybdenum additions generally stabilize the gamma phase at 
ower temperatures. 

Uhe times required for transformation as determined by resistivity 
lata lag those obtained from the metallographic results. This is sraphi- 
cally illustrated for U-5.4% Mo in Fig. 24. Hardness changes for all 
ot the U-Mo compositions at 500 °C (930 °F) occurred at times longer 

in those required for the initial resistivity decrease. However, at 
ver temperatures the times required for an initial resistivity decrease 
‘ag those determined by hardness. As indicated before, this may be due 

' pre-precipitation phenomenon. 
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SUMMARY 


Ingots were prepared in a nonconsumable electrode arc furn 
melted and cast in a vacuum induction furnace. Metallographic 
temperature electrical resistometric, x-ray diffraction spectromete; 
hardness techniques were employed to study the stability of the ¢ 
phase which can be retained to room temperature by water quen 
Samples encapsulated in Vycor bulbs were solution treated at 1000 °% 
(1830 °F), quenched to temperatures between 570 and 200°C (106 
and 390 °F), and held for times up to 2000 hours. The TTT cury 
represent the metastability of the body-centered cubic gamma phas 
The transformation product resulting from the eutectoid decompositi 
of U-Mo alloys was generally a + «. Epsilon is an ordered phase, and 
its instability to working necessitated special sample handling tec! 
niques. 

In comparing the various techniques used to observe the transforn 
tion kinetics of uranium-base alloys, the following trends have beet 
noted. Where applicable as in the U-5.4% Mo alloy, metallography ay 
pears to be the most accurate method for observing the initiation oi 
transformation. Electrical resistivity results represent accurate data fo 
all alloys, although the times for initial transformation may lag thos 
obtained from metallographic results. Resistivity measurements pr 
vide the optimum method for determining the times required to com 
plete the transformation of the gamma solid solution ; the end of trans 
formation is taken as that time after which no further resistivity chang 
occurs. Although not sensitive to initial amounts, x-ray diffractior 
provides the most definite identification of transformation products 

Hardness increases were observed at 500°C (930°F) only after 
appreciable decomposition had occurred, while at 350 and 300°C 
(660 and 570 °F), hardness increases were noted before transforma 
tion could be detected by any other technique. This probably results 
from a pre-precipitation hardening and would represent a physical 
property change before actual observable phase transformation occurs 

The quantitative TTT relationships for a given alloy varied depend 
ing upon the technique employed. However, consistent trends were ob 
served. Comparisons of alloy kinetics based on any one method always 
indicated the same compositions to be most stable. Increasing molyb 
denum additions stabilize the gamma phase in these alloys. The nose of 
the TTT curve for the U-5.4% Mo alloy lies near 550°C (1020°F 
and 0.1 hour. The minimum time for decomposition was longer for all 
other compositions. After annealing at 500°C (930°F) for 10UU 
hours, transformation was complete only for the U-5.4% Mo alloy. At 
400 °C (750°F) and below, transformation was not complete with 
1000 hours for any of the compositions. 
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DISCUSSION 


Written Discussion: By M. L. Picklesimer, senior metallurgist, Metallurgy 
n, Oak Ridge National Laboratory, Oak Ridge, Tennessee. 
paper demonstrates in an admirable fashion the difficulties involved in 
ng the TTT diagrams obtained by one technique with those obtained by 


writer was somewhat surprised by the photomicrograph of Fig. 12 in the 
mn the U-Mo alloys since, in some work performed last year by the writer 
the U-Mo alloys, no difficulty was found in observing pearlitic growth at 500 
950 °C for both the 7 and 10% molybdenum alloys. For the U-7%Mo alloy, 
the transformation product was, at 550 °C, 5% pearlitic in 30 minutes, 15% in one 
ir, 50% in 1% hours, and 90% in 2 hours, and at 500 °C was 60% in 30 minutes 
0% in 2 hours. No measurements were made on the U-10%Mo alloy al 
ugh pearlitic transformation was observed. However, graphite melted depleted 
ium was used for melting stock, with UC particles present in the micro 
ture and molybdenum sheet of 99.9% purity used for the alloying material. 
irbide particles were evident in the U-Mo alloys made from this material. 
quite possible that the presence of approximately 300 ppm carbon, 500 ppm 
ind 250 ppm silicon in the uranium melting stock caused the observance of 
pearlitic transformation product in the U-10%Mo alloy and speeded up the 
formation rate in the U-7%Mo alloy. 
e point at 500 °C and 10 hours in the metallographic TTT diagram for the 
Mo-3%Nb alloy sufficiently reproducible to justify drawing the curve as 
rently as it is from that for the U-8% Mo-1.5%Nb alloy? 
Written Discussion: By A. A. Bauer, assistant division chief, Battelle Memorial 
tute, Columbus, Ohio. 
same comments made in the previous discussion on homogenization of 
im-molybdenum alloys applies to the results described in this paper with 
t to the uranium-niobium alloys. 
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Coring has been found to be much more severe in cast uranium-niobir 
than in uranium-molybdenum alloys. A glance at the uranium-niobium 
tional diagram indicates that heavy coring may be expected as a result of + 
range between liquidus and solidus, with concommitant wide compositio: 
in the alloys. It is doubtful that heat treatment alone could produce a 
geneous alloy in any practical time of treatment. 

One would suspect therefore that the results reported may not be dir: 
plicable to fabricated material where greater homogeneity may be expect 


Authors’ Reply 


We thank the discussers for their interest in and contributions to thi 
Mr. Picklesimer is correct in that the descriptions of the photomicrographs 
omitted in the preprint, although they were submitted with the origina! 
script. This omission has been corrected in the Transactions. The mag 
of the photomicrographs is x250 except for Fig. 7 which is x750. 

The specimen shown in Fig. 12 is the U-10% Mo alloy transformed at 40 
(750 °F) for 1000 hours. Also, no pearlitic structure was observed metallograp| 
cally upon annealing this composition at 500°C (930°F) for 10 hours 
“feathery” bainitic structure was obtained after longer annealing times at 50 
(930 °F). For the U-8% Mo composition, the bainitic type of decomposition 
observed at 550 and 500 °C (1020 and 930 °F). The gamma phase was metastal 
after annealing 1 hour at 500°C (930°F), but a trace of transformation product 
was detected after 2 hours at this temperature level. 

In answer to the last question, there are numerous reproducible data t! 
allow the TTT diagrams for the U-Mo-Nb alloys to be drawn as shown. U; 
annealing at 500°C (930°F) for 10 hours, the gamma structure was metastal 
in the U-8% Mo-1.5% Nb alloy, although 15% transformation was detected 11 
the sample containing 3% niobium. Other data confirm this: After a 100-h 
anneal at 500°C (930°F), 25 and 100% transformation was observed 1 
alloys containing 1.5 and 3% niobium, respectively. At 400 °C (750 °F) there is 
reversal and the U-8% Mo-3% Nb composition is more stable. After 1000 hour 
at 400 °C (750 °F), the amount of decomposition observed metallographically | 
50 and 10% in the alloys containing 1.5 and 3% niobium, respectively. The othe 
results corroborate the metallographic findings. 

Mr. Bauer has indicated the importance of starting work with homogeneous 
alloys. Careful homogenization studies were performed before this investigatiot 
was begun. For lack of a better method, metallographic examination was us 
for evaluation. Coring was a problem with all of the alloys, although it was pat 
ticularly pronounced in the U-Nb compositions. 

It is undeniable that working will provide a driving force to increase the rat 
of homogenization. However, the temperature is the most important parameter | 
effecting diffusion. Hot working followed by a 900°C (1650°F) anneal is | 
necessarily more useful in removing coring than the direct annealing at 1200 
(2190 °F) of cast samples. A limited investigation has been performed on wroug! 
U-10% Nb material, although not reported in this paper. Cast samples we! 
cold rolled various amounts and annealed for 24 hours at 900 °C (1650 °F). It) 
found that after annealing, the material rolled 10% was cored but the specimet 
rolled 20% were homogeneous. Metallographic analysis showed that an u! 
solid solution was obtained upon annealing the cast material at 1200 °C (2190 ° 
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ome coring was detected after hot working and annealing 
for 1 hour. 
licated difference in the transformation behavior is not necessarily duc 


sitional variations. The effect of solution annealing temperature (and 
changes in grain size) have been pointed out in the discussion. In ad 
he impurity level might be quite different as a result of variations in start 


rials or melting practice. The most important experimental variable was 


tioned by the discussor. Direct “step quench” treatments were employed 


authors’ work and quench and reheat treatments were used by Mr 
We know from extensive work with other systems that decomposition of a 


11t1 


ition is often greatly affected by this difference in thermal history. 
istivity and hardness data for the U-10% 


Mo alloy annealed at 500 °C 
have been presented in the discussion. Perhaps the most important in 


tion is the positioning of initiation of transformation at 27 hours by 


ity data. The suggested discrepancies in results do not appear too serious 
e data point for initiation of transformation is located at 25 hours in Fig. 21 
work 


been concluded in the discussion that “increased homogenization decreases 


tal time required for completion of the transformation.” Another even more 


tant conclusion is that increased homogenization increases the time required 


tiation of transformation. Since Mr. Bauer’s hardness data show an in 


after annealing times shorter than those found in this work, it might be 


d that his material is less homogeneous. However, the authors believe that 


ifterences in data are probably a result of the experimental variables outlined 





THE PLASTIC DEFORMATION OF URANIUM On 
THERMAL CYCLING 


By H. H. Cuitswik 


Abstract 

The growth of alpha rolled uranium rods on thermal c) 
cling has been shown to depend on both preferred orienta 
tion and grain size. Preferred orientation appears to be a 
necessary vandiiiian for grot wth to occur; the extent of th 
growth depends upon the sharpness of texture developed 
and the grain size. The highest growth rates occur in speci 
mens with highly developed textures coupled with small 
grain sizes. The growth rates increase with cycling level 
particularly in specimens of large grain size 

Beta treatment reduces the growth considerably but does 
not eliminate it completely. The growth increases progres 
sively with increases of reduction of area following bi 
treatment. 

Room temperature thermal expansion coefficients wer 
found to be good qualitative guides in evaluating the com 
parative growth behavior: material highly anisotropic in 
expansion grows more than material of lower anisotrop\ 
provided their grain sizes are the same. (ASM-SLA ( ‘lassi 
fication: O24, U) 

[INTRODUCTION 

HE PHENOMENON of plastic deformation occurring in non 

cubic metals such as zinc, cadmium, and tin, on repeated 
and cooling has been discussed by Boas and Honeycombe 
Microscopically, the deformations noted by these authors were in the 
form of slip lines, twins, localized distortions at grain boundaries, and 
in some instances grain boundary migrations; macroscopically, th 
deformations resulted in a roughening of the free specimen surfaces 
An example of this type of surface deformation in a rolled rod zin 
specimen that had been thermally cycled by the present author 200 times 
between 50 and 300 °C (120 and 570 °F) is shown in Fig. 1 in the as 
rolled condition and after annealing for 2 hours at 300°C (570°F 
No such deformations were noted in the cubic metals lead and alu 
minum, nor in single crystals of cadmium. Boas and Honeycombe at 
tributed the deformations to intergranular stresses arising from th 


anisotropy of thermal expansion in the crystals of noncubic metals. A 


ins 
LLItt 


he il 
(1,2,3 


| The figures appearing in parentheses pertain to the references appended to this pape! 


A paper presented before the Thirty-eighth Annual Convention of the Society 
held in Cleveland, October 8 to 12, 1956. The author, H. H. Chiswik is associat 
director, Metallurgy Division, Argonne National Laboratory, Lemont, [ilino! 
Manuscript received March 9, 1956. 
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Fig. la—Surface Appearance of Rolled Zinc Rod After 200 


Thermal Cycles Between 50 and 300°C (555 °F) x6.3. 
As-rolled. 


direct corollary of this hypothesis was the deduction that specimens 
with a strongly developed preferred orientation would be subject to a 
lesser extent of deformation than those possessing a random orienta- 
tion, since the resulting intergranular stresses would be smaller in a 
material in which the grains are aligned in a common direction. Varia- 


tions in grain size were reported to have no effect on the extent of the 
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Fig. 1b—Surface Appearance of Rolled Zinc Rod After 200 
Thermal Cycles Between 50 and 300°C. Annealed 2 hours 
at 300 °C (555 °F) before cycling. x6.3. 


intergranular deformations ; a dispersed hard second phase in the non 
cubic matrix, on the other hand, such as the SbSn compound in tin bas 
alloys, tended to restrict the process. 

A somewhat similar type of deformation was noted by Foote and Var 
Echo (4) in the early days of the Manhattan Project (1944) in alpha 
uranium, which is considerably more anisotropic in its thermal expan- 
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haracteristics than any of the metals studied by Boas and Honey 

e” Inthe course of heat treating alpha uranium rods, these authors 

| a permanent elongation or “growth” in the rolling direction of 
ods after each heating and cooling cycle; the elongations were 
mpanied by corresponding contractions in the radial directions. 
phenomenon has since been studied extensively by a number of 
nvestigators in the AEC laboratories. At Argonne, a substantial effort 

; been expended in studying the various material and process vari- 
bles that affect the growth on thermal cycling, particularly such 

riables as cycling conditions, purity, fabrication techniques, heat 
treatment, textures, and grain size. A general summary of this subject 
has been presented by the present author in collaboration with Kelman, 

layfield, and Zegler at the International Conference of the Peaceful 

ses of Atomic Energy held in Geneva in August, 1955 (9). This paper 

nfines itself to the results of a study on the effects of preferred orien- 
tation, grain size, and chemical purity on the growth process. It is to be 
hoped that the various investigators who have contributed to our under- 
standing of the dimensional instability of uranium on thermal cycling 
will cover some of the other variables in future publications. 

(hat texture or preferred orientation played an important role in 
the growth phenomenon was recognized by investigators both at Ar- 
gonne and in other AEC laboratories soon after the discovery of the 
effect by Foote and Van Echo. Kelman at Argonne noted, for example, 
that 300°C (570°F) rolled rods grew more than 600°C (1110°F) 
rolled rods and he attributed the different growth rates to textural 
lifferences ; similarly, he noted that cast specimens which were essen- 
tially random in orientation exhibited “surface roughening” on thermal 
cycling but no unidirectional growth. A direct result of these studies by 
these investigators was the development of the randomizing “‘beta treat- 
ment” described below to minimize the growth. As regards the effects 
{ grain size, however, there was generally less agreement among the 
various investigators at the time the work described in this paper was 
undertaken (1949), 


MATERIALS AND EXPERIMENTAL TECHNIQUES 
(he uranium used was 99.9+- weight % pure; the major impurity 
was carbon in concentrations ranging from 0.05 to 0.07 weight %. The 
starting material was in the form of 1-inch diameter rods that were 
rolled down to % inch diameter at 300 °C (570°F), using an oil bath 
to control the rolling temperature. This temperature was chosen for 
ling in preference to higher temperatures in the alpha phase tempera- 
lure range, since it permitted a ready and convenient method of main- 
ling a constant temperature in the material during rolling by 


ha uranium is orthorhombic; the mean thermal expansion coefficients between 
( (77 —257°F) in the three principal crystallographic directions are: 
939% 


= 21.7, atoio] = —1.5, and aro} = 2 x 10-8 inches/inch/°C (Reference 5). 
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intermittent soaking between passes in the oil bath, thereby ins 
uniformity and constancy in the resulting textures. 

To divorce the effects of texture from those of grain size, fabri 
and heat treatment procedures were devised to produce mate: 
which one of the variables remained constant and the other was mad 
to vary ina known and systematic manner. The general scheme ad pted 
was that of starting out in all cases by heating the material into th: 
beta phase temperature range, generally 725°C (1345 °F), and wate; 
quenching. This heat treatment, which will be referred to hereafter as 
“beta treatment,” randomizes the texture in rolled uranium by virtue o; 
the allotropic a= 8 transformation at 667 °C (1235 °F), although the 
extent of this randomization, as will be discussed below, is not always 
complete. The beta treatment served to remove as much as possible 
textural effects of prior rolling, thus providing a common starting tex 
ture (if any) and a common grain size prior to subsequent treatments. 
To effect variations in texture following the beta randomization treat- 
ment the material was rolled at 300 °C (570°F) to reductions in area 
ranging from 3 to 74%. To vary the grain sizes, use was made of differ 
ent combinations of room temperature critical straining, time, and tem 
perature of annealing in the alpha phase temperature range. Using 
these techniques, the following three sets of specimens were prepared: 


Set No. 1: Specimens with a constant grain size and varying re 
ductions of area following beta treatment ; 

Set No. 2: Specimens with a constant reduction of area of 70% 
following beta treatment and varying grain sizes; and 

Set No. 3: Specimens with no reductions of area following beta 
treatment and varying grain sizes. This set of speci 
mens was intended to provide material with a random 
texture and varying grain sizes; as will be discussed 
below, however, this was not entirely successful. The 
fabrication and heat treatment schedules of the various 
specimens are summarized in Table I. 


For set No. 1, the l-inch diameter rods were machined subsequent 
to beta treatment to predetermined lengths and diameters such that sub 
sequent rolling to 0.500 inches in diameter at 300 °C (570 °F) resulted 
in reductions of area ranging from 3 to 74%. The rolling at 300°C 
(570°F) was followed by a recrystallization anneal of 2 hours at 
5 °C (1060 °F). Subsequent tensile straining at room temperature to 
a 5% reduction in area followed by a recrystallization anneal of 2 hours 
at 575°C (1060°F) yielded an average grain size of 0.04 millimeters 
in diameter in all the specimens except the two that had received the 
lowest reductions in the 300°C (570°F) rolling (3 and 5%; Nos 
and 3 in Table 1) ; the grain sizes of the latter were 0.065 and 0.05 milli 
meters in diameter respectively. Specimens of this set, therefore, may 


5 
7 


5 
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Table I 
Fabrication and Heat Treatments of Specimens 
Following Randomization by Beta Treatment. 


Recrystal- Critical Straining Resulting 
lization at Room Recrystal Grain Size 
Anneal at lemperature ization (mm Avera 


‘= ™ (% ) Anneal Diameter) 
onstant Grain Size and Varying Reductions of Area 
2 hrs 5 2 hrs. at 575 
2 hrs. 5 2 hrs. at 575 
2 hrs 5 2 hrs. at 575 
2 hrs. ) 2 hrs. at 575 
2 hrs. ) > hrs. at 575 
2 hrs. 2 hrs. 3 5 
2 hrs 5 2 hrs. at 575 


( 
( 
C 
C 
C 
Cc 
Cc 


‘onstant Reduction of Area and Varying Grain Sizes 


2 hrs. None 

2 hrs 1( l hr. at 640 °C 

2 hrs. 1 hr. at 640 °C 

2 hrs. 3 1 hr. at 640 °C 

2 hrs. 2.5 l hr. at 640 °C 

2 hrs. 5 80 hrs. at 640 °C 


No Reductions of Area and Varying Grain Sizes 


None 5 1 hr. at 640 °C 
None 5 1 hr. at 600 °C 
None .9 l hr. at 640 °C 
None 5.0 1 hr. at 640 °C 
None 1 hr. at 600 °C 


be considered to be of equal grain size, 0.04 millimeters in diameter (ex- 
cept the somewhat larger grain sizes of specimens 2 and 3), and to vary 
in degree of preferred orientation to an extent corresponding to reduc- 
tions in area from 3 to 74%. 

or set No. 2, following beta treatment the rods were rolled at 300 °C 
(570°F) toa 70% reduction of area, and then recrystallized at 575 °C 
(1000 °F’). Subsequent straining 1.5 to 10% at room temperature and 
annealing for various times at 640°C (1185 °F), resulted in a grain 
size variation from 0.014 to 0.18 millimeters average diameter. 

or specimens of a random texture and varying grain sizes (set No. 
3), the material received no reductions at 300°C (570°F) following 
the beta treatment ; however, to vary the grain size, strainings at room 
temperature from 1.5 to 10% was required. Recrystallization at 600 
and 640 °C (1110 and 1185 °F) resulted in a grain size variation from 
U.03 to 0.13 millimeters average diameter. This set of specimens was 
intended to provide material with a random texture and varying grain 
sizes, but it soon became evident, however, that regardless of whether 
beta-treated material was truly random or not, even the relatively small 
room temperature strainings that were required to effect variations in 
grain size were sufficient to introduce textural effects that could be 
detected in the anisotropy of thermal expansion and the thermal cycling 
behavior, and to some extent also in the x-ray orientation studies. In 
iew of the above, this set of specimens must be viewed as representing 

iterial with a “low degree of preferred orientation,” rather than a 
random texture. 
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Thermal Cycling: The specimens were thermally cycled in a eut: 
Na-K alloy to provide good thermal conductivity and to minimiz: 
perature gradients. The Na-K alloy was contained in a vertical tyly 
furnace that provided two constant temperature zones and a constant 
thermal gradient between them ; the specimens were cycled between the 
centers of the constant temperature zones. The cycling furnace has bee 
described in detail by Mayfield and Zegler (4,6). The specimens wer 
in the form of cylinders, centerless ground to 3 inches in diameter by 
approximately 1 inch long, and were cycled between 50 and 550 °C (120 
and 1020°F) under the following conditions: 5 minutes in the cold 
temperature zone, 10 minutes in the hot temperature zone, and 5 sec 
onds transfer times between the two zones.* Length measurements were 
made by micrometer to the nearest 0.0001 inch at the following cycling 
levels: N (number of cycles) = 11, 25, 45, 100, 200, 300, 400. 5 \), 
600, and 700. Microscopic examination of the specimens was made 
prior to cycling and following 500 cycles. Grain size measurements were 
made by the line intercept method of 0 and 22.5 degree rotations under 
polarized light. 

To study the dilation characteristics of the materials during heating 
and cooling, representative specimens from each set were cycled in an 
argon atmosphere in a recording differential dilatometer which per 
mitted the recording of the course of expansion and contracting during 
a single cycle between room temperature and 575 °C (1075 °F). The 
specimens were from the same rods that were used for the continuous 
cycling tests in the vertical tube cycler. 

Preferred Orientations: The textures of the specimens were studied 
by the modified Schulz technique and the integrating specimen holders 
described by Chernock, Mueller, Fish, and Beck (7). Pole charts of 
selected poles were obtained on three sections of each rod: 90, 45 and 
O degrees to the rolling direction. The 90-degree sections were mounted 
on a small rotating table and the 45-degree and longitudinal sections 
were mounted on an integrating table which provided a reciprocating 
back-and-forth motion of approximately 3 inches in the plane of the 
specimen (see Figs. 2 and 4 of Reference 7). The primary x-ray beam 
striking the specimen surfaces was collimated in the horizontal direction 
by a 0.010 inch slit mounted on the outer ring of the Schulz holder, con- 
fining it to a narrow ribbon approximately 34 inches long. Since the 
rods were approximately 34 inches in diameter, the intensity registered 
by the counter represented an integration over the whole surface on the 
90-degree sections, and over an area approximately 3g inches square on 
the 45-degree and longitudinal sections. For an average grain size of 
0.05 millimeters in diameter, the diffracted beam intensity represents 
an integration over 36,000 grains in the 45-degree and longitudinal 
sections. 


8 The cycling conditions are specified since cycling variables affect the growth characteristics 
(see Reference 4); the growth data in this paper are for the indicated cycling conditions 





PLASTIC DEFORMATION OF URANIUM 629 


t was originally hoped that the diffracted intensities would provide 
mparative quantitative measure of the preferred orientations pres- 
n the rods. This, however, proved unsuccessful, even though an 
rt was made for the x-ray beam to cover equal areas on each section. 
ieu, thereof, the reductions of area following beta treatment have 
en used as an index of the degree of preferred orientation. 
[he x-ray studies were supplemented by measurements of the ther- 
al expansion coefficients in the range 25-100 °C (77-210 °F) in the 
lling direction and in two mutually perpendicular radial directions, 
as further aids in the interpretation of the textural changes taking place 
during rolling. The apparatus consisted of a differential dilatometer 
in which the dilation of the specimen was transmitted through a quartz 
nusher-rod to a lever arm with a high mechanical advantage ratio 
(1:40), the movement of the arm being measured with an optical mi- 
crometer eyepiece. The specimens were heated in water and readings 
were taken at 10 °C (50°F) intervals up to the boiling point. Calibra- 
tion of the instrument on five specimens of known expansion coeffi 
cients indicated a probable error of 3% in the longitudinal directions 
and +5% in the radial directions. 


RESULTS 


Specimens with Constant Grain Size and Varying Reductions of 
Area (Set No. 1) 


lhe growth data of this set of specimens are shown graphically in 
lig. 2 by plotting the natural logarithm of the growth ratio Ly/L, 
against N, where L, is the initial length of the specimen, N is the num- 
ber of cycles, and Ly is the length after N cycles. This method of plot 
ting permits a ready evaluation of the “instantaneous growth rate” in 
terms of a growth coefficient G;, which is the slope of the plot In Ly/L, 
versus N. An equation of the form In Ly/L,=aN + bN? fitted the 
experimental curves of most specimens rather well. In some specimens, 
however, a straight line could be drawn through the points at cycling 
levels N>200, suggesting the possibility that G; varies with N in the 
initial stages of cycling but tends to approach a constant value at the 
higher cycling levels. From the present data one cannot decide whether 
the growth coefficient increases linearly with N throughout the entire 
/00 cycling range (G;—=a-+ 2bN) or approaches a constant value at 
cycling levels above about N = 200; the lower growth rates in the early 
stages of cycling (N<200), however, are quite evident. The constants 
a and b are given in Table II. 

The effects of increasing the extent of preferred orientation by in- 
creasing the reductions of area are clearly evident from Fig. 2: the 
growth increased systematically with increasing reductions of area. 
Specimen No. 2, which had been rolled to a 3% reduction of area fol- 
lowing beta treatment increased in length 11.4 after 700 cycles, as com- 
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Table II 
Constants a and b for Equation In (Ly/Lo) = aN + bN° 
and Growth Coefficients G; for N = 0 and N = 700. (G, = a + 2bN) 


Cat 
(microinches/inch/cycl % Growth 
a x 10-4 N 0 a = (Experimental 


Set No 
105 

OR 
133 
200 
237 
302 


430 


Set No 
608 
427 
394 
184 
199 

54 


oA™NI 


— et st 
1uIw =x 


Set No 
4.69 —5 
3.51 20 
6.28 ? 
4.93 62 
4.19 135 


pared with a growth of 34.3% for specimen No. 10, which had been 
rolled to a 74% reduction of area. 

The variation of the growth coefficient with reduction of area and its 
dependence on the cycling level is shown in Fig. 3, in which the G, 
values at cycling levels N =0 and N = 700 are plotted as a function 
of the per cent reduction of area. The growth coefficient increases 
sharply after only a few percent reduction of area and then more slow]) 
as the reduction of area is increased. The decreasing variation of G, 
with increasing reductions of area suggests that the growth rate ap 
proaches a saturation value at the high reductions of area. 

Textures: Although three sections of each rod were studied at 0, 45, 
and 90 degrees to the rolling direction, and an effort was made for the 
x-ray beam to cover equal areas on each section, owing apparently t 
the relatively large grain sizes, the reflected intensities were erratic and 
the three sections did not overlap satisfactorily to permit the constru 
tion of quantitative pole figures. Qualitatively, the following features 01 
the texture could be deduced from the pole charts in terms of the rela 
tive intensities of the poles lying parallel or close to the rolling direc 
tion: at a 3% reduction of area following quenching from the beta 
phase, the texture was fairly random with a slightly detectable increased 
intensity around the (010) pole; the (001) pole chart indicated a slight 
preference for the (001) planes to lie parallel to the rolling direction 
Ata 5% reduction of area, there was a further increase in the intensit) 
around the (010) poles and some increase in the vicinity of the (131 
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a i " 
3200- ° txperimental 


x- Calculated 
from Equation 
2800 Ly - 
(= )-aN+bn 


3000 
2600 An | 
2400 

2200 
2000 

1800 
1600 

400 


200 


200 400 600 800 
N — 
Fig. 2—Plot of In (LN/Lo) versus N For Specimens with 


Constant Grain Size and Varying Reductions of Area at 
300 °C (555 °F), set No. 1 


(021) poles. After 26% reduction of area, the intensity in the vi 
cinity of (131) and (021) poles increased further, while the intensity 


: ] 
th 


ie (010) poles remained relatively unchanged. As the reduction of 
irea increased, the texture continued to sharpen, and at a 74% reduc 
tion of area the intensity in the rolling direction was at a maximum 
round the (010) and (131) poles; the intensity around the (021 ) 
les appeared to have decreased at the higher reductions of area." 
(hese observations are in general agreement with the findings re 
ported by Mueller, Knott and Beck (8) on the changes in texture as a 
function of the reduction of area on rolling. These authors describe the 
<ture of specimens with a 70% reduction of area as being a single 
mponent texture centered about the (140) pole, with considerable 
iould be noted that these textures refer to recrystallized rods; ‘‘as-rolled’’ rods have a 


at different texture The changes in texture occurring on recrystallization are dis 
ed in Reference 8. 
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scatter toward the (010) pole. The (140) intensity is deduce 
pole charts of other reflections, and since many of the pole charts 


series of samples were not smooth curves due to the large 


oral 
it was not possible to obtain an accurate indication of the C () 
intensity. However, it should be noted that the (131) pole iS ] 
away from the (140). 

Expansion Coefficients and Dilatometry: The mean thermal ex; 
sion coefficients in the temperature range 25-100 °C (77-210 °F 
the rolling direction and in two mutually perpendicular radial direct 
are shown in Table III. All specimens exhibited axial expansion 
metry about the rolling direction, indicating a fiber texture. As 


600 


ch/cycle) 


1S 


roinches/ in 


Mic 
L IVEIC 


20 30 40 50 60 70 
% Reduction in Area 
Fig. 3—Effect of Increasing Reductions of Area on Growth 

Coefficient Gt, set No. 1 
reduction of area following quenching from the beta phase increased 
the expansion coefficients in the rolling direction decreased, with 
simultaneous increase in the radial directions. This suggests a gradual 
alignment of the [010] axes near to the rolling direction, since the [010 
crystal direction has a negative expansion cofficient. It should be noted, 
however, that even at reductions as high as 74% the expansion 
efficient in the rolling direction is still substantially positive, which is 
undoubtedly due to the fact that the texture centers about the (151 
pole rather than the (010). Another feature worth noting is that low 
reductions of area after the beta treatment are sufficient to induce sub 
stantial anisotropy in the thermal expansion coefficients : for specimen 
No. 2, for example, with a reduction of only 3% at 300°C (570°F 
the coefficient of expansion in the radial direction was 18.1 and onl) 
11.8 in the rolling direction. 

Typical expansion-contraction curves during a single cycle between 
100 and 575 °C (210 and 1060 °F) are reproduced in Fig. 4. Specimens 
with reductions of area up to 26% (and possibly somewhat higher) es 
panded on heating and contracted on cooling at all temperatures of the 
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» range. As the reduction of area increased, the rate of expansion 
iting gradually decreased until at a reduction of 46% a distinct 
| of the slope of the heating curve occurred, with contraction 
in on heating at temperatures above about 475°C (895 °F). 
reversal in the slope of the heating curve became even more pro 
ed as the reduction of area increased to 74%. This behavior is to 
ributed to the gradual build up of the [010] axes near to the roll 


26% R A. 


46% R.A 


T4%HR.A. 


200 300 400 500 600 
Temperature °C 


Fig. 4—Expansion-contraction Curves During a Single Cycle 


between 100 and 575 °C (212 and 1065 °F), set No. 1. 


ing direction, and the fact that the temperature coefficient of expansion 


in the [010] direction becomes increasingly negative with rising tem- 
peratures (Reference 5, p. 392). The permanent elongations after each 
cycle are represented by the distances AB in Fig. 4. 


Specimens with a Constant Reduction of Area and Varying Grain Sizes 
(Set No. 2) 

Uhe growth data of this set of specimens are plotted in Fig. 5 in the 
same manner as for Set No. 1. The total growth in 700 cycles increased 
systematically with decreasing grain size ; a decrease in grain size from 
U.18 to 0.014 millimeters increased the growth in 700 cycles from 13.1% 
to 58.4% (specimens 7-15 and 7-10 in Table II respectively). The 
variation of the growth coefficient G; with grain size is shown at N = 0 
and N= 700 cycling levels in Fig. 6. The pronounced effect of the 
initial grain size is best illustrated at N — 0: with an initial grain size 
of 0.18 millimeters average diameter the growth coefficient G, was 
+; a decrease in the grain size to 0.014 millimeters raised the growth 
efficient to 608 (see Table II, specimens 7-15 and 7-10). As in Set 





TRANSACTIONS Ol 


Specimen 





4800 °-Experimental 


4500 x-Calculated 
from Equation 
Lw 


— An (=*) -aN+bN? 


! 


3900 
3600 
3300 
3000 
2700 
2400 
2100 
1800 
1500 
1200 Spec. No. (7-15) 
900 
600 


300 


OO 400 600 800 
N—~ 
Fig Plot of In (LN/Lo) versus N Fi Specime Witl 


g | ns 
Constant Reduction of Area at 300 °¢ } ‘) and Varying 
(;rain Sizes, set No 


No. 1, the growth rate increased with the cycling level, particularly 
specimens of large grain size. 


lextures: Owing to the larger grain sizes of these specimens, the 
pole charts were even more erratic and less suitable for quantitative 
evaluation than those of Set No. 1. Judging from the reflected intens! 
ties, the textures were qualitatively similar to that of specimen No. 10 
of Set No. 1 which received a 74% reduction of area following quench 
ing from the beta phase, that is, a high intensity near the (010) and 
(131) poles. The maximum intensity was displaced somewhat from th 
(O10) location, and in specimens of larger grain size there was 
noted a relatively high intensity around the (021) pole. 

Expansion Coefficients and Dilatometry: The mean thermal expan 
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Table III 
Mean Thermal Expansion Coefficients 
in Temperature Range 25-100 °C (77-210 °F) 


Expansion Coefficient 

(microinches/inch/ °¢ 
Rolling Radial 
Direction Direction 
(da) \ (1) 


18.2 
18 
18 
18 
18.5 
18.8 
21 


18.3 
19 

18.¢ 
17.2 
i>. 
19 


15 15.8 

16.‘ 16.9 

17. 

18.3 Not 
measured 


Not Not 


measured measured 


Directions A and B are mutually perpendicular. 


sion coefficients in the temperature range 25—100 °C (77-210 °F) are 
shown in Table III; the values are generally consistent with those ob 
tained in Set No. 1 at equivalent reductions. Except for specimens 7—11 


1+ 
ali 


12, the slight variations in the expansion coefficients in the rolling 
lirections are within the limits of the experimental errors of measure 
ment. The relative constancy of the thermal expansion coefficient in the 
rolling direction coupled with the x-ray observations may be considered 


is good evidence that this set of specimens represented material with a 
constant texture, and that the only condition that was varied was that 
t grain size. The expansion and contraction curves during a single 
ycle between 100 °C and 575°C (210 and 1060°F) were similar to 
those of specimen No. 10 of Set No. 1 illustrated in Fig. 4 except that 


ie 7 


permanent elongation per cycle increased with decreasing grain size. 


\pecmens with No Reduction of Area and Varying Grain Sizes 
(Set No. 3) 

the thermal cycling growth data are plotted in Fig. 7 in a manner 

ilar to the first two sets. The total growth in 700 cycles increased 

tematically with decreasing grain size; however, this increase in 

wth cannot be attributed to the grain size effect alone, as the varia 

iis in texture induced by the different critical strainings at room tem 
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0.01 0.05 0.10 0.15 0.18 


Grain Size (mm) 
Fig. 6—Effect of Grain Size on Growth Coefficient, set No. 2 


Specimen 





o-Experimental 


x- Calculated 
from Equation 


tn (=) =aN+bn? 


Fig. 7—Plot of In (LN/Lo) versus N For Speci 
mens With No Reductions of Area at 300°C 
(555 °F) and Varying Grain Sizes, set No. 3. 
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ture, although small, preclude a clear-cut separation of the effects 
rain size from those of texture. Notwithstanding this limitation, 
results may be interpreted as consistent ith the data obtained 1n the 
two sets. Comparing specimens 7—16 and 7-17, both having re 
ed 1.5% straining at room temperature, one notes an appreciable 
rease in growth with a reduction in grain size from 0.13 to 0.08 
rresponding In Ly L, values at N = 700 are 190 and 313). Simi 
a comparison of specimens 7—18 and 7-19, with strainings at room 


erature of 2.5 and 5% respectively, but with nearly equal grain 


ec (0.06-0.05 mm), reveals a total growth in specimen 7-19 more 
1 double that of specimen 7-18, in accord with the effects noted in 

set No. 1 on the rapid increase in the growth rate at low reductions fol 
ving quenching from the beta phase. 


~ 


\ 
\T 


interesting feature to be noted in this set of specimens 1s the 
hrinking that occurred in some of the specimens in the early stages of 

cling. This was particularly evident in specimen 7-16 which received 
he lowest straining at room temperature and represented therefore the 

rvest grain size. As cycling continued, the slope of the In LLy/L, curve 
rradually reversed itself and the specimen began to elongate at increas 
ingly higher rates. The dependence of the growth coefficient G; on N 

‘imilar to the behavior of the specimens of Set No. 2, in that the effect 
vas most evident in specimens of large grain size. The cause of the 
negative growth coefficients in some of these specimens in the early 

cling stages is not clear, except to suggest perhaps that material 
juenched from the beta phase, even without subsequent small degrees 
of straining, is not completely random and might possess some sort of 
nherited texture which results in shrinkage. 

lextures: As judged from pole charts, specimens with strainings up 
to 2.5% seemed to be fairly random. In the specimens strained 5 and 

0% an increased intensity in the rolling direction was noted for the 
(010), (021) and (131) poles. 

Expansion Coefficients and Dilatometry: A sensitive measure of the 
beginnings of the development of preferredness in orientation foll wing 
beta treatment is provided in the anisotropy of the thermal expansion : 
even at strains as low as 1.5%, measurable differences in the expansion 
coefficients were noted between the rolling direction and the radial direc- 
tions. The anisotropy increased gradually with increasing strains, and 
it 10% strain it became substantial (see Table IIT). 

The shrinking that occurred in the early stages of cycling in spect- 
mens with low degrees of straining, and the gradual change to growth 
as the percent straining increased are illustrated in the expansion- 
ontraction curves of Fig. 8, which represent the first 10 cycles for each 

the specimens, Specimens 7-16 and 7-17, with room temperature. 
trainings of 1.5%, contracted to an extent indicated by distances A-B ; 


7 


s the straining increased to 2.5% in specimen 7-18, there was prac- 
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tically no change in length on the completion of a full cycle; afte: 
straining there was a definite lengthening represented by the di 
AB for specimen 7-20. 

Macro and Microstructural Features: The surface appearances 
specimens after 500 cycles are illustrated in Fig. 9; the wrinkling , 
cylindrical surfaces was generally similar to that observed for 
Fig. 1. The degree of wrinkling varied with the magnitude of gr 
in the rolling direction: specimens that exhibited considerable ero) 
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Fig. 8—-Expansion-contraction Curves During a 

Single Cycle Between 100 and 575°C (212 and 

1065 °F), set No. 3. (Note contractions in 7-16 and 
7-17, and expansion in 7-20.) 


in the longitudinal directions wrinkled less than specimens which grey 
less. The highest degrees of surface roughening were observed, ther 
fore, in specimens possessing large grain sizes and low degrees of pr 
ferred orientation. 

Microscopically, two significant features were noted to occur 
cycling : one relating to subgraining, and the other to the development 
of internal fissures and voids. Subgraining, or the breaking up of th 
original grains into smaller grains of slightly differing orientations, 1s 
illustrated in the series of photomicrographs of Fig. 10, showing th 
microstructures of three representative specimens before and aiter 
500 cycles. The process was more pronounced in specimens of larg 
grain size (specimens 7~15 and 7-16) ; in specimen 7-20, with an 1m 


, 





PLASTIC DEFORMATION OF URANIUM 


. 7 8 10 
Ja—Specimens from Set No. 1 After 500 Cycles. Original lengths 1 inch. Figures 
er each specimen is the specimen number. xl. Increasing reduction of area from 
left to right. 


kent 7 -, 5 


vipa Ct 


7-15 7-11 7-12 7-13 7-14 7-10 
Fig. 9b—Specimens from Set No. 2 After 


500 Cycles. Original lengths 1 inch. 
Figures under each specimen is the 


specimen number. xl. 


Decreasing grain 
size from left *o right. 


7-16 7-17 7-18 


Fig. 9c- 


7-19 7-20 

Specimens from Set No. 3 After 500 Cycles. Original lengths 

1 inch. Figures under each specimen is the specimen number. x1. De 
creasing grain size from left to right. 


tially small grain size (0.03 millimeters ) the effect was noted to a lesser 
extent, and the subgrains, as observed under polarized light, were not 
ippreciably smaller than the original grains prior to cycling. In view 

the substantial effects of grain size on the growth rates, the sub- 
raining process might account to some degree for the variation of the 
crowth rates with the cycling level, since under conditions of a continu- 
usly changing grain size during cycling one would indeed expect in- 





usudadgG (9) !Burloho as0jaq ‘9[-Z usauttsadg (q) !BuljoAd 3103 
(SaJ9A9 QUZ) Bulpod,) [eulssyy 4tojpy pue asojag susuioedg sAljejUssoiday jo .S9snjON1}SO191JY—20 [-PO] 


ASM 


THE 


OF 


f) 
2, 

a 
— 
| 

— 
be 
“a 
=. 
- 


K 


| 





PLASTIC DEFORMATION OF URANIUM 


after 


(d) Specimen 7-15, 


~ 
n 
= 
oO 
> 
eo 
° 
— 
m 
— 
bo 
& 
oO 
> 
O 
os 
E 
be 
v 
<i 
& 
be 
v 
2 
See 
< 
a 
ev 
Me 
S 
fe 
v 
joa) 
” 
S 
vo 
E 
oO 
v 
a 
77) 
vo 
> 
= 
s 
o 
v 
n 
ve 
ee 
a 


(e) Specimen 7-16, after cycling; Specimen 7-20, after cycling. x100. 
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creasing growth rates with increasing cycling level, particula: 
initially large-grained material. 

The development of porosity was observed in the specimens 
three sets, as illustrated in Fig. 11. Some variations existed j; 


number and sizes of the pores among the various specimens, but 
could not be correlated systematically with any of the known varia 
in the material, such as grain size, preferred orientation, or the relatiy 
growth on thermal cycling; in fact, some of the specimens that < 
oped the greatest degree of porosity were among those that grey 


Microstructures Illustrating Porosity Developed in Speci 
mens After 700 Cycles. Specimen No. 7-16. x250. 


on thermal cycling (specimens of Set No. 3 for example). Nor could 
there be found any microstructural relationship between the porosit) 
and the inclusions or the grain boundaries: the voids were both inter 
and intra granular and were not confined to the interfaces of the angular 
inclusions. 
Notwithstanding this lack of microscopic correlation the purity 0! 
the material does play a significant role as regards void formation dur 
ing cycling. A specimen of considerably higher purity than the material 
used in the present study (maximum 150 ppm impurity content 
showed no void formation even after 3000 cycles, even though it grew 
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out 5 times its original length. This result suggests that the de 
ment of porosity 1s not a direct result of, nor is it inherent in, the 

mal cycling growth deformational process per se. A possible inter 
tation of the development of porosity in the material used in the 
sent study might lie in the fact that this material, being relatively 
pure, may have contained submicroscopic cracks or fissures prior to 
ing, and that these merely opened up or enlarged during cycling. 
Some evidence in support of this view is provided by the observation 
that even prior to cycling the specimens contained in the “mechanically 
olished” condition a large number of very fine particles or pits, some 

f which could not be resolved as definite inclusions. These specks could 

ot be removed under the most careful polishing conditions, and may 
represent points of submicroscopic fracture or cracking. 
DISCUSSION AND CONCLUSIONS 

(he plastic deformation of alpha uranium on thermal cycling paral 
els in many respects the observations of Boas and Honeycombe in 
other noncubic metals, particularly as regards surface roughening, 
microscopic slip, twinning, and grain boundary interactions. The novel 
feature in uranium thermal cycling is that the process results in a per 

nent nonreversible and unidirectional elongation, or “growth.” 
furthermore, unlike in the materials studied by Boas and Honeycombe 
in which the magnitudes of intergranular deformation decreased with 
an increase in the perfection of texture, the unidirectional growth in 
uranium appears to increase with the development of a strong preferred 
orientation. A number of mechanisms have been worked out and pro 
posed by various researchers in the AEC laboratories to account for 
this unidirectional, continuous growth. Their details will not be dis 
cussed here, however, pending their publication in the literature by 
their respective authors, except to state that they are all based on the 
proposition that the stresses responsible for the plastic deformation are 
due to the anisotropy of thermal expansion, which causes a stress to 
develop across grain boundaries of neighboring grains of different 
orientations. 

The “degree of anisotropy” of thermal expansion in rolled rods may 
be expressed in terms of the ratio a,/a;, where a, is the linear expansion 
coefficient in the rolling direction, and a; is the linear expansion co- 
efficient of an isotropic body. From the expansion coefficients in the 


rolling and radial directions of all the specimens one obtains an average 


value of a; = 15.4 micro-inches per inch per °C°. The ratios ag/a; are 
plotted in Fig. 12 as a function of the growth coefficient G; at N = 0. 
\ straight line may be drawn through the points of specimens of equal, 
or nearly equal, grain sizes (0.04 to 0.05 millimeters) at a, /a; values be- 

veen about 0.5 and 0.85, indicating a decrease in the growth coefficient 


ai = 1/3 av where ay = volume expansion coefficient 25—100°C (77—210 °F); 
* = da +2 ar where ar = expansion coefficient in radial directions. 
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Fig. 13—-Expansion Coefficients versus Reduction of Area. 


with decreasing anisotropy of thermal expansion. It will be noted that 
the growth coefficients of specimens of smaller grain size are above 
this line ; those of specimens with larger grain sizes below the line. As 
the degree of anisotropy decreases beyond a value of about 0.85 for 
a,/a;, the growth coefficient tends to approach 0, suggesting that mate 
rial possessing isotropic expansion characteristics would not grow. Th 
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sion of the curve through the points of Set No. 3 is justified even 
sh the grain sizes of these specimens is considerably larger, because 
low reductions of area represented by these specimens the effect 
crain size on the growth coefficient at N =O is negligible (see 

ble IL). 

In Fig. 13 are plotted the linear expansion coefficients in the rolling 

‘rections of all the specimens as a function of the reductions of area 
wing beta treatment. The reductions of area that are plotted include 
he reductions at 300°C (570°F) as well as the room temperature 
strainings. The extrapolation of the curve to 0% reduction of area yields 
value of about 15.5 x 10~® for the expansion coefficient, which is re- 
rkably close to the indicated value of an isotropic material. Since 
he rods exhibited radial symmetry of expansion, one might be tempted 
leduce that beta treated material would be isotropic in thermal ex- 
ansion. Under practical conditions of heat treatment, however, a fully 
sotropic condition in beta treated material is not always attained. The 
slight growth of beta treated uranium is probably due to a remnant 
texture effect inherited from prior fabrication processes which is not 
mpletely eliminated by beta treatment, or to a texture effect inherent 
n the beta treatment process itself and related to the crystallography of 
the beta-to-alpha transformation. 

(he results of this investigation permit the following conclusions: 

|. The growth rates of uranium rods on thermal cycling are functions 

both preferred orientation and grain size. Preferred orientation 
ippears to be a necessary condition for growth to occur. The extent of 

e growth depends on both the degree of preferred orientation or the 
sharpness of texture developed as well as the grain size. The highest 
growth rates occur in specimens with highly developed textures coupled 
with small grain sizes. 

2. Beta treatment reduces the growth considerably but does not com- 
letely eliminate it. The growth rates increase progressively with in- 
creases in reduction of area following beta treatment. 

3. The growth rate on thermal cycling is not a constant ; it increases 
with N, the number of cycles. This is especially evident in material with 
an initial large grain size. 

+. Room temperature thermal expansion coefficients are good quali- 
tative guides in evaluating the comparative growth behavior. Material 
highly anisotropic in thermal expansion grows more than material of 
lesser anisotropy, provided the grain sizes are equal. 

). Although material completely random in orientation and isotropic 
in thermal expansion was not obtained in this study for direct experi- 
mental testing, the results strongly suggest that such materials would 
not grow on thermal cycling. 


{) 


Microscopically the thermal cycling growth is accompanied by 
internal void formation. This circumstance is related to the impurity 


int 
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content of the material and is not a direct consequence of the det 
tional processes ; high purity materials do not show evidences o} 
formation. 
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DISCUSSION 


Written Discussion: By J. E. Burke, J. P. Howe and A. M. Turkalo, General 
Electric Research Laboratories, Schenectady, New York. 

We are indeed grateful for the opportunity to discuss this paper, in which Dr 
Chiswik has so clearly described the phenomenon of growth of uranium during 
thermal cycling. As he indicates, the existence of such dimensional instability has 
been known for a number of years, and during that time we have speculated as t 
the mechanism by which it might occur. We should like to report here ver) 
briefly our explanation of the growth phenomenon which we reported in the 
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| literature in 1951. We hope that it will be possible to get that paper or 


, part of it declassified and to publish it in the open literature in the neat 


ry. Chiswik mentions, Boas and Honeycombe studied the roughening that 

the surfaces of non-cubic metals upon thermal cycling and correctly at 

i the source of this roughening to an anisotropy in the thermal coefficients 

pansion of adjacent grains. Desch’ had predicted a similar phenomenon in 

Obviously such a mechanism as that proposed by Boas and Honeycombe can 
plish only a kneading of the grains. 

liscussion between one of us (JPH) and Dr. Harvey Brooks in 1949, it 

ncluded that the reported irreversible dimensional change must depend 

. “thermal ratchet” which operates in the following way. Consider an ag 

vate of noncubic crystals. Upon heating, a stress will develop between grains, 


Slip Plane 
Slip Plane Grain 2 


Grain | 





F Fig. 14—A Zinc Bi-Crystal 


vhich may be large enough to cause plastic deformation in some of the grains as 
bserved by Boas and Honeycombe. Upon cooling, a stress of the opposite sign 

\l develop. If this new stress is relaxed merely by reversed flow in the same 
‘rains, no net change in shape will be produced. To produce such a change in 
hape it is necessary that the oppositely directed stress be relaxed by flow at a 
lifferent site, presumably by a different mechanism of flow. 

\ number of possible pairs of relaxation mechanisms were considered, but 

ly one was found to be in agreement with the established theoretical or practical 
understanding of deformation in polycrystalline materials. This depends upon a 
mbination of grain boundary flow to relax the stress that develops between dif- 
. erently oriented grains at high temperatures, and transcrystalline slip to relax 
the oppositely directed stress which develops at low temperatures. The fact that 
4 a thermal ratchet can operate, at least in zinc bi-crystals, was demonstrated 


U. H, Desch discussion of M Cook, “Crystal Growth in Cadmium,” Transactions, Faraday 
ety, Vol. 19, 1923, p. 48. 
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experimentally, and the details were described in a paper published in 19 
J. E. Burke and A. M. Turkalo.’ Since the applicability of that model 
dimensional instability of uranium in thermal cycling has not been 
appreciated, it seems desirable to briefly review the proposed mechanism, sh 
evidence for its existence, and indicate how it may be applied to understa 
dimensional instability of uranium. 

Consider a zinc bi-crystal like that shown in Fig. 14. It will be convenient + 
refer to changes in length, resolved shear stresses and coefficients of expa 


z= f ® 
4 


Fig. 15—Observed Displacement of a Zine Bi-Crystal 


with respect to a direction in the front surface of the crystal parallel to the vertical 
grain boundary. Upon heating Grain 1 attempts to lengthen more rapidly than 
Grain 2, so a shearing stress is developed across the grain boundary. At high 
temperatures this stress can be relaxed by flow along the grain boundary, so 
Grain 1 becomes longer than Grain 2, and a step will appear between them. Upon 
cooling an oppositely directed stress is developed. It loads Grain 1 in tension and 
Grain 2 in compression. It cannot be relaxed by shearing flow along the grain 
boundary, because at the lower temperature the viscosity of the grain boundary 
is too high. Thus, when the stress exceeds the critical stress for slip in the 
“weaker” of the two grains—(Grain 1), that grain is plastically elongated. Re 
peated thermal cycles will cause continued elongation. This should appear as a 
displacement at the grain boundary. 

Fig. 15 demonstrates that the predicted displacement is observed. The horizontal 


$ J. E. Burke and A. M. Turkalo, “Deformation of Zinc Bicrystals by Thermal Ratchet 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 194, 
p. 651. 
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the grain boundary, and the vertical lines which are displaced at the grain 
lary were originally a continuous scratch scribed normal to the boundary 
16 shows the step that developed at the end of the bi-crystal after many 
nal cycles. 
We may now restate the situation that obtains in this bi-crystal. Grain 1 has 
hicher coefficieat of expansion and is weaker in tension (with respect to a 
tion parallel to the grain boundary). It is the grain which grows longer 


Fig. 16-——-Developments at End of Bi-Crystal After Many Thermal Cycles 


Grain 2 undergoes no change in shape as a result of the thermal cycle. It is merely 
the “jack” which stretches the weaker grain. 

(his model may be applied to polycrystalline systems by assuming that they 
onsist of a large number of such couples and can thus be used to account for 
he growth of textured polycrystalline zinc reported by Claus and Lohberg* as 
well as the growth of polycrystalline uranium described in this paper by Dr. 
hiswik 
In any textured material many orientations are present, and it is probably 


possible to predict precisely the magnitude of growth by an analysis of all 


rientation pairs. However, a very qualitative application to uranium may be 


ide, 


[he predominant fiber texture in uranium bars rolled below 300°C has the 


xis parallel to the bar axis. This direction in uranium has a slightly negative 
theient of expansion. Thus the grains which have their b axes aligned precisely 
the rod axis will have lower coefficients of expansion than all the remaining 


_ Claus and K. Lohberg, “Irreversible Elongation of Zinc Under Thermal 
hrift fiir Metallukunde Vol 46, 1955, p. 582. 


Stress,’ 


, 
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grains which deviate slightly from this orientation. The most promine: 

plane in uranium is (010). These grains having the nominal orientation » 

so oriented that an axial tension or compression will not be resolved as a 

stress upon their slip planes. All other grains will be “weaker.” Thus th 

inally oriented grains will correspond to Grain 2 in Fig. 1, and the off orie 

grains will correspond to Grain 1 in Fig. 1. All off orientation grains wil] 
longer by the operation of the thermal ratchet, and the specimen as a whol 
grow longer. 


grow 


t 


LS 


In summary, this model has been shown to operate in zinc bi-crystals. It predi 
qualitatively the growth which occurs in textured uranium, and incidentally pre- 
dicts other details of the growth of uranium on thermal cycling which were not 
mentioned in the present paper. It is hoped it will be possible to treat these more 
fully in a subsequent paper. 

Written Discussion: By Robert E. Maringer, principal physicist, Battell, 
Memorial Institute, Columbus, Ohio. 

It is encouraging to see that much of the excellent work which has been per 
formed at the Argonne National Laboratory, of which this paper is a good ex- 
ample, is at last being published in the open literature. This author is to be com 
mended on giving such an excellent presentation of clear-cut data on a rather 
stubborn problem. 

It is obvious from the large anisotropy in the thermal-expansion coefficients of 
uranium that a change in temperature must result in large internal stresses. Thus 
thermal cycling, like reverse bending, might be expected to “pump” dislocations 
into a specimen. From this, the observed change in grain size might be anticipated 
However, one might also expect a change in texture or perhaps a change in the 


spread of the texture. Were x-ray or thermal-expansion data taken on any of 
these specimens both before and after thermal cycling? In addition, does the grain 
size appear to approach a minimum value, or does it continue to decrease during 
thermal cycling? Does the purity of the uranium affect the change in grain size 
resulting from thermal cycling ? 


Written Discussion: By S. F. Pugh, Atomic Energy Research Establishment 
Harwell, England. 

I would like to make three comments on the paper by Dr. Chiswik. The first 
concerns the effect of preferred orientation on the internal stresses developed 
during heating and cooling in metals with an anisotropic thermal expansion. In ar 
investigation of such effects in zinc, cadmium and tin Boas and Honeycomb« 
found that in material with a strongly developed preferred orientation, internal 
deformation during thermal cycling was reduced compared with material of ran 
dom orientation. In contrast to this, the texture developed in fabricated uranium 
rod does not result in a marked diminution in the development of internal stresses 
during thermal cycling compared with material of random orientation. The im 
portant point that Chiswik does not mention in stating this difference is that it 
is not sufficient to consider only the development of preferred orientation, but one 
must also define the type of texture developed. Boas and Honeycombe showed 
that if the texture is such that every crystal has a particular crystal axis parallel 
to a common direction in the specimen, then since each crystal then has the same 
coefficient of thermal expansion in that direction no internal stresses will be di 
rectly developed in that direction. The types of texture which satisfy this require- 


tr 


ment are for example a single fiber texture or a twin texture. When zinc, cadmiun 
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are produced in rod or strip form they develop textures of this type. On the 
hand uranium when fabricated into rod or strip develops a double texture. 
ich the crystals of the component textures have a different crystal axis 
lel to the axis of the bar. In the one component texture the crystals are 
ened with the [010] direction approximately parallel to the rod axis while in 
he other component texture the (131) planes are approximately normal to the 
-ic of the rod. (The second component texture depends on the amount and tem 
rature of deformation). Crystals of the first component texture will have a 
evative expansion coefficient in the axial direction on heating, while the second 
omponent has a positive expansion coefficient in the same direction. Development 
such double textures does not, therefore, reduce the amount of internal de 
rmation during heating and cooling. 

[he second point is that the author claims to have shown that the growth of 
trranium rods on thermal cycling depends on grain size. While his experiments 
ndicated that such an effect may exist he has not shown conclusively that the 
effect he observed was not due to changes in preferred orientation during re 
rystallization. Preferred orientation was introduced into the uranium bars by 
rolling, the specimens were then annealed and given a range of small deformations 
ind again annealed to give a range of grain sizes. It is difficult to demonstrate 
satisfactorily that the growth of large grains does not consume a significant pro 
portion of one of the component textures; the amount of growth will depend on 
the relative proportion of the two textures and its dependence may be fairly 
ritical. It is difficult to design an experiment to show conclusively that grain size 
loes affect the rate of growth on thermal cycling. If such an effect does exist 
then it may arise from the difference in the relative amounts of slip and twinning 
in coarse and fine grained uranium. (I have discussed this point in a paper which 
| hope will be published soon. ) 

My third point refers to the author’s fourth conclusion that “room temperature 
thermal expansion coefficients are a good qualitative guide in evaluating the 
growth behavior” and that “material highly anisotropic in thermal expansion 
grows more than material of lesser isotropy providing the grain sizes are equal.” 
This conclusion certainly applies to the structures developed in his own limited 
range of fabrication conditions in which preferred orientation was developed by 
rolling at one temperature for a range of reductions. If the bars had been fabri- 
cated by rolling at a higher temperature the relative proportions of the two com 
ponent textures would be very different and it is possible, by choosing a temper 
ature to give the correct proportion of the two component textures, to obtain a 
material which is pseudo-isotropic in thermal expansion but in which growth oc- 
curs on thermal cycling. 

Written Discussion: By L. Seigle, Atomic Energy Division, Sylvania Electric 
Products, Inc., Bayside, New York. 


(he remarkable growth of alpha-uranium upon thermal cycling has been a 


phenomenon of considerable interest in the atomic energy field for many years. 


Dr. Chiswik has presented a remarkably thorough and decisive study of the im 


portant variables affecting growth. The use of thermal expansion coefficients to 
mpare textures is an intriguing method of specifying the net preferred orienta 
ion of alpha-uranium polycrystals, which may be useful in other investigations. 
One of the many odd features of the behavior of alpha-uranium is the develop- 

nent of internal voids upon thermal cycling, as illustrated by Fig. 11. Such void 
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formation is related to the impurity content of the material since the 
mentions that it does not occur in highly pure material. One is tempted t 
these voids form by the same mechanism as that responsible for grain bound: a 
cavitation during creep. Cavities are produced at the grain boundaries of 
strained 7% at 300 °C, according to Greenwood, Miller, and Suiter (Acta 


lurgica Vol. 2, 1954, p. 250), and therefore the extent and temperature of plastic 


deformation in thermally cycled alpha-uranium are apparently high enough for 
such cavity formation. Another fact which points in this direction is the r: ported 
influence of purity. Our own experiments with alpha-brass have shown that the 


extent of grain boundary cavitation during creep is strongly influenced by purit 


Particularly, the removal of oxygen, and presumably oxide inclusions, result j 
a marked decrease in the extent of void formation. This is parallel to the report 
effect of purity in thermally cycled alpha-uranium. 

On the other hand, internal voids formed during creep seem always to occu 
at grain boundaries, and this is apparently not true for those formed in cycled 
uranium. Possibly the voids in uranium do initially form at grain boundaries 
but the temperature and deformation cycle is such that recrystallization occurs. 
and the grain boundaries move about. An explanation of this type is suggested by 
the observed grain fragmentation. 


Written Discussion: By J. P. Frankel, Northwestern Technological Institut: 
Evanston, Illinois. 

The author is to be commended for the lucid presentation of the data on th 
effects of preferred orientation and grain size upon the growth of thermally cycled 
alpha uranium. Especially inceresting was the fact that the material tested ex 
hibited a duplex-texture, in which orientations were preferentially obtained wit! 
respect to two [~ (010) and ~ (011) ] crystallographic directions. 

The dimensional instability exhibited by such materials does not contradict th 
findings of Boas and Honeycombe (Ref. 1 of paper) that the plastic flow resulting 
from interaction of neighboring grains of an anisotropic material decreases wit! 
increase in the perfection of texture, since B. and H. confined their study to 
materials with simple textures. 

A picture of such deformations could, it seems, be summarized in these thre 
particulars, which are in full agreement with the present data and that of B. an 


H.: 


1. Perfectly random material will exhibit microstress distributions whic! 
will be greater in range of stress the more anisotropic (thermally) 1s the 
material. 


Material exhibiting pronounced duplex textures will manifest somewhat 
lower microstresses than randomly oriented material, but will show ai 
overall dimensional instability. 

Perfectly oriented crystalline material is, in essence, a single crystal whic! 
would suffer neither microstresses nor dimensional instability. 


It is perhaps of interest that the best examples of a duplex texture are (a) clad 
plates, and (b) bicrystals. Both have been demonstrated to be dimensional unstabl 

It is to be hoped that the publication of this paper will stimulate further researc! 
activity in this vitally important subject. 
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Author’s Reply 


author wishes to thank the contributors of discussions to this paper, as they 
immeasurably to clarify some of the salient points that were not covered 
iately in the paper. 

Pugh and Dr. Frankel discuss the relative internal stresses developed 
en grains in randomly oriented materials as contrasted with textured ma- 
ls, and point up the distinction to be made between a single component texture 
, duplex texture. This point is well covered in the discussion by Dr. Frankel, 
which the author is grateful. It was not intended in the paper to imply that 

here was basic disagreement on this point between the Boas and Honeycombe 
servations on other thermally anisotropic materials and the situation in uranium, 
far as internal microstresses are concerned. Mr. Lloyd and others at Argonne 
ave clearly shown that microdeformations of individual grains, as evidenced by 
e presence of slip, twin markings, and grain boundary deformations, are greater 
randomly oriented specimens (beta-treated material) than in textured speci 
ens. However, such microdeformations being isotropic in direction in a random 
exture, can only lead to a “kneading” of the grains, as pointed out in Dr. Burk’s 
iscussion, and do not result in a net macrodeformation in any specific direction. 
Furthermore, as pointed out by Dr. Frankel, in the case of an “ideally perfect” 
ingle component texture, which approaches the case of a single crystal, there 
uld be no microstresses at all. Thermal cycling experiments by the author on 
ngle crystals of alpha uranium have indeed shown that they do not grow on 
ermal cycling. The distinction to be made with regard to uranium is that, even 
hough the magnitude of the microstresses between some of the adjacent grains 
the rolling direction may actually be lessened with the development of pre- 
ferredness in orientation, the peculiarities of the texture developed, whether it be a 
luplex texture or a single component texture with wide scatter, are such that it 
eads to a net stress and a corresponding overall macro-strain in a specific direc- 
tion. It should perhaps be emphasized at this point that even if one were able 
) attain a single component texture in uranium rods so that all the grains had 
ommon axis in the rolling direction, one would still have microstresses between 
the grains in the radial directions, since the thermal expansion coefficients of 
uranium are anisotropic in the three principal directions, unlike the hexagonal 
tragonal materials studied by Boas and Honeycombe, which are anisotropic 
two directions only. 


+ 
ic 


Mr. Pugh questions the rigidity of the experimental evidence as to the effect 

| grain size, owing to the fact that the textures of the various specimens in Set 
2 might have changed during the second recrystallization to affect variations 

in grain size. Admittedly, this might occur during grain growth as a result of a 
preferential consumption of one of the component textures. However, such cir- 
umstances would lead to changes in expansion coefficients, and considering the 


irge differences in the growth rates one would certainly expect some indications 


t textural changes in the x-ray studies. Neither the expansion coefficients nor 


ie X-ray intensity maxima observations suggested such an effect. 

‘he third point raised by Mr. Pugh states that by rolling at some higher tem- 
erature it is possible to vary the ratio of the two component textures in such a 
manner as to obtain a material that is isotropic in thermal expansion but which 
ould still grow on thermal cycling. To the best of the author’s knowledge, no 


such “ideal” rolling temperature has been found by investigators at Argonne. 
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If such a temperature does indeed exist, it would certainly be of great the 
as well as practical interest. That the effect of grain size may arise from 
ences in the magnitude of relative twinning and slip processes in coarse ai 
grains was also noted by investigators at Argonne. 

Dr. Seigle’s discussion pointing up the similarity of the role of inclusion: 
void formation in thermal cycling of uranium and during creep in alpha bras. 
is very interesting. In the paper the author proposed the explanation that ¢ 
voids might be the result of incipient submicroscopic cracks present in in 


i pure 


material. Some more recent work by L. Lloyd at Argonne, however, sug 


gvests 


that the situation may well be akin to the cavitation phenomenon in creep, since 


the cycling process involves grain boundary migration to relieve stresses, and ip 
the presence of inclusions such grain boundary migration would be hampered 

In reply to Mr. Maringer’s discussion: the thermal expansion coefficients fol 
lowing cycling showed no significant changes as compared with the values prior 
to cycling; from qualitative x-ray observations, however, there appeared to be a 
slight sharpening of the texture. Studies on the variation of grain size with cycling 
was not attempted in the relatively impure specimens covered in this papet 

The author is grateful to Drs. Burke and Howe, and Miss Turkalo, for their 
discussion which presents in brief form the interesting “thermal ratcheting” 
mechanism which they first proposed in the classified literature in 1951 to account 
for the growth in alpha uranium. It is also gratifying to note that they intend 
to publish it in detail in the open literature in the near future. Several other 
interesting mechanisms have been proposed by various investigators,® and it is 
hoped that these will also soon find their way into the open literature. Pending 
the publication of all the experimental data and the full details of the proposed 
mechanisms, only a few comments are in order pertaining to the mechanism pro 
posed by Burke, Howe, and Turkalo. While the authors have clearly demonstrated 
grain boundary siip in an isolated bi-crystal of zinc, similar experiments by 
L. Lloyd at Argonne on polycrystalline large grained uranium samples indicated 
grain boundary slip to be only a minor effect; the major deformation was by slip, 
twinning, kinking, subgraining, and grain boundary migration.’ Furthermore, it 
would seem to the author that the “ratchet mechanism” would necessarily require 
void formation and a preferential elongation of some of the grains in the growth 
direction. As shown in the present work, void formation is not a direct consequence 
of the deformational processes, nor does one notice any tendency toward grain 
duplexing ; the grain structure after cycling is equiaxed. 


Bettman, Brown and Frankel, formerly of California Research and Development ‘ 
Maringer and associates at Battelle Memorial Institute. 
® A paper by L. Lloyd and R. M. Mayfield describing these studies is in preparation 





PRECIPITATION REACTIONS IN 
AUSTENITIC CR-MN-C-N STAINLESS STEELS 


By Cui-Mer Hsiao anp E. J. Ducts 
Abstract 

In austenitic Cr-Mn-C-N stainless steels, the following 
precipitation reactions occur: (a) a grain boundary reaction 
(characterized by the formation of lamellar nodules at grain 
houndaries), and (b) a general precipitation (characterized 
by a Widmanstatten precipitation). The grain boundary 
ycaction occurs by a nucleation and growth process, and the 
activation energy for the reaction has been determined to 
be 57 Kcal/g. mole at the initial stages and 68 Kcal/g. mole 
at the later stages. That the steels remained nonmagnetic 
after all heat treatments indicated that no austenite to ferrite 
or martensite transformation occurred. The lamellar nodules 
formed by the grain beundary reaction were comprised of 
(Cry,Fe,Mnz) (Cs.2No.3) and depleted austenite. 

Both the grain boundary reaction and the general precipt- 
tation reaction increased the hardness of the steel. However, 
the latter reaction increased the hardness to a greater degree 
than the former. (ASM-SLA Classification: N7, SS) 


INTRODUCTION 


S PART OF an extensive investigation of austenitic chromium- 
manganese-carbon-nitrogen stainless steels, a comprehensive 
study was made of the effects of various heat treatments, particularly 


different aging treatments, on the microstructure and properties of 
th 
i 


these steels. A better understanding of the phenomena that were ob- 
served should guide future investigators on steels of this type and add 
to the existing knowledge of stainless steels in general. 

Inasmuch as some of the precipitation reactions that have been 
studied in this investigation have not heretofore been reported to 
occur in stainless steels, a brief review is given below of previously pub- 
lished related information, both general fundamental considerations 
and specific results of studies on various nonferrous alloys. 

Precipitation from supersaturated solid solution is one of the im- 
portant solid state reactions in metals, and this subject has been exten- 
sively studied and periodically reviewed (1,2,3).! A recent compre- 
hensive review by Geisler (3) generalizes the sequence of precipitation 


he figures appearing in parentheses pertain to the references appended to this paper. 


‘\ paper presented before the Thirty-eighth Annual Convention of the Society, 
neld in Cleveland, October 8 to 12, 1956. The authors, Chi-Mei Hsiao and E. J. 
Vulls are associated with the Research and Development Laboratory, Crucible 


steel Company of America, Pittsburgh. Manuscript received May 9, 1956. 
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processes as follows: (a) formation of a submicroscopic cohere; 
transition phase; (b) growth of the coherent phase to a critical sj 
after which it becomes noncoherent ; and (c) in some alloys, a “‘r 
tallization reaction,’* which occurs during or after (a) or (b). R, 
actions (a) and (b) are directly associated with the lattice geometry oj 
the matrix, and the precipitates are found in a Widmanstatten struc 
ture. Reaction (c), however, is not directly associated with the lattic, 
geometry of the matrix and the precipitates are discontinuous, i.e., have 
no crystallographic relation with the matrix. The characteristic mor- 
phology of the nodules or colonies of lamellar constituents that ar 
associated with a grain boundary reaction is probably caused by the 
interaction of the surface tensions of the newly forming phases and th 
parent matrix at the interface during the growth of the nodules (4 

The microstructure resulting from a grain boundary reaction, which 
has the lamellar appearance of pearlite, has been observed in many non 
ferrous alloys, e.g., Cu-Ag (5), Bi-Sn (6), Ag-Al (7), Be-Cu (8), 
Cu-Ni-Co (9), and Cr-Co (10). However, aside from the familiar 
eutectoid reaction of pearlite formation, very few publications have re 
ported this type of microstructure in steels. 

Smith et al (11) found this microstructure at cracks in creep-ruptur 
specimens of Type 304 stainless steel and later identified (12) the pre 
cipitating phase as chromium nitride. Also, Allten et al (13) observed 
this microstructure in a high carbon-high phosphorus austenitic 
chromium-nickel stainless steel. 


r¢ 


\ 


During our investigation on austenitic chromium-manganese-carbon 
nitrogen stainless steels, it was found that a pearlite-like lamellar struc 
ture, indicative of a grain boundary reaction, was very common in the 
high carbon-high nitrogen steels. However, its identification and the 
kinetics of its formation were not known. Therefore, it seemed worth 
while to study the grain boundary reaction, as well as the general pre- 
cipitation reactions, in the expectation that this would yield important 
information on a new system in austenitic stainless steels. 


MATERIALS 


The reactions described here were observed in many of the austenitic 
Cr-Mn-C-N stainless steels used in the comprehensive investigation 
However, three of these steels were chosen to exemplify the precipita 
tion reactions and the compositions of these three are given in Table | 
The steels were prepared as 15-pound induction-melted heats, and the 
ingots from these heats were forged to 54-inch square bars. Most of 
the experimental work was concentrated on Steel C. 


2 The so-called “recrystallization reaction’’ in the precipitation process is characterized ! 
the formation of lamellar nodules of the two-phase mixture of depleted and recrystallized matrix 
plus a new phase. This reaction has also been referred to as “discontinuous” or “‘heterogencous 
precipitation, or as a grain boundary reaction. In the present study, we will use the 
“grain boundary reaction.” 
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Table I 
Chemical Composition of Steels, Wt. Per Cent 


Mn P S Si Ni 


16.88 0.007 0.018 0.18 0.14 
16.27 0.008 0.018 0.25 0.15 
13.54 0.008 0.019 0.25 0.17 


EXPERIMENTAL METHODS 


Most of the heat treatments used in this investigation included solu 
ion annealing and aging. The solution annealing consisted of heating 
the specimens for 30 minutes at 2200 °F and water quenching to room 
temperature. It was found that a temperature of 2200 °F was needed 

. dissolve practically all the carbides and nitrides. The aging treat- 
ments consisted of heatings at 1000 to 2000 °F in 100 °F intervals for 
different periods of time, followed by water quenching. Some samples 
were quenched directly from the solution annealing temperature into 

lead bath at the aging temperature, were held for different periods of 
time, and then were water-quenched to room temperature. Hereafter, 
is will be referred to as an isothermal transformation treatment. 

(he microstructures of the steels after different heat treatments were 
studied. In an effort to learn the kinetics of the grain boundary re- 
action, the amounts of lamellar areas formed after different treatments 
were measured by a lineal analysis. 

To establish the stability of the austenite after different thermal treat 
ments, the magnetic response of each of the samples was determined 
by using either a powerful permanent magnet or a Magne-Gage. 

X-ray diffraction tests were used to identify the phases present in 
the steels. Both electrolytically extracted residues and solid speci- 
mens were studied with a 5.7 cm radius Debye-Scherrer type camera 
and a 10 cm radius Phragmen type focusing camera, respectively. The 
lattice parameters of the austenite were determined with a 5 cm radius 
Seemann-Bohlin type focusing back-reflection camera. Solid samples 
were heat treated, ground to fit the curvature of the camera, and re- 
peatedly polished and deep-etched to remove the cold-worked surfaces. 
\ temperature of 80°F was maintained in the camera during ex- 
posures. Chromium radiation was used in all x-ray studies. 

The extraction was carried out in an electrolyte that contained 60 
grams of ammonium chloride and 160 grams of citric acid per liter of 
listilled water (14). About 1 volt, and %4 amp. per sq. in. were main- 
uned during the extractions. The chemical compositions of the residue 
micro-chemical analysis) and the electrolyte (macro-chemical anal- 
ysis) were determined in order to account for the distribution of dif- 


ferent elements between the precipitate (in the residue) and the matrix 
| the electrolyte). 


t 


ength changes in 4 inch diameter by 4 inch long samples that had 
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been solution treated at 2200°F for % hour were determined during 

. r't . . ° 5 
aging treatments. The samples were heated rapidly in the dilatometer 
furnace which had been preheated to 1600 °F, held at this temperatu 


re 


for certain periods of time, and then slowly cooled to room temperature 
During each stage (heating, holding, and cooling) length changes were 
measured. Since the primary purpose of these experiments was to de 


termine the length changes that occur during the isothermal aging, the 
rapid heating was used to avoid (as much as possible) precipitation 
during heating, and the slow cooling was used so that the coefficient of 
thermal contraction could be determined. The temperature variation 
during the holding period was +5 °F, and the length change due to this 
variation was corrected by the calculated coefficient of thermal change. 
A dilatometer of the type described in ASTM Designation B95-39 (15 
was used, and the measurements are believed to be accurate within 
+0.00005 inch per inch. 

Density measurements by immersion methods were made according 
to accepted procedures that include weighing the sample in air and in 
carbon tetrachloride and applying the required corrections. 

Rockwell hardness tests were made to study the response of these 
steels to age hardening. Microhardnesses of the different constituents 
were measured by a Reichert-Micro-hardness Tester using a 50 gram 
load. 

RESULTS AND DISCUSSION 
Metallographic Study and Lineal Analysis 

a) Aging Studies—The microstructures of Steel C after different 
heat treatments are shown in Figs. 1 through 12. The as-forged con 
clition is shown in Fig. 1, and the microstructures after a solution treat 
ment at 2100 °F, and at 2200 °F are shown in Figs. 2 and 3, respec 
tively. It is evident that a solution temperature of 2200 °F is needed 
to dissolve practically all carbides and nitrides. 

The microstructures after aging at different temperatures for differ 
ent periods of time are shown in Figs. 4 through 12. The first precipitate 
to be detected after a heating at 1200 °F is localized at grain and twin 
houndaries, Fig. 4. This behavior is commonly observed and is probabl) 
associated with the lower energy of nucleation and a greater rate of 
growth at these locations. The dark etching nodular patches that grow 
out from grain boundaries are observed in the samples aged at 1300 °F 
for 4 hours, Fig. 5. These patches grow in size with increasing aging 
temperature and become resolvable as lamellar structures in the sample 
that had been aged at 1500°F for 4 hours, Fig. 7. The interlamellar 
spacing becomes larger as the aging temperature is increased, Figs. * 
through 12. Finally, the precipitate in the lamellar areas shows some 
degree of spheroidization in Figs. 10 through 12. | 

Although a widening of twin boundaries by a continuous precipitation 
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- Fig. 1—Steel C, As-forged. Etchant 0% HCl. x1000 
Fig. Steel.C, 2100 °F. Solution Annealed. Etchant—20% HC1. x1000. 
Fig. 3—Steel C, 2200 °F Solution Annealed. Etchant—20% HC1. x1000 
+—Steel C, 2200 °F, Solution Annealed and Aged at 1200°F for 4 Hours. 
Etchant—20% HC1. x1000. 


> 
. 
3 


occurs, Figs. 4 through 12, no nodular or lamellar precipitation is ob 
served at these locations. 

General precipitation within the grains is apparent at x1000. Such 
precipitation occurred after the grain boundary reaction had progressed 
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2200 °F Solution Annealed and Aged at 1300 
Etchant—20% HC1. x1000. 

2200 °F Solution Annealed and Aged at 1400 
Etchant—20% HCl. x1000 

2200 °F Solution Annealed and Aged at 1500 °F 
Etchant—20% HC1. x1000. 

2200 °F Solution Annealed and Aged at 1600 °F 
Etchant—20% HCl. x1000 


to acertain stage, Fig. 7. A precipitate in the form of cubic crystals was 
observed in the samples that had been aged 16 hours at high tempera 
tures, e.g., at 1900 °F, Fig. 12. 
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Steel C, 2200 °F 


Solution Annealed and Aged at 1600 °F for Hours 

Etchant—20% HCl. x1000. 

Steel C, 2200 °F Solution Annealed and Aged at 1700 °F for 
Etchant—20% HCl. x1000. 

Steel C, 2200 °F Solution Annealed and Aged at 1800 °F for Hours 
Etchant—20% HC1. x1000. 

Steel C, 2200 °F Solution Annealed and Aged at i900 °F for Hours. 

Etchant—20% HC1. x1000 


Hours 


(Juantitative determinations of lamellar areas in Steel C aged at 
lifferent temperatures for different periods of time were made by lineal 
inalyses, and the results are shown in Fig. 13. The C shape of the 
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curve for the start of the reaction is typical of a nucleation and growth 
process. The nucleation rate (N ) has been expressed by Becker (16.17 


in the following form and has since been accepted and confirmed }, 
many workers in this field: 


Rote“ 2.00 Equation | 
where C is a constant, Q is the activation energy for diffusion, and 
A(T) is the work of nucleation. Inasmuch as Q is generally independ 


ent of temperature and A(T) increases markedly with increasing aging 
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Fig. 13—-Effect of Aging Time and Temperature on the Progress of the 
Grain Boundary Reaction in Steel C, 2200 °F Solution Anneal Prior t 
Aging 


temperature, the relationship between N and T is such that (for con 
stant alloy concentration) N attains a maximum value at a specifi 
temperature. 

As indicated in Fig. 13, the grain boundary reaction appears to be 
complete (reaches its maximum amount) in about 1 hour at 1900 °F 
and in about 4 hours at 1800 °F, whereas it is still continuing after 
4 hours at 1700°F and 16 hours at 1600°F. Because the formation 
of the grain boundary reaction product is dependent on the diffusion 
of the elements that form the new phases, these effects of temperatur 
and time are expected. The maximum amounts (per cent) of the 
lamellar areas are indicated to be 16% at 1900 °F, 45% at 1800 °F and 


ie 
, 


greater than 55% at 1700 °F, Fig. 13. Thus, at lower aging tempera 
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tures, long aging times would be required to form maximum amounts 
f the lamellar nodules. However, at these relatively low aging tem 
jeratures, another reaction, general precipitation, takes place, and the 
matrix is depleted of elements that form the grain boundary reac 
tion products before the grain boundary reaction reaches its quasi 
equilibrium condition. The effect of aging temperature on the aging 
reactions is shown by the microstructures of the specimens that had 
been aged at 1200 to 1500 °F for more than 100 hours, Figs. 14 through 
17. The microstructure of the specimen that had been aged at 1500 °F 
for 125 hours, Fig. 17, is similar to those of specimens that had been 
aged at higher temperatures for shorter periods of time. But the micro 
structures of the specimens that had been aged at 1200, 1300 and 
1400 °F for 125, 180, and 125 hours, respectively, are quite different 
and show a predominantly Widmanstatten general precipitate within 
the matrix, Figs. 14, 15, and 16. Inasmuch as four directions of Wid 
manstatten precipitates were observed within a grain, it is apparent 
(18) that the precipitation occurred on the (111) planes of the austenite. 

The aging curves for the grain boundary reaction are shown in Fig. 
18. These are typical of a nucleation and growth process (18). The 
activation energy of precipitation, ©’, which is equal to O + A(T) of 
Equation 1 can be calculated from the slopes of the lines of the plot of 
log t versus 1/T for a specific amount (per cent) of transformation. 
Data for determining values of the activation energies are listed in 
Table II, and the resulting plot is shown in Fig. 19. Inasmuch as A(T ) 


Table Il 
Data for Determination of Activation Energy 
of Grain Boundary Reactions 


Time (minutes) for indicated % of transformation 
- 7 104 10% 20% 30% 10% 
9.680 300 610 

9.184 70 145 915 

8.740 19.7 230 


8.335 6.3 12.8 2 49.5 


is a function of temperature, no exactly linear relationship between 1/T 
and log t is predicted by Equation 1. However, Becker (16,17) showed 
that at low aging temperatures, A(T) increases very gradually with 
increasing temperature and is considerably smaller than QO. Therefore, 
the activation energy of precipitation, Q’, (calculated as described 
above) would be equal to the activation energy for diffusion plus a 
small and nearly constant value of A(T). 

The values of ©’ calculated from Fig. 19 are 57, 57, 60, and 68 
Kceal/gram mole for a 10, 20, 30, and 40% grain boundary reaction, 
respectively. It is of interest to note that ©’ increases as the reaction 
progresses. This behavior is believed to be associated with the change 

| concentration of the solutes in the matrix during the reaction. A 
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C, 2200 °F Solution Annealed and Aged at 1200 °F for 
Etchant—20% HCl. x1000. 

C, 2200 °F Solution Annealed and Aged at 1300 °F for 
Etchant—20% HC1. x1000. 

C, 2200 °F Solution Annealed and Aged at 1400 °F for 
Etchant—20% HC1. x1000. 

Steel C, 2200 °F Solution Annealed and Aged at 1500 °F for 125 

Etchant—20% HCl. x1000. 


similar observation had been made by Jetter and Mehl in their studi 
on Si-Al alloys (20). 
The microstructures of Steels B and A that had been solution treated 
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Fig. 18—Isothermal Aging Curves for Steel C 
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Fig. 19—Time-temperature Relationship For Various Extent of 
Grain-boundary Reaction. 
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2200 °F Solution Annealed and Aged at 1600 °F 
Etchant—20% HC1. x1000. 


2200 °F Solution Annealed and Aged 


at 1600 °F 
Etchant—20% HC1. x1000. 


and subsequently aged 4 hours at 1600 °F are shown in Figs. 20 and 21 
respectively. Compared with Steel C, Fig. 8, general precipitation is 
more predominant. Also, the grain boundary reaction in Steel A is a! 
most completely suppressed. It appears that the differences may be at- 
tributed to the differences in nitrogen content in these three steels 

b) Isothermal Transformation—The microstructure of Steel C 
after isothermal transformation treatments at 1600 and 1400 °F are 
shown in Figs. 22 and 23, respectively. Compared with the microstruc- 
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Steel C, Heated to 2200 °F, Quenched Into a Lead Bath at 1600 °F, 
Held For 4 Hours. Etchant—20% HC1. x1000. 

23—Steel C, Heated to 2200 °F, Quenched Into a Lead Bath at 1400 °F, 
Held For 100 Hours. Etchant—20% HC1. x1000. 


tures of the solution-annealed and aged specimens, Figs. 8 and 16, 
the absence of the general precipitation is very striking. This difference 
is attributed to the fact that the degree of supersaturation of the steel is 
less when it is isothermally transformed than when it is quenched to 
room temperature and then aged at the same temperature as that used 
tor the isothermal transformation. The greater degree of supersatura- 
tion causes a general precipitation to occur during aging. A schematic 


illustration of the aforementioned phenomenon is given in Fig. 24. For 
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example, quenching an alloy of solute concentration D to room tempera 
ture results in a supersaturation of the amount CD, whereas quenching 
the same alloy to 1600 °F results in a supersaturation of the amoun; 
AB. Also, another factor that is believed to accelerate the general pre 
cipitation is the internal stress induced by the quenching treatment. 

The amounts of grain boundary transformation that occurred jy 
Steel C at 1400 °F for 100 hours were measured to be (a) 35% after 
the aging treatment and (b) 51% after the isothermal treatment. The 


Austenite 


Austenite 
Plus 
Precipitate 


Temperature —°F 


C 
Concentration of Solute 


Fig. 24—Schematic Diagram of the Change in Supersaturation 
During the Aging and Isothermal Transformation Treatment. 


retardation of the grain boundary reaction by general precipitation can 
be explained by the fact that Q’ is increased because of the depletion of 
solute elements in the matrix. 

It is of interest to note the marked differences in the microstructures 
of Steels A, B, and C that had been solution annealed at 2200 °F and 
cooled at the rate of 50°F per hour, Figs. 25, 26, 27, and 28. Both 
Steels B and C exhibited predominant grain boundary reactions (51 
and 65%, respectively ), whereas Steel A exhibited only a small amount 
of grain boundary reaction (3%). We believe that this difference is 
associated with the differences in nitrogen contents of these steels. 

c) Re-solution of Lamellar Structure—In the aforementioned dis- 
cussion, it was noted that the reheating of the solution-annealed steel 
caused an aging reaction to occur. The supersaturated austenite (y) 
decomposed into a new austenite (y’) plus carbide and/or nitride by a 
precipitation process. The re-solution experiments, heating either below 
or above the solvus temperature, should show whether the reverse re 
action, y’—y, is an instantaneous transformation or a gradual homo- 
genization, i.e., whether y and y’ are the same in crystal structure, of 
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5—Steel A, Heated at 2200 °F, and Cooled Therefrom at 5 
—20% HCl. x100. 
g. 26—Steel B, Heated at 2200 °F and Cooled Therefrom at 50 °F/Hour. 
—20% HCl. x100. 
27—Steel C, Heated at 2200 °F and Cooled Therefrom at 50 °F/Hour. 
—20% HCl. x100. 
Fig. 28—Same as Fig. 27 but at x1000. 


°F/Hour. Etchant 
Etchant 


Etchant 


are two entirely different phases. Fig. 29 shows the microstructure of 
Steel C after reheating at 2000 °F for 30 minutes and Fig. 30 shows 
the microstructure of the same steel after reheating at 2200 °F for 
5 minutes. Both figures show that the y’ in the pearlite-like area gradu- 
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29 : 

Fig. 29—Steel C, 2200 °F Solution Annealed, Aged at 1800°F for 4 Hours, 
Water-Quenched, and Then Reheated at 2000 °F for 30 Minutes and Water-Quencl 
Etchant—20% HCl. x1000. 

Fig. 30—Steel C, 2200 °F Solution Annealed, Aged at 1600°F For 4 Hours and 

Water-Quenched, and then Reheated to 


2200 °F for 5 Minutes and Water-Quenche 
Etchant—20% HCl. x1000. 
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Fig. 31—Steel C, Incomplete Homogenization. 


Same heat treatment as on sample 
Fig. 30 plus aging at 1600 


°F for 4 hours. Etchant—20% HC1. x1000. 
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becomes continuous with the matrix (y) and some of the precipitate 
in the original lamellar patch remains undissolved outside the y 
boundaries. 

Incomplete Homogenization and Aging—The carbides (and pos 
sibly nitrides) left after the solution treatment or the portion richer in 
solute element due to incomplete homogenization, should be a favorable 
site for nuclei formation. Mehl (20) showed that, in steel, undissolved 
cementite acts as powerful inoculant for pearlite formation. To deter 
mine whether a similar effect occurs in the steels used in this investi 
cation, a specimen of Steel C that had been re-solution treated at 
2200 °F for 5 minutes and subsequently aged at 1600°F for 4 hours 
was examined, Fig. 31. The lamellar areas found within the grains are 
believed to have been nucleated from carbides left after the incomplete 
solution treatment. 


Y 


Magnetic Studies 


The results of the magnetic tests showed that all of the samples were 
nonmagnetic after all heat treatments. This finding indicates that suffi- 
cient amounts of austenite formers, especially C and N, remained in 
solid solution so that ferrite did not form. 


X-ray Diffraction Studies 

The extracted residue from a sample of Steel C, which had been solu 
tion treated 30 minutes at 2200 °F and subsequently aged 20 hours at 
1600 °F, was identified as CregCg. Also, a deeply-etched sample of 
Steel C after the same heat treatment was found to contain no phase 
other than austenite and a carbide having the structure of CrogCg. 

The lattice parameters of the austenite before and after aging were 
determined, and the results are listed in Table ITI. It is well known that 
the lattice parameter of austenite increases progressively with increas- 
ing carbon content (21). 

The spotty line in Sample 1 is indicative of the large grain size of the 
steel, Fig. 3. The double lines for the (220) planes in Sample 2 are 
believed to indicate two austenites, y and y’, where y is the depleted 
matrix, and y’ is one of the alternate lamellae in the pearlite-like areas. 
since y is richer in solute and larger in grain size as compared with y’, 
the larger lattice parameter shown by the spotty (220) diffraction line 


Table III 


Lattice Parameters of Austenite in Steel C 


Solution Aging Lattice Parameter 
lreatment Treatment Intensity of (220) at 80 °F (A) 
2200 °F, &% hr. None Strong (Spotty) 3.652 
W.Q. 
Same 1600 °F, 20 hours Med. Strong (Spotty) 3.626 
W.Q. 


Strong (Smooth) 3.615 
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most likely is that of y; and the smaller lattice parameter shown | 
smooth (220) diffraction line most likely is that of y’. The lattice paran 
eter of Sample 1 is larger than either of those of Sample 2, and this 
can be explained by the fact that the austenite before aging (Sample | 
is richer in solute than either y or y’ after aging (Sample 2). Ther 
the reaction during aging can be schematically represented as folloy 


Single Phase———> Depleted Matrix + Grain Boundary Reaction 
Product 

Supersaturated y——> . (y’ + Precipitate) 
% of solute Cc . Ce 
(Lattice Parameter 
of Austenite) a 

where c > > Cz 

and a>a:> a 


Although the morphology and the kinetics of formation of the grai: 
boundary reaction product and the pearlite formation in eutectoid de 
composition are similar, the difference between the two processes is that 
in a eutectoid decomposition a transformation from austenite to ferrit 
occurs, whereas in the present case no such transformation occurred 


Electrolytic Extraction and Chemical Analysis 
Table IV shows the results of chemical analyses of the extract 
residue and the matrix of a sample of Steel C that had been solutio 


Table IV 
Chemical Analysis of Residue and Matrix 
of Steel C* 


(Chemical Composition (Weight % 
Weight 
(grams) Fe Cr Mn Cc 
Sample Prior to Extraction 44.975 61.89 23.23 13.54 0.43 
Extracted Residue 3.086 16.56 68.00 8.65 5.50 
Remaining Matrix 41.889 64.38 19.98 13.98 0.06** 


* Solution annealed 2200 °F and aged at 1600 °F for 20 hrs. 
** Calculated from the material balance. 


treated 30 minutes at 2200°F and subsequently aged 20 hours at 
1600 °F. The distribution of Fe, Cr, Mn, C, and N between the matrix 
and the precipitate was determined, and the results are shown in 
Table V. The composition of the extracted residue was calculated to be 
(CrizFeyMne) (C5.7No3). 


Dilatometric Studies 


The results of dilatometer tests show that a pronounced decrease in 
length occurred during the 1600 °F aging of Steels B and C, Fig. 32 
The difference in the rate and total amount of contraction between 
Steel B and C is attributable to the difference in amount of solute ele 
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Table V 
Distribution of Fe, Cr, Mn, C, and N between Precipitate and 
Matrix of Steel C*, Weight “. 


Total Fe C1 Mn 


93.1 98.1 95.6 
6.9 1.9 2( 4.4 


1 annealed 2200 °F and aged at 1600 °F for 


Aging Time —Hours 


) 


Fig. 32—-Change in Length With Time During Aging. 


ents that precipitate during aging. However, because of the previously 
determined change in microstructure, the extent of contraction in 
length of Steel C, which, in general, ceased after 1 hour of aging, was 
un xpected. 


The coefficients of thermal contraction of the aged austenitic Cr-Mn- 
U-N steels, Table VI, are about the same as those of the commonly 
used austenitic Cr-Ni stainless steels. 


Table VI 
Coefficients of Thermal Contraction of Steels B and C 





Temperature Coeff. of Temperature Coeff. of 
Range Contraction Range Contraction 
."s) Per °F (10-®) c"r> Per °F (10-®) 

80 to 350 7.8 

350 to 900 10.5 80 to 900 9.7 

900 to 1350 11.8 80 to 1350 10.6 

1350 to 1600 13.0 80 to 1600 10.9 


75 to 400 


8.5 
400 to 710 9.9 7 710 9.0 
a 
3 


1250 10.2 
1575 10.8 


710 to 1250 ] 
1250 to 1575 1 
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Aging Temperature — °F 


Aging Time-Minutes 


Fig. 33—Iso-hardness Plot for Steel C. 


Density Measurement 


The density at 80°F of a sample of Steel C that had been solution 
treated was 7.639 grams per cubic centimeter, whereas the density of 
a sample of Steel C that had been solution treated and subsequent!) 


aged 20 hours at 1600 °F was 7.661 grams per cubic centimeter. From 
these density data, the corresponding contraction in volume during 
aging was calculated to be 0.28%, and, therefore, the linear contraction 
would be 9.3 x 10~* inch per inch. This finding is in general agreement 
with the dilatometric measurements. 

It is of interest to note that the reported densities for the commonl) 
used austenitic Cr-Ni stainless steels are about 7.9 to 8.0 grams pet 
cubic centimeter. 

Hardness Studies 

The results of the hardness tests on Steel C after aging at various 
temperatures and times are shown in Fig. 33. It had been established 
previously in this paper that the grain boundary reaction was predomi- 
nant at aging temperatures above about 1500 °F, whereas the general 
precipitation reaction was predominant at aging temperatures below 
about 1500 °F. Both the grain boundary reaction and the general pre- 
cipitation reaction cause 1) softening by depleting the matrix, and 2) 
hardening by straining the matrix and by forming a sufficient amount 
of a new hard phase that has a size and distribution to cause dispersion 
hardening. The combination of the two aforementioned processes es 
tablishes the overall or macrohardness of the steel. To determine the 
quantitative effect of the two processes, the microhardnesses of the 
various constituents were determined and these data were correlated 
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Table VII 
Micro- and Macro-hardness of Steel C 


Micro-hardness Calculated 

Constituents 50g load, Kg/mm? Overall 

lreatment Matrix GBR* Matrix GBR?* Hard 
ness (Rc) 

treated** 100 0 276 . 26.5 
e. Air Cooled 100 0 270 “ 25.5 
F. Furnace Cooled 36 64 252 332 30.0 

ifter Solution 


F, 15 min. 78 22 28.5 
F, 16 hrs. 44 56 33.0 
F, 125 hrs 50 5( 437 36.5 
F, 1 hr. 98 : 27.5 
F, 4 hrs. 93 483 30.0 
F, 16 hrs. 74 473 33.0 
F, 100 hrs. 65 35 7 37.0 
F, 16 hrs. 98 28: 27.5 
F, 180 hrs. = 38.0 


° 


) 


thermally Trans- 
rmed for 100 hours 
t 1400 °F*** 49 ; 2 429 


Aa 
* Grain Boundary Reaction. 


** Solution treated at 2200 °F, 30 min. and water quenched 
* Heated to 2200 °F for 30 min. and quenched into a lead bath at 1400 °F 


with the previously measured extent (per cent) of grain boundary re 
action and macrohardnesses ( Rockwell C), Table VII. The agreement 
between the macrohardness and the overall hardness calculated from 
the quantities (per cent) and microhardnesses of the constituents is 
quite good. 

That the hardness of steel increases as the pearlite interlamellar spac- 
ing decreases is well known. Therefore, by analogy, the inverse rela- 
tionship between hardness of the grain boundary lamellar nodules and 
aging temperature is associated with the previously described obser- 
vation that the interlamellar spacing decreases with decreasing aging 
temperature. Also, it is of interest to note that the matrix hardness in- 
creases considerably after long-time aging at the low aging tempera- 
tures (1300 to 1400 °F). 

When the steel is furnace cooled from the solution treating tempera- 
ture, the grain boundary structure has the greatest opportunity to form 
and grow. However, general precipitation is suppressed and any lattice 
strain associated with the precipitation is recovered. In the furnace- 
cooled condition, both the matrix and grain boundary structure are the 
softest of the specimens tested, Table VII. The overall hardness of 
Rockwell C-30, which is greater than that of either water-quenched or 
air-cooled samples, is due to the large amount (64% ) of grain boundary 
structure, 


Both the matrix and the grain boundary structure in the sample that 
had been isothermally transformed at 1400 °F for 100 hours are softer 
than those in samples that had been aged at the same temperature for 


the same length of time. 


Che results of these hardness studies show that both the grain bound- 
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ary reaction and the general precipitation reaction increase the hardness 
of the steel, and the latter reaction increases hardness to a greater ¢ 
gree than the former. 


SUMMARY AND CONCLUSIONS 


The results and conclusions of this study are as follows: 


1. Two precipitation reactions, grain boundary reaction (character 
ized by the formation of lamellar nodules at grain boundaries) and 
general precipitation (characterized by general Widmanstatten pre 
cipitation ) occur in austenitic Cr-Mn-C-N stainless steels that are soly 
tion treated and aged. The grain boundary reaction is predominant at 
aging temperatures above about 1500°F; and at aging temperatures 
below about 1500 °F, the grain boundary reaction is retarded and gen 
eral precipitation is predominant. Also, slow cooling from the solution 
annealing temperature enhances the grain boundary reaction; and 
solution treating and isothermally transforming at the aging tempera 
tures primarily causes the grain boundary reaction to occur. 

2. The grain boundary reaction has been established as a nucleation 
and growth process. The activation energy of the reaction has been 
determined to be 57 Kceal/g-mole at the initial stages and 68 Kcal/g- 
mole at the later stages. 

3. That the steels remained nonmagnetic after all the heat treatments 
indicated that no austenite to ferrite or martensite transformation 
occurred. 

4. X-ray diffraction studies showed that the lamellar nodules of the 
grain boundary reaction were composed of austenite and Mo3C¢ carbide. 
The lattice constant of the austenite in the lamellar nodules was 3.615A 
and that of the austenite prior to aging was 3.652A. 

5. The composition of the carbide in the lamellar nodules was (Cri; 
KFe,;Mno ) (Cs.7No.3 es 

6. A pronounced contraction of the steels occurred during aging. 
Also, the coefficients of thermal contraction of these steels are com- 
parable to those of the commonly used austenitic Cr-Ni stainless steels. 

7. Both the grain boundary reaction and the general precipitation 
reaction increased the hardness of the steel. However, the latter re 
action increased the hardness to a greater degree than the former. 
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DISCUSSION 


Written Discussion: By R. K. Pitler and H. M. Butler, supervising metally, 
gists, Allegheny Ludlum Steel Corporation, Watervliet, New York. 

The authors are to be commended for making a major contribution to th, 
understanding of an alloy system which is receiving increasing interest from 
metallurgists. 


The purpose of this discussion is to present some evidence corroborating their 


findings and to suggest the presence of an additional precipitating phase in steels 
of this type. 

The base alloy of this investigation was G-192 alloy, a 0.6% carbon, 8.5% map. 
ganese, 22% chromium, 0.35% nitrogen alloy which most closely resembles 
Steel C of the authors’ investigation. Fig. 34 shows the miscrostructure of this 


alloy after solution treating at 2150 °F and water quenching. This structure con- 


Fig. 34—Normal Microstructure of Base Alloy (0.6% C, 8.5% Mn, 


Etchant: HC1 and Picric Acid in Alcohol. x500. (a) 2150 °F 1 hr W.Q. (b) 2150 °F 
1 hr W.Q. + 1400 °F 16 hr A.C. 


tains some carbides in an austenitic matrix and is similar to those structures 
shown by the authors. After aging at 1400 °F for 16 hours, the structure consists 
of carbide islands which were present after solution treating plus a general back- 
ground precipitate. There appears to be a heavy concentration of precipitate at 
grain boundaries and along twin planes. This structure is somewhat similar to 
that shown in Fig. 16 of the paper under discussion. X-ray diffraction examina- 
tion of extracts from both the solution treated and solution treated plus aged 
structures indicated the presence of CrasC. in the solution treated structure and 
a much larger amount of CraCe plus some Fe:N in the solution treated plus aged 
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Pearlitic Microstructure of Segregated Area in Billet Disk. Etchant: HC1 
and Picric Acid in Alcohol. x1000. 


»—Microstructure of Base Alloy + 0.44% Nitrogen Showing Pearlitic Constituent. 
: HCl and Picric Acid in Alcohol. x500. 2150 °F 1 hr W.Q. + 1400 °F 16 hr 
A.C, 


f 7 Microstructure of Base Alloy + 0.04% C and 0.54% Nitrogen Showing 
Pearlitic Constituent, Etchant: HC1 and Picric Acid in Alcohol. x1000. 2150 °F 1 hr 
W.Q. + 1400 °F 16 hr A.C. 
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structure. No attempt was made to analyze chemically the extraction 
Subsequently a new constituent was found in as-rolled billets of the ba 

This constituent which closely resembles pearlite is shown in Fig. 35. It appea 

as a segregate in the center of macro etched billet cross sections. (| 

analysis samples were taken from the segregated area and from the nonseg 

area of the same cross sectional billet slices. The results of these analyses, as 

in Table VIII, indicated that the segregated pearlitic area was exceptionally | 

in nitrogen and somewhat lower in carbon, manganese and chromium than the sy 

rounding area of normal structure. X-ray diffraction data on residues extract, 

from the segregated area showed the presence of CraCs and Fe.N. The Fe.\ 

lines in this sample were considerably stronger than those obtained on the ag 

sample of the base alloy previously investigated. 


Table VIII 


Comparative Analyses of Pearlitic Segregated Area and 
Normal Structure Area from Billet Disk 


Carbon Manganese Chromium 


Pearlitic Segregate 0.46 7.66 Q. 
Normal Structure 0.60 8.40 Looe 


A heat of standard analysis with nitrogen of 0.44% rather than 0.35% was 
examined in both the solution treated and solution treated plus aged conditior 
The solution treated structure of this higher nitrogen alloy was very similar t 
the structure of the alloy of normal analysis. However, upon aging, the hig! 
nitrogen alloy contained a large amount of very fine pearlite-like constituent as 
shown in Fig. 36. This was in marked contrast to the aged structure of the base 
alloy. X-ray diffraction data on the high nitrogen alloy indicated the presenc 
of CroasCy in the solution treated sample while the aged sample contained mor 
CrosCs and some Fe2N. 

In order to confirm the indications that the lamellar phase had an Fe.N stru 
ture, a heat was made which contained normal manganese and chromium but had 
very low carbon (0.04%) and high nitrogen (0.54%). It was realized that elimi 
nation of the C would result in formation of ferrite. The structure of this low 
carbon, high nitrogen alloy after solution treating and aging at 1400 °F for lt 
hours is shown in Fig. 37. This structure contains large areas of ferrite which are 
partially transformed, probably to sigma phase, plus a pearlitic structure which 
appears to have nucleated at the austenitic grain boundaries. X-ray diffraction 
studies on residues from this structure indicated the presence of Fe2N but showed 
no evidence of CrosCes. 

The following conclusions can be drawn as a result of this study. 

1. One of the principal precipitation hardening reactions in this Cr-Mn-C-N 
steel is the precipitation of CresCs. This results in a microstructure similat 
to that shown by the authors for samples of their steel aged at approx! 
mately the same temperature. 

In addition to the lamellar CresCs precipitate found by the authors, steels 
of this type can exhibit a pearlitic structure which precipitates in th 
neighborhood of 1400°F and has an FesN structure. Formation of this 
lamellar Fe.N structure appears to be promoted by high nitrogen contents 
would like to acknowledge that all of the x-ray diffraction data presented 
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ult of the work of Hans Wawrousek without whose assistance this study 
tt have been made. 


Written Discussion: By F. R. Morral, Battelle Memorial Institute, Columbus. 


uthors calculated the chemical composition of their extracted residue to 


Mone) (Cs.2No.s 


) which had given an x-ray-diffraction pattern typical of 


the authors tried to make some type of a separation, by gravity methods, 
ubmitting their residue to x-ray diffraction and chemical analysis? It 
that the Cres 
a MniosC 


iS 
C, may take up to 60 per cent of Fe in solid solution, and that 
« The nitrogen may be part of one of the possible nitrides which, 
nt in rather small amounts, need concentration for X-ray-diffraction identi 
Further, it concerns me that having 24 atom positions available for the 
tallic element, the formula arrived at corresponds to 7.2 atoms of nitrogen 
Written Discussion: By Edward A. Loria, staff metallurgist, Crucible Steel 
npany of America, Pittsburgh. 
he authors are to be complimented on this fine paper. First, in regard to the 
rature, it would be appropriate to include the work of Avery et al? (1) and 


¢ 


ill et al * who have observed the lamellar or pearlite grain boundary constituent 
the 21% Cr-10% Ni heat resistant casting alloys. Except for the manganese 
lacing the nickel, their compositions are close to the subject steels in carbon, 
mium and nitrogen. Avery found that the lamellar constituent was nonmag 

and that the quantity in which it occurred was influenced by the nitrogen 
ntent of the alloy. It was suggested that it may consist of alternate plates of 
iustenite and a complex carbonitride. Hall concluded that the nature of the lamel- 
constituent is not definitely known, though believed to contain chromium and 


yon, and it was not possible to determine its influence on the mechanical prop- 


ete 


} 
1 
I] 


+ 


erTvies 


Onc 


would suspect that there would be a tendency for more of the pearlite to 
present in the steel of higher chromium content (steel C) than those of lower 

romium content (steels A and B). In addition, there would be a tendency for 
nore of the lamellar constituent to be present as the carbon content increases, all 


+ 


ier factors being constant. The authors can comment on the effect of both 
chromium and nitrogen if they will compare the amount of the lamellar phase in 
teel A versus steel C and steel A versus steel B. One might be concerned about 
the grain boundary reaction if one feels that the transformation of austenite to 
pearlite nodules would create contraction of the grain boundaries and a tendency 
for micro-cracking. It is appropriate to note that Guard and Prater ° even found 
in Co-Ni-Cr alloys that loss of strength accompanies the formation of a discon- 
inuous, lamellar, grain boundary precipitate. The precipitate occurs at lower 
peratures and in shorter times for the higher (20%) iron alloys. The lowest 
y temperature cited was 1300 °F. However, this precipitate may be of a dif- 
nt constituency than that under discussion. 

|. Goldschmidt, ‘“‘The Structure of Carbides in Alloy Steels,’’ Journal, Iron and Steel 

e, Vol. 160, 1948, p. 345. 
H. S. Avery, C. R. Wilks and J. A. Fellows, 


(y 


ery, “Cast Heat Resistant Alloys of the 

9% Ni Types,’”’ Transactions, American Society for Metals, Vol. 44, 1952, p. 57. 

- Mangone, D. D. Burgan and A. M. Hall, ‘“‘An Investigation of the 21%Cr—10% Ni 
istant Casting Alloy,’ Proceedings, American Society for Testing Materials, Vol. 55, 


W. Guard and T. A. Prater, ‘““New Super Alloy Speeds 


Jet Progress,” Jron Age, 
Co., Inc., October 1955, p. 116. 
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In resolving which of the precipitation reactions occurs first it might be ap- 
propriate to make a metallographic study of the small ingots or as-cast 5<-inch 
bars. What was the quantity and distribution, if any, of the lamellar constituent 
in the interdendritic areas and the general carbide precipitation in the as-cast 
alloys? Carbon in excess of the amount capable of being held in solution in ¢ 
austenite at solidification temperature forms carbides in the interdendritic areas 
Homogenization (or solution treatments) may dissolve the original conditions 
but these microsegregation areas would still be the preferred sites for nucle; 
formation. 

Aging the steels at 1300 °F to 1700 °F caused general carbide precipitation which 
is probably still most numerous in, and adjacent to, the original interdendritic 
areas. In effect, all precipitation would extend from the interdendritic areas into 
the austenite grains. Whereas short-time aging periods produced many fine, car- 
bide dispersions, were any long-time aging treatments carried out to determine jf 
the formation of needles of carbide along crystallographic planes occurred? In 
aging at 1700 °F, the structure and lower hardness are the result of the processes 
of coalescence and spheroidization going on at this temperature, in addition to 
some precipitation. 

Written Discussion: By K. G. Carroll and J. R. Mihalisin, Research Laboratory, 
The International Nickel Company, Bayonne, New Jersey. 

The authors are to be congratulated on a work of outstanding originality and 
clarity. Their research on age-hardening austenitic steels is so remarkably remi- 
niscent of reactions occurring in nickel-chromium age hardening alloys that some 
general questions arise naturally from a comparison between the two classes of 
alloys. It may be hoped that analogies between these two parallel systems will 
stimulate research toward a better understanding of solid state reactions which 
occur in these alloys at high temperatures. 

We would like to have the opinions of the authors on the following questions: 

1. Is the carbide MesC, the only one observed to form upon aging in the temper- 
ature range from 1200 to 1900 °F? It might be suspected that at certain temper- 
ature levels a carbide of the type M;C; would be found, by analogy with the 
nickel-chromium age hardening alloys, in which the nature of the carbide formed 
has been found to exert a great influence upon physical properties. Fig. 38 illus- 
trates the microstructure of Nimonic 80 (70% Ni, 20% Cr, 0.05%C plus minor 
amounts of Mn, Fe, Co and age-hardening additions of aluminum and titanium) 
after aging at 1300 °F. The grain boundary carbide here has been established as 
M.Cs, by a combination of x-ray and electron diffraction. Fig. 38 suggests that 
the two precipitation processes are not necessarily competing, because the age 
hardening precipitate is visible throughout the metal as well as in the vicinity of 
the massive grain boundary carbide. 

2. What is the nature of the general precipitate which is largely responsible for 
age hardening in austenitic steels? In the nickel-chromium system, the precipitate 
is found to be the NisAl phase of Taylor and Floyd,® or the closely related 
Nis(Al, Ti). Fig. 39 illustrates this phase as seen in an “extraction replica” of 
the Fisher type.’ The carbide phase has not been stripped out with the replica, 
whereas the general precipitate has been removed from the heavily etched surface. 
It will be noticed in Fig. 39 that the particle size is so small as to preclude any 


1€ 


®A. Taylor and R. W. Floyd, “The Constitution of Nickel-Rich Alloys of the Nickel 
Chromium-Titanium System,’ Journal, Institute of Metals, Vol. 80, 1952, p. 577. : 

7R. M. Fisher, American Society for Testing Materials, Special Publication No. 155, 195», 
p. 49. 
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Electron Micrograph of Grain Boundary Carbide in Nimonic 80 After 
hrs. Aging at 1300°F. First etch, glyceregia, second etch, electrolytic in 1% 
sulphuric acid. Parlodion replica, germanium shadowed. Magnification, x10,000 


g. 39 


g. 39 -Extraction Replica of Same Specimen of Nimonic 80 as in Fig. 38. Specimen 
eavily etched in 1% sulphuric acid prior to replication. Magnification, x10,000. 
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x-ray diffraction analysis. Electron diffraction, on the other hand, stron, 
ports the view that this phase is a cubic structure of the NisAl type, giving 
tion of super lattice lines due to ordering. 


Authors’ Reply 


We would like to thank Mr. Loria for pointing out two additional reference: 
to investigations in which a lamellar grain boundary phase was found. Also. yw; 
are aware of several other unpublished works in which this microstructure has 
been observed. However, the primary object of our present study was to explair 
the mode of formation of this grain boundary phase, i.e., the time temperature re 
lationships for its occurrence. 

In regard to Mr. Loria’s comments on the effects of chromium, carbon, and 
nitrogen contents on the tendency for the formation of the lamellar constituent 
these effects are clearly shown in Figs. 25, 26, and 27 of the paper. An inspectio: 
of these microstructures shows that the nitrogen content had a very significant 
effect on this reaction. For example, Steel A had 0.18% N whereas Steel B had 
0.32% N and the amount of lamellar grain boundary phase in these steels after 
slow cooling was about 3% and 50% respectively. This behavior shows th: 
marked effect of nitrogen on this reaction. Our later work also showed that the 
effect of chromium and manganese was negligible. 

The comment on grain boundary contraction and a tendency for micro-cracking 
to occur during the formation of the grain boundary reaction product appears t 
us to be very speculative. We made a careful and extensive study of the micr 
structures, but we did not observe grain boundary cracking of the type described 

In reference to Mr. Loria’s questions on as-cast bars, we have studied th: 
precipitation reactions in wrought steels only. As was described in the paper 
the starting condition for the various precipitation reactions was a completely 
austenitic structure. Also the effects of inhomogenities as developed by our heat 
treatments were fully discussed in the paper and shown in Fig. 31. 

If the question on whether we observed the formation of “needles of carbides 
along crystallographic planes” refers to a formation of a Widmanstatten carbic 
precipitation similar to that shown in Fig. 15 of the paper, then we did make the 
long time aging studies (180 hours at 1300 °F) to develop this type of structur: 

In regard to the discussion by Mr. Morral, we did not make gravity separatio! 
or other concentration method on the extracted residues. No phase other tha: 
MosCe could be found by x-ray diffraction, and the results of chemical analyses o1 
thoroughly washed and dried residues enabled us to establish that it is CrosCs, with 
some substitution of iron and manganese for chromium and nitrogen for carbon 
We agree with Mr. Morral that there is a possibility of the existence of a ver) 
small amount of nitride in the residue; however, we have no experimental data t 
confirm this belief. 

We appreciate the comments and the stimulating discussions by Messrs. Carrol! 
and Mihalisin. We did not identify the precipitated phases at all aging tempera 
tures in the range 1200 to 1900 °F. However, we did establish that the lamella 
nodules formed during aging at 1600 °F for 20 hours, were comprised of Ma( 
and austenite, and that the general precipitates formed during aging at 1400 °F fo 
100 hours was also Mess. It is quite possible that at certain temperatures a carbid 
of the type M:Cs would be formed as suggested; however, we have no exper! 
mental data to support this expectation. The two precipitation reactions that ar 
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ting in the alloys that we are studying are (a) a general precipitation and 
grain boundary reactions (characterized by the formation of lamellar 
at grain boundaries ). Inasmuch as in both of these reactions the formation 
hide is involved, the reactions are competing for the carbon and nitrogen 
t in solid solution in the steel. 
We agree that the precipitation along the grain boundaries (also twin bound 
would take place regardless of the other two aforementioned precipitation 
i ns. 
lhe nature of the general precipitate which is largely responsible for aging 
lening in austenitic steels depends on the composition of the steel. In our case, 
e found that age hardening was attributable to the precipitation of chromium 
irbide 
We are pleased to have the comments of Messrs. Pitler and Butler. Their dis- 
ussion of the formation of nitrides in these steels is very significant to a better 
understanding of the grain-boundary reaction product. 

Because nitrogen plays such an important role in promoting the grain boundary 
reaction, we expected to find nitrides in our steel. However, after a thorough x-ray 

iffraction study failed to reveal evidence of nitrides in these relatively high carbon 
steels (that is, about 0.40% carbon), we concluded that little or no nitride was 

resent. This conclusion was checked by making chemical analysis on the ex- 
tracted particles in the steels. These chemical analyses substantiated the x-ray 
ork by showing that very little nitrogen was present. To investigate this matter 
further, we studied an 0.09% C, 0.63% N, 13% Mn, 20% Cr steel after aging to 
form grain boundary reaction products, and our x-ray diffraction tests showed 
that the constituents that precipitated out of solid solution were CreN, CresCe, and 
sigma phase. The CreN was present in the greatest amount and CrosC. and sigma 
were present only in minor amounts. Therefore, we believe that the lamellar 
grain boundary reaction products can consist of carbide and austenite or nitride 
ind austenite depending on the amounts of carbon and nitrogen in the steels. 

We cannot explain the differences in the identification of the nitrides that form, 
i.e, FeeN or CreN. Because the x-ray diffraction patterns of these compounds 
are quite similar, it is difficult to distinguish between these two phases when 
additional compounds are also present. However, the chemical analysis of our 
extracted phases showed chromium and nitrogen to be the major constituents, and 
we believe this substantiates our x-ray diffraction interpretations. Also, based on 
previous work on the identification of the nitrides that form in the iron-chromium- 
nitrogen system* and in 18 Cr—8 Ni steels** (which were found to be CreN), we 
are more inclined to believe that the nitride is CreN. One further point in regard 
to the discussion of Messrs. Pitler and Butler is that their findings on the effect 
of N agree very well with our analysis of about 60 different steels. Our findings 


show a parabolic band in plotting %N as the ordinate versus %C as the abscissa 


which differentiates the two types of precipitation reactions. That is, the region 
above the band is substantially all lamellar grain boundary reaction product, below 
the band substantially all general precipitate, and in the band a mixture. 


"5. Eriksson, ““X-Ray Investigation on the System Iron-Chromium-Nitrogen,” Jernkontorets 
ialer, 1934, pp. 530-543. 
E. J. Dulis and G. V. Smith. “Formation of Nitrides from Atmospheric Exposure During 


= kee of 18 Cr—8 Ni Steel,’”’ Journal of Metals, American Institute of Mining 
leta 


lurgical Engineers, Vol. 194, 1952, p. 1083. 





MARTENSITIC TRANSFORMATION IN 
THE MACHINING OF 
AUSTENITIC STAINLESS STEEL 


By E. F. Erspin, E. R. MARSHALL, AND W. A. BACKOFEN 


Abstract 

Planing and grinding tests under standardized cutting 
conditions and over a range of temperature were carried out 
on types 301 and 304 austenitic stainless steel. An x-ray dij 
fraction technique was employed for quantitatively dete) 
mining extent of transformation at the machined surface, 
and in some tests, as a function of depth below the surface. 
Measurements of tool forces in all tests plus chip geometr\ 
in planing were used in computing cutting energies and th 
shear strains and average shear stresses for chip formation 
in planing. Correlations have been made between such me 
chanical quantities and the x-ray measurements of extent 
of transformation. From tests on type 301, the depth oj 
transformation below the machined surface proved to be 
much greater, relative to the depth of cut, in grinding than 
in planing. The course of transformation with depth also 
differed for the two methods of cutting; in planing, maxi 
mum transformation occurred at the surface, while in grind 
ing 1t was found to occur beneath the surface. (ASM-SLA 
Classification: N8, G17, SS) 


ANY STUDIES of austenitic stainless steel have been con- 

cerned with the generation of the low carbon martensite or ferrite 

in various plastic working processes and under different conditions of 

testing (1—7).' The transformation as it occurs in machining, however, 
has received much less attention. 

The material may be a troublesome one in the machine shop, and at 
least part of this behavior is attributed to the strength producing trans 
formation. As cutting progresses, appreciable hardening may occur 
below the new surface because of a high and persistent rate of work 
hardening frequently coupled with the formation of martensite by ma 
chining stresses. Then subsequent cuts may entail greater difficulty 
Another problem involving the stress-induced transformation of aus 


1 The figures appearing in parentheses pertain to the references appended to this paper 


t 


A paper presented before the Thirty-Eighth Annual Convention of the Society, 
held in Cleveland, October 8-12, 1956. Of the authors, E. F. Erbin is associated 
with the Titanium Metals Corporation of America, New York City; E. R 
Marshall is associate professor of civil engineering, University of Vermont, Bur 
lington, Vermont and W. A. Backofen is assistant professor of metallurgy, Meta!s 
Processing Laboratory, Massachusetts Institute of Technology, Cambridge, 
Massachusetts. Manuscript received March 26, 1956. 
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OSs 


te could arise in connection with the machining, especially grinding, 


eat treated carbon and alloy steels containing retained austenite. 
volume increase accompanying transformation might produce lo 
ized patterns of stress sufficiently intense to bring about cracking. 
\Vulff (8) has reported on an electron-diffraction study of the trans 
formation induced in an 18-8 austenitic steel by various surface finish 
processes such as fine grinding, honing, lapping, superfinishing, 
etc.; the results clearly demonstrated that transformation had occurred 
ind that both temperature and stress were important variables control 
ling the depth and extent of transformation. An interest in more in 
formation, as quantitative as possible, about the behavior of austenite 
during machining led to the experiments described below. 

In the present work, a high angle Norelco x-ray spectrometer was 
used to establish the amount of martensite formed in two common 

achining operations: single-point cutting by planing, and grinding. 
\nalyses were made following simple procedures developed earlier 

Littmann (9) for quantitative determinations of retained austenite 
in hardened steels. 

Planing was selected for study because it is one of the simplest and 
most easily analyzed of the machining operations. Electric strain-gage 
tool dynamometers (10) were used to measure cutting forces. Stresses, 
strains, and energies of chip formation were then calculated from the 
forces and measurements of chip geometry, by the methods of Piispanen 
(11) and Merchant (12), and correlated with the amount of trans 
formation. 

Grinding, although not as simple as planing, has recently been the 
subject of intensive studies (13,14,15) and much is now known about 
the mechanical and thermal aspects of the process. Dynamometers and 
auxiliary equipment used in these previous studies were available for 
torce and energy determinations, and, as in planing, the data were 
correlated with x-ray diffraction measurements of the extent of trans 
tormation. 

Both planing and grinding were conducted at room temperature and 
sub-zero temperatures. The lower temperatures were used because they 
promote the stress-induced transformation, and it was felt that this 
might lead to more detailed information about the sub-surface zone 
affected by machining. Two types of austenitic stainless steel were 
studied; 301 which transforms readily when plastically deformed at 
(and somewhat above) room temperature, and 304 which transforms 
appreciably only at lower temperatures. 


EXPERIMENTAL PROCEDURES 


Materials: Type 304 strip was obtained from a commercial source. 
Strip of type 301 was prepared from a laboratory-cast 25-pound ingot 
hay « a . . . . ° 
by a sequence of hot forging and rolling. Chemical analyses are given 
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in Table I. Specimens for planing tests measured 2 x 1% 
while those for grinding were % x % x \% inch. 
















Table I 


Chemical Composition of Strips 


= Ni Cr Mn Si 









301 0.08 5.80 17.96 1.89 1. 






304 0.053 10.31 18.70 1.25 0.39 





All specimens were annealed for 20 minutes in dry hydrogen at 
1090 °C (1995 °F) and then air-cooled before testing. Measurements 
of martensite, or a, content after heat treatment and before the cutting 
tests revealed 18% by volume in type 301 and 6% in type 304. 







Clearance 







Fig. 1—The Planing Operation. 


Planing Tests: Four tools were prepared with rake angles of 15, 25, 
35, and 45 degrees ; the clearance angle on all was 5 degrees. Rake and 
clearance angles, together with other quantities discussed in more de- 
tail in the following section on Experimental Results, are illustrated in 
Fig. 1. The purpose of the different rake angles was to produce chips 
with different shear strains ; the larger the rake angle, the more “knife- 
like” the tool and the lower the shear strain in the chip. Piispanen’s and 
Merchant’s methods of calculating shear stresses, strains, and energies 
of chip formation require that chip formation be continuous. It was 
possible to insure continuous chips under all planing conditions by using 
carbon tetrachloride as a cutting fluid. 

The planing tool was held rigidly in a special fixture attached to the 
head of a milling machine, while the specimen was mounted on the 
planing-force dynamometer bolted to the table of the machine. Cuts 
were taken from the % x 2-inch surface of the specimen by moving 
the specimen against the stationary tool, in the direction of the 2-inch 
length, at a constant rate of 20 inches per minute. Five successive cuts 
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ere made under all conditions, with the table and specimen being 

‘sed 0.007 inches before each cut. Test data were recorded for the fifth 

This procedure was necessary to accommodate the elastic spring 

the system and to guarantee a standard depth of cut of 0.007 inch in 
each test. 

[est data consisted of measurements of chip length and the hori- 

ntal and vertical forces exerted by the chip on the tool. Since the chip 

s curled as it left the specimen, it was softened by annealing and then 

fattened for a length measurement. Outputs of the dynamometer, 








Fig. 2—The Grinding Operation. 


which yielded cutting-force values, were recorded with a two-channel 
Sanborn oscillograph. 

Planing tests with each rake angle were conducted on both types 
S01 and 304 at approximately 68 °F (room temperature) and on type 
SOL at —78 °C (—108 °F), the temperature of a dry ice and acetone 
mixture. For the low temperature tests, a container fitted around the 
specimen was filled to a level about % inch from the cut surface. An 

on-constantan thermocouple, inserted in a small hole about % inch 
below the surface, showed that a bulk temperature of approximately 

78°C (—108°F) was maintained throughout each cut. 
rinding Tests: Grinding was done with a Doall surface grinder, 
using a silicon carbide wheel 6% inches in diameter and %4 inch wide 
Norton Abrasives Company, wheel designation 39C60-L5V ). Each 
pecimen was attached to the grinding-force dynamometer on the table 


/ 


the machine with the 14 x %-inch surface under the wheel. Fig. 2 
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illustrates the quantities of interest in grinding studies. Table spe 
was constant at 20 feet per minute and the wheel turned at 3500 rpn 
The specimen traveled past the wheel in the direction of the 14-; 
dimension with no crossfeed. As in planing, five successive passes wer 
made under all conditions. Before each cut, the wheel was lowered 
0.0005 inch, and on the fifth cut, test data were recorded. With suc] 
a procedure, a standard 0.0005-inch depth of cut was insured in every 
test involving different grinding conditions. The wheel was dressed 
with a pyramidal-shaped diamond each time that the conditions oj 
grinding were changed, an operation which has been found to give the 
most reproducible wheel surface (14). The Sanborn oscillograph was 
used again to record dynamometer outputs corresponding to the tan 
gential and radial forces, Fy and Fp respectively, exerted by the wheel 
on the specimen. 

Specimens were immersed in a coolant bath attached to the dyna 
mometer and positioned so that the liquid level was about % inch be 
low the surface to be ground. Tests on types 301 and 304 were carried 
out in baths at 68°F (water, at room temperature), —78°C 
(— 108 °F) (dry ice and acetone), and — 196°C (— 320°F) (liquid 
nitrogen). A thermocouple attached above the liquid, as in plan 
ing tests, indicated that the bulk temperature of the specimen was 
that of the coolant. Because of windage generated by the grinding 
wheel, some liquid was swept onto the wheel and specimen; undoubt 
edly this had an influence on the grinding, perhaps by contributing 
lubrication, or more effective cooling, or still some other effect. 

X-ray Diffraction Measurements of a Content: Continuous auto 
graphic records of diffracted intensity were obtained over the desired 
range of the Bragg angle 0. Scanning speed was held constant at 2 de 
grees of 26 per minute. The theory underlying such measurements has 
been discussed in connection with methods based on film and photom 
eter records (16). Following the work of Littmann (9), vanadium 
filtered CrKa radiation (25 kv, 15 ma) was chosen as being the most 
suitable. Attempts were made to measure the intensity of radiation re- 
flected from the surfaces of chips produced in planing, but severe chip 
curl and an irregular surface made satisfactory focusing conditions 
impossible. Therefore, intensity records were obtained only from the 
planed and ground surfaces and at various depths below the as 
machined surfaces which were reached by electropolishing and electro- 
etching. 

Three diffraction lines were used in the present work: a(200) and 
a(211) from martensite, and y(220) from austenite. Since a deter- 
mination of volume percent a, or y, requires the ratio of integrated in- 
tensities of an a line to a y line, each integrated intensity was obtained 
by measuring the area under the line tracing and above background 
with a planimeter. 


2-Inc| 
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IXPERIMENTAL RESULTS 


aning: All data for calculations with the established cutting theory 
listed in Table II. The chip-length ratio is simply the ratio of the 
eth of chip produced in planing, Lz, to the length of cut, L; (2 inches 
ill tests) ; generally, Le is found to be considerably less than L.,. The 
shear angle, ¢, defined in Fig. 1, is determined by the chip-length ratio, 
,/Ly, together with the rake angle, 8. All equations required in the 
planing calculations described below are found in Appendix I. Equa 
tion 1 gives @ in terms of L2/L, and B. 


Table II 
Chip-length Ratios and Shear Angles in Planing 


width of cut, Wi = 0.125 in. 
length of cut, Li = 2.00 in. 
depth of cut, t: 0.007 in. 


Fu, lbs 
280 
233 
193 
176 


Wh D 


wmuuin * 


290 
232 
205 
193 


wmumwnvi 


] 
2 
3 
4 


220 
170 
130 
120 


nN 
wun 


> w 


\ccording to the analyses of Piispanen (11) and Merchant (12), a 
chip is produced by shear along a distinct shear plane (illustrated in 
ig. 1) which is inclined at the shear angle ¢ to the work surface. The 
process by which a continuous chip is believed to be formed is shown 
schematically in Fig. 3. Shear lamelae, assumed to be infinitesimally 
thin in reality, are created as the tool advances; their generation has 
been likened effectively to the shearing of a deck of cards. In Fig. 3, 
lamella 1 is about to be formed; lamella 2 has just been formed by a 
shear along the shear plane; lamellae 2, 3, and 4 are a part of the chip 
moving continuously up and along the tool. The amount that a lamella 
slips, or shears, As, divided by its thickness, Ax, is the total shear 
strain, e, of continuous chip formation; it may be calculated from the 
rake angle and shear angle with Equation 2. 

Calculation of the corresponding average shear stress, S,, is made 
by determining the resultant of Fy and Fy, resolving this force along 
the shear plane, and dividing by the shear-plane area. Equation 3 incor- 
porates all steps in the calculation. Shear stress is rigorously described 
as an average quantity since it is associated with the production of shear 
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Fig. 3—Shear Lamellae in Continuous Chip Formation 
(Schematic). 





© 301, 20°C (68°F ) 
4 301,-78°C(-108°F) 
0 304, 20°C (68°F) 


1.0 2.0 3.0 
€ 


Fig. 4—Average Shear Stress, Ss, vs. Shear Strain, e, in Planing. 
Wi 0.125 inch; La = 2.00 inch; ti = 0.007 inch; CCl4 cutting 
fluid. 


strain in a lamella that ranges from zero to the maximum, e, given by 
Equation 2. In terms of cutting theory, relationships between average 
shear stress and the shear strain have more fundamental meaning than 
those involving cutting forces and rake angle. Accordingly, average 
shear stress and shear strain in the chip were determined for all tests 
with the data in Table II and are plotted together in Fig. 4. 

Energy required for cutting is usually reported as energy per unit 
volume of metal removed, or specific energy. From the analysis of P- 
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panen or Merchant, the total specific cutting energy, W,, is expended 
n two ways: an amount W, goes into shear deformation in the chip, 
| an amount W, is used in overcoming friction between chip and 
tool. These three quantities in the energy balance are calculated with 
‘quations 4 through 6. W,. and W, for all tests are plotted as functions 
of shear strain in the chip in Fig. 5. 





We 


, 





© 301, 20°C (68°F) 
& 301,-78°C (-I08°F ) 
o 304, 20°C (68°F) 


0 1.0 2.0 


E 


Fig. 5—Variation of Specific Energy, We (total) and Ws (shear), with Shear Strain, e, 
in Planing. wi = 0.125 inch; La = 2.00 inch; ti = 0.007 inch; CCla cutting fluid. 


X-ray Analysis of Planed Surfaces: Quantitative determinations of 
martensite and austenite may be made with integrated line intensities 
providing there is no preferred orientation so that reflections are from 
randomly oriented grains. The necessary equations are considered in 
Appendix II, Equation 8 shows that the volume ratio of the two phases 
a and y can be determined from the ratio of the integrated intensities 
Hace11) and E229) of the a(211) and the y(220) lines: 


Va/Vy — Face / E+ <220) ‘_ 220) / Racer Equation 8 


where the constant R is characteristic of the particular diffraction line 
tor each phase. Calculated values of R for the above two lines and the 
a(200) as well, for types 301 and 304, are listed in Table III of Ap- 
pendix II. Once the volume ratio is determined, the volume percent is 
readily obtained with Equation 9. 

Certainly the quantitative success of such an analysis rests primarily 
on the absence of preferred orientation in the machined surface, a sub- 
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Table III 
Calculated “R” Values with CrKa Radiation 


R 
Line 301 304 
a(211) 241 
(220) 61 62 
a(200) 24.5 24 


ject about which relatively little information is available. To examine 
the degree of randomness in the surfaces under study, comparisons 
were made of the integrated intensities of the a(211) and a(200) lines 
Now Equation 8 reduces to: 


ie v11)/ Ea 200) — INace11)/ Raceco Equation 10 


so that, with absolute randomness, the measured integrated intensity 
ratio of the a(211) to the a(200) lines should equal the ratio of the 
corresponding calculated R values. Rgi211)/Rac200) turned out to be 
nearly 10 for both types 301 and 304. The integrated intensity ratio, 
determined directly after annealing, after planing and grinding, and 
again after electropolishing, proved to be within +5% of the calculated 
value. Therefore, the conclusion that preferred orientation was not a 
serious consideration in these specimens appears reasonable. 

Data relating to preferred orientation in machined surfaces are not 
plentiful. A pole figure of a surface prepared by shaping has been con 
structed with back-reflection photograms (17). Although such a pole 
figure can provide only limited information, it does indicate some pre 
ferred orientation although in this case it was not overly pronounced 
or well defined. A few back-reflection photograms from the machined 
surfaces of the present work showed uniformly intense Debye rings, 
further suggesting that a negligible amount of preferred orientation 
was developed in both planing and grinding. Much more recently, an 
electron diffraction study has been made of surfaces of coarsely poly- 
crystalline copper prepared by shaping at room temperature under con 
ditions similar to those reported here (18). Evidence was found of a 
compression-type fiber texture with fiber axis inclined 10 to 15 degrees 
to the cutting direction and reaching to a depth of about 0.0002 inch be 
low the machined surface. Less well-defined texture was reported to a 
depth of approximately 0.0008 inch, while cold working effects were 
observed ranging to depths of 0.004 to 0.008 inch. Possibly the reason 
why preferred orientation does not seem significant in these austenitic 
stainless steels is to be found in the rather turbulent flow and, in plan- 
ing, departure from the idealized conditions of Fig. 3 that occur during 
their machining. 

The thickness required to halve the intensity of the CrKa radiation 
for normal incidence (half-intensity depth) was calculated to be 0.0003 
inch. But since the incident beam was inclined to the specimen surface 
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© 301, 20°C (68°F) 
4 301, -78°C(-108°F) 
5 304, 20°C (68°F) 


301 Interior - 78°C. 


-301 Interior 20°C — 
304 Interior 20°C 


O 1.0 ; 3.0 
€ 


Fig. 6—Volume Percentage of a at the Planed Surface 
Strain, €. w1 0.125 inch; La 2.00 


cutting fluid 


versus Shear 


inch: ti 0.007 inch: CCl, 


lOO 


Interior 


0.00! 0.002 0.003 
Depth below surface,in. 


Variation of Volume Percentage of a with Depth Below the 
Surtace of [ype 301 Planed at 78 °C ( 108 °F) with a 15 
Rake-angle Tool and e 2.47. ws 0.125 inch; Li 2.00 inch; 
ty 0.007 inch; CCl cutting fluid 


Fig 


1 


angle smaller than 90 degrees in all tests, the depth required for 
reflected intensity of one-half the incident value would be even less 
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than one-half of 0.0003 inch. Such a calculation points out that th, 
greatest part of the reflected radiation came from a very shallow region 
only a few ten-thousandths of an inch in depth at the most. 

In Fig. 6, the volume percentage of a at the planed surface is show; 
as a function of shear strain in the chip for type 301 at 68°F and 
—78 °C (—108 °F) and for type 304 at 68 °F. Fig. 7 reveals how th 
amount of a formed by planing type 301 at —78°C (—108°F) with 
a 15-degree rake-angle tool varies with depth below the planed surface 
The dashed, horizontal lines in Figs. 6 and 7 show how much a was 
introduced simply by cooling to the different test-bath temperatures 
before planing. Since these lines also represent the amount of a in a 
remote part of a specimen unaffected by the cutting, they have been 
given the label “interior.”’ There is, of course, some uncertainty about 
locating the a determinations since sub-surface reflections do contribute 
to the measured intensities. Yet the contributing depth was sufficient] 
small relative to the distance between determinations that the data were 
plotted exactly at the planed surface and at the depths below this sur 
face which were reached by electropolishing. 

Grinding: From a measurement of the tangential force, Fy, the 
energy required to grind away a unit volume of metal—the specify 
grinding energy u—is calculated in units of in.-lbs/in.* with the equa- 
tion 

u= Fr(V — v)/wdv 
where: Fy = tangential grinding force, directed parallel to the specimer 
surface, in pounds. 
V = wheel-surface speed (5950 feet per minute). 
v = table speed (20 feet per minute). 
w = specimen width (% inch). 
d = depth of cut (0.0005 inch). 
Since V, v, w, and d were held constant, u was directly proportional to 
Fy. The variation of u with temperature for both steels is plotted in 
Fig. 8. 

X-ray Analysis of Ground Surfaces: Methods of analysis were iden- 
tical to those already described. The curves in Fig. 9 for both 301 and 
304 show, as a function of test-bath temperature, the volume percentage 
of a determined at the ground surfaces and the amount of a at interior 
points unaffected by the grinding. Other measurements were made of 
the variation in a content with depth below the surfaces of type 301 
specimens ground at 68 °F and — 78°C (— 108 °F), with the results 
plotted in Fig. 10. 


DISCUSSION OF RESULTS 
Planing: Mutually consistent trends are evidenced by the data 
plotted in Figs. 4, 5, and 6. From Fig. 4, it is clear that the shear stress 


for chip formation in type 301 is appreciably higher at the lower tem- 
perature when comparison is made for a-given shear strain; an im- 
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Fig. 8—Specific Grinding Energy, u, vs. Temperature. w = 0.125 
inch; d 0.0005 inch; v = 20 feet per minute; V = 5950 feet 
per minute. 


portant reason, brought out by Fig. 6, is the greater amount of strength- 
producing a formed in planing the type 301 at —78°C (—108 °F). 
The same finding explains why, for any particular shear strain, a con- 
siderably higher shear stress is encountered in type 301 than in type 
304 when both are cut at 68°F; Fig. 6 shows that cutting at 68°F 
results in much more a at the surface of type 301 over the whole range 
of shear strain. Differences between the total energy and shear energy 
variations with shear strain in Fig. 5 may also be explained on the 
basis of Fig. 6; the greater the amount of a at any shear strain, the 
greater is the energy required to remove metal. 

It has already been pointed out that a measurements could be made 
only on specimen surfaces and that measurements on chips were not 
possible. Yet all stresses, strains, and energies being correlated with 
these measurements are associated with the deformation of metal in 
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minute; V = 5950 feet per minute. 


chip formation. It is not felt, however, that any serious objection can 
exist to such correlations. The evidence appears adequate for conclud- 
ing that the amount of a produced in the specimen, and particularl) 
at the machined surface, does reflect the extent of transformation dur- 
ing chip formation. As noted earlier, five successive cuts of 0.007 inch 
were made in each test before data were taken. Fig. 7 shows that for 
type 301, planed at —78°C (—108°F) with a 15-degree rake-angle 
tool, the transformed zone extended only about 0.002 inch below the 
surface, or somewhat less than 1 of the depth of cut. Therefore, it is 
likely that all a generated in one cut must be swept up into the chip 
formed in the subsequent cut, so that a measurements on the specimen 
reveal the amount produced in that particular cut. 

The shear stresses and the total and shear energies of cutting 1- 
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Fig. 10—Variation of Volume Percentage of a with Depth Below 

the Surface of Type 301 Ground at 68 °F and —78 °C (—108 °F) 

w = 0.125 inch; d= 0.0005 inch; v = 20 feet per minute; 
V = 5950 feet per minute. 


crease with shear strain at each test-bath temperature as shown in 
Figs. 4 and 5. These increases, however, must be attributed primarily 
to strain hardening rather than to the formation of a for the reason 
brought out in Fig. 6. The amount of a formed by planing decreases 
with increased shear strain. Analogous findings have been made in 
wire drawing (2) and tension testing (7) experiments on comparable 
steels. In that previous work, higher strain rates producing a greater 
temperature rise were considered to be the reason for less extensive 
transformation. The same reasoning applies here. All cuts were 0.007 
inch deep and were made at a speed of 20 inch per minute, so that the 
same volume was strained in the same time in each test. Thus, the 
higher strains resulted in higher strain rates. Since the shear planes 
and chips were not immersed in the test bath, the temperatures could 
rise locally to the values dictated by the specific shear and friction ener- 
gies and the rate of heat transfer. 

Grinding : Specific energy, under the conditions of these experiments, 
increases with decreasing test-bath temperature as shown in Fig. 8. 
The generally more rapid increase for type 301 can be correlated with 
the data of Fig. 9 showing a greater amount of a at the ground surface 
lor every test-bath temperature. However, over a temperature range 
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from about —50 °C upwards, the specific grinding energy is less fo, 
type 301. It is possible that this is a consequence of the fact that fri 
tion energy, as well as shear energy, is included in the specific grinding 
energy. An exact method of determining the contribution of each +, 
the total specific energy has not been found because of the complexity 
of the grinding process, although it has been shown experimentally that 
friction may account for something like 4 of the specific energy (14 
Thus, differences in frictional conditions due to the different frictiona! 
characteristics of the steels, could account for the specific energy curve 
of type 301 being lower at higher temperatures. 

Grinding is also a more complex process than planing in that the 
surface temperatures can become exceedingly high. Measurements 
have been made of average surface temperatures in the dry grinding 
of a low carbon steel by means of a technique employing an electrical}, 
conducting silicon carbide wheel as part of a wheel work-piece thermo 
couple junction (15). Temperatures at the surface are reported to ly 
as high as 1090 to 1370°C (2000-2500 °F ).’ More recent measure 
ments of temperatures in the grinding of SAE 52100 have been made 
by locating thermocouple junctions just beneath the surface (19). The 
results reveal a very steep temperature gradient near the surface, and, 
for conditions bearing some resemblance to those of the present work, 
an extrapolation to the surface indicates temperatures of the order of 
those noted above. Although the temperatures attained in the grinding 
tests under discussion may well have differed somewhat, it certainl; 
seems reasonable to consider that they were extremely high and had an 
influence on the y to a transformation as discussed below. 

Fig. 9 shows that the amount of a at the ground surface is greater 
for type 301 at all test-bath temperatures. However, the quantity of « 
at the surface of type 301 ground at test-bath temperatures of —78 
and —195 °C (—108 and —318 °F) proves to be less than that in the 
interior which resulted only from cooling to the temperatures of the 
tests. The lesser amount at the surface may be attributable to very high 
annealing temperatures arising in this kind of grinding. The fact that 
these temperatures and the associated heating and cooling rates ma) 
be significantly different from those of the austenitizing heat treatment 
prior to grinding could account for such a condition (20). Error in 
measurement is not considered to be an explanation, for a number of 
redeterminations after further grinding showed that the results could 
he reproduced within 1% of a. 

The variation of a content with depth in type 301 differs in two im- 
portant respects from that determined in planing. First, as shown in 
Fig. 10, the depth of the transformed zone is about six times the depth 
of cut of 0.0005 inch, while in planing it was only about 14 the depth 
of cut. The explanation of this difference may be found in the much 
higher stresses and temperatures encountered in grinding (14,15,1° 
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here is evidence that such high stresses and temperatures have deep 


reaching effects; high residual stresses, for example, have been found 
to extend to a distance below the ground surface many times the depth 
f material removed (21,22,23). It seems logical then that any stress 
induced transformation might also penetrate to a considerable depth, 
nd this is what is indicated in Fig. 10. Second, the maximum a con 
tent is found beneath, rather than at the surface as in planing. Simul 
taneous effects of temperature and stress again may provide the ex- 
planation. 

The findings as to variation of a content below the ground surface 
ire in qualitative agreement with results of the earlier electron- 
diffraction study of Wulff (8). In that work, grinding was found to 
iffect transformation to the greatest depth, and, although reported 
nly qualitatively, the variation of a content with depth was of the 
veneral form of that plotted in Fig. 10. The ground surfaces, however, 
were found to be completely austenitic with a content building up to- 
ward 100% at a depth of approximately 0.0003 inch before dropping 
off rather abruptly to 0% again with greater depth. There was no 
study of surfaces prepared by machining with a cutting tool, as in 
planing, but the results for honing and lapping (where much less heat 
generation would be expected than in grinding) also agree qualita- 
tively with the planing results of the present investigation. 

specially for lack of information about temperature distribution 
directly applicable to these grinding tests, no more than a tentative 
explanation can be offered for the variation of a with depth. It would 
certainly seem to be true that at the surface the temperature is higher 
than Mg, and with increasing depth the temperature drops rapidly to 
a level below Ma (19). The plastic deformation produced by grinding 
also diminishes with depth, although not nearly as rapidly (13). There- 
lore, it would be expected that initially the extent of transformation 
would increase with depth because more transformation does occur as 
the test temperature is steadily lowered below Mg. Now, the quantity 
of a formed is also influenced by the amount of strain, increasing with 
strain; and since the deformation decreases with increasing depth, the 
a content should eventually reach a maximum and then drop off to the 
original, interior value. Such an explanation of Fig. 10 does not con- 
sider the possibility that the Mag temperature is reached at an appre- 
ciable distance below the ground surface, it regards the a variation with 
depth as being developed almost entirely while metal removal is in 
progress. A more detailed explanation could be based on the possibility 
just mentioned; then, it would be necessary to consider the effect of 
various amounts of plastic strain above the Mg on the a content after 
cooling back down to the test-bath temperature (6). With the infor- 
nation available, however, neither explanation can be more than quali- 
tative, and the first has been presented because of its simplicity. 
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SUMMARY AND CONCLUSIONS 


The planing and grinding of types 301 and 304 austenitic st 
steel cause transformation of austenite to martensite. The extent , 
the transformation under standardized cutting conditions and over 
range of temperature has been determined quantitatively with an x-ra 
diffraction technique and related to the stresses, strains, and cutting 
energies. 

In planing, the depth to which the stress-induced transformatio 
penetrates is only a fraction of the depth of cut; for type 301 planed a 

78°C (—108°F) with a 15-degree rake-angle tool (shear strai 
of 2.47), the transformed zone extended downward about 0.002 inch 
or nearly 14 the depth of cut of 0.007 inch. The maximum amount o0{ 
transformation occurred at the surface, where, for all shear strains pr: 
duced in chip formation, it was greater in type 301, with its higher M, 
and Mg temperatures, and increased as the temperature was lowered 
from 68 °F to —78°C (—108 °F). For both steels and temperatures, 
shear stresses increased with shear strain, while the quantity of mar 
tensite at the planed surface decreased. This finding has been attributed 
to the increasing strain rate and greater temperature rise that accoi 
panied chip formation at higher shear strains. Both shear stress and 
the energy of cutting corresponding to any shear strain were observed 
to increase as the martensite content at the planed surface increased. 

The zone transformed in grinding extended to a much greater pro 
portionate depth; in type 301 at 68°F and —78 °C (—108 °F) it was 
found to penetrate to about 0.003 inch or six times the depth of cut oi 
0.0005 inch. Maximum transformation occurred beneath, rather thai 
at the surface, and this has been explained as the result of simultaneous 
effects of stress and temperature, both being much higher in grinding 
than in planing. Tests on type 301 at —78 and —196 °C (—108 and 

320°F) showed that the amount of martensite at the surface was 
even less than in the interior well below the zone affected by grinding 
Very high surface temperatures, comparable to, but still different fron 
those of the previous austenitizing heat treatment, plus different rates 
of temperature change, are held responsible for that observation. Grind- 
ing energy increased rapidly with decreasing temperature, more rapidly 
for type 301 with its more extensively transformed surface at all tem 
peratures. 
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Appendix I 
PLANING CALCULATIONS 


following equations for calculating stresses, strains, and energies 
lved in continuous chip formation during two-dimensional ( orthog 
planing have been derived by Merchant (12). 
he ingle @ between the shear plane and the work surface is cal 
lated from: 


tan i . Equation 1 


8 = tool rake angle; 
lia= length of cut; 
I.» = chip length. 
shear strain e in forming a chip is: 


e=cot ¢+tan (¢-— £B) Kquation 2 


e average shear stress S, during chip formation is: 
S, = (Fu sin ~ COS p Fy sin? p)/wait Equation 3 
ly = horizontal force on tool; 
l*'y = vertical force on tool : 
Wi = width of cut (or chip) ; 
t: = depth of cut. 
he shear energy, Wg, per unit volume removed is: 


Wwe = 8, « quation 4 


he total energy expended in cutting per unit volume removed, Wg, is: 

W. = (Fa * Li) /twili = Fa/tiw Equation 5 
l‘inally, the friction energy per unit volume, W,, is the difference be- 
tween the total work and the shear work: 


Wr=W. W, 


Equation 6 


Appendix II 
LETERMINATION OF CONSTANTS FOR X-RAY COMPUTATIONS 


he total energy of a line diffracted from randomly oriented grains 
a phase a or y is given by: 


;, l ; ' se 
hk) = OA | « . Fo es y (hk 1) | [iis *-< Veer , Kquation / 
Vaor¥ 


a or yet) = total line energy (integrated intensity) for an a or y line 
(hkl) ; 
=a constant for a given incident radiation and geometry, in 
dependent of phase diffracting ; 
absorption factor ; 
Debye-Waller temperature factor ; 
multiplicity factor ; 


T 
ere 
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(L.P.) = Lorentz polarization factor ; 
Va or y = volume of a unit cell; 
Va or y = volume of phase irradiated. 


Fa or yk» = Structure factor per unit cell; 


For a particular line (hkl) from phase a or y, the terms withi; 
brackets in Equation 7 may be collected as a calculable constant, R. 9, 
yuki), that is determined only by the structure and composition of ¢] 
phase (24,25). Also, the absorption factor A was essentially constant 
for the conditions of the present work. Therefore, from Equation 7 
considering some pair of lines such as the a(211) and y(220), 


V./V, — Feca» E220 @ Ryc2/ Rec Equation s 


The calculated values of R for these lines and the a(200), for the ty 
steels, are listed in Table ITI. 

Once the volume ratio of a to y is determined from Equation 8, th 
volume percent is readily obtained since there are no other phases 
present, and 


— ae V./V 
~ 14 V9, ' 


V,(%) Va(%) = ——- 100 Equation 


1+ V./V, 
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DISCUSSION 


Written Discussion: By N. H. Polakowski, Department of Metallurgical En 
gineering, Illinois Institute of Technology, Chicago. 

I venture to suggest that the relatively deeper penetration of the 0——a trans 
formation in grinding as compared with planing may be associated with the 
lifference in cutting edge geometry. 

\ grinding wheel can be probably regarded as a cutter with a multitude of short 
ictive edges most of which have negative rake angles 8, Fig. 1. This will result 
in large specific pressures between the tool element and the material (I have in 
mind the pressures normal to the material surface). Consequently, the plastic 
cone will penetrate quite deeply and relatively much deeper than would be the 
case with a planing tool of a geometry as shown in Fig. 1. 

A critical test to either prove or disprove this idea could be made by using two 
milling cutters with positive and negative S-angles respectively and by comparing 
the depth of transformation in the two cases. 


Author’s Reply—Dr. Polakowski’s point is well made, and one might expect his 
proposed experiment to show greater depth of transformation for the cutter 
with negative rake angle. However, an additional point of much importance that 
this experiment would not illuminate is found in what appears to be a well-defined 
ize effect in grinding. The removal of extremely fine particles of metal in grind- 
ing appears to be associated with exceedingly high stresses. Accordingly the 
ittendant gradient in strain and in strain energy could still be expected to result in 
proportionally greater depth of transformation in this process. The proposed 
xperiment would be much more enlightening if it were carried out with depth 


t cut as an additional variable. 





TRANSFORMATION PRODUCTS IN COLD. 
WORKED AUSTENITIC MANGANESE STEE! 


By R. K. Bune, S. L. GeERTSMAN, AND JAMES REEKII 


Abstract 

It ts established by the results reported in this paper tha 
small amounts of a ferromagnetic transformation product 
are formed when austenitic manganese steel is work hard 
ened by impact. This constituent is concentrated along th 
traces of slip planes and at grain boundaries and is probabl 
tempered martensite. 

Electron micrographs have been obtained showing th 
probable disposition of the ferromagnetic constituent im th 
matrix. Estimates of average spacing indicate that the ferro 
magnetic regions are of the order of 10~‘ centimeters 
apart. This would be appropriate to e xplain the harde ning 
effect in the present case in a manner similar to that fo) 
age-hardening alloys. (ASM-SLA Classification: N7, N& 
AY 


INTRODUCTION 
HEN AUSTENITIC manganese steel is cold-worked, 
hardness increases sharply. Many theories have been advance 
to explain this increase in hardness (1—5),! but little factual evidence: 
is available to substantiate them. Earlier investigators (1,2) favored 
the theory that part of the austenite transformed to martensite wher 
the steel was cold-worked, and that this transformation occurred i1 
the resultant slip planes. Later, since investigators could find no evi 
dence of transformation products in the strained steel (3,4,5), a second 
theory was advanced. This supposed that the increased hardness was 
due to fragmentation of the grains into small crystallites or blocks 
X-ray diffraction patterns were interpreted as showing that the limit 
ing size of these blocks was smaller for austenitic manganese steel than 
for ferritic steels and this was presumed to be the reason for the higher 
hardness obtainable in cold-worked manganese steel. 
Goss (5) states that severely strained manganese steel shows n 


he figures appearing in parentheses pertain to the references appended to this papet 
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nce of ferromagnetic constituents when placed in a powerful mag 

field. Arnold (6) assumes “that the increase in hardness on cold 

king results from the interlocking and blocking effects of movement 

« the slip planes within the austenite grains.” He considers that 

the absence of evidence of transformation products supports this view. 

[he investigation reported here was initiated in order to determine 

vhether transformation products are produced by cold working aus 

tenitic manganese steel, and, if they are, to identify the nature and posi 

tion of the new phase. Samples of the steel were subjected to various 

impacts and then investigated magnetically, both by susceptibility meas 

urements and by a colloid technique (7,8). An electron microscope 
study was also carried out. 


IXXPERIMENTAL PROCEDURE 
Preparation of Specimens 
Two heats of manganese steel were produced in a 50-pound induc 
tion furnace. Keel blocks, each having two legs, were poured from each 
heat at a temperature of 1500 °C (2730 °F). The following tabulation 
vives the analysis of the two heats, A and B. 


Klement Heat A Heat B 
c. 1.26% 1.21% 
Mn 13.96 14.10 
Si 0.87 1.20 
sy 0.018 0.013 
p 0.068 ().037 


The legs were flame cut from the keel block heads and radiographed. 
(hey were then heat treated by holding at 1065 °C (1950°F) for 2% 
hours, and water-quenched. To ensure that proper heat treatment had 
heen carried out, a metallographic examination and magnetic measure- 
ments were made on samples cut from the legs. 

Drop impact specimens were rough machined and then finish ground 
(to minimize any cold work due to the machining) to the dimensions 
shown in Fig. 1. The weight of each specimen was approximately 0.40 
ram. 

Magnetic measurements were made on each drop impact specimen 
before cold working, to ensure that no magnetic constituent was ini- 
tially present in the steel. 

Cold working was accomplished by dropping a steel weight on the 
conical portion of the specimen. To eliminate the possibility that the 
samples might become contaminated wit! magnetic material from 
the drop impact machine, the contacting portion of the striker, and the 
area of the anvil on which the specimen rested, were both hard- 
surfaced with a nonmagnetic material (Jetalloy). By varying the 
striker height, a different amount of cold work was imparted to each 
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specimen, the range of impacts used being from 10 to 150 foot- 
To check the reproducibility of the measurements, replicate 
were cold worked, at several levels, from each heat. 

After cold working, magnetic measurements were made on 
specimen, the procedure used being as outlined below. 


< 


Fig. 1—Sketch of Drop Impact Specimen 


Note: All Surfaces are Finish Ground 


Magnetic Measurements 


If a small specimen of pure metal having mass m and susceptibility 
x is placed in a nonuniform magnetic field, H, the force, F, exerted on 
it in the direction of the field gradient, 9H /@y, is 
F = myH(¢H)/ (ey) Equation | 


Any ferromagnetic impurity or precipitate in the material results 
in an additional force being exerted, and it is generally assumed that 
the total force is given by 

F = mxH(0H)/(ey) + mi o(@H)/ (ey) Equation 2 


In Equation 2, the amount of ferromagnetic impurity, m,, is assumed 
to be very small compared with m, and a is its specific magnetization 
in the field H. 

It follows that a plot of F against H(Q@H)/(dy) will reveal the pres 
ence of a ferromagnetic constituent in the sample by a nonlinear rela 
tion. If the plot is a straight line through the origin, the material 1s 
paramagnetic (or diamagnetic) and the susceptibility is immediatel) 
obtainable from the slope. 

In general, Equation 2 does not permit an accurate determination 0! 
m,, but under certain conditions an approximate estimate is possible 
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instance, the geometry of the magnet is such that (QH)/(@y) 

rly constant over the range of fields used and at the same time the 
agnetic constituent becomes saturated, the second term in equa 

on 2 is constant. The plot of F against H(Q@H)/(dy) then has an 
initial curvature and becomes nearly linear at high fields. Extrapolation 
‘ this linear part back to the zero of H(QH)/( Oy) allows an estimate 

,. Alternatively, if values are available for all quantities in Equation 

2 except my, the latter may be calculated. In the present work, both 

ethods have been used to estimate m;, assuming y constant and o 
220 cgs. units per gram; the corresponding values of m; agree within a 
factor of 3. 

To determine F, a conventional magnetic susceptibility apparatus 
was used (9) and the specimens of manganese steel varied from about 
0.18 gram to 0.40 gram. (The smaller specimens were ground down 
from the fully hardened samples and were used to ensure that there 
was no significant effect due to specimen size. ) 

After impact, each specimen was mounted in the susceptibility bal- 
ince and the force exerted on it at room temperature was measured for 
a number of field strengths. Unless otherwise stated, all magnetic meas- 
urements were at 25°C +1°C (77°F +2°F). 

Temperature variation of the magnetization in the different sam- 
ples was investigated by mounting a small tubular furnace between the 
poles of the electromagnet and surrounding the specimen. A copper- 
constantan thermocouple, placed about 5 millimeters below the speci- 
men, was used to measure temperatures, and these are accurate to 
approximately +3°C (+5°F) over the range investigated. 


Hardness Measurements 

\fter the magnetic measurements were completed, the samples were 
ground down to the longitudinal center-line, mounted, and polished. 
Microhardness surveys were then made on each sample with a Tukon 
Microhardness Tester, using a Knoop indenter and a 500-gram load. 
(wo surveys were made across each specimen and averaged. The 
Knoop hardnesses were converted to Rockwell ‘C’ scale; some error 
is introduced in this conversion, but the values should be within 2 points 
Kockwell *C.’ 

The three samples used in the temperature investigations were also 
tested for hardness in the manner described above. 


RESULTS AND OBSERVATIONS 


Magnetic Measurements 


‘rom the force curves obtained, it was clear that this manganese steel 
was purely paramagnetic, or very nearly so, when measured in the 
unworked condition at 25°C (77°F). This is to be anticipated if the 
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Fig. 2—Change in Relative Magnetization in a Given Field F: 
Cold-worked to Different Amounts 


steel is totally austenitic. The value observed for susceptibility is high, 
being about 28 x 10—® emu per gram. Cold working immediately causes 
the appearance of a ferromagnetic component, as evidenced by a curva 
ture in the graph of F against H(0H)/(dy). This effect is shown in 
Fig. 2, which illustrates the change in magnetization in a given field as 
the samples are subjected to greater cold working by impact. At con- 
stant field there is an initial linear increase in magnetization; this 
reaches a maximum, and, for the highest impact used, is followed by a 
small but definite decrease. (In Fig. 2, the experimental points are 
plotted in correct relative positions on the separate curves. To obtain 
true magnetization, each curve would have to be divided by a different 
factor, making the initial portions more nearly coincident. This will be 
evident since the force curves show approaching saturation beyond 
3000 oersteds. ) 

To obtain an estimate of the approximate amount of ferromagnetic 
constituent giving rise to the additional magnetization, the force curves 
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20 40 60 80 100 120 140 160 
Cold Work, Ft-Lb 
Fig. 3—Solid Curve: Percentage of Ferromagnetic Component 


Produced by Increasing Amounts of Cold work. Dashed Curve: Change in 
‘Average Volume Hardness’’ Produced by Increasing Amounts of Cold work 


(Assumed Fe) 


were analyzed as indicated previously. For this analysis, it is assumed 
that the effective constituent is iron with o = 220 cgs units per gram. 
Fig. 3 shows the results obtained. Estimates based on Equation 2, and 
assuming a constant value of 28 x 10~® emu per gram for x, give 
amounts which are in all cases two to three times those shown in Fig. 3. 
One reason for the discrepancy could be that y is not constant, and there 
is, in fact, some evidence from the force curves that the cold working 
increases y. 

While this estimate of ferromagnetic constituent should be regarded 
as only approximate, it is clear that the amount involved is very small. 
In this respect the transformation differs markedly from that occurring 
in austenitic stainless steels (10). 

\n attempt was made to determine the nature of the ferromagnetic 
constituent, by measuring the magnetization as a function of tempera- 
ture for several cold-worked samples. These results are shown in Fig. 4. 
The temperature range is rather restricted since the existing apparatus 
was not adaptable for either very high or low temperatures. However, 
it seems that two ferromagnetic components may be involved, one with 
a Curie point in the region of 120 to 150°C (250 to 300°F) and the 
other having a much higher Curie point. The former is too low to be 
associated with cementite alone, and it is more likely that a complex 
carbide of iron and manganese is involved. The other component may 
be a-iron, 


A further feature to be noted is that heating at temperatures up to 





TRANSACTIONS OF THE ASM 


oO 


o 
© 


On 
Oo 


+ > 


Oo————= Initial Measurements 


Bey 
Oo 


Ww) 
~- 
G 
5 
> 
o 
— 
= 
2 
; 
a 
e 
2 
= 
o 
N 
= 
@ 
e 
oO 
o 
= 
w 
> 
o 
oO 
@ 
oO 


@——=-@ Cooled and Remeasure 
eencsibninitliasindit a iidatiageaditeniiibntienitimall cenit saltiiiedetieaaashinigiag 


Curie Point 
of Fe3C 





50 100 150 200 30C 
Temperature °C 


Fig. 4—Change in Relative Magnetization With Increasing Temperature for Sp: 
mens Cold-worked by 40, 75 and 140 Foot-pound Impacts. 


260 °C (500 °F), even for periods as short as about 20 minutes, results 
in a stable increase in the magnetization. This is shown by the dotted 
curves in Fig. 4 which are nearly parallel to the original curves. After 
this change, no further increase was found with heating times of several 
hours at 260 °C (500 °F). 

Changes in the magnetization curves of cold-worked carbon steels 
have been noted by Wilson (11) and the recovery characteristics ex 
plained in terms of a change in Curie point of the cementite present 
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ig. 5—Hardness as a Function of Depth From the Worked Surface For 
Cold-worked by Impacts of 20, 75 and 150 Foot-pounds 


in the steel. Such an explanation does not seem valid for the difference 
between the two sets of curves in the present case. Not only are the 
curves almost parallel for each impact value, but the direction of the 
change of Curie point would have to be opposite to that observed by 
Wilson (11). 

It is more probable that the diffusion of carbon, which occurs at 
relatively low temperature (12), results in the transformation product 
containing a larger proportion of pure a-iron. Some stress relief would 
also occur during this diffusion process, and both effects would give 
rise to a net increase in the observed magnetization (13). 

It is concluded that cold working austenitic manganese steel by im 
pact produces transformation products of a ferromagnetic nature in 
amounts not in excess of a few hundredths of a percent. A complex 
carbide and a-iron are the probable constituents produced, the amount 
of carbide relative to the a-iron increasing somewhat as the impact in- 
creases. In the present case, the carbide to a-iron ratio reaches a maxi 
mum of about 0.2. 


Hardness Measurements 

Fig. 5 shows hardness surveys on specimens cold-worked by impacts 
of 20, 75 and 150 foot-pounds. Only three surveys are given but these 
are typical of the results obtained. 

"he lower impacts do not work harden the specimens throughout, 
although, because of their shape, ultimate hardness is reached near 
the tip. Also, as found by Niconoff (3,4), the maximum occurs at a 
point below the surface of the cold-worked specimens. 

Since the magnetic measurements represent the average condition 
throughout the volume of each specimen, an “‘average volume hardness”’ 
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f A se 


Fig. 6—Photomicrographs of Specimen Cold-worked by Impact of 20 Foot-pounds 
(a) Unetched, showing colloidal pattern along the traces of slip planes and on grain 
boundaries. x150. (b) Etched in 6% nital to reveal slip and grain boundaries. x150 


has been obtained from these results by taking equidistant measure- 
ments across the section. This “average hardness” is related to the cold 
work as shown by the dashed curve in Fig. 3. It will be seen that a rough 
correlation does exist between the average hardness and the amount 
of ferromagnetic constituent produced. 

Surveys performed on the specimens before and after heating to 
260 °C (500°F) showed no measurable differences in hardness. 


Magnetic Colloid and Electron Microscope Observations 


Direct visual evidence of the existence of a ferromagnetic constituent 
produced by the cold working was obtained using the magnetic colloid 
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Fig. 7—Negative Collodion Replica Shadowed With Chromium at 30 °. Etched 
in 2% nital. Electron micrograph showing sharp grooves in the etched surface 
resulting from rapid etch attack. 


technique described by Elmore (8). When a magnetic field of a few 
hundred oersteds is applied to the cold-worked sample, after placing a 
drop of the colloid solution on the unetched, electropolished surface, an 
immediate concentration of the particles occurs along the traces of slip 
planes and along grain boundaries. Fig. 6a shows such a result. The 
same field, after etching to reveal slip and boundaries, is seen in Fig. 6b ; 
the close correspondence is evident, and gives clear proof that a ferro- 
magnetic component is produced not only in the slipped regions but also 
at the grain boundaries. An unworked polished sample subjected to the 
same experiment shows no evidence of a colloid pattern. 

\ replica electron micrograph of a characteristic field on a severely 
cold-worked sample is shown in Fig. 7. The sets of parailel lines indi- 
cate sharp grooves in the etched metal surface which apparently result 
from a very severe etch attack along regions of the slip bands. Thus it 
appears likely, from the electron micrograph, that a second fast etching 
phase is formed along slip planes as a result of cold working the mate- 
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rial. (The longer continuous lines of more random direction 
result of polishing scratches.) The characteristic sets of parallel | 
are not observed on electron micrographs of replicas taken fr 
worked specimens, and it is, therefore, reasonable to identify this 
etching phase with the ferromagnetic constituents formed by the . 
working. 


DISCUSSION 

Since present results show that small amounts of another constituen: 
are distributed through the matrix when austenitic manganese steel] js 
cold-worked, it is natural to enquire whether this could give rise to ¢| 
great increase observed in the hardness. It seems evident that the actug 
amounts produced of the transformation product are much too small t 
increase the hardness by any direct effect. On the other hand, appr. 
priate distribution of a very small amount of another phase could resul 
in a large increase in hardness. This is essentially the explanation pri 
posed by Nabarro (14) and Orowan (15) to account for age hardening 
in certain alloys, and also to account for changes in electrical properties 
produced by small additions of iron in copper (16). When the distribu 
tion is appropriate for locking of lines of dislocations, maxima are ol 
served in the hardness and resistivity. 

A similar mechanism may be operative here, provided the transfo1 
mation product is, on the average, appropriately spaced. From Fig. 7 
a rough approximation of the spacing may be estimated. This is of th 
order of 10~—* centimeters, which is of the appropriate magnitude fo: 
maximum hardening in most age hardening alloys. Such a hardening 
mechanism is, therefore, not unreasonable in the present case. 

Positive identification of the new phase has not been accomplished 
here. However, if a complex carbide and a-iron are assumed from 
results, the most likely form of the phase would be tempered martensite 
It is reasonable to expect the phase to form almost instantaneously on 
cold working, which would indicate a martensitic transformation. Also, 
when the specimen is cold-worked, some heat is generated, the amount 
varying with the degree of cold working. This heat would temper th 
martensite somewhat, thus accounting for the complex carbide. Sinc 
the higher impacts create more heat, more carbide would be expected 
in specimens cold-worked to a greater extent, 1.e., more complete ten 
pering would occur. This is consistent with the magnetic results giver 
in Fig. 4. 


e 


SUMMARY 


1. When austenitic manganese steel is cold-worked by impact, 
small quantity, not exceeding a few hundredths of a percent, of a ferro 
magnetic phase is formed. This phase is composed of two constituent 
which are probably a complex carbide and a-iron. 


2. Magnetic colloid tests show that the ferromagnetic constituents 
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resent along the traces of slip planes and along grain boundaries 
3. The most logical transformation product, from the results re 
rted here, appears to be tempered martensite. 
Some correlation exists between hardness and the amount of ferro 
snetic constituent present in the cold-worked steel. 
5. A hardening mechanism of the same nature as occurs in age 
rdening alloys appears possible in austenitic manganese steel. 
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DISCUSSION 


Written Discussion: By Howard S. Avery, research metallurgist, An 
Brake Shoe Company, Mahwah, New Jersey. 

This interesting paper provides more precise data than has hithert 
available for the magnetic changes in work hardened Hadfields steel. Th: 
is so small that it ordinarily escapes notice. Our own laboratory measurement 
tend to give 1.003 as the permeability of the properly heat treated austenite. Spec 
mens machined from the gage length of broken tensile specimens (cold 
by tensile elongation) seem to range from 1.03 to 1.06. 

If this magnetism is from martensite, it is a surprising development, since th, 


W OTKE 


, 


Ms point for 1.2% carbon, 14% manganese steel is well below room temperatur: 

The authors point out that the martensitic transformation in austenitic stainless 
steels is quite different. We have observed that it is also different when the com 
position of manganese steel is adjusted to bring the Ms point close to room tet 
perature. Such a steel (0.80% carbon, 8% manganese) will not only work harde 
more rapidly in a tension test, but it will also rapidly become quite magnetic dur 
ing tensile deformation. 

The authors have pointed out that a complex Mn-Fe carbide is likely to b 
present. We would go further and suggest investigation of the hypothesis that 
carbide precipitation is the major cause of the observed work hardening, and that 
any ferrite or martensite makes only a minor or incidental contribution. 

We consider that the austenite of water-quenched manganese steel is super 


Y 
Al 


saturated with carbon. Sizeable plates of carbon will form along crystallographi 
planes when such steel is reheated in the 900-1200 °F range. Perhaps cold work 
operates to precipitate the same carbide in much finer form along many moré 
such planes. Good evidence to prove or clearly disprove this postulate would be 
welcome. 

It would be well to consider that the magnetism developed by cold working the 
metastable austenite of standard manganese might be due to the precipitation of 
considerable amounts of a weakly magnetic phase rather than to a minute per 
centage of strongly magnetic ferrite. 

An intensive study of manganese steel work hardening should also see if there 
is a contribution from the epsilon phase that forms in some iron-manganese alloys 

Written Discussion: By T. H. Arnold, Hadfields Limited, East Hecla Works, 
Sheffield, England. 

The authors are to be congratulated on the concise account of their contribution 
towards the elucidation of the mechanism of cold work hardening of austenitic 
manganese steel. The final solution of the problem is not yet forthcoming, and 
may depend upon new and extremely sensitive and accurate methods of determin 
ing extremely small changes in structural components and in certain physical 
properties. 

It would appear that the authors share our view that the observed changes are 
of themselves too small in magnitude to account directly for the large increase in 
hardness on deformation. 

The suggestion that an appropriate distribution of another phase could account 
for the increased hardness is attractive, especially when one considers that this 
type of manganese steel in the austenitic condition can be regarded as a super 
saturated solution of carbon in austenite. Obviously, therefore, any disturbance of 
its equilibrium might be expected to precipitate carbides. However, until methods 
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identification of very finely divided constituents are perfected, the issue 
mains in some doubt. 

do not agree that the most logical transformation product would be tem 

martensite. We have only succeeded in producing martensite in manganese 

and then only in very small amounts, by deliberately precipitating carbides 

the austenite by treating the originally water-toughened material isother 

y at about 600 °C (1110 °F), thus producing unstable austenite which appeared 

scopically to transform partially to martensite after quenching in liquid 

xygel 
[t is surprising if diffusion of carbon can be produced by impact, because of the 
effect which is essential for the diffusion process, and it is unlikely therefore 
at tempered martensite is the hardening agent. If sufficient carbon were re- 
cted from the austenite, then the formation of martensite might be possible on 
the basis of very localized heating during slip and cooling by conduction of the 
bulk of the metal. It would have been interesting to ascertain the effects, on sim 
ilar lines to those used by the authors in this work, on specimens deformed slowly 
rather than by impact, in order to reduce any heating effects and to allow more 
time for any possible diffusion or transformation to occur. Most of the useful 
work hardening of manganese steel is acquired under conditions of slow, rather 
than sudden impact. 

We would at this stage prefer to keep an open mind on the exact nature of this 
product and refer to it as a carbide plus ferritic constituent. The colloidal pattern 
shown in Fig. 6a would seem to indicate ferrite or martensite rather than carbide. 
We can confirm qualitatively the slight ferromagnetic properties resulting from 
old working, on the basis of measurements made using the Sucksmith balance. 

It is not at all certain that the hardness is due to the presence of a hard phase. 
Crystallite size is important, and if carbides are precipitated then the distribution 
shown in the electron micrograph, Fig. 7, could explain the hardening. 

lt does not necessarily follow that changes occurring in such small amounts in 
grain boundaries, where the lattice is disturbed or incomplete, would follow the 
same pattern in the interior and more perfectly constituted core of the grain. 
\ny precipitate forming along the grain boundaries and slip planes would natu- 
rally act to block further movement along these planes, which we have put forward 
and still consider to be the most adequate explanation in the light of all present 
known facts. 

It was not to be expected that a problem which has exercised many minds for 
so long a period could be simply disposed of, but the new information contained 
in the present paper must help considerably in the final elucidation. 


Authors’ Reply 


(he authors would like to thank both Mr. Arnold and Mr. Avery for their 
interest in this paper. We agree that more work on this subject is necessary before 


thy 


he mechanism of cold work hardening of austenitic manganese steel is firmly 
established. 


Neither Mr. Arnold nor Mr. Avery feel that tempered martensite is the most 
logical transformation product. Mr. Avery advances the hypothesis that carbides 
are the major transformation product. We do not feel that carbides are the major 


transformation product. At this stage of our work it is considered that martensite 
is the most probable constituent formed on impact and that this is accomplished 
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by a shear mechanism. The heat produced by the impact could temper th: 
tensite somewhat, thus accounting for the presence of carbide. The Curik 
measurements, as shown in Fig. 4, indicate that the major phase has a high | 
point (and is likely alpha-iron) and the minor phase has a low Curie point 
is likely a complex carbide). This would seem to invalidate the hypothesis | 
carbide is the major phase present. If the steel is cold-worked by a slower 
mation, such as found in a tensile test or a slow compression test, the results 
be different, since more time is available, and a diffusion process could 
Further work along these lines is planned. 

We agree that the hardness is not necessarily due to the presence of a hard 
phase. As we pointed out in the paper, the amount of ferromagnetic constituent 
present is likely too small to cause the large increase in hardness by any dir 


+ 
i \ 


effect. However, if the transformation product, be it hard or soft, is appropriately 


distributed, a large increase in hardness is possible by optimum locking of lines 
dislocations. 

Mr. Avery points out that a more unstable composition will work harden more 
readily and become quite magnetic by tensile deformation. This is not unreason 
able since, as Mr. Avery says, the Ms point is closer to room temperature. When 
deformation occurs, a further increase in the Ms point likely occurs (Md point 
which would provide more nearly ideal conditions for martensite transformatior 
in the steel. 

Mr. Arnold infers that carbon would have to be rejected from the austenit 
before martensite is formed. However, it may be that the Ms temperature of th 
steel is raised due to the impact. 

The authors also feel that Mr. Avery’s results would indicate no epsilon phas: 
occurs. The tensile test would cause very little heating of the specimen, and, if 
epsilon were formed on the deformation, it would not transform to a magneti 
constitutent. Since epsilon is reported to be nonmagnetic, no large amount of 
magnetism would be found. 





METALLOGRAPHY OF TITANIUM-STABILIZED 
18-8 STAINLESS STEEL 


3y T. V. SIMPKINSON 


Abstract 

The microstructures that may be developed in titanium 
stabilized 18-8 stainless steel, designated AISI Type 321, 
are fully illustrated and discussed. Conditions of time and 
emperature under which the phases ferrite, “new aus- 
tenite, sigma, chromium carbide and titanium carbide will 
form in significant amounts are exemplified. (ASM-SLA 
Classification: M27, SS) 


HE MICROSTRUCTURE of titanium-stabilized 18-8 stainless 
‘Lae designated by the American Iron and Steel Institute as Type 
321. consists of an austenite matrix in which are distributed carbide and 
carbo-nitride phases and, normally, ferrite. After proper heat treatment 
the carbon is tied up as precipitated titanium carbide and thus damag- 
ing precipitation of chromium carbide is prevented. So treated, the steel 
is said to be stabilized. Without proper heat treatment, precipitation of 
chromium-rich carbide, at grain boundaries and at ferrite sites, will 
occur during heating in a temperature range of approximately 850 to 
1500 °F and this makes the steel susceptible to intergranular corrosion. 
The steel is then said to be “sensitized.” 

From the ferrite normally present, an intermetallic compound of iron 
and chromium, known as sigma phase, will form even during relatively 
short holding times at temperatures within the approximate range 1150 
to 1550°F. Heat treatments that develop sigma phase may also cause 
chromium-rich carbide to precipitate. Distinguishing between these two 
phases may be difficult. 

\ previous paper (1)! described the behavior of the carbide phase 
in the columbium (niobium) stabilized 18-8, AISI Type 347, and much 
of the discussion in the earlier paper is pertinent, as well, to the 
titanium-containing grade with which the present paper deals. The 
primary object of this article is to illustrate fully and clearly all features 
of the microstructures that may be developed in Type 321 steel. Condi- 
tions of time and temperature under which the various phases will form 
in significant amounts are illustrated but are not studied fully. 


Che figures appearing in parentheses pertain to the references appended to this paper 


‘ublished by permission of the Acting Deputy Minister, Department of Mines and Tech 
Surveys, Ottawa, Ontario. 

_ A paper presented before the Thirty-Eighth Annual Convention of the Society 

held in Cleveland, October 8-12, 1956. The author, T. V. Simpkinson was physical 

metallurgist, Physical Metallurgy Division, Mines Branch, Ottawa. At the present 

time he is associated with the Metallurgical Department, Republic Steel Corpora 

t Warren, Ohio. Manuscript received November 21, 1955. 
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‘or the study of microstructural changes occurring at the 
sites, the amount and particle size of ferrite are more favorable 
structures than in wrought structures because hot working reduces ¢}, 
size and number of the ferrite islands. For this reason the photomier 
graphs in the paper are mostly of cast material, with only a few phot 
micrographs of wrought structures being shown. In most respects 
however, the discussion is applicable to Type 321 cast or wrought 

The steel used in this study was cast as a keel block the body of whic! 
was 41% inches long, 6 inches high, and tapered from a thickness o{ 
1% inches at the top to 15/16 inch at the bottom. A vertical slice fro 
the casting was hammer forged to a bar one-half inch square, the redy 


( 
u 


tion in area by forging being about ten to one. Melting was done in 
small induction furnace. The chemical analysis of the casting studied 
and the analysis range specified for AISI Type 321 are as follows: 
C Mn _§ Si Cr Ni Ti P S \l 
Test 
Casting 0.078 1.00 0.86 18.21 10.60 0.38 0.034 0.030 0.07 0.01 


\ISI 
Type 3210.08 2.0 1.0 17.0 8.0 
max max max /19.0 /12.0 (Ti 5 x C min) 


The heat treatments described were carried out in a small electricall\ 


heated furnace with no atmosphere control. Temperatures were 
measured by means of a thermocouple resting beside the samples. Th 
samples were of a size that could be conveniently polished for microex 
amination without mounting (about 34 inch thick ). The furnace was al 
ways at the desired temperature before the samples were put in. After 
the samples were put in, 5 to 10 minutes would elapse before the ther 
mocouple reading returned to the desired value. Unless it is otherwis 
stated the samples were water-quenched from temperature. 

In describing the microstructures each constituent is discussed sepa 
rately in so far as is practical. The characteristic “inclusions” or carbo 
nitrides are first discussed and this is followed by a description of the 
carbides that are affected by heat treatment. Then, before proceeding 
to a full discussion of the sigma phase, the constituents appearing 1 
prior ferrite sites, of which sigma is one, are considered together. 


CHARACTERISTIC “INCLUSIONS” 

Under the microscope, 18-8 titanium stainless steels are readily rec 
ognized because “as-polished” they show characteristic “inclusions.” 
These inclusions are of two types. One type is highly angular, usuall) 
cubic-shaped and of a clear yellow color. Occurrence is random but wit! 
a tendency to form large clusters in the cast metal. Investigators (2,3,4 
have shown that this constituent is a nitrogen-rich solid solution of Ti\ 
and TiC. It will be referred to as titanium nitride. The second type ©! 
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ision exists as eutectic appearing, irregular shaped particles of 
ish-tan color, located at the grain boundaries. It has been shown 
TiC (2,3,4) with perhaps some TiN in solid solution. This con- 
tituent will be referred to as eutectic carbide. The two constituents are 
shown in Fig. 1. 
Normal annealing and hot working temperatures have no effect on 


these constituents. In the present study, specimens were heated in air 
at 2300, 2400 and 2500 °F for 1 hour. No effect was noted on the ti 
tanium nitride. The 2500 °F treatment caused a reduction in the amount 
of the eutectic carbide, while the lower temperatures were apparently 


without effect. A new specimen was held 4 hours at 2500 °F. After this 
treatment, only a trace of eutectic carbide could be found and titanium 
nitride had increased in amount. It appears that the TiC had been con- 
verted to TiN-TiC solid solution. 


CARBIDES AFFECTED BY HEAT TREATMENT 


(he intended function of titanium in 18-8 titanium stainless steel 
is to tie up the carbon as precipitated titanium carbide and thus prevent 
the formation of chromium carbide when the steel is subsequently 
heated in the sensitizing temperature range during welding or service 
or both. Some of the carbon is permanently tied up in the characteristic 
“inclusions” just described. The remaining carbon must also be made 
to precipitate as titanium carbide * and this can be readily accomplished 
by proper heat treatment, the precipitate occurring as dispersed dot- 
like particles, as will be presently shown. To determine the heat treat- 
ment that will eliminate chromium carbide and most completely 
precipitate the carbon as titanium carbide, it is necessary to know the 
answer to the two questions: 

Question 1. What is the minimum temperature at which any 
previously precipitated chromium carbide will re- 
dissolve ? 

Question 2. What is the temperature range in which titanium car- 
bide will form to the exclusion of chromium carbide, 
and where in this range does a maximum precipita- 
tion of carbon as titanium carbide occur ? 


(In the final selection of the optimum heat treatment sigma phase 
must also be considered, as will be discussed in detail presently. ) 


Solution of Chromium Carbide 


he “as-cast” microstructure of a portion of the casting is shown in 
‘ig. 2. Islands of ferrite occur in a matrix of austenite. The heavy 
ittack by the etchant upon portions of the ferrite-austenite interfaces 
indicates the presence of a third phase. This constituent is believed to 


re will probably be TiN dissolved in the TiC. 





TRANSACTIONS OF THE ASM 


3 ol 


t\ 


emp a 


Characteristic “Inclusions.”” TiN top center and lower right, angular, dark 
borders. Remaining particles, TiC. Unetched. x1000. 
““As-Cast.”’ Austenite matrix with ferrite islands. Darkened constituent 
lieved to be CrasCe. Etched 45 seconds, NaCN, 6 v. x500. 
Heated 1650 °F, 2 Hours. Same field as Fig. 2. Constituent believed to 
CrasCe has largely dissolved. Etched 45 seconds, NaCN, 6 v. x500. 


be chromium carbide (Cro3C¢g). Fig. 3 is of the same area as Fig. 2 after 
the sample was heated at 1650°F for 2 hours, water-quenched, and 
repolished. In repolishing, a few rubs on fine emery paper were given 
to remove light oxide, but only a shallow layer of metal was removed. 
Several ferrite islands in Fig. 3 are recognized as being the same islands 
as appear in Fig. 2. The heat treatment has dissolved nearly all of the 
constituent, believed to be chromium carbide, that was present at the 





STABILIZED 18-8 STAINLESS STEELS 


errite periphery ‘‘as-cast.”’ In the “‘as-cast’’ condition there was a dot 
precipitation at the grain boundaries in many places and much of 
his precipitate was dissolved by the 1650°F treatment. (This is not 
ipparent from the photos shown.) This grain boundary precipitate is 
iso believed to be largely chromium carbide. In a new sample heated 
two hours at 1600 °F, the chromium carbide was dissolved nearly as 
completely as at 1650 °F. 
When 2 hours at a still lower temperature, namely 1550°F, was 


tried, instead of chromium carbide being dissolved the amount of pre- 


cipitation at the ferrite periphery actually increased appreciably. Tem 


Fig. 4—Heated 1650 °F, 2 Hours, Dispersed dot-like constituent 
is TiC. Etched 2 minutes, NaCN, 6 v. x500 


peratures as low as 1550°F have been commonly recommended as a 
heat treatment to precipitate titanium carbide, so it was surprising to 
find chromium carbide precipitating at this temperature. In samples 
tirst heated at 1650 °F or higher, such precipitation did not occur upon 
reheating at 1550 °F. 

lt appears, then, that chromium carbide in 18-8 titanium stainless 
steel can practically all be dissolved by a treatment of two hours at 
1650 °F. In mill practice a somewhat higher temperature would be 
used. The minimum annealing temperature for Type 321 commonly 
recommended by stainless steel producers is 1700 to 1750°F, which is 
in line with the experimental findings reported here. 


Precipitation of Titanium Carbide in Preference to Chromium Carbide 

Question 2, which concerns the precipitation of carbon as titanium 
carbide in preference to chromium carbide, will now be considered. The 
manner in which titanium “dot-carbide” occurs as a very finely dis 


1 


persed dot-like constituent, is illustrated in Fig. 4. This photomicro 


or 


graph is of a sample heated 2 hours at 1650 °F, the same treatment as 
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given the sample of Fig. 3. The titanium dot-carbide is not seen in Fig, 3 
because the electrolytic etching time of 45 seconds with 10% NaCn 
is, in general, not long enough to bring them out. For Fig. 4 the time 
of etching with NaCN was 2 minutes at 6 volts. Etching 45 seconds in 
NaCN does bring out a small part of the titanium dot-carbide as js 
shown by Fig. 14 and later figures of the same field. These readily 
etched particles are apparently relatively large and they tend to be con- 
centrated in particular areas. In many of the photomicrographs shown 
in the paper, where the etchant is regular or modified Murakami’s 
Reagent, the titanium dot-carbides are only partially revealed. 

The term “dot-carbide” is used because the individual carbide par- 
ticles are too small to be resolved into circles by the light microscope. 
In fact, at the magnification of Fig. 4, x500, many of the carbides are 
not resolved even as dots, their presence being revealed only by the 
grey color they impart to the matrix. These carbides are not evenly 
dispersed but, rather, show some tendency ‘to be concentrated in 
“clouds.” 

The amount and distribution of a constituent are more readily judged 
at lower magnification provided it can be seen at the low magnification. 
When dark field illumination is used the fine carbide precipitates can be 
fairly easily seen at x100, as is illustrated by Figs. 5 to 8 inclusive. 
The dot-carbides appear as very small pin points of light. The larger 
white spots are etched-out inclusions, not coalesced carbides, and the 
angular white patches are eutectic carbide groups. ‘‘As-cast’’ material 
is shown in Fig. 5, while Fig. 6 is of the sample heated 2 hours at 
1650 °F. Figs. 7 and 8 are of samples held 1 hour at 1800 and 2000 °F 
respectively. There is a small amount of titanium dot-carbide in the 
“as-cast” sample, occurring as small clusters, commonly near or around 
eutectic carbide. Two hours at 1650 ° F has caused these carbide clusters 
(“clouds”) to become larger and more dense and, in addition, a more 
randomly dispersed precipitation of very small titanium carbide par- 
ticles has occurred throughout the grains. Much of the precipitate 1s 
so fine that it can barely be seen at x100. After 1 hour at 1800 °F, the 
precipitate shows up much more clearly, the particle size apparently 
being larger. After 1 hour at 2000 °F there is less precipitate than with 
the 1800 °F treatment, indicating that the solubility of titanium carbide 
is considerably greater at the higher temperature. After 1 hour at 
1900 °F the amount of precipitate was intermediate between that occur- 
ring at higher and lower temperatures (no photo shown). 

It is apparent that annealing temperatures above 1800 °F are less 
effective than lower temperatures in so far as immobilization of carbon 
as a titanium carbide precipitate is concerned. Upon comparing Figs. 6 
and 7 one might conclude that more carbide has been precipitated al 
1800 °F than at 1650 °F. However, the precipitate formed at the latter 
temperature is so fine that much of it may not be resolved in Fig. 6. 
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gs. 5 through 8—The Large Angular White Patches Are Eutectic Carbide Groups 
Che relatively large circular white spots are etched-out inclusions. Fig. 5—-(As-Cast) 
ul amount of Ti dot-carbide in clusters. Fig. 6—(Heated to 1650°F, 2 hours) 
more Ti dot-carbide than “as-cast’’. Fig. 7—(Heated to 1800 °F, 1 hour) Ti dot 
e very plentiful. Fig. 8—(Heated to 2000 °F, 1 hour) fewer and larger dot 
des than Fig. 7. (Note: In each photomicrograph the same etching and magnification 

n dark field illumination was used.) Etched 2 minutes, NaCN, 6 vy. x100 
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To determine the effect of annealing temperature upon the susce; 
bility to chromium carbide precipitation, samples annealed at 1650 
and others annealed at successively higher temperatures were reheated 
1 or 2 hours at 1200 or 1250 °F. After so reheating, the samples tha; 
had been annealed at 1650 and 1700 °F had only a very small amount 
of what was judged to be precipitated chromium carbide, located at th 
periphery of some ferrite pools and at austenite grain boundaries, [p 
samples annealed at 1800 °F there was noticeably more of this precip 
tate after reheating at 1200-1250 °F, and with annealing temperatures 
of 1900 °F and above it was plentiful. Evidently, therefore, annealing 
temperatures lower than 1800 °F are best with regard to minimizing 
precipitation of chromium carbide during any subsequent heating i: 
the sensitization temperature range. A higher annealing temperature 
will result in greater softness and under some circumstances may b 
necessary for this reason. 

It was observed that, near the outside surface, the casting under 
study was very prone to grain boundary carbide precipitation. This was 
found to be due to surface carburization, the cause of which was traced 
to the organic binder present in the sand from which the mould was 
made. 

The susceptibility to chromium carbide precipitation induced by 
high annealing temperature can be overcome to a large extent by reheat 
ing at 1600-1650 °F for 1 to 2 hours after the anneal. Such treatment 
reprecipitates the greater part of the dissolved carbon as titanium car 
bide. This is referred to as a stabilizing heat treatment and it is com 
monly recommended for Type 321 steel. The higher the annealing 
temperature, the greater is the need for a stabilizing heat treatment 
However, Rosenberg and Darr (5) have demonstrated that stabilizing 
heat treatments do not fully overcome the ill effect of higher annealing 
temperatures in increasing susceptibility to chromium carbide precipi- 
tation. 

For many applications, the extra protection against sensitization pro 
vided by keeping the annealing temperature low and by giving a stabiliz 
ing heat treatment may not be needed. For the more severe conditions 
of service such protection is advisable. 

The foregoing applies to sensitization due to chromium carbide pre 
cipitation. It has been claimed that the presence of sigma phase may 
render 18-8 Type steels susceptible to corrosion in the absence of 
chromium carbide (6,7). The effect of heat treatments in producing or 
eliminating sigma will be considered presently. 


CONSTITUENTS IN PRIOR FERRITE SITES 
When annealed samples were reheated at temperatures from 1200 to 
1650 °F, partial transformation of ferrite to austenite (called new aus 
tenite) always took place, the extent of transformation being greatest 
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temperatures toward the bottom of this range. In particular ferrite 
nds, the formation of new austenite might or might not be accom 
nied by the formation of sigma phase or chromium carbide or both. 


1 
1 
| 


degree to which ferrite transforms to new austenite upon reheating 

. certain temperature is apparently greater the higher the prior an 
nealing temperature. 

(he extensive transformation of ferrite that occurred during holding 
25 hours at 1250 °F after annealing at 2000 °F and at 2500 °F is illus 
trated in Figs. 9 and 10, respectively. Annealing for 1 hour at 2500 °F 

ould never be done in practice but Fig. 10 is a striking illustration of 
what takes place on a lesser scale during normal heat treatments. Figs. 9 
ind 10 show what were undoubtedly solid ferrite islands ‘‘as-annealed.”’ 
[he prior ferrite sites now contain (a) new austenite (white), (b) un 
transformed ferrite (grey angular constituent), (c) sigma phase (the 
relatively large-sized dark constituent), and (d) what is believed to be 
chromium carbide (the dot-sized dark constituent precipitated in new 
iustenite ). 


Interesting microstructures are shown in Figs. 11 and 12. This sam- 
ple was annealed at 2000 ° F and reheated 2 hours at 1200 °F. The dark 
ened, relatively massive phase in Fig. 11 is sigma that has formed in the 
ferrite island, while the dot-phase at the island’s periphery is believed 
to be chromium carbide. Still another constituent is showing faintly in 


the body of the island (Fig. 11) and with longer etching this phase is 
brought out clearly (Fig. 12). It is almost certainly new austenite. 
(he needle-like particles show a preferred orientation. Some of the 
particles appear dark, which is not characteristic of austenite, but this is 
probably because they are too small to be fully resolved. The longer etch 
ilso serves to show the boundaries of the untransformed ferrite. 

[t cannot be proved conclusively that the dot-sized constituent is 
hromium carbide, but the evidence strongly indicates that it is. It might 
e suggested that this phase is sigma. The reasons for believing this dot- 


c 
1 
| 


ike constituent to be chromium carbide and not fine sigma are listed 
below: 


1. It is largely dissolved by 1 to 2 hours heating at 1650°F and 


experiments described later show that fine sigma is coalesced by 
heating at this temperature but is not dissolved. 

In samples that have been given a stabilizing heat treatment 
after annealing, to tie up the carbon as precipitated titanium 
carbide, heating at 1200-1250 °F does not cause this constituent 
to form. (Immobilization of carbon does not prevent sigma 
formation. ) 

It is revealed by etching 5 to 10 seconds in cold Murakami’s 
reagent and such etching has not been found to reveal sigma but 
usually does reveal chromium carbide. 

Sigma phase apparently nucleates more slowly than does car- 
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Fig. 9—Heated 1250 °F, 25 Hours Following Anneal. Annealed 2000 °F. Austenite, 
white; ferrite, grey; sigma, dark, massive; CrasCe, black dots. Etched 15 seconds, 
boiling double strength Murakami’s. x1500. 

Fig. 10—Heated 1250 °F, 25 Hours Following Anneal. Annealed 2500 °F. Austenite, 
white; ferrite, grey; sigma, dark, massive; CresCe, black dots. Same etching as Fig. 9 
x1500. 

Fig. 11—Annealed 2000 °F, Reheated 1200 °F, 2 Hours. Relatively massive, darket 
Dots believed to be CresCe. Another constituent barely visible. Etched 

double strength Murakami’s, 1 v, 1% second. x1300. 

Fig. 12—Annealed 2000 °F, Reheated 1200 °F, 2 Hours. Sigma less clear than 
Fig. 11. Untransformed ferrite grey. Needle-like phase in ferrite, barely visible 
Fig. 11 is new austenite. Etched double strength Wicsahents. 1 v, 5 seconds. x13 


phase is sigma, 
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Fig. 13—Heated 1900 °F, % Hour, 1650 °F, 2 Hours, 1250 °F 


25 Hours. Ferrite island has transformed in part to austenite 

Small particles are untransformed ferrite. Etched 15 seconds, 

boiling double strength Murakami’s, then 2% minutes cold conc 
Murakami’s. x1500 


bide, but once nucleated, sigma particles grow rapidly in size 
with time in the sigma formation temperature range. On the 
other hand, the constituent believed to be chromium carbide is 
present even after very short heating times and with increased 
time at temperature more and more particles appear but individ- 
ual particles grow in size relatively little. 

Sigma phase particles tend to adjoin untransformed ferrite, 
whereas just the opposite is true of the constituent believed to 
be chromium carbide. Elongated particles of the latter con- 
stituent are frequently oriented at right angles to the retreating 
ferrite periphery, while sigma phase tends to lie along the edge 
of the ferrite. (Subsequent discussions will make points 4 and 5 
more clear. ) 


Possible explanations of why the chromium carbide precipitate 1s 
concentrated in former ferrite sites have been suggested by Gilman, Koh 
and Zmeskal (8). 


In the photomicrographs presented, sigma phase appears black or 
dark grey. Actually, under the microscope, using a green filter, sigma 
appears yellow or yellowish brown after a Murakami etch. In contrast, 
even the larger particles of the phase believed to be chromium carbide 
appear black under the microscope, or almost so. 


The transformation of ferrite to new austenite, without sigma forma- 
tion or carbide precipitation, has occurred in the island shown in Fig. 
13. This sample was annealed 30 minutes at 1900 °F, heated 2 hours at 
1650 °F, water-quenched, and then was reheated 25 hours at 1250 °F. 
The small darkly outlined particles are ferrite, and they must have all 
been a part of a single ferrite island “as-annealed.” This type of struc- 
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ture 1s a typical, though only minor, feature of samples given a stabiliz 
ing heat treatment prior to treatment at 1200—-1250°F. Much sigma 
phase is present at other ferrite islands in this sample, but no chromium 
carbide. 


SIGMA PHASE 


In the foregoing discussion of carbide precipitation and the transfor 
mation of ferrite, some mention of sigma phase was made. A detailed 
discussion of the effects of thermal history in so far as sigma is con 


cerned will now be presented. 


Occurrence “As-Cast” and With 1 to 2 Hour Heating 


In the “as-cast” condition, at the austenite grain boundaries, there 
were a few dark etching islands, a typical example of which is illus 
trated in Fig. 14 (roughly crescent-shaped island at bottom). The area 
of Fig. 14 is again shown in Fig. 15 after heating 30 minutes at 1900°F 
and water quenching. The island in question is now obviously ferrite, 
as are the other two islands. That they are ferrite was confirmed by 
using a colloidal solution of magnetic iron oxide and a magnet. It is 
apparent that, in the large island at the bottom (Fig. 14), at least partial 
transformations of ferrite took place as the casting cooled initially. One 
would surmise that the phases present are the same as those present in 
the prior ferrite sites shown in Figs. 9 through 12, namely, new aus 
tenite, sigma, untransformed ferrite and chromium carbide. The evi- 
dence presented in Figs. 16 through 20 supports this conjecture. 

The 1900 °F treatment and subsequent treatments to be described 
were carried out with the specimen sealed in an evacuated glass tube in 
order to minimize the amount of repolishing needed. Water quenching 
from temperature was always practiced and no cracking of the tubes 
occurred. Some metal was removed in each repolishing of the sample, 
but it is obvious that the fields shown in Figs. 14 to 20, inclusive, are of 
the same area. 

Following the 1900 °F anneal, the specimen was heated 2 hours at 
1550 °F. After the 1550 °F treatment the large crescent-shaped island 
is, in general, again susceptible to attack by the electrolytic NaCN etch 
but upon careful examination it is seen in Fig. 16 that parts of it have 
not been attacked. Without repolishing, the sample was etched 1 minute 
in boiling Murakami reagent, with the result shown in Fig. 17. (Note 
that Fig. 17 is at higher magnification.) This figure shows that the 
island under discussion is made up of three phases: one appears black, 
the second white, and the third grey. The dark phase is sigma and the 
white is new austenite, both of which formed from ferrite during hold- 
ing at 1550 °F. The grey phase is untransformed ferrite. The color of 
the sigma under the microscope, using a green filter, was yellowish 
brown after the boiling Murakami etch. 





STABILIZED 18-8 STAINLESS STEELS 


— 


14 through 17—Are Same Field. Fig. 14 (As-Cast) constituents at ferrite sites, 


kened by NaCN. Darkened constituent at ferrite at the top is CrasCo. Etched 45 
ls, NaCN, 6 v. x500. Fig. 15—Annealed 1900 °F. Constituents at ferrite sites, 
larker ed by NaCN “as-cast”, are not present after 1900 °F anneal. Etched 45 seconds, 
VaCN, 6 v. x500. Fig. 16—Annealed 1900 °F, reheated 1550 °F, 2 hours. Treatment at 
F causes constituent darkened by NaCN to reappear in ferrite island at bottom 
in other ferrite islands. Etched 45 seconds, NaCN, 6 v. x500. Fig. 17—Annealed 

F, reheated 1550 °F, 2 hours. Phases in island at bottom are seen to be sigma 
k), ferrite (gray), and new austenite (white). Etched as Fig. 16, then 1 minute, 

boiling Murakami’s. x1000 
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The specimen was next reheated 30 minutes at 1750°F and afte; 
this the large crescent-shaped island was entirely ferrite again. The nex; 
step was to reheat for 1 hour at 1250 °F, with the result shown in Fig, |g 
(NaCN etch). The sodium cyanide etch has severely attacked certaj; 
areas of the larger islands, showing that a transformation of some kind. 
presumably one involving sigma, has occurred in these locations during 
heating at 1250°F. This etch also reveals a precipitate at the ferrit 
island at the top. Before etching in sodium cyanide, a 15-second ete} 
in cold Murakami’s solution had been given. The Murakami etch had 
fully revealed the dot constituent around the smaller ferrite island at the 
top, which indicates that it is chromium carbide, but the large island 
at the bottom was entirely unaffected by this etch, which behavior is con 
sistent with the presence of sigma. 

The sample was next held at 1650 °F for 2 hours and the resulting 
microstructure, as revealed by sodium cyanide, is seen in Fig. 19. Th 
precipitate around the smaller ferrite island at the top has near| 
all dissolved, as would be expected of chromium carbide. The larger 
island still contains dark etching areas. After repolishing and etching i1 


boiling modified Murakami’s, the structure appeared as shown in 


410 


Fy 
20. As in Fig. 17, three phases may now be distinguished in the dark 


etching island. These are sigma (black-appearing), new austenite 
(white ), and ferrite (grey). Following the above treatments the sample 
was held 30 minutes at 1900 °F, furnace-cooled to 1650 °F, held 2 hours 
at this temperature, and water-quenched. No sigma phase was present 
after this treatment. It seems, then, that the sigma phase shown in Fig 
20 was not formed by the 2-hour treatment at 1650 °F but rather must 
have formed during the preceding treatment of 1 hour at 1250 °F and 
that heating at 1650 °F merely caused agglomeration of finely divided 
sigma and new austenite. 

The microstructure of the easily attacked former ferrite islands was 
now carefully studied, using higher magnification, after very light 
etching. Two new samples were water-quenched from 1900 °F, after 
holding 30 minutes at temperature. One sample was reheated for | hour 
at 1650°F and water-quenched, and then both samples were held at 
1250 °F for 1 hour, followed by water quenching. The microstructures 
typical of the easily attacked former ferrite islands in these samples ar 
shown in Figs. 21 and 22, the latter being of the sample given th 
1650 °F treatment. The etchant was double strength Murakami’s, used 
at 1 volt. At the periphery of the island in Fig. 21, there is a constituent 
of relatively large particle size, while the structure in the body of th 
island is, for the most part, too fine to be clearly resolved. The larger 
particles appear to be sigma phase. (They cannot be ferrite, becaust 
the 114-second etch would not reveal ferrite.) In Fig. 22 the stained 
constituent which we believe to be sigma is, in general, considerably 
more massive. No sigma forms during holding at 1650 °F, but treat 





STABILIZED 18-8 STAINLESS STEELS 


’ 
ad 
, 


20 


18—Annealed 1750 °F, Reheated 1250 °F, 1 Hour. Heating at 
ipitation and transformation at ferrite sites. Etched 45 seconds, NaC 6 v. x500 
19—Heated as Fig. 18, then 1650 °F, 2 Hours. Treatment at 1650 largely dis 
1 precipitate that was present at ferrite at the top and believed be Cras 
Etched 45 seconds, NaCN, 6 v. x500. 
20—Heated as Fig. 18, Then 1650 °F, 2 Hours. Treatment at 1650 °F largely 
lved precipitate that was present at-ferrite on the right and believed to be CresCe 
s seen that the island at the bottom contains sigma (dark), ferrite (grey), and 
istenite (white). Etched 15 seconds, boiling double strength Murakami’s. x500 
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ment at this temperature conditions the ferrite in some way so that re! 
tively massive sigma forms during subsequent holding at 1200 
Much of the site formerly occupied by ferrite is seen to contain a; 
aggregate of sigma and a white constituent. Suitably heavier etching 
showed the white constituent to be mostly new austenite with a small 
part of it being untransformed ferrite. 

Returning to Fig. 21, it seems reasonable to conclude that the dark. 
ened main body of the former ferrite site consists of an aggregate of 
fine sigma and new austenite particles, with possibly some untrans- 
formed ferrite. Small chromium carbide particles are probably also 
present. This conclusion was supported by the fact that after samples 
showing the structure of Fig. 21 (with the same heat treatment) were 
reheated at 1650°F, most of the former ferrite site was found to be 
occupied by easily resolvable sigma and new austenite that had been 
partially agglomerated by the 1650 °F treatment (similar to Fig. 20 

It appears that finely dispersed sigma is a result of the marked tend 
ency, under certain conditions, for particular ferrite islands to trans 
form in large part to new austenite, leaving a number of dispersed small 
ferrite particles in the site of the original single ferrite island. Upon 
continued heating, these small ferrite particles subsequently transform 
to sigma of similar particle size. Heat treatment at 1650 °F appears 
to reduce the tendency for ferrite to transform to new austenite upon 
subsequent heating at a lower temperature, and thus results in mor 
massive sigma being formed at the lower temperature. (Compare Figs 
21 and 22.) From examination of the photomicrographs shown of cast 
material heated for times up to 100 hours, it appears that the sigma pres 
ent has always formed directly from ferrite and never from new aus 
tenite nor from original austenite. This might not be true with still 
longer heating times. 

The structure typical of partially sigmatized ferrite islands in “as 
cast” material is shown in Fig. 23. The sigma in “‘as-cast’’ samples was 
relatively massive, resembling that found in samples which, before 
treatment at 1250 °F, were heated at 1650°F after annealing. (Com 
pare Figs. 22 and 23.) The dark etching island at the bottom of Fig. 14 
would have resembled the islands shown in Figs. 22 and 23 when 
viewed at the same magnification, had it been etched as were these last 
two samples. 

The ferrite islands in cast Type 321 are located both at the primar) 
austenite grain boundaries and within the grains. Without exception, 
the easily sigmatized ferrite islands were located at grain boundaries, 
but only a small proportion of the grain boundary ferrite islands be- 
haved in this way. These special islands, then, constituted only a small 
part of the total ferrite present. They were most plentiful towards th 
middle of the casting and none was found nearer than about one-quarter 
of an inch from the surface. They were usually near eutectic carbid 
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, 24 


g Annealed 1900 °F, Reheated 1250 °F, 1 Hour. The darkened relatively mas 

ve phase is sigma. Any ferrite present would not be revealed by the 144 second etch 

structure that is too fine to be clearly resolved is believed to be an aggregate of 

and new austenite. CresCe dot particles are present. Etched 1% second, double 
strength Murakami’s, 1 v. x1300. 

22—-Annealed 1900 °F, Reheated 1650 °F, 1 Hour, 1250 °F, 1 Hour. The darkened 


; Etched 1% 
-““As-Cast.”’ The 


ely massive phase is sigma. Any ferrite present would not be revealed by the 
1% second etch. 


second, v. x1300. 

darkened relatively massive phase is sigma. Any ferrite 

would not be revealed by the 1% second etch. Etched 1% second, double strength 
Murakami’s, 1 v. 

24—Annealed 1900 °F, 


double strength Murakami’s, | 


CresCe dot particles. x1300. 

Reheated 1250 °F, 25 Hours. The darkened relatively 

ve phase is sigma. Any ferrite present would not be revealed by the 1% second 

CresCe dot particles are present. Etched 1% second, double strength Murakami’s, 1 v 
x1300. 





738 TRANSACTIONS OF THE ASM 


and were, as a rule, surrounded by a cloud of titanium dot-carbid, 
I’ven in annealed samples the easily sigmatized ferrite had ditferery 
etching characteristics in many solutions than did the rest of the ferrite 


The differences in behavior suggest compositional differences. 


Effect of Extended Time of Heating 

After heating for 25 hours at 1250°F, the transformation of the 
readily sigmatized grain boundary ferrite islands was considerably more 
advanced than was the case after only 1 to 2 hours heating at this tem. 
perature, and the sigma and new austenite particles were, in general. 
more coarse. A typical island is shown in Fig. 24. Holding at 1250 °F 
must allow partial agglomeration of the sigma and new austenite whic! 
first form as a very fine aggregate (compare Figs. 21 and 24). The 
processes of transformation and agglomeration are no doubt occurring 
simultaneously. 

With extended heating time at 1250 °F, sigma formed in many grain 
boundary ferrite islands that had developed none of this phase after 
1 to 2 hours heating, and sigma appeared, as well, in many of the ferrite 
islands located within the grains. Fig. 25 is of such an island in a sample 
held 25 hours at 1250°F. The massive dark-appearing constituent is 
sigma, while the fine dark constituent is believed to be chromium car- 
bide for the reasons given earlier. The light grey phase is untransformed 
ferrite. Under the microscope, using a green filter, the sigma was yellow 
or yellowish brown after a boiling Murakami etch, while what is be 
lieved to be chromium carbide appeared almost black. The site of this 
carbide was undoubtedly ferrite in the “as-annealed’’ condition, this 
part of the former ferrite island having transformed to austenite (new 
austenite) during heating at 1250°F. In ferrite islands that develop 
sigma only after a somewhat extended heating time, there is a strong 
tendency for the sigma to be more massive than it is in the more easil) 
sigmatized ferrite islands. 

A typical area of the sample heated 25 hours at 1250 °F is shown at 
lower magnification (x250) in Fig. 26. The transformation of ferrite 
in the islands that are within the grains is approximately 50% complete 
in the area shown. 

The amount of sigma formed by a given heat treatment in ferrite 
islands located within the austenite grains, varies greatly from grain to 
grain. An illustration of this is seen in Fig. 27, which is of a sample 
annealed at 1900 °F and reheated at 1350 °F for 100 hours. In the grain 
at the lower right no sigma has formed, while in an adjacent grain there 
is much sigma. 


Minimum Temperature for Complete Solution of Stigma 


" ° ° ° . ° : j 
For the casting in question the minimum temperature that would 
effect complete solution of sigma phase in 30 minutes to one hour was 
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territ 


Fig. 25—Annealed 1900 °F, Reheated 1250 °F, 25 Hours. Sigma, massive, dark; 
2, 


grey; new austenite, white; CrasCo, dot-like dark. Etched 1% second, double 
strength Murakami’s, 1 v, then 2 minutes, cold conc. Murakami’s. x1300. 

Fig. 26—Annealed 1900 °F, Reheated 1250°F, 25 Hours. Sigma, massive, dark; 
ferrite, grey; new austenite, white; CrasCe, dot-like, dark. Lower magnification shows 
distribution of phases. Etched 15 seconds, boiling double strength Murakami’s. x250. 
Fig. 27—Annealed 1900 °F, Reheated 1350 °F, 100 Hours. In some grains, ferrite 
resists transformation to sigma. Etched 15 seconds, boiling double strength Murakami’s 


x250. 
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1750 °F. In a sample heated 1 hour at 1700 °F, a moderate amount o; 


sigma remained. After 4 hours at this temperature there was still a sma) 
amount of sigma. 


Effect upon Sigma of Stabilizing Heat Treatment 

As discussed above, a stabilizing heat treatment of 1 to 2 hours at 
1550 to 1650°F is commonly recommended for Type 321 stainless 
steel to ensure virtually complete precipitation of carbon as titaniym 
carbide. If a treatment at 1550 °F is given for this purpose, certain of 
the grain boundary ferrite islands in the casting will transform in large 
part to sigma and new austenite as illustrated by Figs. 16 and 17. At 
1550°F, sigma formation was confined to the especially susceptible 
grain boundary ferrite islands, at least with heating times up to 235 
hours, the longest tried. A temperature of 1650°F was found to by 
above the range of sigma formation. However, in heating a furnace load 
of Type 321 steel up to 1650 °F an appreciable amount of sigma would 
form in the susceptible grain boundary ferrite islands as the steel is 
heated through the sigma formation temperature range and this sigma 
would not be eliminated, but would tend to agglomerate during holding 
at 1650°F. It was shown, above, that sigma phase will form in th 
easily sigmatized ferrite islands upon heating 1 to 2 hours at 1200 
1250 °F, and that the particle size of the sigma is larger if a 1650 °F 
stabilizing treatment was given after annealing. It has been reported 
that sigma of small particle size is more likely to affect corrosion resist- 
ance adversely than is sigma of relatively large particle size (7,9). Ii 
this is so, the influence upon corrosion resistance of any sigma formed 
will depend to some extent upon whether or not a carbide stabilizing 
heat treatment was given and upon the exact temperature of this sta- 
bilizing treatment. On the other hand, there is only a limited amount 
of easily sigmatized ferrite present, so that the amount of sigma formed 
during one to two hours heating at 1200-1250 °F may be too small for 
its effect to be important. 


Effect of Aluminum Content 


It has been claimed that with aluminum contents of the order of 0.05 
to 0.30% in Type 321 stainless, increasing aluminum increases the 
amount of sigma phase formed upon heating at 1250°F for a given 
time (6). The present author made several small induction melts with 
the aluminum content at various levels, and the melts with the higher 
aluminum contents showed no increased tendency to develop sigma, 
either in the cast or in the hammer forged condition. 


CONSIDERATION OF WROUGHT STRUCTURES 


The foregoing discussion on the behavior of carbides in cast Type 
321 applies equally to wrought material. The distribution of titanium 
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rbide precipitate is much more uniform in wrought than in cast 
structures, due to the homogenizing effect of hot working. Any grain 
undary precipitation of chromium carbide becomes more obvious in 
yrought structures because the austenite grain size is much smaller 
fter forging. Cast and wrought structures also differ in that hot work- 
ing reduces the size and number of ferrite islands and consequently 
reduces the amount of sigma that may be formed from ferrite. Hot 
working draws out the remaining ferrite particles and the characteristic 
inclusions into elongated groups. The smaller ferrite particles resemble 
the eutectic carbide (TiC) particles in size, general shape and even 
in color with certain etchants, so that their distinction is not always 
bvious. 


OCCURRENCE OF SIGMA IN WrouUGHT SAMPLES 

As stated in the introduction, a slice from the test casting was ham- 
mer forged to a bar ¥% inch square, the reduction in area by forging 
being about ten to one. No sigma phase was detected after forging and 
ir cooling. Samples from the bar were annealed by holding at 1900 °F 
for % hour and water quenching. After this treatment the ferrite con- 
tent was estimated by means of a Magne-Gage to be about 1%. This 
compares with about 6% ferrite in annealed cast samples. 

To study the development of sigma, annealed samples were reheated 
for various times at 1250, 1350 and 1550 °F. After 1 hour at 1250 °F, 
a moderate number of ferrite islands had developed some sigma. The 
total amount of sigma formed after 1 to 2 hours at 1250°F was not so 
large that one would expect it to have any important effect upon corro- 
sion rate in any media. After 25 hours at this temperature the trans- 
formation of ferrite to sigma and new austenite was extensive. At least 
for times up to 25 hours at 1250 °F, sigma formed only at ferrite sites. 
After 25 hours at 1350 °F, the transformation of ferrite to sigma and 
new austenite had progressed to a considerable extent, and after 100 
hours at this temperature transformation of the ferrite islands was vir- 
tually complete. After 100 hours at 1350 °F, sigma particles had formed 
trom austenite as well as from the ferrite formerly present. This is in 
contrast to the cast material in which no sigma formed from austenite 
after 100 hours at 1350 °F, the longest time tried. The sigma that had 
formed from austenite was fairly uniformly distributed throughout the 
austenite matrix. 

A field representative of the heaviest distribution of ferrite in forged 
and annealed samples is shown in Fig. 28. A field typical of the amount 
of sigma phase present after 100 hours at 1350 °F is shown at the same 
magnification (x250) in Fig. 29. (Ferrite, if present, would not be 
revealed by the etch employed for Fig. 29, namely, 3 seconds in double 
strength Murakami’s at 1 volt.) In the latter photomicrograph the 
sigma particles in elongated groups must have formed largely from 
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Fig 


Fig. 


TRANSACTIONS OF THE ASM 


28—Forged Bar Heated 1900 °F, 30 Minutes. Particles are ferrite. Etch 
3 minutes, conc. Murakami’s, cold. x250. 


29—Forged Bar Heated 1900 °F, 30 Minutes; 1350 °F, 100 Hours. Particles ar 


sigma phase. Etched 1% second, double strength Murakami’s, 1 v. x250 


30—Forged Bar Heated 1900 °F, 30 Minutes, 1350 °F, 100 Hours, 175( 


15 Minutes, Particles are ferrite. Etched 3 minutes, conc. Murakami’s, cold. x250 


I 
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ferrite, while those randomly distributed must have formed largely 

m austenite because ferrite did not exist in such distributions in the 
“qs-annealed” steel. Following 100 hours at 1350°F, a sample was 
heated 15 minutes at 1750 °F and water-quenched. The resultant micro 
structure is shown 1n Fig. 30. Sigma phase has been completely elimi 
nated, at least most of it having been transformed to ferrite so that now 
the sample contains much more ferrite than was present originally 
(compare Figs. 28 and 30). Reannealing at 1900 °F for 30 minutes was 
next tried and this largely reconverted the ‘“‘new”’ ferrite to austenite. 

In the cast material, treatment at 1550°F for 2 hours produced 
sigma phase in certain of the grain boundary ferrite islands. In samples 
from the hammered bar, heated 2 hours at 1550 °F, no sigma could be 
detected. 


SUM MARY 


The effect of various heat treatments upon the formation and solu- 
tion of carbides and sigma phase in Type 321 stainless steel has been 
studied metallographically. It is shown that : 


1. In the “as-cast” condition the steel contained a small amount of 
titanium carbide precipitate and a moderate amount of chro- 
mium carbide precipitate. The latter was concentrated at grain 
boundaries and at the periphery of ferrite islands. Since much 
of the carbon was still in solution, heavy chromium carbide pre- 
cipitation occurred when the casting was heated in the sensitiza- 
tion temperature range. 

In the “as-cast” condition some sigma phase was present in 
certain ferrite islands that were located at grain boundaries, but 
no sigma was detected in ferrite islands located within the 
austenite grains. 

Chromium carbide was largely dissolved by 1 to 2 hours heating 
at 1650 °F, or in a shorter time at higher temperature. 

A temperature of 1750°F or higher was found necessary to 
dissolve all of the sigma phase (1% hour heating). 

During initial heating of cast Type 321 at 1650-1750 °F, heavy 
dispersed precipitation of titanium carbide occurred. Even when 
the initial heating temperature of the casting was considerably 
higher, up to about 2100 °F, precipitation of titanium carbide 


took place, the amount of precipitation being less the higher the 
temperature. 


If samples first heated at 1650-1750°F were reheated at a 
higher temperature, part of the titanium carbide that was pre- 
cipitated at the lower temperature was redissolved and this re- 
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dissolution was the more complete the higher the reheatin 
temperature. 

The heat treatment commonly specified for testing the suscept; 
bility of 18-8 grades to “sensitization,” namely 1 to 2 hours aj 
1200-1250 °F, produced a small amount of sigma. However, jt 
does not seem likely that the small amount of sigma formed 
would have an important influence on corrosion test results 
Heating for 100 hours in the sigma formation temperatu 
range produced a large amount of this phase. 
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Appendix 


ETCHING REAGENTS EMPLOYED 


The compositions of the etching reagents employed are given below 


Sodium Cyanide— 
Sodium cyanide 10 g 
Water 90 ml 


Murakami's Reagent— 
Potassium ferricyanide 10 ¢ 
Potassium hydroxide 10 g 
Water 100 ml 


Double Strength Murakami’s Reagent— 
Potassium ferricyanide 20 g 
Potassium hydroxide 20 g 
Water 100 ml 
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Concentrated Murakami’s Reagent 
Potassium ferricyanide 50 2 
Potassium hydroxide 50 2 
W ater 100 ml 


Double strength Murakami’s reagent was used in the expectation that 
its faster action in staining sigma phase would be an advantage. How 
ever, little advantage over the slower regular Murakami’s was actuall) 

und. 

When either of these reagents was used electrolytically at room tem 
perature, its staining action appeared to be under better control and 
there was less unsightly staining than when they were used at boiling 


temperature, etching by immersion only. 

Concentrated Murakami’s is very useful for revealing ferrite. If the 
sample is first etched electrolytically in double strength Murakami’s 
before etching in the concentrated solution, the sigma phase appears 
less severely attacked than when the latter solution is used alone. More 
pleasing photomicrographs can thus be obtained. 


DISCUSSION 


Written Discussion: By C. J. Bechtoldt, National Bureau of Standards, Wash 
ington, D. C. 

[he author is to be congratulated on the continued excellence of his work and 
the painstaking task he has completed. We agree with the identifications he has 
made but feel that some of the uncertainty expressed in the identification of the 
chromium carbide could have been removed by identification of residues by x-ray 
diffraction. 

We note with interest the comment that “the degree to which ferrite transforms 
to new austenite upon reheating at a certain temperature is apparently greater the 
higher the prior annealing temperature.”’ We have observed that the formation 
of sigma was enhanced by higher prior annealing temperature, but our experi 
ments were not conducted in a manner to note the rate of decomposition of austen 
ite. Re-examination of these data in light of work in progress suggests that nickel 
plays an important part in the explanation of why the ferrite that had a prior 
anneal at higher temperatures decomposed more readily when reheated to lower 
temperatures. Annealing at the higher temperatures, in addition to increasing the 
amount of ferrite present, increased the amount of nickel present in the ferrite 

nstituent, thereby making it more unstable at lower temperatures than the 
ferrite that had formed at the lower prior annealing temperature. This can be 
seen in the following data * which show the chemical analysis of the parent alloy 
and ferrite constituent, the computed composition of the austenite, and the quanti- 
ties of these phases present in the alloy at the annealing temperature. 


H. C. Vacher and C. J. Bechtoldt, “Delta Ferrite-Austenite Reactions and the Formation 
of ( irbide, Sigma, and Chi Phases in 18 Chromium—8 Nickel—3.5 Molybdenum Steels,”’ 
irnal of Research, National Bureau of Standards, Vol. 53, No. 2, August 1954, p. 67, 


Research Paper 2517. 
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Analysis of Constituent 
Temperature Constituent Ni Mo 


Ib 


Parent Alloy 7.8 3 


Ferrite 


2500 
- Austenite 


Ferrite 


A000) 
: Austenite 


In duplex alloys of this type, at temperatures below 1500 °F, diffusion is extreme! 
slow; therefore, in short heating periods, the initial rates of reactions, wi 
possible exception of reactions involving carbon, are determined by the composi 
tion of, and are within, the individual ferrite or austenite areas that had forms 
at the higher prior annealing treatment. The overall approach to equilibrium i 
volving reactions between phases, if ever fully achieved, is attained at low ten 
peratures only by prolonged heating periods. 


Author’s Reply 


I wish to thank Mr. Bechtoldt for his comments and for the interesting data or 
the composition of ferrite, which he has given. Regarding x-ray diffraction studies 
many investigators, employing this technique, have shown that 18-8 titanium may 
contain all of the phases named in the paper and further proof seemed unneces 
sary. Admittedly it would have made the paper more complete, had the presenc 
of the various phase been confirmed by x-ray diffraction but this, of course, would 
not have told one which phase was which in the microstructure. While positive 
statements should be avoided without positive proof, there seems little doubt that 
the identification suggested for the various constituents is correct. 





PHASE RELATIONSHIPS AND MECHANICAL 
PROPERTIES OF SOME IRON-CHROMIUM.- 
CARBON-NITROGEN ALLOYS 


By G. F. Trstna1 AND C. H. SAMANS 


Abstract 

The phase relationships in various alloys of the iron 
chromium-carbon- nitroge n system, containing 21 to 33° 
chromium, were determined for alloys cooled from temper 
atures between 1300 and 2200 °F. At 2200 °F, the carbides 
and nitrides were largely dissolved and the alloys were aus- 
tenitized to a degree dependent upon their compositional 
location in known phase fields. At temperatures below 
2200 °F, the solubility of carbon and nitrogen decreased 
causing the precipitation of carbides and nitrides and forma 
tion of some ferrite. The amount of ferrite formed varied in- 
versely with temperature and at about 1500°F comprised 
the complete matrix in all alloys. The austenite that was 
present in alloys heated between 1500 and 2000 °F tended 
to transform to martensite when the alloys were cooled 
rapidly. (ASM-SLA Classification: N8, Q general, Fe, Cr) 

Tensile tests at room and elevated temperatures showed 
hat the austenitized alloys had much higher strengths than 
the austenitic iron-chromium-nickel steels but still had ex- 
cellent ductilities. Impact tests showed that the alloys un- 
dergo a ductile-brittle transition temperature. 


€ 


INTRODUCTION 


Pe formation in iron-chromium alloys at elevated tem 
peratures is effected by properly balanced additions of carbon 
and nitrogen. A portion of the quaternary iron-chromium-carbon- 
nitrogen diagram, giving the phase boundaries at 2200°F, was pub- 
lished recently (1).! It was shown that the austenite in these alloys 
can be retained at room temperatures by rapid cooling. However, at 
somewhat slower cooling rates the austenite decomposes to ferrite, plus 
carbides and nitrides which are either lamellar or spheroidized depend- 
ng upon the cooling rate. 


his report describes the phases which are present in various iron- 
chromium-carbon-nitrogen alloys after they have been quenched from 
nperatures ranging from 1300 to 2200 °F, and gives the tensile prop- 


] 


rhe figures appearing in parentheses pertain to the references appended to this paper. 

_ A paper presented before the Thirty-Eighth Annual Convention of the Society, 
held in Cleveland, October 8-12, 1956. Of the authors, G. F. Tisinai is assistant 
project engineer and C. H. Samans is associate director, Materials Division, Engi- 
neering Research Department, Standard Oil Company, Whiting, Indiana. Manu 
script received April 11, 1956. 
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erties and the impact transition temperature properties of som: 
alloy 5. 
EXPERIMENTAL METHODS 
X-ray diffraction techniques were used to detect stable ay 
and the possible presence of martensite (considered to be eviden 
lower chromium austenite), see Table I, and to determine the { 
carbides and nitrides. The x-ray data were obtained on —120 | 


Table I 
Temperatures at Which Important 
Changes in Microstructure Were Observed, “F 


Maxi Martens- First 
First mum ite Stable 
Martens Martens Not Austet 
ite ite Above ite 
M,H,X M,H M M,X 
1700 °F 1800 °F 2000 °F 1900 °F 


1700 1800 1900 1800 


1500 1800 2000 1R/ 


1500 1750 2000 1800 
1550 1800 200 1800 


1500 1700 2000 1901 
1500 1800 1900 1900 


1800 


1600 1750 2000 1806 
1900 1900 2000 L800 
1800 1900 2000 O00 
1900 1900 2000 1906 
1600 1800 2000 LRO¢ 


1700 1800 1900 


19 
1800 1900 2000 1800 


1700 1900 ) 1806 
1600 1850 ) 1800 


None None - 100 
None None 2000 
None None 190 


* Also 0.30 Cu, 1.64 Ti M Metallographically 

** Also 1.14 Mo H Hardness 

*** Also 0.90 V X X-ray 
filings of alloys 1 through 20 which had been sealed in 7 millimeters 
Vycor tubes under a partial vacuum (less than 3 millimeters), heat 
treated at temperatures between 1300 and 2200 °F in 100 °F steps and 
water-quenched. The holding time for samples heated between 1300 anc 
1900 °F was 20 hours. To minimize the degree of sintering at highe 
temperatures, the holding time for samples heated at 2000, 2100 and 
2200 °F was limited to 1 hour. 

The metallographic, hardness (Rockwell Superficial 45N 
Magne Gage * data were obtained from bulk samples. Groups of as 
“_ An instrument designed to measure the force required to detach a magnet trom 


For convenience, the readings have been converted to values of “‘equivalent perc« 
by using conversion factors determined by metallographic estimates on about forty sam] 
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40 
Alloy 8 
; 23.98Cr 
30 0.36C 
0.29 N 


Alloy 20 
33.46 Cr 
G.7Ft © 
0O.78N 


je e. ? 
e-e 9_e-9-* 


Equivalent % Ferrite , Magne Gage 


i250 | 1750 2250 1250 | 1750 | 2250 
1500 2000 1500 2000 


Temperature °F 


lypical Curves of Hardness and Magnetic Response (expressed as an equiva 
t percent ferrite) in Alloys Containing, Nominally, 21, 24, 27, and 33% Chro 


mium. The hardness increase in the 21, 24, and 27% chromium alloys is attributed 
martensite formation. The hardness increase in the 3 chromium alloy is at 
tributed to austenite formatio1 


lled bulk samples of alloys 1 through 20 were sealed in 22 millimeters 
liameter Vycor tubes under partial vacuum (less than 3 millimeters ), 
held at temperatures between 1300 and 1900°F in 100°F steps for 
2) hours, and water-quenched. Other groups were sealed first in 17 
nillimeters diameter Vycor tubes under 0.25 atmosphere argon pres 
sure ; these tubes, in turn, were sealed in 22 millimeters diameter V ycor 
tubes also under 0.25 atmosphere argon pressure. These double-sealed 
issemblies were held at 2000, 2100, and 2200°F for 20 hours and 
vater-quenched. The precaution of double sealing in Vycor tubes con 
taining argon was taken to minimize the possibility that nitrogen might 
pass through the walls of the collapsed Vycor tubes and be absorbed by 
the alloys. 

The metallographic observations were used to detect (a) free polyg- 
onal ferrite, Fig. 2; (b) lamellar ferrite formed in conjunction with 
carbides and nitrides as a result of austenite decomposition, Fig. 3; (c) 
table austenite, Fig. 4; and (d) martensite (formed from lower chro 
mum austenite), Fig. 5. The hardness data were used primarily to 
iollow the martensite reaction (see Fig. 1 for some typical results ). 
‘he Magne Gage was used to determine the magnetic response of the 
samples and the data secured were particularly helpful in detecting the 

temperature at which the ferrite disappeared completely (see Fig. 1). 





TRANSACTIONS OF THE ASM 


Table II 
Some Effects of Variations in Chromium, Carbon and Nitrogen Content 
and of Pretreatment on Room Temperature Tensile Properties 


Tensile Yield R 
Strength Strength Elongation 
Alloy Treatment psi psi % in 2 is 
2225 °F—W.Q. 113,000 ‘72,500 36 
2225 °F—10% C. 134,000 111,000 16 
2225 °F—40% C. 167,000 147,500 0.5 
1400 °F an. 97,000 64,500 19 
119,000 68,000 42 
108,000 71.500 11 
188,000 139,500 6 


116,000 68,000 
144,000 117,000 
206,000 171,000 


112,000 2,500 


108,000 66,000 
130,000 104,000 


Broke in grips before 0.2 


109,000 98,000 
107,000 69,000 


116,000 75,500 
135,000 116,000 
139,000 126,000 
98,000 59,500 


2,000 76.000 
3,000 126,000 
209,000 179,000 
118,000 79,800 


1 
l 


2 
3 
5 


119,000 78,000 
141,000 123,000 
144,000 131,000 


94,500 65,000 


134,000 81,000 
140,000 111,000 
212,000 171,000 
107.000 72.500 


4 Sy 


Room temperature tensile data were obtained for alloys 21 through 
29, see Table II. To facilitate machinability, as-rolled stocks of the 
alloys were held at 1400 °F for 16 hours and water-quenched in order 
to decompose the structure completely to ferrite, nitrides and carbides 
In the austenitic state, when the carbides and nitrides are substantial) 
in solution, these alloys are quite difficult to cut or machine. The alloys 
then were cut into strips 8 x 1 x % inch and were given as many of the 
following treatments as was possible consistent with the material avail- 
able. Standard (ASTM) flat tensile bars then were ground to size fron 
the treated strips. 


a. As-rolled stock held at 2225 °F for 2 hours and water-quenche 
b. Water-quenched from 2225 °F and cold-rolled to a 10% re 
duction. 
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Free Polygonal Ferrite in an Austenitic Matrix in Alloy 14 (26.68 chromium 
16 carbon—-0.33 nitrogen). The darker etching grains are ferrite. This sample 
neld at 2200 °F for 20 hours and water-quenched. Glyceregia etch. x100 
3—The Dark Etching Lamellar Constituent is Typical of the Ferrite, Carbides, and 
Nitrides, Which Formed as a Result of Austenite Decomposition, in Alloy 9 (25.57 
hromium—0.45 carbon—0.51 nitrogen). This sample is in the wrought condition and 
the austenite is only partly decomposed. Glyceregia etch. x500 


was 


c. Water-quenched from 2225 °F and cold-rolled to a 40% re- 
duction. 

d. As-rolled stock held at 1400 °F (in air) for 16 hours and water- 
quenched. 


The 2225 °F austenitizing treatment was done in an ordinary muffle 
turnace which was flushed continuously with argon and had open con- 
tainers of charcoal in order to minimize oxidation and decarburization. 

Short time elevated temperature tensile data were obtained at 1200, 
1500, 1750, and 2000 °F for alloys 30 through 34, see Table III. As- 
rolled stocks were machined into standard 0.505 inch diameter threaded 
tensile bars. The bars were heated to the testing temperature slowly 
and held for about one hour before testing. The head movement during 
the test was maintained approximately at 0.05 inch per minute. During 
the 2000 °F test, a small blank sample was attached to the tensile bar. 
When the bar ruptured, the blank was detached, water-quenched, and 
examined metallographically to determine the actual structure of each 
specimen (fine-grained austenite and polygonal ferrite, plus free car- 
bides and probably some nitrides ). 
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4 


Fig. 4-Austenite Which Did Not Decompose or Transform to Martensite in Alloy 
(24.58 chromium—0.38 carbon—0.39 nitrogen). This sample was held at 2200 °F f 
4 hours and water-quenched. Glyceregia etch. x100. 
Fig. 5—-A Mixture of Martensite, Ferrite, Carbides and Nitrides in Alloy 6 
chromium—0.52 carbon—0.33 nitrogen). This sample was held at 1700 ° F for 20 hour 
and water-quenched. Glyceregia etch. x1000. 


Both room temperature tensile data and impact transition temper 
ature data were obtained for the five alloys 35 through 39, see Tables 
LV and V. The 0.505 inch diameter button-head tensile bars were mad 
from as-rolled stocks which had been water-quenched after holding 
hours at 2225 °F in air. Charpy impact bars oversized about 0.020 inch 
were machined roughly from as-rolled stocks which had been held 16 
hours at 1400°F in air. The roughed-out bars were given the same 
2225 °F austenitizing treatment in air, and then machined to the stand 
ard size of the Charpy V-notch (0.079 inch deep) bar and tested in 
impact at various temperatures. 

It undoubtedly would have been better to have made the various 
metallographic and mechanical property studies on a few rather than 
on so many materials. Also, it would have been preferable to have had 
duplicates of the tensile and impact tests. However, in no instance was 
there a sufficient quantity of any alloy on which to concentrate thes 
studies since only 10 Ib. heats were available. 

The compositions given in the various Tables list only the chromium, 
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Table III 
Some Effects of Variations in Chromium, Carbon, and 
Nitrogen Content on Elevated Temperature Strength 
as Shown by Short Time Tensile Tests 


Test lensile 
Temp. Strength 
F psi 
26,600 
8.901 

700 


2000 r ant 


1200 26,801 
1500 8,800 
1750 4,700 


2000 5,800 


Ul 
S00 
500 
2000 200 


1200 5 RO 
1500 8,100 
1750 4,600 
2000 300 


1200 31,600 
1500 8,600 
1750 600 
2000 900 


Table IV 
Some Effects of Variations in Chromium, Carbon and 
Nitrogen Content on Room Temperature Tensile Properties 


Tensile Yield Reduction 
Strength Elongation of 
psi % in 2 in. Area—% 
73,500 
81,500 
81,000 
107.500 


93.500 


0 
0.51 


muVinnunw 


\s-quenched from 2225 °F 
* Broke outside gage marks 


Table V 
Some Effects of Variations in Chromium, Carbon and 
Nitrogen Content on Impact Energy Absorption 


N Impact Energy Absorption, ft-lb, at 
3 RY) 150 200 300 350 


~ 


49 ’ 238 
17 ; 65 
22 y ; 104 


6 


MauwuUuUw 


NON Or 


6 


\s-quenched from 2225 °F 
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carbon, and nitrogen contents. Analyses for sulphur, phosphorus, sii; 
con, manganese, nickel, and molybdenum also were made. These e}, 
ments fell within the following percentage ranges: 

Sulphur 0.008—-0.034 

Phosphorus 0.008-0.026 (except alloy 35 which had 0.14% ) 


Silicon 0.56 -1.24. (eight alloys above 0.90%, three below 0.60% 
Manganese 0.40 -1.26 


Nickel 0.02 -0.86 (six alloys below 0.40% ) 
Molybdenum 0.01 -0.05 (except alloy 10 which had 1.14%) 


In most of the alloys the range of variations was even smaller, as indi 
cated. Hence, it is not felt that these impurities influenced the results 
significantly. 


EXPERIMENTAL RESULTS 


A survey of the combined data of alloys 1 through 20 (Table I) in 
dicates that, at 1300°F, each had a ferritic matrix which contained 
only carbides and nitrides. When these ferritic alloys were heated t 
higher temperatures, some austenite formed, accompanied by partial 
carbide and nitride solution. The specific temperature at which austen 
ite first appeared on heating varied considerably with alloy composition 
I*xcept for the 33% chromium alloys, at least part of the austenite 
which formed at temperatures below about 2000 °F transformed t 
martensite during cooling to room temperature. Therefore, this austen 
ite must have contained less than 21% chromium since it has been 
shown previously (1) that, in commercially pure iron-chromium 
carbon-nitrogen alloys, austenite containing 21% or more chromium 
will not decompose martensitically. As the alloys were heated to tem 
peratures progressively higher than those at which martensite forma 
tion was noticed first, more nitrides and carbides dissolved, the nitrides 
more readily than the carbides. At varying temperatures, which wer 
dependent on the specific alloy composition, enough carbides and ni 
trides dissolved to enrich the austenite of the alloys, in chromium, car 
bon, and nitrogen, sufficiently to inhibit the martensite transformation 
The amount of ferrite in the alloys also decreased with rising temper 
ature. The specific temperatures at which the various microstructural 
changes were detected in these alloys, which originally had a ferrit 
matrix, are summarized in Table I. Since the heat treatments wer 
made at 100 °F intervals, the reliability of the data also is of this order 
Any temperatures other than even 100 °F intervals were based on plots 
of hardness data. 

In one instance a similarity in composition allowed a recheck of data 
Alloys 1 and 2 which have similar compositions show also similar 
transformation characteristics. 

In considering the effect of chromium content on the data in Table |, 
the lower chromium alloys 3 through 7 show the martensite transforma- 
tion at lower temperatures (1500-1550 °F ) than the medium chromium 
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s8$ through 17 (1600-1900 °F) even though the carbon and nitro 
contents correspond approximately. Alloys 1 and 2, which are low 
mmium alloys but contain somewhat less carbon than alloys 3 through 
so require a somewhat higher temperature (1700°F) to form the 
trace of austenite (which then transforms to martensite upon 
oling). These effects were expected since austenite will form at a 
ver temperature in a lower chromium alloy. In one instance, the 
illovs have an overall lower chromium content (3-7 as compared to 8 
17). In the other, the higher carbon contents (3-7 as compared to 1 and 
>) would cause a greater chromium impoverishment of the ferritic 
matrix because of the greater amount of carbide precipitation. 

In alloys 1 through 7, 9, 11, 13, 16, and 17, the matrix was com 
pletely austenitic at room temperature after cooling from above 2000 
2200 °F. This means that the microstructure contained neither marten 
site nor ferrite. However, all of these structures contained excess car 
bide particles until the alloys were heated to about 2200 °F. In alloys 
14, 18, 19, and 20, some of the original ferrite persisted at room tem 
perature even after c ling from 2200 °F. These effects were expected 
from previously published results on phase relationships of this system 
(1). Inalloy 15, however, the persistence of ferrite in segregated areas 
suggested that the sample had not been homogenized sufficiently since 
the phase relationships of this system indicate that ferrite should not 
be stable in this alloy at 2200 °F. 

The addition of some ferrite-forming elements to iron-chromium- 
carbon-nitrogen alloys, which ordinarily would be completely austeni- 
tized at 2000—2200 °F, had an inhibiting influence on austenite forma- 
tion. In alloy 10, the presence of 1.64% of titanium (this alloy also 


contained 0.30% copper ) caused the alloy to be 75% austenitic and 


oe 


25% ferritic at 2200 °F. Also, in alloy 12, the presence of 0.90% vana- 
dium caused the retention of a trace of ferrite at 2200°F and of 25% 
ferrite at 2100 °F. In alloy 11, the presence of 1.14% molybdenum 
raised to 2200°F the temperature required to dissolve the original 
lerrite matrix completely. 

he disappearance of the original ferritic matrix of alloy 8 at 2000 °F 
and the reappearance of ferrite at 2100 °F suggests that, for alloys near 
the austenite-austenite plus ferrite boundary of the 2200 °F diagram, 
delta ferrite may tend to form at the elevated temperatures. However, 
this still is not proven. 

Tensile tests of alloys 21 through 29 at atmospheric temperatures, 
lable Il, showed that they all had relatively high strength values for 
stainless steels when in the substantially austenitized state (quenched 
trom 2225 °F ) but still retained excellent ductility values. from earlier 
work (1), the composition of alloy 24 should be within the austenite 
eld, compositions of alloys 22, 23, 25, and 29 on the austenite-austenite 
plus ferrite be uundary, compositions of alloys 21, 26, and 28 within the 
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austenite plus ferrite field, and the composition ot alloy 27 on 
austenite plus ferrite-austenite plus ferrite plus carbide boundary oj 
the iron-chromium-carbon-nitrogen diagram at 2200 °F. The strength 
values appeared to be dependent on both the chromium content and 
the degree to which the matrix had been converted to austenite. Hoy 
ever, not enough compositions were studied to substantiate this con 
clusion positively. In all cases, cold rolling caused an increase in th 
strength values and a decrease in the ductility values. Again, there js 
an indication that the more austenitic the alloy was before rolling, the 
greater was the increase in strength caused by the work hardening 
action of the rolling. When the alloys were tested in the 1400 °F treated 
condition (i. e., decomposed to ferrite, carbides and nitrides) both the 
strength and ductility values were less than those of alloys tested in the 
2225 °F treated condition (austenitized ). 

Referring again to the earlier work (1), at 2200 °F the compositions 
of alloys 30, 32, and 33, Table IV, should be in the austenite field, the 
composition of alloy 31 in the ferrite plus austenite field, and the com 
position of alloy 34 on the austenite-austenite plus carbide boundary. 
When these alloys were tested at elevated temperatures, it was found 
that there was a decrease in strength, and an increase in ductility, similar 
to those found in ferritic stainless steels, at testing temperatures of 
1200 to 1750 °F. However, at the testing temperature of 2000 °F, the 
strength of the alloys increased above that found at 1750°F. The 
metallographic structure of all the 2000°F water-quenched blanks 
was predominantly austenitic and contained appreciable amounts of 
carbides (perhaps nitrides also). The structure was fine-grained, but 
with the aid of the colloidal magnetic oxide etch (2) it was deter- 
mined that, at 2000 °F, alloy 30 contained no ferrite, alloy 34 contained 
a few percent of ferrite, alloys 32 and 33 about 10% ferrite, and alloy 
31 about 25% ferrite. The strength at 2000°F appeared to be more 
dependent on the completeness of the austenitic matrix than on the 
exact chemical composition. Alloy 30 which contained no ferrite and 
alloy 34 which contained only a little ferrite had tensile strengths of 
7000 and 6900 psi respectively ; alloys 32 and 33 which contained ap- 
proximately 10 percent ferrite had tensile strengths of 6200 and 6300 
psi respectively ; and alloy 31 which contained about 25% ferrite had 
a tensile strength of 5800 psi. The very high elongation values found 
at 1750°F appear to be comparable to those of the ferritic stainless 
steels. Although most of the current data on short time tensile strengths 
of ferritic stainless steels are limited to about 1500 °F, an extrapolation 
of the data indicates that they also would have these extremely high 
elongation values at 1750 °F. 

The room temperature tensile data for alloys 35 through 39, Table lV, 
are comparable to the data given previously, Table II, for alloys 2! 
through 29. According to previous work (1), at 2200 °F alloys 35, 36, 
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7 and 39 should be in the austenite field (or else near the austenite- 

ustenite plus ferrite boundary) and alloy 38 should be in the austenite 

lus carbide field. Hand magnet tests of these alloys as-quenched from 

2225 °F indicated that alloys 35, 38, and 39 did not contain ferrite 
whereas alloys 36 and 37 did. Note that alloy 35 contained 0.14% 
phosphorus, generally a potent ferrite former, but still was completely 
\ustenitic when quenched from 2225 °F. However, the tensile strength 
ind ductility of this alloy were quite low; this might be the result of 
the high phosphorus (although the impact properties, see Table V, were 


Fig. 6—Broken Charpy V-notch Bars of Alloys 35, 37, and 39 Tested 

Below the Transition Temperature (left), Illustrating Cleavage-type 

Fracture; and Tested Above the Transition Temperature (right), I1- 
lustrating Shear-type Fracture. 


surprisingly good). The tensile tests again showed that the higher 
chromium alloys (even when the structure contained some ferrite) had 
higher strength values. Alloy 38, however, which contained an exces- 
sive amount of carbide, showed an extremely low ductility. 

The impact transition temperature data show that these alloys go 
through a ductile-brittle transition temperature. Typical fractures of 
specimens broken below and above the transition temperatures are 
shown in Fig. 6. This fact probably is associated with the interstitially 
dissolved carbon and nitrogen since, normally, face-centered cubic 
structures can absorb high impact energies at low temperatures and 
do not have a transition temperature. At temperatures above the transi- 
tion temperature, the maximum energy absorption possibly may be 
more associated with the chromium content, for alloys within the 
austenitic field, than with the carbon and nitrogen contents, since the 
lower chromium alloy showed the greatest energy absorption. With a 
very high carbon content (alloy 38), however, the impact resistance 
was decreased drastically even though most, if not all, of this carbon 
was in solution in the austenite and no evidence of martensite trans- 
formation was found. 


SUMMARY 


1. For many iron-chromium-carbon-nitrogen alloys containing be- 
tween 21 and 27% chromium, no ferrite was found in the microstruc- 
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ture above about 2000 + 100 °F, depending upon the specific com; 
tion. The 33% chromium alloys studied here were too low in nitr 
to be made completely austenitic at 2200 °F. 

2. For 21% chromium alloys, the martensite reaction was 
pronounced for all austenite formed below 2000°F. The maxin 
degree of martensite formation appeared in alloys quenched from about 
1700-1800 °F. The martensite transformation was noted in austenit, 
formed in 27% chromium alloys below 2000 °F but to a lesser degree 
than for austenite formed in 21% chromium alloys. No martensite 
was found in any of the 33% chromium alloys. 

3. The austenite of the iron-chromium-carbon-nitrogen alloys has 
excellent room temperature tensile properties. At elevated temper 
atures, where the alloys are in the decomposed state (ferrite, carbides, 
and nitrides), the tensile properties probably are comparable to those 
of ferritic stainless steels. However, above 2000 °F, where the alloys 
have transformed to the austenitic state, the tensile properties are at 
least equal to those of the austenitic 25% chromium-20% nickel steels 

+. In impact, the austenitic alloys of the iron-chromium-carbon 
nitrogen system appear to have a brittle-ductile transition temperature. 
Above the transition temperature the energy absorption of alloys in 
the austenitic state may be more dependent on the *hromium contents 
(the lower chromium alloys seem to be better) than on the carbon and 


nitrogen contents. With too high a carbon content, however, the impact 
resistance is decreased appreciably. 
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DISCUSSION 


Written Discussion: By Chi-mei Hsiao and E. J. Dulis, Research and Develo; 
ment Laboratory, Crucible Steel Company of America, Pittsburgh. 

The authors are to be commended for furnishing some interesting and valuable 
information on this timely subject. Inasmuch as we have made a fairly extensiv¢ 
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Yield Strength, |000 psi 


0.7 
C+l.2N 


Fig. 7-—-Effect cf Composition on Yield Strength 


study of the alloy system Fe-Cr-Mn-N, which is related to the system described 


by the authors, we would like to describe some of our findings on the relationship 


between composition and room-temperature yield and tensile strengths. lor 
austenitic steels in the solution-annealed condition, we found a linear relationship 
a) between tensile strength and (1.5% carbon + % nitrogen), and (b) between 
U.2% offset yield strength and (% carbon + 1.2% nitrogen). The effects of chro- 
mium and manganese in these alloys was negligible. However, the aforementioned 
relationship for tensile strength did not apply for alloys that underwent an austen 
ite to martensite transformation in the fracture region during the tensile tests. It 
would be of interest to know whether the authors checked the possibility of an 
austenite to martensite transformation in the fractured regions of their tensile 
specimens that had been tested at room temperature. Inasmuch as this transforma 
tion behavior in the authors’ alloys is unknown to us, we will not consider the 
iuthors’ composition versus tensile strength relationship but briefly discuss their 
lata on composition versus yield strength. (We found that even in unstable alloys 
the plastic deformation involved in straining to the 0.2% yield strength did not 
cause any transformation. ) 

(he authors’ yield strength data of the solution-annealed austenitic steels 
lotted against (% carbon + 1.2% nitrogen) show a fairly good linear relation 
ship, Fig. 7, whereas, the yield strengths plotted against % chromium show a 
vide scatter. Therefore, it appears that yield strength in Fe-Cr-C-N alloys is 
roportional to amount of C and N rather than the amount of Cr in the alloys. 
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The effect of chromium described by the authors may actually be attribut: 
the increase in the carbon and nitrogen as the chromium content was increa 
their alloys. In our studies of the effect of composition on strength, the chr: 
content was kept constant when the carbon and nitrogen contents wer« 
\lso, in our studies on the effect of chromium, the chromium contents wer 
and the carbon and nitrogen were kept constant. 


Authors’ Reply 


\ correlation between the strength va.ues and the carbon and nitrogen cont 


of course, would be desirable information. However, just as Messrs. Hsiao a 


Dulis were reluctant to attempt such a correlation for the tensile strength bé 
of the unknown factor of martensite formation, we find a similar difficulty in 
not enough alloys which were virtually completely austenitic were studied. Al! 
22, 23, 29, 36, and 37 contain varying amounts of polygonal ferrite. Alloy 38 co 
tains an excessive amount of undissolved carbides. Only the structures of alloy 
24, 35, and 39 are virtually completely austenitic and these alloys do not confor: 
to the relationship suggested by the discussors. 

To answer the question as to a possible austenite-to-martensite transformati 
in the fractured regions of the tensile bars, Magne Gage tests were made b 
at the unstrained ends and at the fractured ends of the solution annealed tensi 
bars of alloys 24, 35, and 39. No increase in magnetic response was noted f 
alloy 24 and only a very slight increase for alloys 35 and 39. Apparently, ther 
fore, the martensite transformation played no significant role in the increas 


the strength values over those of conventional austenitic stainless steels 





HIGH TEMPERATURE RUPTURE-STRENGTH 
PROPERTIES OF CHROMIUM-NICKEL STAINLESS 
STEELS CONTAINING TITANIUM AND BORON 


By J. SALVAGGI AND L. A. YERKOVICH 


y lbstrac i 
Interest has existed among high temperature alloy pro 
ducers and jet engine manufacturers in utilizing leane) 
alloys for aircraft construction than are currently specified. 
Modified compositions of the chromium-nickel stainless 
steels offer possibilities in this respect. 

An investigation has been made of the hot strength poten 
tialities of types 302 and 316 stainless steels altered in com 
position principally by titanium and boron additions. E-valu 
ation of the 100-hour rupture life at 1500 °F was made foi 
a substantial number of such compositions prepared as 15 
pound heats and rolled to approximately 0.050 inch sheet for 

stress-rupture testing. 

Significant improvements in hot strength x found for 
a number of these compositions. While the nominal 100- 
hour rupture strength at 1500 °F is in the 5000 to 9000 psi 
range for the conventional chromium-nickel stainless steels, 
values of 18,000 to 20,000 psi were obtained for several of 
the titanium and boron modifications of these alloys. A num 
ber of the alloys de monstrated similar gains at 1350 °F with 


respect to the base analyses. (ASM-SLA Classification: 
O4, SS) 


[INTRODUCTION 
‘| SHE RAPID development of the gas turbine and jet-propulsion 


power plants in recent years has been accompanied by the specifi- 
cation of exceptionally rich alloy materials in order to provide ample 
margin of performance for the high temperature service conditions in 
volved. Since jet-engine design has become sufficiently stabilized to 
irrant closer consideration of the more precise requirements of the 
heat resistant constructional materials required, it is possible that leaner 
alloys may prove suitable for certain high temperature components. 
During the alloy development and testing programs of World War II, 
conducted by the National Research Council and the National Advisory 
Committee for Aeronautics, a few modified 18 Cr- 8 Ni experimental 
ompositions were investigated (1,2 ).' However, the emphasis in these 


he figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Thirty-Eighth Annual Convention of the Society, 

in Cleveland, October 8-12, 1956. The authors, J. Salvaggi and L. A. 

rkovich, are associated with the Metallurgy Section, Materials Department, 

rnell Aeronautical Laboratory, Inc., Buffalo, New York. Manuscript received 
6, 1956. 
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programs was placed upon the richer nickel-cobalt-chromium ty) 

loys, whose properties overshadowed those displayed by the modified 
austenitic Cr-Ni alloys at temperatures above 1200 °F. Despite thei 
inferiority when compared with the superalloys, ample room remained 
for further investigation of ‘the modified Cr-Ni austenitic stainless 
steels for possible use at temperatures up to 1500 °F. Progress in th 


development of such alloys has been made as evidenced by several con 


mercially available modified austenitic stainless steels being produced 


for jet engine purposes. 

It is the purpose of this paper to point out the hot strength poten 
tialities of types 302 and 316 stainless steels when modified with addi 
tions of titanium and boron to base analyses containing carbon in the 
range of 0.07 to 0.3%. 

Previous studies made with boron-modified austenitic chromium 
nickel steels (3) indicated that advantage might be taken of the pre 
cipitation hardening reaction available in such alloys. In particular, it 
has been shown that hardening may be developed in steels of the 18 Cr 
8 Ni variety containing boron of the order of 0.50%, through aging at 
temperatures of 1500°F. The precipitation process is relatively slug- 
gish at this temperature, with no apparent overaging occurring up ti 
times of several hundred hours. 

In adding titanium, it was found that the occurrence of titanium 
carbides, as well as their solution in the austenite matrix results in th 
improvement of the hot strength properties of stainless steels (4,5). 
A few spot tests conducted in several laboratories had indicated the 
possibility of improving the high temperature strength of Cr-Ni aus- 
tenitic stainless steels through the use of combined titanium and boron 
additions (6,7). Subsequent dispersion hardening during exposure to 
load and temperature may be partly responsible for these gains. 

During the course of this investigation, emphasis has been placed 
upon surveying a reasonably large number of compositions with respect 
to high temperature rupture strength, without detailed consideration of 
other metallurgical characteristics related to fabrication and production 
problems. 


Test MATERIALS AND METHODS 

A procedure was established capable of providing economically a 
variety of compositions in sheet form for high temperature rupture test- 
ing. This method involved the preparation of 4-pound ingots poured 
from 15-pound induction furnace heats of the experimental stainless 
steel compositions. General practice involved the preparation of three 
ingots from each heat with an alloy addition made between the pouring 
of the first and second ingots and again between the pouring of the 
second and third ingots. The result was a split-heat series of three 
ingots containing increasing quantities of the alloy variable being 
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Table I 


Nominal Compositions of Experimental Heats 


Nominal Titanium 


Carbon % > 


R nee / 

0.07 0.15 to 1.00 
0.15 i) 5 to 1.50 
0.30 0.75 to 1.50 


0.07 
0.15 


0.30 


0.15 


0.07 


0.15 


0.07 
0.15 
0.07 
0.15 
0.30 
0.07 
0.15 
0.30 


0.07 


0.15 5 to 


0.07 to 
0.15 to 


0.07 1.15 to 0.75 


0.15 .25 to 1.00 


studied. Ferroalloys were used for all additions to Armco iron base 
metal except for nickel, added in the form of commercially pure shot. 
Aluminum to the extent of 3 pounds per ton was used to deoxidize the 
heats. Deoxidation was performed prior to pouring the first ingot of 
each heat. 

All compositions prepared during the program were successfully hot 
rolled at 2000 °F from the 1% inch ingot down to 0.050-inch sheet, 
using approximately 1/10 inch reduction per pass. During the first 
stages of working, the ingot was rotated 90 degrees between each roll 
pass and reduced to a 114 inch square section before rolling was con- 
fined to one set of faces. Sufficient 0.050-inch sheet was obtained from 
each ingot to permit the preparation of as many as eight test specimens 
with over-all dimensions of 1 inch by 16 inches. 

Standard ASTM sheet tensile creep specimens were used, approxi- 
mately 0.050-inch thick, with a %-inch wide by 2-inch long gage sec- 
tion. Loading was accomplished in a conventional 10:1 lever type 
creep-rupture unit and temperature was maintained constant over the 
2-inch gage length within +3 °F of the nominal test temperature. 

l'o facilitate the evaluation of relative strengths of the large number 
alloy compositions prepared for this program, a stress-rupture type 
test was adopted. In general, two specimens were loaded to stresses 
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which would cause rupture in a 100-hour time range. The interpolated 
or, in some cases, slightly extrapolated 100-hour rupture stress ang 
ductility values were used as a basis for comparison of the varioys 
steels. All of the chromium-nickel stainless steel compositions prepared 
were tested at 1500 °F. 

A listing of the nominal compositions comprising approximately 
analyses prepared and tested during the course of this investigation 
summarized in Table I. In essence boron and titanium either separatel; 
or together were added to the basic chromium-nickel alloys of varying 
carbon content so that compositions of titanium and boron for each 
carbon level would fall in the low, medium and high limits of the ind; 
cated specification. Chemical analyses were made of the basic alloys 
for each heat with additional titanium, boron and occasional carbon 
checks being determined on the splits of the basic compositions. 


DiIscUSSION OF RESULTS 
Type 302 Stainless Steel Modified with Titanium 

In the more common applications of the titanium-bearing stainless 
steels (type 321), heat treating temperatures are maintained bel 
1950 °F to insure the combination of a large percentage of the total 
carbon as titanium carbide. While this practice helps minimize inter 
granular corrosion susceptibility since carbon is not available fo 
chromium depletion of the austenite as chromium carbide, little or n 
use is made of the titanium and carbon as solid solution hardeners for 
strengthening purposes. The solid solubility of titanium carbide in aus 
tenite is known to increase rapidly from 1800 to 2100 °F and continues 


to increase up to 2300 °F (8). Thus, the possibility of improving th 
hot strength characteristics of these alloy compositions through the us 
of high solution temperatures was investigated. 

\ composite plot showing the effect of titanium and solution treating 
temperature on the hot strength characteristics of 18—8 stainless steel 


for the various carbon levels is illustrated in Fig. 1. The maximun 
strength composition in this series of alloys was found to exist at th 
0.15% carbon, 0.75% titanium levels when solution treated at 2300 °F 
The 100-hour rupture strength displayed by this composition was 
14,800 psi, considerably in excess of the 5000 to 6000 psi typical of 
commercially available type 321 stainless. 

for each carbon level, following both conditions of heat treatment 
investigated, 100-hour rupture-stress values at 1500°F rise with in 
creasing titanium, reach a maximum, and then decrease rapidly. The 
peak values for both heat treatments occur at progressively lower Ti/C 
ratios with increasing carbon. At a given carbon level, higher solution 
temperatures improve the hot strength considerably. This improvement 
is believed to be due primarily to strengthening of the austenite matri 
through increased solution of the carbide phases combined with some 
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peennrae during exposure to stress and temperature. The aging 
irves of Fig. 2 demonstrate the effect of titanium and carbon together 
with solution tempe rature, on the hardening characteristics of these 
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Type 302 Stainless Steel Modified with Boron 
Plots demonstrating the effect of boron on the 100-hour rupture 
strength of 18-8 stainless steel at the 0.07% and 0.15% carbon levels, 
tested at 1350 and 1500 °F are presented in Fig. 3. In addition, a 0.30% 
arbon steel was also tested at 1500 °F. 
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Fig. 3—Effect of Boron and Carbon on the 100-Hour Rupture Strength of 18 €: 
8 Ni Stainless Steel Solution Treated at 2100 °F and Tested at 1350 °F and 1500 °} 
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Fig. 4—Aging ( -haracteris tics of Boron Modified 18 Cr- 8 Ni- 0.07 C 
Stainless Steel at 1350 °F and 1500 °F After Solution Treatment at 
2100 °F. 
The results obtained after solution treatment at 2100°F show an 
improvement in strength with increasing boron up to approximatel) 
0.3%. An interesting feature of this series of steels is the threefold in- 
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in 100-hour rupture ductility at 1500 °F for boron additions up 
5%. Maximum rupture strength at both 1350 and 1500°F was 
eloped by the 0.15% carbon composition, with a 100-hour rupture 
strength at 1500 °F of 10,000 psi being obtained for the 0.50% boron 
aa 
Improvement of rupture-strength with increasing boron is possibly 
result of a precipitation hardening reaction accentuated by stress 
plastic deformation (3,9). It has been noted that the tendency for 
precipitation hardening increases with boron content. The foregoing 
is reflected in the room temperature hardness values of the aging charts 
presented in Fig. 4+ at both 1350 and 1500 °F. As boron increases, a mild 
crease in room temperature hardness is noted which may be related 
ereater quantities of a boride constituent observed in the austenite 
natrix. 


Type 302 Stainless Steel Modified with Titanium and Boron 


On the basis of gains in hot strength achieved through individual 
additions of titanium or boron to 18-8 austenitic stainless steels, a 

mbined addition was made with the hope of obtaining further strength 
increases. One hundred-hour rupture stress versus percent titanium 
curves with boron content as the parameter are presented in Fig. 5. 
Carbon levels of 0.07 and 0.15% were investigated. In general, maxi 
mum 100-hour rupture stress values occurred at progressively lower 
titantum contents as boron was increased. Further examination of the 
curves in Fig. 5 indicate that high boron contents in conjunction with 
low titanium would give greater gains in strength over an alloy con- 
taining titanium or boron alone, at least for the 2100 °F solution tem- 
perature. A peak 100-hour rupture stress value of 11,800 psi was 
obtained at the 0.15% carbon level as compared to 10,000 psi when 
titanium or boron were added alone. This increase was obtained with 
the added premium of high ductility imparted by the presence of boron. 
Kupture ductilities for this series of alloys were good, ranging from 
15 to 50% depending on combined titanium and boron content. 

Several alloy compositions were tested at 1500°F after being sub 
jected to a 2300 °F heat treatment. Although no improvement in rup 
ture strength was obtained, rupture ductility values remained high. 


Type 316 STAINLESS STEEL 


Molybdenum-bearing Cr-Ni stainless steels in sheet form have been 
found to possess significantly higher hot strength properties than the 
straight 18-8 types, displaying 100-hour rupture strengths of approxi- 
mately 9000 psi at 1500 °F. Effect of alloy additions to this base com- 
position, involving variations in titanium, boron, and carbon, on the 
high temperature properties, was investigated. Variations in heat treat 
ment were also studied. 
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18 Cr- 8 Ni Stainless Steel Solution Treated at 2100 °F and Tested at 150( 











@ 
Q 
oO 
oO 
S 
' 
w 
w 
® 
— 
” 
© 
2 
Q 
= 
o 
5 
° 
L 
oO 
S 


% Titanium 


Fig. 6—Effect of Titanium and Carbon on the 100-Hour Rupture Strength of 
12 Ni 2.4 Mo Stainless Steel Tested at 1500 °F After Solution Treatment at 21 
and 2300 °F. 


Type 316 Stainless Steel Modified with Titanium 

Test results obtained for this series of titanium-bearing steels are 
presented graphically in Fig. 6. One hundred-hour rupture-stress 
values increase with titanium, reach the usual maximum, then decrease. 
The peak strength values increase with increasing carbon content and 
decreasing Ti/C ratio. Titanium contents at which peak values occur 
are approximately the same at all carbon levels for a given solution 
treatment. 

The greatest improvement in strength in this series of steels results 
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Effect of Boron and Carbon on the 100-Hour Rupture Strength of 17 C1 
5 Mo Stainless Steel Tested at 1500 °F After Solution Treatment at 2100 °F 
and 2200 °F 


rom conditioning the steel at 2300 ° F before testing. Optimum proper 

ties were obtained for the 0.15 C- 0.81 Ti composition, which gave a 
00-hour rupture stress of 18,500 psi at 1500 °F. This represents a sig- 
nificant increase in hot strength over the base composition and is accom 
panied by reasonable ductility values, in the range of 5.0%. 


Type 316 Stainless Steel Modified with Boron 

\ddition of boron to the type 316 base composition results in sig 
nificant improvement of 1500°F rupture strength at all three carbon 
levels, as illustrated in Fig. 7. A further gain in high temperature 
strength is obtained by increasing the solution temperature from 2100 
to 2200 °F. A 100-hour rupture strength at 1500 °F of 16,000 psi was 
obtained for the 0.15% boron steel with 0.15% carbon, while a maxi- 
mum value of 18,000 psi was displayed by the 0.85% boron composition 
with 0.30% carbon, following heat treatment at the higher temperature. 
These are significant gains in 1500 °F rupture strength, representing a 
100% improvement with respect to the base type 316 stainless steel and 
involving only a minor amount of alloy modification. 

The improvement in 100-hour rupture ductility, as hot strength in- 
creases with boron content, as previously noted for the 18 Cr- 8 Ni-B 
series, is found to be even more pronounced in the 17 Cr- 12 Ni- 2.5 
Mo-B series. Ductility values for specimens heat treated at 2100 °F 
reached values of 55% in the case of a 0.07% C- 0.27% B alloy com- 
position. This compares with a 100-hour rupture ductility value of 
.9% for the 0.07% C base composition without boron. With an in- 
crease in carbon to 0.30%, ductility decreased only slightly. [ven 
though the usual loss in ductility was experienced following exposure 
of the boron-containing alloys to the higher solution temperature of 
2200 °F, values remained quite high. 

Occurrence of a low melting point eutectic made it undesirable to 
heat treat steels in this series at temperatures above 2200 °F, with the 
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Effect of Titanium, Boron and Carbon on the 100-Hour Rupture Strength 
- 12 Ni- 2.5 Mo Stainless Steel Solution Treated at 2100 °F and Tested at 150\ 


exception of those containing very low boron contents. For the high- 
boron contents, above 0.50%, significant melting could be detected at 
2200 °F. However, the presence of the eutectic structure did not cause 
decline in rupture strength at 1500 °F. 

Although 1500 °F rupture-ductility values for all alloys in this boron 
series remained high despite formation of the low melting eutectic, 
hot rolling characteristics deteriorated rapidly with boron exceeding 
0.40% at the 0.15% carbon level. Experience has shown that the lower 
the carbon content, the higher the boron may be without introducing 
abnormal difficulties in hot rolling. 


Type 316 Stainless Steel Modified with Titanium and Boron 

Behavior of the type 316 stainless steels, containing titanium and 
boron was found to be similar to that experienced with the 18 Cr- 8 1 
series. Rupture strengths at 1500 °F were improved over those obtained 
when using either titanium or boron alone. The plot of 100-hour rup- 
ture stress versus percent titanium with boron as the parameter for 
17 Cr- 12 Ni- 2.5 Mo stainless steel at carbon levels of 0.07 and 0.15% 
is presented in Fig. 8. Examination of these curves, which represent 
results obtained from material solution treated at 2100 °F, discloses 
another similarity to the 18 Cr- 8 Ni-Ti-B series. The peak 100-hour 
rupture strength values occur at progressively lower titanium contents 
as boron increases. These strength values were obtained without loss of 
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ity, as Was noted previously for the type 302 steels. The maximum 
our rupture-stress value obtained for this series of type 316 steel, 
wing solution treatment at 2100 °F, was 15,700 psi, a considerable 
vement over the 9000 psi value characteristic of the base com 

sition. This peak value was noted for the 316 steel with 0.15 C- 0.50 
B- 0.13 Ti. 

I:ffect of solution temperature on the 1500 °F rupture strength of 
17 Cr- 12 Ni- 2.5 Mo- 0.15 C-Ti-B steels was also investigated and 
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Fig. 9—Effect of Titanium and Boron on the 100-Hour Rupture Strength of 17 C1 


12 Ni- 2.5 Mo. 0.15 C Stainless Steel at 1500 °F After Solution Treatment at 
2100 °F, 2200 °F and 2300 °F. 


these results are displayed graphically in Fig. 9. Three boron levels 
were used in the determination. A 2300°F solution temperature was 
chosen for the 0.15% boron steels only. Handling difficulties due to 
eutectic melting made it necessary to use 2200 °F as the upper limit for 
the 0.30 and 0.50% boron compositions. Improvements in rupture 
strength were obtained in each case, with the maximum increase occur- 
ring at the 0.15% boron level. A 100-hour rupture stress value of 20,600 
psi was developed by solution treating the 17 Cr- 12 Ni- 2.5 Mo- 0.15 
C- 0.15 B- 0.78 Ti composition at 2300 °F. Unfortunately, this high 
strength was accompanied by the relatively low 100-hour rupture duc- 
tility of 2%. 


METALLOGRAPHY OF MopIFIED Type 316 STAINLESS STEELS 


Microstructures of three of the stainless steel alloys prepared and 
tested are presented in Figs. 10 through 12. The compositions of these 
loys are based on a type 316 stainless steel with 0.15 carbon, and con- 
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Fig. 10—Microstructures of Modified Type 316 Stainless Steels With 0.15% 
and After Stress-Rupture Testing at 1500 °F. Solution Treated at 2100 °F—15 
Air Cool. Aqua Regia Etch. x500. (a) Basic composition before test. (b) 0.81 Ti 
before test. (c) 0.16 B addition before test. (d) Basic composition—8000 psi, 
in 154 hours. (e) 0.81 Ti addition—10,000 psi, ruptured in 157 hours. (f) 
addition—14,000 psi, ruptured in 79 hours. 
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Microstructures of Modified Type 316 Stainless Steels With 0.15% C Betore 
fter Stress-Rupture Testing at 1500 °F. Solution Treated at 2200 °F—-15 Min 
Cool. Aqua Regia Etch. x500. (a) Basic composition before test. (b) 0.16% B 
tion before test. (c) Basic composition—9000 psi, ruptured in 71 hours. (d) 0.16% B 

addition—16,000 psi, ruptured in 95 hours. 


titanium or boron additions as noted. Photomicrographs were pre 
ired from material solution treated at 2100, 2200, and 2300 °F, before 
and after exposure to a 1500 °F stress-rupture test. 
\ddition of titanium or boron to the 17 Cr- 12 Ni- 2.5 Mo- 0.15 C 


base composition results in a tendency for refinement of grain size ac- 


} 
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Fig. 12—-Microstructures of Modified Type 316 Stainless Steels With 0.15% C Befor 
and After Stress-Rupture Testing at 1500 °F. Solution Treated at 2300 °F—15 Min 

Air Cool. Aqua Regia Etch. x500. (a) Basic composition before test. (b) 0.81% Ti 
addition before test. (c) Basic Composition—-9000 psi, ruptured in 27.5 hours. (d) 0.81% 


Ti addition—19,000 psi, ruptured in 81 hours. 


companied by the appearance of increased amounts of precipitate in the 
austenite matrix as illustrated in Fig. 10. Following the 2100 °F solu- 
tion treatment, undissolved titanium carbides and nitrides are evident 
in the titanium-bearing stainless steel while a white angular constituent 
visible in the boron-bearing steel is believed to be a boride of iron pos- 
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alloyed with Cr and other elements present in the matrix (9 ) 
pon exposure to stress-rupture testing at 1500 °F, fine precipitates, 
imably carbides are observed in all three steels in varying amounts 
nding upon stress and time at temperature. These precipitates are 
entrated in bands at the grain boundaries of the base composition, 
hereas in the titanium and boron bearing alloys they assume a mort 
lhe microstructures of the 17 Cr- 12 Ni- 2.5 Mo composition, with 
and without boron, utilizing a solution temperature of 2200 °I*, are 
presented in Fig. 11. In the boron bearing alloy, a eutectic formation is 
evident in the grain boundaries and in the matrix. This structure is pre 
sumed to be an Fe-C-B compound (10). The peppery precipitate noted 
in the structures of specimens subjected to a 1500 °F test temperature 
following a 2100 °F solution treatment ( Fig. 10), makes its appearance 
in this group also. Distribution is random throughout the matrix for 
hoth alloys. 
The base composition and the titanium-bearing composition were 
solution treated at a temperature of 2300 °F. Photomicrographs of these 
two alloys, before and after testing at 1500 °F, are displayed in Fig. 12. 


Grain growth of the base composition is evident, accompanied by the 


appearance of intergranular oxidation throughout the cross section of 
the sheet. The titanium-bearing alloy displays some grain coarsening 
relative to the 2100 °F solution-temperature structure. Solid solution 
of much of the carbide phase is also evident. After testing, the fine 
peppery precipitate noted previously for the base composition is again 
visible throughout the matrix of this steel. 

The very poor strength and ductility properties displayed by the 
unmodified type 316 steel can be associated with the intergranular oxi- 
dation produced by the 2300°F solution treatment. In contrast, the 
titanium-bearing alloy experienced practically no change in microstruc- 
ture as a result of testing at 1500°F. This relatively stable structure 
results in excellent hot-strength properties at 1500 °F with a 100-hour 
rupture-strength of 18,500 psi being recorded. 


CONCLUSIONS 

|. Titanium, boron, and carbon are all capable of improving the 100- 
hour 1500 °F rupture strength of 18 Cr- 8 Ni and 17 Cr- 12 Ni- 2.5 Mo 
stainless steels heat treated in the range of 2100 to 2300 °F. Rupture 
ductility remains good and in most cases is improved over the values 
obtained for base compositions solution treated at these temperatures. 

2. In general, maximum high temperature strengths, for the range 
of compositions studied, increased as carbon levels were raised, with the 
largest strength increment occurring between 0.07 and 0.15% carbon. 
Rupture ductility was relatively unaffected, particularly for the alloy 
series containing combined titanium and boron additions. 
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3. High temperature strength of the modified type 316 stair 
steels was found to be superior to the modified type 302 steels wu 
similar conditions of heat treatment and at similar titanium, boron 
carbon levels. 


+. When titanium and boron are added jointly to 18 Cr- 8 Nia 
17 Cr- 12 Ni- 2.5 Mo stainless steels, peals 100-hour rupture-stress 


values occur at progressively lower titanium contents as boron increases 
5. Maximum rupture strengths of stainless steels containing titanium 
and boron as single additions and also in combination were great} 
improved, in most cases, by utilizing higher heat treating temperatures 
These gains were generally accompanied by a decrease in rupture duc 
tility. This decrease in ductility was not as pronounced for the boron 
bearing steels as it was for the steels containing titanium alone. 

6. The alloys displaying the highest 100-hour rupture strengths at 
1500 °F in their respective alloy modification groups are summariz 
in the following tabulation. 


100-Hout 

Composition of Rupture 100-Hour 
Maximum Stress at Ductility 
Strength 1500 °F at 1500 °F 

Alloy in Series PSI 

5 7,100 

i 14,800 

, 10,000 

O16 Ti 


) 


0.75 J 
0.52 | 


11,800 
9 OOU 


18.500 
18,000 


20,600 
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DISCUSSION 


Written Discussion: By Dr. S. F. Urban, director of research, Titanium Alloy 
\fanufacturing Division, Niagara Falls, New York. 

With the volume of present day literature, it is refreshing that the authors took 

time and effort to condense a considerable amount of work into so few pages 


[he data presented illustrated that on short time tests, which are applicable in 
rtain design applications, unusually high elevated temperature strengths are 
btainable in lean alloys with judicious use of small amounts of boron and 
itanium, The data is particularly interesting in that despite the markedly in 

ased strength, there is a good increase in ductility. It is hoped that the authors 


see their way clear at a future date to favor us with longer time data to 
restricted to rela 


1 


All 
stablish whether the remarkable performances obtained ar¢ 


tively short time testing. 


Author’s Reply 
Due to the large number of alloy compositions investigated and the time limita 
ions imposed by contractual obligations, it was impossible to conduct a long-time 
evaluation of the experimental alloys. The program of study was originally formu 


ted with the relatively short-life expectancies of jet aircraft in mind. Conse 


juently, the 100-hour rupture life was used as the criterion for alloy classification. 
However, several individual tests were loaded to stresses which produced rup 
ture in approximately 500 hours. No loss of strength due to instability was ob 


served. Specifically, a type 316 stainless steel containing 0.15% carbon and 0.81% 


titanium, solution treated at 2300 °F and tested at 1500 °F with a 15,000 psi stress, 
ruptured in 456 hours. Another alloy composition, type 316 stainless steel with 
0.15% carbon, 0.15% boron and 0.78% titanium, solution treated at 2300 °F, rup 
tured in 457 hours when loaded to a stress of 19,000 psi at 1500 °F. Finally, a typ: 

stainless steel with 0.07% carbon, 0.43% titanium ruptured in 566 hours when 


loaded to 13,000 psi following a 2300 °F solution treatment. 















CONSTITUTION STUDIES ON THE SYSTEM 
MAGNESIUM-ZINC 


By K. P. AnperKo, E. J. Ktimex, D. W. Levinson ani 
W. RosToKER 


Abstract 

The constitution of the system Mg-Zn in the controversial 
composition range 25-66.7 at.% sinc has been reinvesti 
gated by means of microscopic, thermal, and qualitativ. 
x-ray analysis as well as by incipient melting tests. The in 
termediate phases Mg7Zn3, MgZn, Mg2Zn3, and MgZn, 
have been observed. MgZn, formed peritectically from 
(melt +- Mg2Zn;) at 349+ 2°C (660°F), is stable down 
to at least 200°C (390°F). Mg2.Znz forms peritectically 
from (melt + MgZn,) at ~410°C (770°F). The compo 
sition of the Mg-rich eutectic, the temperature of which was 
determined as 343 +1°C (645°F), practically coincides 
with that of the Mg;Zn 3 high temperature phase. (ASM- 
SLA Classification: M24, Mgq, Zn). 


ESPITE a history of 50 years (1),' considerable confusion exists 

in the literature as to the constitution of the system Mg-Zn in the 
range 25-06.7 at.% zinc. Early investigators concluded that there was 
only one intermediate phase, MgZng; later work, however, showed that 
the phase relations were much more complicated, and indicated the 
existence of at least two, and possibly three, intermediate phases be 
tween Mg and MgZnp. For these phases, the formulae Mg7Zn3, MgZn, 
and MgeZnz have been assigned. 

MgZn: Chadwick (2) first reported the occurrence of a reaction at 
357 °C (673 °F) in the range 33-61 at.% zinc, but was unable to find 
structural evidence for a peritectic reaction. Hume-Rothery and 
Rounsefell (3) confirmed these thermal effects and claimed them to be 
due to the peritectic formation of MgZn. The existence of this phase 
was confirmed by Zaharova and Mladzeevskiy (4), Laves (5), Urasov, 
Filin and Shashin (6), Pelzel and Sauerwald (7), Savitskii and Baron 
(8), but was overlooked by Takei (9). There is no agreement on the 
temperature range of stability. Whereas Laves (5) claimed MgZn to be 
stable only between about 350 and 310°C (660 and 588 °F), Hume- 
Rothery and Rounsefell (3) found in micrographic work after long 
anneals that MgZn was stable at least down to 200 °C (390 °F). The 


‘The figures appearing in parentheses pertain to the references appended to this pape! 
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m of Urasov, et al (6) shows MgZn, formed peritectically at 
C (690 °F), to be stable to room temperature. MgZn is claimed 
of fixed (3,6) or nearly fixed (5) composition. 
Takei (9) reported this phase to be tormed by peritectic 
reaction of MgZne with melt at 410°C (770°F). Also Laves (5) 
imed to have identified it by micrographic and x-ray studies; how 
ever, no evidence for its existence was found by (3,6,8). Both Takei 
| Laves assumed Mg»2Znz to be in equilibrium with the Mg terminal 
solution, to be stable to room temperature and to be of slightly 
ble composition. 
‘g;Zns: The existence of this phase was first reported by Takei (9) 
[shida (10) and conclusively established by Laves (5), Urasov, 
| (6), Koster and Muller (11) and Koster (12). Under equilibrium 
nditions, this phase is only stable within a narrow temperature rat 
nposing eutectoidally at about 330°C (625°F) (9) or 33: 

633 °F) (6). It can be easily retained at room temperature, since its 

nsformation kinetics are sluggish (11,12). The exact location and 

nogeneity range have not been determined. There is disagreement 

n whether it forms a eutectic with magnesium (6,11) or with another 

ermediate phase (9) and also on whether its decomposition products 
ire (Mg + MgeZns) (9,5) or (Mg + MgZn) (6). 

Only one investigator, Laves (5), claimed the existence of both 
MgZn and MgeZng; others having reported only MgZn (3,6) or 
MgoZng (9). There is also a discrepancy on the question of whether 
MgZng is of fixed (3) or variable (2,13,9,14,5) composition. 

Cry stallographic data are available only for MgZne and MgZn. The 
structure of MgZng is hexagonal and is the prototype of the C14 species. 
MgZn was studied by Tarschisch (15) who gave neither details of 
reparation of specimens nor proof of their homogeneity. His results 
lave been criticized by McKeehan (16) and Laves (17). 

The aim of the present investigation was to clarify: (a) whether 
both MgZn and MgoZngz actually exist; (b) if both do exist, which 
phase enters into equilibrium with the magnesium terminal solid solu- 
n below the eutectoid temperature of Mg;Zng; and (c), at what 
temperatures and by what invariant reactions, the intermediate phases 
ire formed. 


1 
} 


EXPERIMENTAL PROCEDURES 
(he alloys were made from sublimed magnesium of 99.995 wt. % 
urity (Dow Chemical Company ) and zinc of 99.95 wt. % purity. 
lloy heats of 15-35 gram size with 25-66.7 at.%Zn were melted in 
specially prepared molybdenum crucibles in a conv entional vertical tube 
e using an argon atmosphere blanket. By preliminary experiment 
is found that molybdenum was most resistant to attack by the 
Spectographic check showed negligible contamination. Ther- 


\ 
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mal analyses (both heating and cooling) were made with a Le 
Northrup “Speedomax” recorder. The chromel-alumel therm: 
was sheathed in 0.001 inch molybdenum foil. Portions of the chi 
ingots were reserved for metallography and the remainder cut 
small cylinders or pieces for hot extrusion (at temperatures 
300 °C) to 3 millimeters wire or for direct annealing. Anneals 
conducted on specimens encapsulated in argon-filled and sealed , 
glass bulbs. At the conclusion of heat treatments, the bulbs were }: 
under water at the instant of quenching. 

Microscopic examination was the principal tool in the present j 


tigation. Both mechanical and electrolytic polishing techniques \ 


used. Electrolytic polishing was preferred where disturbance of | 
in the problem of recognizing incomplete peritectic reaction structures 
lor electrolytic polishing, an electrolyte composed of 3 parts orthoph 
phoric acid, 10 parts ethyl alcohol was used. Specimens for metall 
graphic examination were mounted in room temperature setting plasti 
to avoid transformation effects occasioned by the temperatures 
pressures associated with conventional specimen mounting. 

An extensive search for more effective etching reagents than thos 
previously used by others was carried out. For differentiating betwee: 
MgZn and Mg»Zng, a stain etching solution of iodine and citric aci 
(0.7 grams iodine, 4.0 grams citric acid; 100 cubic centimeters eth 
alcohol) was found satisfactory. The staining characteristics of iodir 
plus the fine detail etching action of citric acid made it possible to ide: 
tify the change from MgZn to (MgZn + MgeZng) with increasing zin 
For differentiation of phases in more complex structures, the stair 
etching characteristics of a picric-phosphoric acid mixture (0.7 cubi 
centimeters orthophosphoric acid; 4 gm picric acid; 100 cubic centi 
meters ethyl alcohol) was employed. With consistent etching tim 
there is a different degree of staining for each of the phases existing 

To assist the metallographic identification of phases, x-ray diffractior 
powder patterns were taken with CuKa radiation (CuKa; = 1.540) 
A) in a 14 centimeters diameter camera. Exposure times varied fro! 
6 to 8 hours. Incipient melting (solidus) temperatures were determined 
on extruded and equilibrated specimens by annealing for 30 minutes 
at carefully controlled temperatures and then air or water quenching 
Metallographic examination served to disclose the occurrence of melt 
during the anneal. The anneals were conducted in argon atmospher 
and temperatures were controlled to +1 °C. 

The zinc content of several alloys was analyzed chemically. It was 
found that deviations from intended compositions never exceeded +0./ 
at.%. A few microhardness measurements were made with a Lett 
“Durimet’’ Micro-Hardness Tester. 


surface was a source of misinterpretation. This was particularly try 
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Fig. 1—-Shows the Partial Phase Diagram Mg-MgZn 
as Revised by the Present Work Which Was Limited 
to Alloys Containing 25 to 66.7 at.% Zinc. 


RESULTS AND LISCUSSION 


ig. 1 shows the partial phase diagram Mg-MgZnzg as revised by the 
present work which was limited to alloys containing 25 to 660.7 at.% 
inc. As can be seen, both MgZn and MgeZnzg exist and Mg;Zng, de 
omposes eutectoidally to magnesium and MgZn. The solid solubility 


zinc in magnesium shown in Fig. 1 is based on the x-ray data of 
Schmid and Seliger (18). 


Vicroscopic and X-ray Evidence for the Existence of 
MgZn and Mg2Zns 
(he as-cast microstructures of alloys with 40 to 60 at.% zine were 
wo-phase (MgZno + Mg7Zng;) and showed no indications of incom 
plete peritectic reactions. After preliminary annealing tests with sam 
es in both as-cast and extruded conditions, it became clear that only 
the extruded specimens could equilibrium be reached within reason 
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able periods of time. Accordingly, extruded alloys ot 40, 45, 5 ) 
58, 60, 62 and 64 at.% zinc, together with an as-cast sample 

at.% zine alloy were annealed for 5 days at 335 °C (633 °F) and 
quenched. With the exception of the coarse grained 40 and 45 at 
alloys, the specimens were at equilibrium. Their microstructur: 
best revealed by the iodine-citric acid etch. The 50 at.% zin 


I 


(Fig. 2) is single phase MgZn. The 52, 55 and 58 at.% zin 
( ‘ 


‘igs. 3 to 5) show increasing amounts of a dark-etched phas 
from the single phase structure for the 60 at.% zinc alloy ( Fig. ¢ 


g 
the composition Mg2Zng. The 62 and 64 at.% zinc alloys (Figs. 7 
8) are again two-phase and at 66.7 at.% zinc, (Fig. 9), the well 
MgZng phase occurs. 

The individual identities of the phases were checked by x-ray diff: 
tion analysis. The powders were used in their as-crushed condition 
minimize contamination. The inevitable diffuseness of the higher ang! 
diffraction lines did not, however, hamper the isolation of four distin 
patterns belonging to the phases Mg7Zn3, MgZn, MgeZng and M¢g7n, 


ltepresentations of these patterns are given in Fig. 10. Tables I, II, and 


Table I 
X-Ray Powder Data for the Mg-;Zn; Phase 


Intensity* Lattice Spacing Intensity* 
(A) 
ms 9.88 vs 
m 6.99 Ww 
5.74 m 
5.02 Ww 
vw 
vw 
- 


w 
m™m 
> 


Ww 
m 


NNN NNDHD wt , 


* Visually estimated: 

vs very strong mw medium weak 

s strong w weak 

ms medium strong vw very weak 

m medium vvw very very weak 
III list the intensities and d-values of the Mg7Zn3, MgZn and Mg»Zn 
phases. The x-ray studies also demonstrated that MgZn is stable dow: 
to at least 200 °C (390 °F) and that Mg;Zng decomposes into (Mg 
MgZn). 


Solidification Equilibria 
The liquidus temperatures measured agreed closely with those 
(2) and (3). Actual data from all sources are plotted in Fig. 1. Our 
data point to a eutectic composition close to 30’ at.% zine which cor 
roborates the estimate of 30.2 at.% zinc by Chadwick. Eutectic arrests 





Table II 
X-Ray Powder Data for the MgZn Phase 


Lattice opaci 
(A) 
l » 4 ) 


7.54 


ially estimated. 


Table III 
Powder Data for the Mg»Zn; Phase 


e Spacing Intensity* Lattice 
(A) 

4.76 
4.59 
4.26 
4.14 
4.01 
3.89 
3.34 


-J/ 
.47 


22 
09 


ially estimated. 


were observed at 343 +1°C (647°F) as compared to 342.3°C 
45°F) (mean value) (2), 340°C (642°F) (3) and 344°C 
(649°F) (6). 

Whereas the cooling curves of alloys containing 25-35 at.% zinc 
howed reproducible effects only at the liquidus and eutectic tempera- 
tures, those with 40-60 at.% zinc showed an additional arrest occurring 
st frequently at 358 + 2 °C (675 °F) and once at 367 °C (690 °F’). 
wever, on heating curves, no indication of a reaction around 360 °C 


ry 
44 


678°F) could be found. Instead, a flattening of the heating curves 


observed at 410-415 °C (768-777 °F). This generated a suspicion 
that the 360 °C (678 °F) arrest on cooling was an undercouling effect. 
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2 to 5—Show MgZn and (MgZn-+ Mge2Zns) in Increasing Amounts 
Latter Phase. Alloys extruded and annealed at 335 °C (633°F) for 5 days. Fig 
Mg-50 at.% Zinc. Fig. 3 Mg-52 at.% Zinc. Fig. 4 Mg-55 at.% Zinc. Fig. 5 Ms 

at.% Zn. Etchant: iodine—citric acid—ethyl alcohol. x150 


This was claimed earlier by Takei (9). To prove this, a cooling curve 
f 


was taken of a 45 at.% zinc alloy while the melt was stirred and shaken 
continuously during solidification. Although no definite arrest occurred, 





Mg,Zn, 


Mg Zn 


“Mg Zn" 
(Tarschisch) 
(Only Position of Lines Indicated ) 


Mg, Zn, 





Mg Zn, 
(Hexagonal C14 Type) 





3419 7 5 4 
—=— Lattice Spacings, d(inA) 


Patterns Belonging to the Phases MgzZns, MgZn, MgeZns and 
MegZne2 


kept there for 30 minutes and then water-quenched in its crucib) 
showed primary MgZne surrounded by MgeZng in a matrix of Mg;Z: 
The ~410 °C (768 °F) invariancy therefore corresponds to the peri 
tectic formation of MgsZn3. Thermal analysis failed to give evidenc 
for the formation temperatures of Mg;Zn; and MgZn. 

As further corroboration of the significance of the 410 °C (768 °F 
cooling effect, the single phase (Mg2Zn;) 60 at.% zinc alloy was heat 
treated for 30 minutes at 400 and 415°C (750 and 777 °F), respe 
tively. The latter structure shows melt; the former does not ( Figs. 1! 
and 12). 

As mentioned in the introduction, Chadwick (2) reported a thermal! 
arrest at 357 °C (673°F). He stated that this effect ‘“‘was not ver 
definite on heating’’ and was unable to find microscopic evidence for a 
peritectic reaction. Hume-Rothery and Rounsefell (3) observed ther 
mal effects on cooling at 354-355 °C (667-669 °F) and claimed then 
to be due to the peritectic formation of MgZn. They also made incipient 
melting tests with a 56.8 at.% zinc alloy by annealing samples of th 
alloy at 353, 358, and 361 °C (365, 675 and 680°F) for 30 minutes 
at all temperatures, signs of melting were observed. It appears fro! 
the present results that the cooling curve effects observed by (2,3) wer 
actually those of the supercooled 410 °C (768 °F) reaction which th 
overlooked. Zaharova and Mladzeevskiy (4), in a differential thermal! 


analysis on heating, were unable to find clear evidence of the decompos! 
tion temperature of MgZn and concluded that the heat effect involved 
is too small to be detected. Laves (5) and Urasov, et al (6) reported 
~350 and 366°C (660 and 690 °F), respectively, for the perit 


temperature of MgZn. 










Mg-60 at.% Zinc. Annealed at 400 °C (750 °F) for 30 minutes. Homogeneou 
MgeZns. Etchant: iodine—citric acid—ethyl alcohol. x150 

Mg-60 at.% Zinc. Annealed at 415°C (777 °F) for 30 minutes. MeZn 

melt. Etchant: 1odin« citric acid—ethyl alcohol. x150 











(655 F) homogeneous MeZn. Etchant 
iodine—citric acid—ethyl alcohol. x150 

Mg-50 at.% Zinc. Annealed at 351°C (662 °F) MgeZns + melt. Etchant 
iodine—citric acid—ethyl alcohol. x150 


Me-50 at.% Zine. Annealed at 347 
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15—Mg-29.8 at.% Zinc (analyzed composition) Quenched From 350 °C (660 °I 
Homogeneous Mg7Zns. Etchants: 60 c.c. ethylene glycol, 20 c.c. acetic acid, 1 c.c. HNO 
(conc), 19 c.c. HeO. x100 
Fig. 16—Mg-29 at.% Zinc Slowly Cooled From the Melt Showing Primary Dendrites 
Mg. Etchants: 60 c.c. ethylene glycol, 20 c.c. acetic acid, 1 ¢.c. HNOs (conc), 1% HI 
in HeO. x150 


Since in the present investigation no clear thermal evidence for the 
formation of MgZn could be found, a series of incipient melting tests 
was made. Homogeneized 50 at.% zinc specimens were annealed for 
30 minutes at 340, 345, 347, 351, 353, 360, and 370 °C (642, 650, 655, 
662, 666, 678 and 696 °F) and then quenched. Up to 347 °C (655 °F 
the specimens remained unaltered (single phase), whereas the samples 
heated to 351 °C (662 °F) and higher showed a structure of melt plus 
MgeZng (Figs. 13 and 14). This places the peritectic horizontal of 
MgZn at 349 + 2 °C (658 °F ) in good agreement with Laves (5). Als 
the formation temperature of Mg7Zngs is of necessity below 349 °( 
(658 °F). 

No special effort was made to define the extent of the phase fielc 
of Mg7Zn;. Both the earlier results of Laves (5) and the present wor! 
indicate the single phase field to include the 30 at.% zinc composition 
which coincides within the certainty of analyses with the eutectic com 
position. Fig. 15 shows the single phase structure of Mg7Zng at 29.8 
at.% zinc. Since the eutectic and Mg;Zn; compositions cannot be iden 
tical, in Fig. 1 the Mg7Zng phase has been tentatively assumed to forn 
peritectically from melt + MgZn at about 344°C (650 °F). The tem 
perature of the invariancy must lie between 343 and 349 °C (647 and 
658 °F). Even if the invariancy were on the magnesium side of t! 
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ctic, the temperature must still be of the order of 344 °C (650 °F 

use a 29 at.% zinc alloy shows primary dendrites of magnesium in 

air-cooled structure (Fig. 16). 

\s a result of the identification of the peritectic horizontals, it was 

ssible to synthesize a solidification and annealing program which 

uld produce a microstructure with all four intermediate phases. A 
5() at.% zine alloy was slowly cooled to 380° C (714°F), held there 





Fig. 17—Mg-50 at.% Zinc Alloy. Slowly cooled from melt to 

380 °C (714 °F), held for 10 minutes, quenched to room tem 

perature and reannealed at 335 °C (633 °F) for 3 days. Struc 

ture shows primary dendrites of MgZne surrounded by su 

cessive rims of MgeZns and MgZn and a matrix of Mg7Zns 

Etchant: 0.7 c.c. orthophosphoric acid, 4 gm picric acid, 100 c.c 
ethyl alcohol. x150 


r 10 minutes and then quenched. The quenched specimen was then 
nnealed for three days at 335°C (633°F). The resulting structure 
(lig. 17) shows primary MgZne surrounded by successive rims of 
MgoZngz (dark) and MgZn in a matrix of Mg7Zng. 


Remarks on the Crystal Structure of MgZn 


In 1933, Tarschisch (15) claimed to have established the crystal 
structure of MgZn and the structure proposed by him (hexagonal, 
10.66, c = 17.16 kX, c/a = 1.609, 96 atoms per unit cell) entered 

| Strukturbericht,” vol. 3, as B 30 type. McKeehan (16) pointed out 
hat the proposed structure possesses only’ orthorhombic symmetry ; 


however, this criticism was rejected by Tarschisch (19). Based on his 
( 
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own x-ray measurements, Laves (17) disputed the structure claim: 
Tarschisch and did not list the B 30 type in his compilation of ¢1 
structure types for the Metals Reference Book. 

As mentioned above, Tarschisch gave neither details of prepa 
of his specimens nor proof of their homogeneity. The powder patte: 


on which Tarschisch based his structure determination is reprod 


in Fig. 10. As can be seen, there is little resemblance with the patt 
we obtained from a MgZn specimen which was microscopically sit 
phase. Tarschisch’s pattern of ** MgZn’” differs from that of MgZn. 
by slight line shifting and by the occurrence of a few weak “‘suy 
structure lines.” It may, therefore, be assumed that Tarschisch’s sp 
men was heterogeneous with MgZnp» as the main constituent. 


SUM MARY 


Ly means of a number of experimental techniques, the confusion i: 
the state of knowledge of the identities of intermediate phases in th 
Mg-Zn system and the invariant reactions by which they occur has been 
resolved. Clear microscopic and x-ray diffraction evidence has been ob 
tained which unambiguously demonstrates the existence of the Mg;Zn,, 
MgZn, and MgeZng phases. The phase entering into equilibrium wit! 
the terminal solid solution of magnesium between 330 and 200 °C (624 
and 390°F) (and probably to room temperature) has been identified 
as MgZn. 


The following invariant reactions have been defined : 


Peritectic: 

Liquid + MgZno—> MgeZng at 410+ 5°C (768 °F) 
Peritectic : 

Liquid + MgeZn;>MgZn at 349+ 2°C (658 °F) 
Peritectic: 

Liquid + MgZn—-Mg;7Zns; at 344 — 348°C (649 — 657 °| 

or Liquid + Mg>Mg7Zn, 
lSutectic : 

Liquid— Mg + Mg;Zns at 30 at.% Zn 

or Liquid Mg7Zn; + MgZn and 343 + 1 °C (647 °F) 


The Mg;Zns phase was confirmed to occur at 30 at.% zinc, indistu 
guishable from the eutectic composition although it must occur at som 
minute composition difference. The eutectoid decomposition of Mg;71 
to (Mg + MgZn) was verified. 

The unique powder patterns of the Mg;Zn;, MgZn and MgoZ1 
phases have been catalogued. 
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DISCUSSION 


Written Discussion: By J. B. Clark, Physical Metallurgy Section, Metallurgical 
horatory, The Dow Chemical Company, Midland, Michigan. 

equilibrium relations of the Mg-Zn system are of special interest to us. 

iuthors have made a valuable contribution to the technology of magnesium 

ys and are to be congratulated on their lucid presentation of this painstaking 

lificult investigation of a very complex system. 

t has been suspected for a number of years that the Mg-Zn diagram as pre 

ly published was not correct. We have been conducting an investigation of 

ystem, the results of which are to be published shortly.* Our results are in 


B. Clark and F. N. Rhines, “The Central Region of Magnesium-Zinc Phase Diagram”’ 
published ijn the Journal of Metals. 
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essential agreement with those of the authors with one or two minor ex: 

We believe that the eutectoid horizontal for the Mg:Zns phase lies | 
320 and 330 °C and not at 330 °C as reported by the authors. A single phas: 
of Mg:Zns can be held at 330°C for 1000 hours without decomposition \ 
at 320 °C decomposition does occur, but very sluggishly. 

Our results show that the MgZn and MgeZns phases are stable from 325 to 
and this stability probably prevails to room temperature. Both of thes: 
have some, though probably small, compositional range at elevated temperatu 

A metallographic study of a series of alloys in the range from 74 to 76 
by weight indicates that the MgZn phase field lies nearer 74.5% zinc rather ¢! 
72.9% zinc as would be predicted by the MgZn designation. 

The powder patterns of the Mg:Zns, MgZn, and MgeZne phases are mor 
plex than reported by the authors. Probably, the authors have omitted sony 
the weaker lines in the interest of space. However, one should not attempt 
index the patterns of these phases without a more complete powder patter: 

The Mg-Zn phase diagram is now well established, at least up to 85% zin 


weight. I hope the authors can be encouraged to continue their excellent wor! 


solidus and solvus curves of the magnesium solid solution in this system. 

Written Discussion: By L. L. Wyman, chief, Chemical Metallurgy Sect 
and J. J. Park, U. S. Department of Commerce, National Bureau of Standards 
Washington, D. C. 

It is a source of great satisfaction to those of us who have a primary concert 
in the magnesium-zinc system to have the benefit of the careful work 
Dr. Rostoker and his associates leading to their revised diagram. 

The investigation of this system at the NBS, sponsored by Wright Air Devel 
opment Center, has been concerned with the reactions of these alloys, and it has 
become quite apparent that the sluggishness of many reactions is quite remarkabl 
Furthermore, it is probably because of this that there has been such a divergenc: 
of opinion as-to the constitution of these alloys, and to the same cause might b 
attributed some of the anomalies concerning the behavior of commercial alloy 
based on this system. 

Our present results are not, in general, in conflict with the results of the au 
thors’, though there are certain points which should be emphasized. The x-ray 
patterns given by the authors are in substantial agreement with those obtain 
by this laboratory; however, our investigations have revealed appreciably mor 
d values than shown by the authors. For example, the pattern for the Mg:2Z: 
phase should, according to our data, contain at least fifteen more values, thoug! 
the relative intensities of these lines may be estimated as “weak” or “very weak. 

The existence of the 410°C horizontal for the peritectic formation of MgZ! 
is very difficult to detect by direct thermal analysis methods on cooling. In a ft 
instances a change in slope was noted on the heating curves at around 417 °C, but 
this was not apparent on cooling of the sample. Differential thermal analysis 
methods were successful in bringing out an obvious change in slope at 388 °' 
cooling, but the shape of the curve was quite different from the classical shar 
“peak” denoting the occurrence of reactions when analyzed by this method. At 
other interesting discrepancy in the results of time-temperature analysis is th 
failure of this technique to indicate the decomposition of the Mg:Zns phase. 1! 
temperature of decomposition of this phase is given by the authors as “~330 °C, 
but our results to date reveal that this temperature is below 330°C, and within 








MAGNESIUM-ZINC SYSTEM 793 


mits of 330 and 315°C as determined from the heat treatments of samples 
e temperatures for extended periods of time 
onsideration of the elusiveness of the 330°C decomposition reaction of 
‘ns leads to a discussion of the interesting results which we have obtained 
long time heat treatments. The sluggishness of this reaction is indicated by 
bservation that a powder sample from a single phase 30 a/o alloy, when 
d at 330°C and then held at 175 °C for 5 hours revealed the x-ray pattern 
Mg:Zns phase; and after 50 hours at 175 °C this had decomposed into the 
nesium solid solution and MgZn. Additional results from electrical resistance 
urements of a 13.5 a/o of zinc alloy which had been solution treated at 330 °C 
| then held at 315 


° 


C disclosed a definite change in electrical resistance after 
urs at the latter temperature. These results are clear indications of the 
iegishness of the Mg;Zns decomposition, and it is anticipated that the completion 
ir investigations will reveal the full story of all the reactions of this system. 
is unfortunate that there is presently no generally recognized method in de 
ting constitution diagrams to warn the unwary concerning such sluggish reac- 
ns. While it is true that we do have the metastable iron-carbon system which 
we accept as the diagram for steels, it would seem most desirable to have some 
eans of warning the novitiate whose initial acquaintance with these alloys may 
me via the constitution diagram. 


Authors’ Reply 


We are pleased to have the experiences of the Bureau of Standards recorded 

ith our paper. The sluggishness of the eutectoid decomposition of Mg:Zns was 

t recognized by Koster (11,12). It is not at all an uncommon phenomenon. In 

; uch instances, and especially when martensitic transformations are absent, we 

submit that metallography as a tool for judging the initiation or noninitiation of 

reaction is preferable to thermal analysis, x-ray diffraction or electrical 

resistivity. All of these latter methods are weak in sensing the existence of only 

small amounts of transformation. These remarks apply also to problems of 
eritectic reactions which are even more commonly sluggish. 

Dr. Clark’s comments are very pertinent. We will not dispute the more exact 
placement of the eutectoid transformation temperature on the latter point for 
Mg:Zns or for the composition of single phase MgZn, although the single phase 
structure shown in the text represents an analyzed composition. 

We also have recognized the complexity of the first three intermediate phases 
| are of the opinion that their true structures can only be derived from single 
rystal studies. 
































PHASE RELATIONSHIPS OF THE 
CALCIUM-LITHIUM SYSTEM 


By Mitton R. WoLrson 


Abstract 

The calcium-lithium system was investigated by means o 
thermal analysis and relative hardness data. A eutectic r 
action occurs at 141.8 °C (287 °F) at 7.7 at. % calcium and 
92.3 at. % lithium. A peritectic reaction occurs at 230.9 °( 
(448 °F) resulting in the formation of the intermetalli 
compound Cali. Limited mutual solid solubility exists, r 
sulting in restricted terminal solid solutions. (ASM-SLA 
Classification: M24, Ca, Li). 


HE PHASE diagram of the calcium-lithium system was deter 
mined by thermal analysis and relative hardness data. The results 
are in partial agreement with predictions based on Hume-Rothery’s 
phase equilibria concepts (1,2).' The disagreement between the results 
of Zamotorin (3) and of the present investigation are undoubted) 
due in part to differences in the purity of the components. 
EQUIPMENT AND PROCEDURE 

The calcium and lithium used in the investigation were purchased 
from Carbide and Carbon Chemical Company and the Maywood Chen 
ical Works respectively. The virgin metals were both 99% pure accord 
ing to the suppliers and chemical (wet) analysis. There was less tl 
0.25% sodium in the lithium and less than 0.6% sodium in the calcium 
as determined by flame photometer. Wet analysis of various heats 
agreed—within experimental error and the accuracy of the diagrams 
with the charged weight composition. 

The virgin metals were stored in mineral spirits and weighed unde 
a dehydrated helium atmosphere confined in a dry box equipped wit! 
a side blister. The charges were placed in Armco iron crucibles which 
were inserted into an Armco iron heat shield (Fig. 1). The increased 
heat capacity of the assembly facilitated obtaining reference heating and 
cooling curves of constant slope. 

Thermal analyses were conducted in a modified National Researc! 
Corporation vacuum furnace, Type 29-0410-18, which is a combina 
tion high vacuum and controlled-atmosphere electric resistance furnac: 
The heating chamber was evacuated and flushed with Navy Grade-A 
helium four times after loading and then filled with approximately ! 
atmosphere of helium. 


1 The figures appearing in parentheses pertain to the references appended to this paper 


The author, Milton R. Wolfson, is physical metallurgist, U.S. Naval Ordnar 
Test Station, China Lake, California. Manuscript received October 8, 1955. 
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he thermal analyses were recorded by three curves on a Leeds and 
thrup six-point Speedomax millivolt recorder. Points 1 and 4. 2 and 
nd 3 and 6 were shunted to convert the instrument into a 3 point 
rder. The ten millivolt full scale was suppressed by linear span 
ts with two Leeds and Northrup portable precision potentiometers 


ding to the methods of Potter (Ref. 4, Fig. 2). Iron-constantan 





1" | 


Fig. 1—Thermal Analysis Shield. 


thermocouples were used to produce the three curves which consisted 
‘i the temperature of the charge, the temperature of the reference body, 
ind the difference between the two. The three curves were recorded in 
preference to the commonly accepted 2-curve technique—the charge 
ind difference traces—in order to eliminate consideration of slope 
changes due to variable heating and cooling rates of the furnace proper 
iused by line fluctuations, equipment failure, or manual adjustments. 
\ change in slope of the charge curve accompanied by a smooth refer 
nce curve was considered an indication of a transformation when it 

curred on two successive runs. A miniature pencil-type iron 

mstantan thermocouple, with the iron tube serving the dual purpose 
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of a protective sheath and one leg of the thermocouple, was positi 
in the center of the charge and a 2-wire ceramic-insulated thermoc 
was located in a 2-inch deep hole in the side of the heat shield. Shorting 
of the two thermocouples through ground was prevented by the ce1 
insulators of the reference couple. 

All charges, except the pure lithium one, were held at a temperatur, 
slightly above the melting point of calcium and agitated for 5 minutes 
A rocker-type motion was imparted to the submerged charge therm 


Multiple Potentiometric 
Recorder 


Difference 
Terminals 


Reversing — P- Precision 
Switch Potentiometers 


Cold Junction 


Constantan Constantan 


Reference Charge 
TC TC 


Fig. 2—Thermocouple Circuit. 


couple by a modified, heavy-duty, vibrating, striker-type, bell mecha 
nism. At least one cooling and one heating curve were run on ever) 
heat ; and questionable results were checked by another double set of 
curves after homogenizing the charge overnight at a temperature 
slightly below its particular solidus. The cooling and heating rates wer 
adjusted by manually varying the furnace input and were approxt- 
mately 3° C (5.5 °F) per minute. 

Specimens for hardness determinations from each heat were milled 
under paraffin oil. The film of adhering oil prevented any apparent sur 
face reaction during testing. Samples were in the as-cast condition and 
quite soft. Consequently, a Superficial Rockwell Hardness Tester 
equipped with a 14-inch ball and 15-kilogram load was used for hard- 
ness tests. This departure from a standard hardness scale was necess! 
tated by the softness of the samples, and in addition, the large indenter 











CALCIUM-LITHIUM SYSTEM —s 
nimized error due to segregation in the cast structure. The absolute 
rdness values were not considered important ; only the relative hard 

; of the alloys was required to compare the phase diagram (Fig. 3) 

a hardness plot (Fig. 4). 
he density of the eutectic was determined by mixing a solution of 
5-Tetrabromoethane (density 2.95) and n-Heptane (density 0.684) in 
ich samples of an alloy of eutectic composition were suspended. \d 


Temperature °C 





| so | 60 | 40 | 20 | ca 
90 70 50 30 #10 


Atomic Percentage Li 





Fig. 3—Phase Diagram Ca-Li System 
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Fig. 4—Relationship Between Hardness and Compo 
sition. 

ditions of the appropriate liquid component were made until the metal 
samples were suspended by weight displacement midway in the solu 
tion. The densities of the solution and the eutectic were then considered 
equal and the former was found by means of a pycnometer to be 0.754 
grams/cubic centimeter. 


RESULTS 


Table I presents the transformation temperatures of alloy composi- 
tions which were obtained from cooling curves. 
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Thermal Analysis Data 


Lithium Calcium Liquidus Eutectic 


atomic weight atomic weight temp temp 
% % % Oo ( ( 

100 180.5 

94.5 5.5 176.9 

74:4 5 3.3 153.6 

68 5 » 4 


80 
90 
95 


100 


' Average Eutectic Temperature: 141.8 °C 
b Average Peritectic Temperature: 230.9 °C 


800 
700 
600 
500 
400 
300 
200 
100 


Temperature °C 


ti | 80 | 60 | 401 20 | 
90 70 50 30 10 


Weight Percentage Li 


Fig. 5—Phase Diagram Ca-Li System 


A calcium-lithium binary phase diagram (Fig. 3) is presented wit! 
a eutectic composition of calcium—7.7 at. % (32.5 weight %) and 
lithium—92.3 at. % (67.5 weight % ). Two solid phases—a solid solu 
tion of calcium in lithium and the intermetallic compound Cali 
crystallize isothermally by a eutectic reaction at 141.8°C (287 °F 
The intermetallic compound—CaLi—is formed isothermally by a pe! 
tectic reaction at 230.9 °C (448 °F). 

The eutectic mixture consists of approximately 29 weight % Cal 
and 71 weight % solid solution of calcium in lithium. The solid solu 





Aad 
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roper—a—contains approximately 11 weight % calcium. These 
t figures were obtained by tie-line calculation and direct reading 
the calcium-lithium phase diagram whose coordinates are tem 


ture versus composition in weight % (Fig. 5). 


DISCUSSION OF RESULTS 


he experimental results of the investigation are in partial agree 
with the Hume-Rothery phase equilibria concepts (1,2). The 

ium structural lattice is face-centered cubic and that of lithium, 
centered cubic. The closest distances of approach of the atoms are 
3934 for calcium and 3.033A for lithium. Therefore the ‘‘atomic size 
factor’ 2 is 13%. Since the size factor is less than 15% and the crystal 
structures are both cubics, although not identical, the conditions are 
rable for mutual solid solution. However, the comparatively large 

e factor and the difference in the nature of the cubic structure indi 
ite a limited solid solubility. When the size factor lies between 8 and 
0, a tendency towards the formation of a eutectic exists. The slope 
the liquidus lines and the termination of the outside ends of both 
he eutectic and peritectic isothermals strongly indicate the existence of 
terminal solid solutions; the thermal arrests occurring in the immedi 
te vicinity of 142 °C (287 °F) indicate the predicted eutectic. 

The proposed eutectic composition is equal to the atomic ratio of 
12 atoms of lithium to one of calcium (12/13 =0.923). This is in 
igreement with the Stockdale hypothesis to the effect that eutectics tend 

occur at simple whole-number ratios of atoms. 

The electrode potential of lithium is +2.9595 volts and that of cal- 
ium is approximately +2.87 volts. Both metals are strongly electro 

sitive, indicating a low probability of intermetallic compound forma 

n, but rather a tendency towards the formation of solid solutions 
cording to the “electronegative valency effect.” However, the iso 
thermal arrests at approximately 231°C (448°F) and the maximum 

rdness at 50 at. % indicates the formation of the intermetallic com 
pound, CaLi, by a peritectic reaction. 

imited solid solubility due to either atomic size factor considerations 

to the formation of a stable intermetallic compound usually results 

terminal solid solutions of decreasing solubility with decreasing tem 

perature. The calcium-lithium system contains both conditions and the 

terminal solid solutions are tentatively proposed with decreasing solu- 

bility with decreasing temperature based only on theoretical considera 

with no experimental evidence. The determination of the bound 

ries of terminal solid solutions is beyond the capabilities of thermal 
lysis and the limited hardness data available. 

ithium and calcium have a valence of 1 and 2 respectively. The 


losest distance of approach of the atoms in the crystal structure of the element 
| the atomic diameter for this calculation 
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“relative valency effect’ states that other things being equal, a 
of lower valency is likely to dissolve one of higher valency more : 
than vice-versa. This concept indicates that lithium dissolves 
calcium than calcium dissolves lithium. 

A rough indication of terminal solubility is available from the eutee 
and peritectic isothermals. The eutectic isothermal is present at 95 a; 
% lithium and absent at 99 at. % indicating the phase boundary lies 
between these two compositions at 141.8°C (287 °F). The proximit 
of the liquidus to the eutectic isothermal in the composition range under 
consideration interferes with a time study of the eutectic reaction. Hoy 
ever, the magnitude of the reactions at various compositions was a 
proximated from the increase in output of the differential circuit. Inter 
polation of the data locates zero change in differential output at about 
2.1 at. % calcium, indicating the limit of solubility at 141.8 °C (287 °F 
The limit of solubility of lithium in calcium is determined as approxi 
mately 3 at. % by the same means, but referenced to the peritecti 
reaction instead of the eutectic. 

The proposed calcium-lithium phase diagram, based on atomic per 
centages, is in disagreement with both the electronegative valency effect 
and the relative valency effect, which is not surprising. The elements oi 
the first short period of the periodic chart, of which lithium is one, gen 
erally behave abnormally as regards the relative valency effect. Other 
abnormalities are recorded for elements of the first short period illus 
trating additional unknown factors which must be taken into account. 

The generally accepted melting points for pure calcium and pur 
lithium are 845°C + 3° (1550°F 45°) and 186°C + 5° (367°! 

9°) respectively. In a binary system, the component with the higher 


melting point usually dissolves more of the lower melting point con 
ponent than vice-versa according to the “melting point effect.” In th 
calcium-lithium system the melting point effect and the relative valency) 
effect are in direct contradiction. The experimental results regarding 
terminal solid solutions are in apparent agreement with the melting 
point effect, which evidently has precedence over the relative valency 
effect in the case of the calcium-lithium system. This is in agreement 
with the aforementioned abnormalities of lithium. 

The location of the intersection of the eutectic horizontal and the { 
phase boundary was accomplished by the same method as the establish 
ment of the limits of the terminal solid solutions. Interpolation of dif 
ferential data referenced to the right hand end of the eutectic horizonta! 
fixed the zero charge at 53.5 at. % calcium. 

The liquidus (Fig. 3), from 30 at. % (71.2 weight %) calcium vy 
to, but not including, 100% calcium, is represented by a dotted lin 
because no definite indication of primary nucleation occurred 0! 
either the heating or cooling curves in this composition range. Whil 
investigating calcium-silicon alloys, Tamaru (5) reported a li 
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lue to primary separation was found only in melts containing 

than 71% silicon. The absence of a change in slope in heating and 

‘curves at the liquidus of the higher calcium alloys is undoubt 

lue to an extremely small quantity of energy involved in thei 

ry nucleation. The values in the literature for the heat of fusion 

cium show considerable variance. However, it was the feeling of 

ru that the absence of a slope change at the liquidus for the higher 

um bearing calcium-silicon alloys was due to a low heat of fusion 

for calcium. The thermal analysis data obtained in this investiga 

of the calcium-lithium system appears to substantiate this line of 
oht. 

Zamotorin (3), a previous investigator of the calcium-lithium binary 

ise diagram, also obtained his data by thermal analyses and relative 

irdness readings. There are discrepancies between his results and 

those of this investigation. Zamotorin proposed a peritectic transforma- 

nat 225°C (437 °F) resulting in the formation of the intermetallic 

compound CagLi. The present work indicates a peritectic transforma 

nat 230.9 °C (448 °F) resulting in the formation of the intermetallic 


1 


ompound CaLi. The eutectic temperature and composition are also in 
iriance, 165°C (330°F) and almost pure lithium and 141.8°C 
287 °F) and 92.3 atomic % lithium according to Zamotorin and the 
resent investigation respectively. 


CONCLUSIONS 
|. The eutectic temperature and composition are 141.8 °C (287 °F) 
nd 7.7 at. % (32.5 weight % ) calc1um—92.3 at. % (67.5 weight % ) 
ithium respectively. 
2. The peritectic reaction occurs at 230.9°C (448°F) resulting in 
the formation of the intermetallic compound Cali. 


3. There is limited mutual solid solubility between calcium and 
lithium. 


References 
William Hume-Rothery, “The Structure of Metals and Alloys”, 1939, p. 50-77. 
Chemical Publishing, Brooklyn. 
2. Charles S. Barrett, “Structure of Metals”, 1943, p. 205-208. McGraw-Hill, 
New York. 
3. M. I. Zamotorin, “The Phase Diagram of Calcium-Lithium Alloys”, 
Metallurg, Vol. 13, No. 1, 1938, p. 96-99 (In Russian). 
Richard D. Potter, “Phase Equilibria Studies, An Extended Use of Millivolt 
Sources and Recorders”, Navord Report 2022, NOTS 678, 15 April 1953. 
U. S. Naval Ordnance Test Station, China Lake, Calif. 
lamaru, “Silicon-Calcium Alloys”, Anorg Chem, Vol. 62, 1909, p. 81. 


~ 


DISCUSSION 
Written Discussion: By G. W. Boyd, associate professor of metallurgy, Michi- 
College of Mining and Technology, Houghton, Michigan. 
ie author of this paper has presented with the utmost conciseness information 
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about a little known system. In the hands of an expert in the field of phas 


work it leaves little if anything to be desired insofar as clarity is conce: 
very shortness of the paper and omission of descriptive material will. 
detract from its actual value. Quite evidently the author, fearing to 
readers, has assumed knowledge on their part which they may not have. \ 
primarily to students. Specifically we feel the need of photographs of th 
ment used. What for example does a dry box look like and is its side blisi 
ful? What about that NRC vacuum furnace—what does it look like? H 
school laboratories got one? Where references of this kind are made a 
helps immeasurably. Of course, one can go too far in this direction but 
readers appreciate detail in technical papers. 

Thermal analyses methods are fairly well standardized but the simult 
plotting by a recorder of three cooling curves requires more emphasis tl 
author saw fit to give it, we feel. The thermal analysis data shown in 
would be more complete if at least one set of cooling curves had been included f 
each alloy having a different final microstructure. Just how much change i 
ing rate was detected where points identifying liquidus, eutectic and per 
have been chosen ? 

And finally microstructures—did the author attempt any photomicrog: 
work on these very soft alloys? While difficult to accomplish due to the 
and surface activity of these alloys the application of metallographic meth 
should be possible and when used might clear discrepancies between the aut 
work and previous investigations. 

Again we compliment the author for this fine paper and hope that he will 
tinue to produce more of the same. 

Written Discussion: By Sidney M. Selis, Battery Development Sectio: 
mond Ordnance Fuze Laboratories, Washington, D. C. 

[ wish to congratulate the author on a thorough and precise piece of w 
volving materials which present many experimental problems and which pert 
a limited choice of experimental techniques. 

It is unfortunate that the low heat of fusion of calcium (2200 cal/mok 
cludes a precise determination of the liquidus curve on the calcium-rich side 
the terminal analysis method. Moreover, the determination of the curve by esta 
lishing free energy values (using galvanic cell techniques) would probably | 
unsuccessful inasmuch as lithium apparently has a higher oxidation potential tl 
does calcium.’ At least, the potentials would be sufficiently similar so that precis 
emf determinations would not be feasible. 

In preparing a reversible Li°(1),Li* electrode (in a fused salt medium 
Walker ‘ has demonstrated that the liquid metal can be held in a relatively inert 
poorly conducting container. This suggests that the same container could be us 
in conjunction with D. C. resistance measurements ; the latter should yield liquidus 
curve data.*® 

In the meanwhile, the liquidus curve may be amenable to theoretical calculati 


+; 


Even though weak Ca-Li intermetallic bonding is evident, the oxidation pote 


3W. J. Hamer, M. S. Malmberg and B. Rubin, ‘“‘Theoretical Electromotive Forces t 
Containing a Single Solid or Molten Cloride Electrolyte,’’ Journal, Electrochemical 5 
Vol. 103, 1956, p. 8 

R. D. Walker, University of Florida, Gainesville, Florida, 1956, private communicat 

5G. Grube and Co-workers, Zeitschrift Elektrochemie, Vol. 40, 1934, p. 270, 566, 74 
$2, 1936. p. 156 

®W. J. Svirbely and S. M. Selis, ‘“‘The Gallium-Indium System,” Journal of 
Chemistry, Vol. 58, 1954, p. 33. 
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two metals are similar, and for higher temperatures, only slight deviations 
eality might be presumed. Favorable to the calculation is the small solubil 
ithium in solid calcium. The results of calculations given here involve the 
tion that the saturated liquid is in equilibrium with pure calcium 
terms of classical thermodynamics, we would have Equation 1, in which 
\., is the mole fraction of 


AH¢e T-Tm 


log Nea — 
2.303R rTm 


Equation | 


in the saturated liquid, AHr is the heat of fusion of pure calcium (2200 
ole), Tm is the melting point of pure calcium (1123 °K), T 
erature, and R is 1.987 cal/deg C/mole.’ 


is the absolute 

This relationship is obtained by 
ng equation 34.30.° 

ry encouraging in regard to these calculations is the comparison of observed 

lculated values of saturated liquid composition for the peritectic temperature 
C); the observed value of Nu: is 0.69; the calculated value is 0.70. 
following table gives calculated values for compositions of saturated liquid 

equilibrium with pure calcium at several temperatures. 


Table II 
Calculated Liquidus Values 


) 


lemperature °C Nui 

3] 0.70 ( 69, observed) 
R00 
350 
400 
450 
500 
550 3 
600 yc 
650 0.19 
700 0.14 
750 09 
800 5 
850 (m.p.) 0.00 


Because of the limited temperature and composition ranges, the calculated 
quidus curve appears to be almost linear and therefore similar to that presented 
by the author in Fig. 3. Since the author made no mention of a calculation, it is 
presumed that his curve is the result of an interpolation from the peritectic tem 


eT 


rature to the melting point of pure calcium. 


‘AT Sea] 
VV 1tI 


1 regard to Figs. 3 and 5, it is noted that for a given temperature, the com 
itions in atomic % do not conform to those in weight %. Apparently the 


near 


ir interpolation was made for both diagrams. A redrawing of Fig. 5 would 
een advisable. 


Author’s Reply 
interest, complimentary remarks, additions, and constructive criticism 
e paper by Professor Boyd and S. M. Selis is both gratifying and informa 


é 


ted Values of Chemical Thermodynamic Properties, Circular 500, National Bureau of 
rds, Washington, D. C., 1952. 


Glasstone, Thermodynamics for Chemists, D. van Nostrand, Inc., New York, 1947, 
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Professor Boyd—The omission of descriptive material was the result 
author's assumption that the audience would be limited to workers in the 


phase diagram work. However, it may be stated for general consumption 


blister is a double-door painless means of entry into the dry box without c 
nating its dry helium atmosphere. Photomicrographic work was attempt 


to no avail. Samples were polished under liquid petrolatum, U.S.P. grad 
their submerged surfaces reacted with dissolved nitrogen and oxygen. (| 
quently this phase of the work was abandoned due to time and econon 
siderations 

S. M. Selis—The assumption that the dotted portion of the liquidus is th« 
of an interpolation from the peritectic temperature to the melting point of « 
is a correct one. The high lithium end of the system was the area of major inter: 
so the high calcium end was slighted out of necessity. Since the aforemention 
portion of the liquidus was an approximation, no effort was made to correlate t 
dotted liquidus lines in Figs. 3 and 5. 

The author deeply appreciates the learned discussion submitted by Prof 
Boyd and S. M. Selis and thanks them for enhancing the value of the presentati 





EFFECT OF SIGMA PHASE ON 
Co-Cr-Mo BASE ALLOYS 


RONALD SILVERMAN, WILLIAM ARBITER, AND FRANK Hop] 


Abstract 

Ihis study was undertaken to determine the properties o| 
illoys resulting from the addition of large amounts of sigma 
hase to a commercial Co-Cr-Mo alloy. 

Five different alloys were prepared and each was given 
five different heat treatments. 

The properties investigated were: density, electrical ri 
sistivity, R4 hardness,impact strength, and stress-to-rupture 

fe. As an aid to the understanding of the effect of heat 
treatment and sigma phase on the properties of these alloys 
metallographic inspection was included as an important part 
\f the investigation. 

The properties investigated proved to be related to the 
amount of sigma phase present for the alloys chosen. 

The microstructures obtained appear to be dependent 
upon the relative amounts of alpha and sigma, upon carbide 
and nitride formation, and upon the particular heat treat 
ment given. (ASM-SLA Classification: M27, P10, P15, 
O general, Co, SG-h.) 


INTRODUCTION 


HE DEVELOPMENT of the so-called superalloys has permitted 
‘Tae operation of jet engines at temperatures in the vicinity of 
(00°F. In order to increase the operating temperature to 1800°F 
nd higher it is necessary to develop materials with better high temper 
ture properties than the superalloys. Although much emphasis has 

riven in recent years to the cermet family, these materials are 
everely limited by their notoriously poor impact behavior, despite their 
ther adequate high temperature properties. 
Obviously, the desired materials must combine the resistance to 
mpact, oxidation, and thermal shock of the superalloys with the stiff- 
ness and the superior stress-to-rupture behavior of the cermets. Thus, 


~ 2 
" & 


here are two basic philosophies in the approach to the new materials. 


(he first is to increase the binder content of the cermet in an effort to 


\ paper presented before the Thirty-Eighth Annual Convention of the Society, 
ld in Cleveland, October 8-12, 1956. The authors were formeriy associated with 
merican Electro Metal Corporation, Yonkers, New York. Ronaid Silverman 
Ww associated with Sylvania Electric Company, Bayside, New York; William 
ter is now associated with Nuclear Development Corporation of America, 
Vhite Plains, New York; Frank Hodi is presently with the United States Army 
lanuscript received April 4, 1956. 
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increase its impact resistance. The second is to increase the am 
hard phase in the superalloy in an attempt to stiffen it. 

The present investigation is based on the second of these philos 
but departs from the usual approach by considering the effect oj 


amounts of sigma phase on the properties of a superalloy. 


It has long been known that the presence of sigma phase in st 
steels (1)' has coincided with increased hardness and drastic 
tions in impact resistance. Since the hardening is apparently « 
by the formation of sigma, the authors felt that a judicious ch 
proportions of the hard sigma phase to the soft alpha phase in 
sigma-bearing systems as Co-Cr-Mo, Co-Cr-W, Fe-Cr-M: 
e-Cr-W, (2,3,4) followed by appropriate heat treatment, might lea 
to alloys of better high temperature properties than are obtained 
normal solid solution type age-hardenable alloys in these systems. 

Since, in the past, the term ‘“‘sigma phase’ has been associated maii 
with ferrous alloys it may be well to define the term in the present . 
text. The sigma phase is a hard, brittle, intermetallic compound 
complex structure which occurs in systems involving a body-center 
cubic and a face-centered cubic transition metal. Apparently, the phas 
is characterized by a constant number of (3d + 4s) electrons per ato 
calculated according to appropriate formulae (5). In addition, the di 
ference in the atomic diameters of the two metals should be close t 
8%, for if it is less complete solid solution occurs, while if it is greater 
compounds of simpler structure are formed (6). The crystal structur: 
of the phase (in a large number of binary and ternary systems) has 
been indexed on the basis of a tetragonal cell having 30 atoms. 

The choice of the commercial Co-Cr-Mo alloy (7) (hereafter re 
ferred to as Alloy F) as a starting material for this investigation was 
based upon its availability, the wide two- phi ise alpha plus sigma field 
that occurs in the system formed by the major components ( Co-Cr-Mo 
and by the outst: nding high temperature properties of this material. 

It should be pointed out that the results reported below represent 
only a small fraction of the work necessary to determine the true potet 
tials of the compositions chosen. The scope of the investigation was 
limited in that it was but a small portion of a comprehensive survey ot 
possible new high temperature materials. For this reason only a small 
number of such important variables as melting practice, mechani 
working, and heat treatment was investigated. 

A rough quantitative determination of the effect of various amounts 
of sigma phase on the properties of Alloy F was obtained by studying 
five alloys in the two-phase (alpha plus sigma) field. The effect of sigma 
content and heat treatment was determined by following the changes 11 
density, electrical resistivity, impact resistance, hardness, stress-t 
rupture life, and microstructure. 


| The figures appearing in parentheses pertain to the references appended to this pap 
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IX PERIMENTAI 
Specimen Preparation 

s Alloy F approximates the equilibrium alpha composition in the 
ha plus sigma field, both at 600 and at 1200 °C (1110 and 2190 °F), 
as used as one of the starting materials in the preparation of alloys. 
other starting material used was a chromium-molybdenum solid 
ition prepared in the authors’ laboratory in a purified helium atmos 
re. The nominal composition of the solid solution was chromium 
lybdenum—/0/30 weight %. The alloys investigated lie along the 
line joining these two compositions on the 1200 °C (2190 °F) iso 







f r.S. 21 
——-— Tie Line 
ntended 
—__ 1200°C eC oo . wuacuaiias 
—- 600°C m . 


Actual 
Compositions 


10 20 30 40 50 60 70 80 90 
Weight % 


Fig. 1—Isothermal Sections in Co-Cr-Mo Ternary System According 
to Rideout et al (2) (1200 °C) and Goldschmidt (3) (600 °C) 


thermal section of the Co-Cr-Mo ternary system. Inspection of Fig. 1 
indicates that these alloys approach the average equilibrium compos! 
tions for the two-phase field. 

\t this point it should be noted that the alloys tested, based as they 
ire on the commercial Alloy F, are representative of a complex alloy 
system and not the simple ternary system shown in Fig. 1. In Table | 
the actual chemical analyses for all of the alloys tested are given. 

The ratio of alpha to sigma was obtained by first combining the Fe 

| Ni percentages with the Co, calculating the percentages of the three 

\jor constituents on the basis of a simple ternary system, and then 
using the lever relationship in the two-phase field in the ternary dia- 
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to determine the amounts of alpha and sigma. The actual weight 
entages and the calculated alpha:sigma ratios at 1200°C 
10° F) are also given in Table I. 
he desired compositions were prepared by adding the proper 
unt of the chromium-molybdenum alloy to a molten bath of Alloy F 
a previously prepared alloy in this series working toward the 
ma-rich alloys. Thus Alloy E was the first prepared. Approximately) 
unds of this composition were melted and centrifugally cast into 
mic molds which were roughly of the final dimensions of the stress 
rupture specimens and the impact bars. To the remaining material 
ich was contained in the gates and risers, sufficient chromium- 
lybdenum and Alloy F were added to make up five pounds of the 
ext alloy, in this case D. This same procedure was followed in the 
eperation of all the specimens. Consequently, since the sigma-rich 
loys had gone through as many as five melts, some contamination 
ith the air was inevitable. This is indicated in Table I by the increase 
in nitrogen content as the amount of sigma, and therefore the number 
f times melted, increases. 


Machining 

‘rom each melt eight stress-to-rupture bars and eight impact bars 
were obtained. In addition, eight bars, 34 x 34 x % @ inch were ob 
tained from the gating portion of the casting. These bars were used for 

irdness testing and for metallographic inspection. The test specimens 
were cast to dimensions close to the final dimensions so that relatively 
little machining was required. For all of the compositions but Alloy A, 
tungsten carbide tools were adequate for machining. The extreme hard 
ness and brittleness of the sigma-rich alloy made grinding with a SiC 
“green” wheel necessary. The finished dimensions of the stress-to 
rupture bar were 0.160 inch diameter in the gage length x 2 inches long. 
Chose of the impact bar were “46 x 


» 


*4¢6 x 1% inch. The latter were 
ground to dimensions on a surface grinder using aluminum oxide 


wheels. 
Heat Treatment 


he cast and machined or ground specimens were given the follow 
ing heat treatments : 
Solution treated % hour at 1250 °C (2280 °I). 
Solution treated 24 hours at 1250 °C (2280 °F). 
Solution treated 1% hour at 1250 °C (2280 °F) and aged 50 hours at 730 “¢ 
(1345 °F). 
\ged 50 hours at 730 °C (1345 °F). 
\tter all of these treatments the specimens were cooled in air. 
\t 1250 °C (2280 °F) the specimens were treated in a purified hy 
ogen atmosphere in order to prevent their oxidation. This was not 
necessary for the treatments at the lower temperature because of the 
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excellent oxidation resistance of these materials at this temperat 

These particular treatments were chosen only because th¢ 
typical treatments for developing optimum properties in comn 
applications of Alloy F. 


TESTING AND RESULTS 


Density and Resistivity 


Heat treatment had little effect on the densities and resistiviti: 
indicated by the average values given in Table Il. As the sigma cont 
increases the density decreases, indicating that the density of the sig: 


Table II 
Density and Resistivity of Cast Alloys 


Density Resistivity 
gr/c microhm-cr 
8.17 107 

20 108 


23 103 


8 
R 
8.28 LOK 
8 


30 101 


phase is lower than that of the alpha phase. The resistivity does not vat 
significantly with composition, therefore the resistivities of the indi 
vidual phases are of the same magnitude. 


Hardness 


Hardness measurements were made on specimens of all compositions 
and all heat treatments. The changes in hardness with composition and 
heat treatment are given in Table III. All hardness values were meas 
ured on the Rockwell A scale (60-kilogram load using a Brale indenter ) 

In general, regardless of heat treatment, the hardness increased with 
increasing sigma content. The only exception occurred after aging the 
cast materials for 50 hours at 730 °C (1345 °F). This treatment caused 
a greater increase in hardness for Alloy B than for Alloy A, but all th 
other compositions followed the trend. In Alloy A the high temperatur« 
treatments consolidate and/or cause the solution of the dispersed phases 
resulting in a softening of the cast material. On the other hand, the low 
temperature treatment, 730°C (1345°F) for 50 hours, served to 
reprecipitate these phases, causing an increase in hardness. 

All subsequent heat treatment of Alloy B after casting served to 
increase the hardness. 

The behavior of Alloy C was erratic, but that of the remaining alloys 
was to soften after the high temperature treatments and to harden alter 
the low temperature ones. 

The duplex treatment resulted in the highest hardness except in the 
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Table III 


Some Properties of Co-Cr-Mo Alloys 


| 
| ict stre R 
Heat Ra Ene I \ 
Treatmen t Hard: lt H RA 
4/76 l s 
a ) 
; Q | C, 
of 
( l 
) . 42 
g g 
4 XQ 
) ) 
be a | ( 
4 } 
5 l 6¢ 1 
a i i 
4 
( 
i ( , 
} ( 1.4 
} 68.1 ] 
lreatments 
\s-cast 
l ( hour a 1251 ( 
( hour + 730 °( 50 hour 
( 0 hours 
T ( 140 hours 


rh sigma alloys. The as-cast structure of Alloy .\ showed greater 
dness and the low temperature structure of Alloy B was also harder. 


NACA Drop limpact lest 


Room temperature drop tests were run on samples in the following 
nditions: 

\ 

\S-Casl 

3) minutes at 1250 °C (2280 °F ) 

1) minutes at 1250 °C (2280 °F) + 50 hours at 730°C (1345 °F) 

0 hours at 730°C (1345 °F). 

140 hours at 1000 °C (1830°F) (oxidation test ) 


uipment similar to that shown in Reference 6 was used. The results 

these tests are also included in Table III. 

(he impact resistance of the as-cast alloys decreased with increasing 
a content and varied from no break at the maximum energy avail 
trom the apparatus (33 inch-pounds ) to a value of 0.5 inch-pounds. 

the higher alpha-containing compositions treatment for 30 minutes 

1250 °C (2280 °F) lowered the impact resistance except for Alloy F- 
mination of Figs. 15 and 19 (Alloys D and E respectively ) shows 
e grains of sigma in the former, while in the latter sigma has almost 
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completely disappeared. This change in microstructure adequat 


plains the difference in impact behavior of the two alloys. 

\s would be expected the aging treatments markedly decrea 
Impact resistance. The disposition of the precipitates along c 
graphic planes cannot yield anything but an impact sensitive m 
\pparently, even the 1000 °C (1830 °F) treatment results in a 
network of precipitates as the impact results for this treatment 
comparable to the results for the aged structures (see Table II] 


Stress-to-Rupture Tests 

In ‘Table ILI the stress-to rupture life of the alloy S, together witl 
duction in area, is given, An initial stress of 10,000 psi was applied, | 
the large reductions in the area indicate that the stress was incr 
during the test. kor the most extreme case the stress at fracturé 
calculated to be over 20,000 psi. 

l‘or these alloys the stress-to-rupture life is not appreciably affe: 
by the type of heat treatment applied except perhaps in Alloys D a1 
but an increase in the amount of sigma phase apparently decreas« 
life of the cast structure. Although the ductility 1s markedly decreas 
by aging, the creep resistance is not enhanced. 


VWicrostructure 

igs. 2 through 21 show microstructures of all the alloys prepare 
at x500 magnification, etched electrolytically with 3 HE : 5 CsH;OH 
2 H.O. As x-ray diffraction patterns were not obt: ‘ined, the ey 
identification of the minor phases present was not possible. In all pr 
ability the minor phases are the same as those reported in previous | 
ports (8,10). According to Fletcher and Weeton and Signorelli 
phases could be identified as M a2Ceg, MeC, CrzCs, sigma, CrN. 
possibly others. The massive phases were identified as alpha or beta 
sigma by the differential staining technique using an alkaline perma 
ganate solution which stains the sigma phase but not alpha or beta. Th 
isothermal sections of the phase diagram available at 600 and 1200 °( 
(1110 and 2190 °F) (Fig. 1) (3,8) make it possible to estimate 
relative quantities of the major phases. 


Lamellar Structure 


I-xamination of the as-cast structure reveals large amounts 0! 
pearlitic-type structure in Alloy A (high in sigma) and increasing] 
smaller amounts in the alloys with less sigma, until in Alloy E it h 
completely disappeared. 

\ccording to Metcalfe, (12) who worked with the ternary syst 
Co-Cr-Mo, a eutectic was observed in the two phase, alpha plus sigm 
region. To verify this two pure ternary compositions were prepat 
with the following weight percentages of Co-Cr-Mo : 57/33/10 an 





\ 


Nell 


Alloy A As Cast. Electrolytic Etch 3 HI CeHsOH HeO. x 
Alloy A 1250 °C % Hour. Electrolytic etch > CoHsOH: 2 HeQ. x50' 
Alloy A, 1250 °C 24 Hours. Electrolytic etch 3 ‘ CeHsOH > HeO. x 


Alloy A, 1250 °C ™% Hour + 730 °¢ 0 ou flectri ic tch 3 HI 
CeHsOH: 2 HeO ) 


10/38/12. These alloys were meltcd and slow-cooled in a pure dry 

tO°C dewpoint) hydrogen atmosphere, but did not show the 
nellar structure. 

lhe lamellar structure has also been observed by Weeton and Sig 

norelli (10) who indicate that one of the two phases making up the 

ellae isa chromium carbide, Cro3Cg,. The second phase was identified 

is either alpha or beta but never sigma. In their work the lamellar 
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\ 
© \ 9 


6 \lloy B, As-Cast. Electrolytic etch 3 HF: 5 CoHsOH: 2 HeO. x50 
Alloy B, 1250 °C \% Hour. Electrolytic etch 3 HF; 5 CoHsOH: 2 HeO. x 
8—Alloy B, 1250 °C 24 Hours. Electrolytic etch 3 HF; 5 C2HsOH: 2 HO. x 


hig. 9—Alloy B, 1250 °¢ Hour 30 °C 50 Hours. Electrolytic etch 3 HI 
CeHsOH: 2 HeQ. x500 


structures were obtained by the isothermal transformation of solution 
treated samples. 

The similarity in appearance of this structure to pearlite suggests 
that its formation may be achieved in an analogous way. Since t! 
cobalt-rich phase does exhibit both high temperature and low temp 
ature modification (hexagonal and face-centered cubic ), and probab! 


14 


a lower solubility of interstitial elements in the low temperature n 
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Fig. 10—Alloy C, As-Cast. Electrolytic etch 3 HF: 5 CeHsOH: 2 HeO. x500 
Fig. 11—Alloy C, 1250 °C % Hour. Electrolytic etch 3 HF: 5 CoHsOH: 2 HeO. x500 
hig. 12—Alloy C, 1250 °C 24 Hours. Electrolytic etch 3 HF: 5 CeHsOH: 2 HO. x50 
Fig. 13—Alloy C, 1250 °C ™%4 Hour + 730°C 50 Hours. Electrolytic etch 3 HE 


CeHsOH: 2 HeOQ. x500 


lication, a precipitation of phases based upon the interstitials (carbides, 
nitrides and oxides ) would follow. 

While this explanation would hold for precipitates trom the terminal 
solid-solution phase it appears that it 1s also from the sigma phase that 
the precipitates are forming. Close examination of Figs. 2 and 6 indi 
cates that one phase of the lamellae is continuous with the sigma ad 
jacent to it, whereas in Fig. 10 it appears that it is the alpha phase that 


16 


Fig. 14—-Alloy D, As-Cast. Electrolytic Etch 3 HF: 5 CeHsOH: 2 HeO. x50' 
hig. 15—Alloy D, 1250 °C % Hour. Electrolytic Etch 3 HF: 5 CoHsOH: 2 HeO. x 
Fig. 16—Alloy D, 1250 °C 24 Hours. Electrolytic Etch 3 HF: 5 CoHsOH: 2 H2O. x5 
Fig. 17—-Alloy D, 1250°C ™% Hour + 730°C 50 Hours. Electrolytic Etch 3 HI 
§ CeHsOH: 2 HeO. x500. 


is continuous with it. This suggests that the compositions lie in a 3-phas¢ 


held containing a ternary eutectoid. 
Heat Treatment 
Solution treatments at 1250°C (2280°F) for as little as 0.5-houw 
produced alloys almost completely devoid of the lamellar structure. On 
of the phases dissolves and eventually after prolonged heating 
1250°C (2280°F) the sigma coalesces into large grains as seen 
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WF 
20 


big 18 Alloy E, As-Cast. Electrolytic Etch Hil CeoHsOH > He, x501 
Fig. 19--Alloy E, 1250 °C ™% Hour. Electrolytic Etch 3 HF: 5 CeoHsOH: 2 Hed. x 
Fig. 20—Alloy E, 1250 °C 24 Hours. Electrolytic Etch 3 HF: 5 CoHsOH: 2 HeO. x500 


bigs. 3,4,7,8,11, and 12. In Alloy [KE the sigma phase originally 

present in the cast structure dissolved completely after ’2-hour treat 
ent; the sigma in Alloy D disappeared after a 24-hour treatment 
'herefore, alloys containing up to 31.7 w/o chromium lie in a single 

hase region at 1250 °C (2280 °F). This indicates that the a — a-+o 

oundary shifts toward higher chromium contents as the temperature 
raised. 


\ging of the alloys was achieved by : 
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Hour + 730°C 50 

CeHsOH: 2 Hol 

i? 1250 °C ™% Hour + 730 °C 50 Hours. Electrolytic Et 

> HF: 5 CeHsOH: 2 He. x500. 

38/12, 1250 °¢ Hour + 730 °C 50 Hours 
} HF: 5 CeHsOH: 2 HeO 


x500 


5 


Hours 


Electrolytic 
x500 


Etch 3 HI 


Electrolytic Et 


1. Heating at 730 °C (1345 
for hour at 1250 


? Heating as-cast at 7. 


KF) for 50 hours in air after solution treating 
C (2280 °F), and 
30 °C (1345 °F) for 50 hours in air. 


Oriented precipitation patterns resulted in all alloys following Treat 
ment 1 and a similar pattern was obtained in Alloy | 
ment 2 


« following Tr 


Weeton and Signorelli (10) produced structures with precipitati 


; 
AA 
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y crystallographic planes which they attribute to quenching strains 


er solution treatment. [E-xamination of thei photomicrographs 


wed evidences of twinning and slip. The results of this Investigation 

licate that drastic quenching is not necessary to produce such oriented 
ecipitates, see for example Figs. 9,13,17 and 21, the structures of 
hich resulted from only an air cool after solution and aging treat 

nts. These oriented precipitates occur in increasing amounts with 
nereases In the sigma content of the alloys. 

In most cases the patterns resulting from the aging of these alloys 
re distinctly different from those of Weeton and Signorelli. As seen in 
he photomicrographs, the patterns do not show twinning and slip but 
lo show oriented precipitation, The precipitation appears to have taken 
lace at cube faces or at least at planes mutually perpendicular, Work 
performed by Zuromsky, et al (13) indicated the formation of a similar 
tructure to that in Fig. 21 in their experiments on pure Co-Cr-W 
loys. Their alloys were made by powder metallurgy methods and were 
free of interstitial elements, which would seem to indicate that their 
pattern was due to the precipitation of a second major phase along 
crystallographic planes. This is possible in the alloys of this investig: 
tion also, since sigma is rejected from solution at low temperatures as 
indicated by the two isothermal sections shown in Fig. 1. The pure 
loys prepared for the experiments on the lamellar structures were 
olution treated and aged to determine these precipitation patterns 
Photomicrographs 22 and 23 are presented as evidence that carbide 
and nitride precipitation is not required for the precipitation patterns 
observed. 

°xplanations for the oriented precipitates include : 


Precipitation along common planes of the face-centered cubic and 
hexagonal modifications of ternary solid solution. 
The nucleation of the precipitate at common planes of the face 
centered cubic or hexagonal lattice with the tetragonal sigma 
lattice. 
his in no way invalidates the hypothesis of Weeton and Signorelli that 
recipitation takes place along twin and slip directions. Since the planes 
{ closest packing are those in which twinning and slip occur and since 
the common planes of the various structures are all densely packed it 1s 
probable that they coincide. 


CONCLUSIONS 
Several trends have been established for the alloys prepared trom 
\lloy F and 70/30-Cr- Mo alloy. Impurities resulting trom the alloying 
ich as Fe, Ni, C and N may have marked effects, but they are kept 
rly constant in the experiment with the major variable being the 
pha to sigma ratio. The following trends have been established tor the 
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range from 15 to 76% sigma (isothermal section at 1200 °C): 
1. The density decreases with increasing sigma content in 
as-cast condition. 


The density and electrical resistivity do not change apprec! 


with solution and aging treatments. 

The hardness increases with increasing sigma content in 
conditions of treatment. 

Solution treating and aging result in a higher hardness t! 
just aging the as-cast material except in Alloy B. 

Solution treating does not result in a definite trend for hard 
ness but the hardness appears dependent upon composition and 
the final microstructure. 

The impact resistance decreases with increasing sigma content 
in all cases of treatment. 

The highest impact strength is obtained in the as-cast struc 
ture. 

The stress-to-rupture life at 1800 °F under an initial load of 
10,000 psi decreases with increasing sigma and appears not 
to change much with heat treating, except in Alloys D and | 
Aging decreases the ductility without any significant chang 
in stress-to-rupture life. 

The lamellar structure seen in the as-cast specimens is tim¢ 
and concentration dependent. It is therefore a nucleation and 
growth type structure. 

Solution treating the as-cast structures results in the solution 
of one phase of the pearlite after very short times at 1250 °C 
(2280 °F). 

Aging of these sigma bearing alloys results in a grid-like 
pattern of precipitation which appears to be directly relate 
to the sigma content. 


3oth major phases appear to be contiguous with one of the 
phases present in the lamellae which would seem to indicate 
the presence of a ternary eutectoid. 
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DISCUSSION 
While these materials with appreciable amounts of sigma in the 


Co-Cr-Mo system appear to be unsuitable for jet engine turbine blading 
due mainly to their poor stress rupture life and their poor impact re 
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tance at room temperature, there are some extenuating circumstances 
‘ich may indicate the need for closer examination of these materials 
(here are some indications that the results obtained in the stress-to 

ipture tests are not indicative of the true behavior of these materials 
me tests were run on a commercial heat of Alloy F in order to dete 
ine where the new compositions stood in relation to it. Llowever, it 
is not possible to achieve a life of more than a few minutes for the 
mmercial alloy under the identical test conditions. Although the first 

tendency was to disregard these results and attribute the failures to a 
wor heat of metal, it was later decided that this was not necessarily 

the case. The primary reason for this change in attitude was the fact 
that inspection of several specimens which were tested on this stress-to 
upture apparatus had exhibited large amounts of twist indicating that 
torsional force had been applied to them during the test 

lhe source of this force was not difficult to uncover. The stress-to 
rupture apparatus was designed for the testing of rather stiff materials 
cermet compositions based on refractory hardmetals ) and in order to 
leviate the problem of misalignment of the specimen holders these 
holders were suspended from wire cables. When these were used with 
somewhat more plastic materials the natural tendency for the cables to 
unwind was not prevented and therefore.a torsional force may have 
heen introduced. 

That the true strength of the materials was not demonstrated in this 

test may also be indicated when the fact that a size factor plays an im 


stress-to 


portant role in tests of this type is considered. Normally, 
rupture tests are run on specimens having a cross-section ' inch in 
liaameter with a gage length of 6 inches or more. Therefore in such 
specimens the incidence of flaws and stress raisers is high compared to 
that ina section only 0.160 inch in diameter and 11% inches long. De 
spite this favorable size in the specimens tested in this investigation the 
results for the commercial alloy were far below the established life 
Chis again indicates either faulty material or faulty equipment. 
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THE TEMPERING OF IRON-CARBON 
MARTENSITE CRYSTALS 


By F. ik. Werner, B. L. Aversacn AND Morris ConEen 
Abstract 

Lhe structure of tempered martensite was studied in a 
serics of ron-carbon alloys by a single-crystal x-ray diffra 
tion technique, which permitted determination of the local 
distortions and subgrain particle sizes. It was also possibl 
to measure the c/a ratio of body-centered tetragonal ma) 
tensite at lower carbon levels than heretofore by adding 
nickel to lower the M, and thereby prevent self tempering 
during the quench. 

The first-stage tempering reaction proceeds rather dis 
ontinuously, forming e-carbide and martensite with about 
0.30% carbon. In contrast, the third-stage reaction, involv 
ing the formation of cementite at the expense of the e-carbide, 
is attended by gradual depletion of carbon from solution. 

According to analysis of the «x-ray line broadening, the 
straim in the as-quenched martensite is approximately 
5.x 10~*; it creases slightly during the first stage and 
then decreases, reaching zero only at a high temperature 
This relief of internal strain has an activation energy ap 
proximately equal to that for self-diffusion in alpha iron 
The as-quenched particle size is about 150 A; it increases 
during the third stage and becomes larger than 1000 A (the 
maximum size measurable by this technique) while the 
strain is still high. (ASM-SLA Classification: N8&, J29, 
CN). 


INTRODUCTION 


l IS customary to divide the tempering of plain carbon steels into 
three stages which are time and temperature dependent. The first 


ve consists of the decomposition of martensite into an aggregate ol 
epsilon carbide (hexagonal close-packed ) and a low carbon martensite 
vhich is body-centered tetragonal like the primary martensite; the 
second stage involves the transformation of retained austenite to 

nite; and the third stage comprises the formation of ferrite and 
ementite. This paper is concerned only with changes in the martensite, 
it is, with the first and third stages of tempering. 


based on a thesis submitted by F. E. Werner in September 19 in partial 


| 
of the requirements for the degree of Sc.D Metallurgy at the Massachusett 
ot Technology 
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he primary martensite bears a lattice orientation relationship 
the parent austenite known as the Kurdjumov-Sachs relationship 
\ plot of the resulting (200) (020) and (002) martensite poles 
(OO1) austenite pole figure is shown in Fig. 1. It is evident that. 
transformation product of a single austenite grain is used, the 
and (200) (020) reflections of the martensite can be recorded on 
rate films by suitable oscillation of the crystal. Separations of the 


o 4a 
. @ "a (200)(020) 
@ (002) 


Austenite (001) Pole Figure Showing the (200) 
(002) Martensite Poles 


reflection from the (O11) (101) and of the (112) from the (121) (211 
are similarly possible. Hence, the overlapping of tetragonal doublets 
occurring in powder patterns can be eliminated. By means of this tech 
nique, Kurdjumov (2) and, later, Roberts (3) were able to clarify th 
mechanism of the first stage of tempering and to show that the matrix 
decomposition product is not body-centered cubic ferrite but a bod 
centered tetragonal phase with a c/a ratio corresponding to about 
0.25% carbon. 

Although many investigators have noted the extreme diffuseness 01 


x-ray patterns from quenched and slightly tempered steels, few ha 
satisfactorily related this line broadening to its underlying causes 
general, the broadening, exclusive of that introduced by instrumental! 


factors, is produced by (a) variations in lattice parameters due 
localized internal strains (strain broadening ) and (b) the lack of exa 
ness in meeting the Laue condition that arises from the small siz 


(110) parallel to (111)a 
[111] parallel to [110]a 
The figures appearing in parentheses pertain to t 
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QOO A) of the coherently diffracting regions (particle size broad 
¢), Broadening in powder patterns may also result from compos! 
il inhomogeneity and the overlapping of tetragonal doublets 
veral workers have studied as quenched martensites. Lhe bre aden 
has been attributed mostly to the strain effects (4,5), small particle 
s (6), or both (7,8). Quantitative studies on tempering have been 
le by Krainer (7) and Kurdjumoy and Lysak (9). The former used 
yvder patterns and hence had to compensate for overlapping tetrag 
doublets ; the latter adopted the single-crystal technique and ob 
ed more reliable data. Both found that strain and particle size con 
uted to the broadening, although the strain was more important. 
broadening persisted to tempering temperatures of 900-1100 °F 
With the exception of one investigation (5), all studies of line 
idening in quenched and tempered steels have depended on line 
readths. A direct analysis of line breadths requires assumptions that 
ire usually difficult to justify. However, by expressing the line shape 
sa Fourier series and making no a priori assumptions, Warren and 
\verbach (10,11) have analyzed the x-ray line broadening associated 
ith cold work in metals. This broadening also arises from localized 
trains and small particle sizes. The line-shape analysis was employed 
this investigation to establish the basic data on strains and particle 
izes in martensite, and then the changes 1n these quantities on tempet 
ng were followed by measurements of line breadth. 


MATERIALS AND PROCEDURI 


\ late) tals 


Che major part of this investigation centered on the same vacuum 
elted iron-carbon alloys used in previous studies of tempering (3,12, 


The iron-nickel-carbon alloys were made by melting under argon 


a recrystallized alumina crucible, and then suction-casting in a 
7-millimeter Vycor tube. All alloys (Table I) were swaged to the final 
diameter. 

Crystal Preparation 

Single crystals were produced by the same technique adopted by 

Roberts (3). This involved (a) heating in an evacuated sealed silica 
ibe to 2300-2500 °F for 24 hours, (b) quenching into iced brine and 
inultaneously breaking the tube, and (c) separating the crystals along 
rior austenite grain boundaries with pliers or with a light hammer 
p. The resulting grain size was of the order of 2—4 millimeters in the 
higher carbon materials and about 1 mm in the low carbon alloys. 
heooling in liquid nitré gen Was employed for those alloys contain 
large amounts of retained austenite. Details of the alloy composi 

ns and heat treatment are given in Table I. 

(he separated crystals were etched in dilute nitric acid to a diameter 
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of about 0.5 millimeter and then fastened with porcelain cen 
the ends of conically ground 2 millimeter Pyrex rods. The crysta 
rod assembly could then be easily handled tor x-ray exposures an 
pering treatments. 


Table I 


Composition and Heat Treatment of Alloys 


(All alloys quenched in iced brine after austenitizi ) 


Austenitizing Tet 
| 


‘) 


For the Fe-( alloys, 
Retrigerated in liquid 1 


Tempering 
lempering was carried out in oil, salt, or lead baths depending 
the temperature. The variation in temperature was += 5° (+ 3°¢ 
tor short tempering times, and + 10°F (+ 6°C) for runs longer t] 
several days. Specimens were placed in direct contact with the bat! 
tor short tempering times and quenched in an air blast; for long 
times, the specimens were enclosed in glass tubing. 


X ray Procedure 


he single-crystal patterns were made with a Unicam single cr\ 
I 


oscillation gomometer, which allowed either rotation or oscillatior 
5 to 25 degrees. lron radiation (filtered only when a Kg reflection inte: 
tered with the Kg) was employed, and the cylindrical film holder | 
a diameter of 6 centimeters. The crystals were oriented with a cub 
pole of the austenite comeiding with the axis of rotation (or oscillatiot 
By suitable oscillation of the crystal, the (110), (002), (200) (020 
(112), and (220) K, reflections of the martensite could be recorded 
separate films. 

lor measuring lattice parameters, a small piece of sponge platinu 
Was set on top of the crystal and exposed simultaneously with the (O02 
or (200) (020) reflection. The platinum lines then served as references 
for determining the c and a values. The patterns were similar to thi 
published by Roberts (3). To analyze the line broadening of the mat 
tensite, the appropriate reflections, primarily the (110) and (220) lin 
were recorded separately on film. Microphotometer traces were thet 
run; the blackening did not exceed 0.8. 

\ few powder-pattern measurements were made on wire specime! 
and in these cases a 19-centimeter camera of the Bradley-Jay type was 
used with filtered iron radiation, 
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RESULTS AND [DISCUSSION 


As-Quenched Condition 
veral investigators have determined the lattice parameters of 
hed martensite and the associated retained austenite. This work 
marized in reference 14, in which it is shown that the axial ratio 
artensite can be expressed as: 


1.000 + 0.045% 


equation 1 


ere X is the weight % carbon. Although measurements were re 
ted only for steels containing more than about 0.600 carbon, the 
<trapolated values pass through ¢ a= 1.000 at X = 0. Below 0.60% 


1.070 


C powder pattern 

C single crystal 
Ni-C powder poatterr 
N C single crysta 


| O60 
| O50 
1.040 


1O00O Y,Oas 
1.030 c/C 1LQOOQO +0.045 X 
Weight percent 
carbon 


O20Fr- 


1.010 


lt ower carbon limit 
; of previous work 
1.099 $+» 1 ___t__t__1- 

0 0.2 0.4 0.6 0.8 1.O 


Carbon, wt.% 
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Effect of Carbon Content on the letragonali ot Martensit 


bon, the tetragonal doublet had not been resolved in powder pat 
terns. More recently, Kurdjumov (15) suggested that the overlap of 


the doublet in as-quenched low carbon steels results from tempering of 
he martensite during the quench because of the high M, temperature, 
\With sufficient alloying to lower the M, temperature drastically, he 


is able to resolve the tetragonal doublet in powder patterns of steels 


ntaining as little as 0.20% carbon, although no values of the c/a ratio 

ere given. 

Kurdjumov’s hypothesis was confirmed in this investigation. In 
2, the axial ratios for a series of as-quenched alloys are shown. At 
carbon contents, the values for both the single-crystal and powder 

ttern measurements fall essentially on the previously determined line. 

wever, at 0.63% carbon the iron-carbon alloy exhibited a low c/a 

tio, and at 0.29% carbon even a single-crystal measurement on an 
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Table II 
Amount of Carbon in Solution in Iron-Carbon Alloys 
at the End of the First Stage of Tempering 


, Wt 


iron-carbon alloy gave a c/a ratio of unity. These two findings ind 
that tempering had occurred during the quench. By the same | 
with the 19% nickel alloys, the c/a ratios at low carbon levels lic 


close to the normal line for both single-crystal and powder-p 


measurements. 

evidently, it is difficult to prevent some tempering during the qu 
in plaim-carbon steel contaiming less than about 0.60% carbon 
work of Aborn (16) also supports this view. However, if the M, is 
ably lowered by alloy additions, lower carbon martensites can be for 
without tempering during the quench. This holds down to about 0 
carbon when 19% nickel is present. 


lirst Stage of Tempering 

The first stage of tempering was followed by observing the (O02 
flection Microphotometer traces of the 1.430 carbon alloy temper 

290° are illustrated in Fig. 3. Results of previous investigations 
(2,3) were essentially confirmed, 1.e., the low carbon martensite ( M, 
peak appears almost from the start and increases in intensity as th 
primary martensite (Mp) peak decreases. Throughout the transfor 
tion, there Is a range of intermediate compositions * as shown by th 
presence of the “surplus intensity,” obtained by resolving Mp and M 
into symunetrical peaks and then subtracting these intensities from t! 
overall measured intensity. 

lhe c/a ratio at the end of the first stage (with the end being take: 
as the time when the total measured intensity becomes symmetri 
about M,,) was determined and related by means of Fig. 2 to tl 
amount of carbon in solution. The results are given in Table Il. Withu 
the accuracy of measurement (estimated to be + 0.05% carbon), th 
carbon content is about 0.300 and does not vary significantly wit! 
temperature or carbon content of the steel. The lack of a compositiona 
dependence substantiates the work of Roberts (3), who did, however 
find a slight temperature dependence of the carbon in solution at tl 
end of the first stage. 

If low carbon martensite and epsilon carbide are in metastable equ 


compositions are explained in a recent paper by B. S. Len 


LD). slocation \ttr iction Model for the First stage ot Temp rin 


YS5O0. p LOY 
» 4 





5-Quencned 


\ 
Measured Intens ty 
Primary and Low 
Martensite Ref lex tio 


Surplus intensity 


> 


ium (3), a steel containing less than about 0.30°° carbon should 
hibit no first-stage reaction. It was not possible to check this hy 
thesis in a plain carbon alloy since tempering occurred during the 
ench. Ina 19% nickel alloy which did not temper during the quench, 

low carbon martensite of the first-stage was found to contain only 
00.20% carbon. Thus, to check the metastability postulate with 
ese nickel alloys, it would be necessary to employ carbon contents 
elow about 0.10%. Unfortunately, it does not appear possible to work 
t this low carbon level with available techniques 


Phird Stage of Tempering 


lhe tempering behavior of the 0.96% carbon alloy during the third 
stage is represented in Fig. 4+. Here also, the values of carbon content 


vere obtained from measurements of c/a and the relationship given 1m 
2. It is apparent that one hour at 500 °F is enough for the matrix 


become cubic. This time is somewhat shorter than is normally con 
lered for the end of the third stage and pre ybably reflects a difference 
technique from those employed by others (e.g., see the data ot 
berts (3) obtained from precision length measurements). As dis 
ussed later, it is also conceivable that appreciable carbon remains tn 
lution even after the tetragonality has disappeared. 
\ clear picture of the nature of the third stage could not be obtained 
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by observing the change in shape of the (002 ) reflection (as in | 
since the breadth of the lines precludes any likelihood of a peak 
tion. However, one can draw some conclusions from measurem: 
x-ray line breadths. 

The c and a parameters of martensite may be expressed as ( 14 


> = 2.866 + 0.116X Equati 


a = 2.866 — 0.013X Equati 


where c and a are in Angstroms and X is weight % carbon. A py 
of the line broadening could arise from a compositional inhomogen 


1002 
1.000 
0.00! 0.01 ' lO 1OO 
Tempering Time, hours 


Fig. 4—Effect of Tempering on the Amount of Carbon in Solution in th 
0.96% Carbon Alloy During the Third Stage Reaction 


However, since the a parameter is only a weak function of the carbor 
content, the breadth of the (200)(020) reflection is little affected by 
such inhomogeneity. On the other hand, the c parameter depends mark 
edly on composition and, hence, compositional inhomogeneity con 
tributes greatly to the breadth of the (002) reflection. Thus, a difference: 
in the measured breadths of the (002) and (200) (020) reflections 
denotes a compositional inhomogeneity. 

The measurements of integral breadths (integrated intensity divided 
by the maximum ordinate) are shown in Table II]. During the first 
stage, a large difference prevails between the breadths of the two 
flections because of the presence of primary and low carbon martens 
ites. During the third stage, the breadths are nearly equal, although 
there is some tendency for the (002) reflection to be slightly broader 
than the (200) (020), signifying that a minor amount of compositional! 
inhomogeneity may exist. However, it appears that no reasonable sor' 
of discontinuous reaction will lead to this near-equality of breadths im 
the third stage. Hence, the formation of cementite at the expense 0! 
the epsilon carbide in the third stage is probably attended by a gradua’ 
depletion of carbon from the matrix, a view also held by Kurdjumo 
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Table III 
t of Tempering in Third Stage on the (002) and (200) (020) Line Breadths 
for the 0.96% Carbon Alloy 


I B* 300 °F 
(10-* radians) lime % C in 
(O02) (7900) (Hours) Solution 


3.f O06 xX 
5 0.033 xX 
0.17 xX 

1.5 () 

10 1] 

100 0.14 

L000 0.1] 


Ny 


, primary and low-carbon martensites 
r instrumental broadening 


[he progressive sharpening of the reflections as tempering pro 
eeds will be discussed in the next section. 
(he effect of carbon on the lattice parameter of body-centered cub 
ferrite has been estimated as (see Appendix ) : 


ar — 2.866 + 0.030X Equation 4 


where ay is in Angstroms and X is weight % carbon. If, for example, 


cubic ferrite had 0.10% carbon in solution, the lattice parameter would 
liffer from that of ferrite by only 0.003A, a value within the experi 
mental uncertainty of + 0.005A. Thus, although the present ¢/a meas 


urements indicate that the matrix becomes cubic during the third stage 
of tempering, the parameter determinations are incapable of ascertain- 
ing whether the equilibrium amount of carbon is present in the cubic 
ferrite. Lement et al (13) and Zener (17) have recently discussed the 
possibility that the body-centered cubic ferrite as initially formed may 
be supersaturated with respect to carbon. 

\ccordingly, the carbon contents approaching zero in Fig. 4 are open 
to question because, if the tetragonality disappears on tempering with 
as much as 0.1% carbon still in solution, the linear extrapolation of c/a 
to unity at zero carbon in Fig. 2 would not be valid. This issue cannot 
be resolved at the present time. 


Line Broadening 

\-ray line broadening falls into two categories. The instrumental 
broadening is produced by geometrical factors like the divergence of 
the incident beam and the finite thickness of the specimen, and other 
experimental factors such as the spread in the wavelength of the char 
acteristic x-ray radiation. The remainder of the broadening arises from 
imperfections in the crystal structure of the specimen. The latter type 
of broadening is usually associated with localized strains, wherein the 
strains may vary over distances as small as a unit cell, and with the 
presence of crystallites or particles having sizes less than 1OOOA. The 


1 
} 


boundaries of such tiny particles may consist of subgrain and grain 
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boundaries or twin and fault boundaries ; the only criterion for ; 
ary in this sense is that precise coherent reinforcement of an x-ra 
must be inoperative from one side to the next. 

In the method of Warren and Averbach (18) the observ: 
shapes are expressed in terms of a Fourier series. The instru 
broadening is eliminated by recording the diffraction lines from 
annealed standard sample in which the imperfections are negligih 
from the standpoint of broadening, and the Fourier coefficients for ¢| 
imperfect specimen are then corrected by the corresponding coefficie: 
for the standard. The net result is another Fourier series whic! 
scribes a broadening curve representing the imperfections in the sy 
men under study. If the broadening coefficients for at least two ord 
of a diffraction line, say (110) and (220), are obtained, it is possibk 
separate the strain and particle size broadening and to obtain aver 
values for the strain and the particle size. Such an analysis was carrii 
out on the (110) and (220) lines for several samples, and the result 
were used to check the values obtained with a much simpler analysis 
involving line breadths alone. The (110) and (220) reflections depend 
only on the a parameter which is relatively insensitive to variations 
composition (1.e., carbon content). 

It is also necessary to correct for instrumental broadening in the lin 
breadth analysis, and here the method of Jones (19) was used. 1 
diffraction lines are assumed to have a Gaussian shape (the method 


Warren and Averbach does not require any assumption of line shap: 
and the instrumental correction takes the form (20): 


8° —B* — b’ Equatiotr 


where B ts the measured (integral) breadth, b 1s the breadth of t 
standard and £ is the corrected breadth. The standard consisted 0! 
specimen tempered at 1200 °F for several hours. 

The mean size of the coherently diffracting domains (particle siz 
was calculated by the formula of Jones (19) : 


lL. = cd/ (Br cos @) Equation 


where L is the mean particle size, c is a constant taken as unity, A 1s t! 
wavelength, @ is the Bragg angle, and fy, is the broadening caused ) 
small particle size. 


Stokes and Wilson (21) related the strain to line breadth by the 
equation : 
e = 4A. cot 6 Equation 7 


where ¢ is the average strain and £, is the broadening caused by this 


strain. 
Since the particle size and strain are different functions of the Bragg 


y 


angle, the two effects can be separated in principle by measuring 
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ths at two or more Bragg angles. Assuming that the particle size 
lening and the strain broadening functions can both be expressed 


i 


ussian curves, the two types of bre adening are related by: 
| 3. 1. 8B, 


Equation & 


mbining Equations 6, 7 and 8, 


8 cos 6\° 1 - ai 2 
( 7 ) =(;) -+ (4. *( ‘3 =) Equation QO 


(B cos 6/A)? is plotted versus (sin 6/A)*, the intercept gives the 
article size while the slope gives the strain. 


\n example of particle size and strain determination is shown in 


Fig. 5. In all cases the line through the (110) and (220) points was 


ised to establish the slope and intercept. Thus, the data apply primarily 


o (200) 
0 (002) 


1\2 
Intercept = (— 
t= (T) 
L=240A 


0.05 


Fig. 5—Determination of Particle Size and Strain From Integral 
3readths. 1.43% carbon alloy, tempered 1 hour at 500 °F 


)the [110] direction. The more precise Fourier analyses yielded about 

e same results as the simpler line-breadth method described above. 

The particle sizes of quenched and tempered alloys are listed in 
Table 1V. Because of the nature of the calculation, these determinations 
cannot be made with great precision, particularly when the particle size 
approaches 1000A. The particle size contributes appreciably to the 
broadening in the as-quenched condition and in the early stages of tem 
pering. The size appears to be essentially independent of carbon content, 
and at the end of the first stage, the tempering temperature has little 
effect. According to electron microscopy (12), the subgrain size in 
martensite tempered at iow temperatures is 1O00—2000A, which is about 
ten times larger than found here. Evidently, the coherently diffracting 
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regions for x-rays are an order of magnitude smaller than the s) 
that are outlined by epsilon carbide in the electron micrographs 
The variation of strain with temperature and carbon content is 
in I*ig. 6. The strain increases somewhat during the first stage r 
possibly due to coherency between the low carbon martensite a: 
epsilon carbide. At the end of the first stage, there appears to by 
effect of tempering temperature, and carbon content is of neg 
importance in the entire tempering range. The level of strain 
as-quenched condition and during the first stage is about that assoc; 


0.63% C 
*0.96%C 
01.43%C 


dAs-Quenched 


Tempered for 
Tempered to end | hour 
of first stage 


400 400 600 


Tempering Temperature °F 


6-—Effect of Tempering Temperature on the Internal Strains in 
carbon Alloys 


with the yield strength; this correspondence has also been noted for 
severely cold-worked metals (22). As the tempering temperature is 
further increased, the strain falls, but it does not vanish until temper 
atures in the vicinity of 1100 °F are reached. 

Referring to Fig. 5, the (112) point lies near the line through the 
(110) and (220) points; it is probable that the particle size and strait 
in [112] direction are thus about the same as in the [110]. The (002 
and (200)(020) reflections, however, fall far off the line, an observa 
tion made also by others (4,5,7) on quenched and tempered steels. |! 
is possible to account for this deviation by assuming that the coherent) 
diffracting particles are not equiaxed or that the strains are anisotropi 

The strain was also measured as a function of time, as shown in Fig. 7 
At 200 and 300 °F, the strain has a peak which corresponds to the pea! 
in hardness observed during the first-stage reaction. Beyond the en 
of the first stage the strain decreases rather linearly with the logarith 
of time, and above 400 °F, the slopes are approximately the same at 
all temperatures. At the high end of this temperature range the partic! 
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Table IV 


Particle Size in Tempered Iron-Carbon Alloys 


Parti le Size (A 
ent 0.63% 16% ( 


hed 150* 
rst Stage 
F—80 hrs 

YU min 

20 Sec 


(t 1 hr.) 


t tempering during the quench 


300°F 
400 °F 


500°F 


HNOO°F o% 
L ‘ o1000" F 
0.00! : | 


Tempering Time, hours 





Effect of Tempering on the Lattice Strain in the 


Alloy 


size broadening becomes negligible (Table IV ), and the third-stage re 
action is essentially complete (Fig. 4) ; hence there are no major factors 
in the picture other than the change in strain itself. Of course, cementite 
coalescences and further depletion of carbon from the cubic matrix may 
ilso be occurring. 

\bove 400 °F, Fig. 7 indicates that the strain, e, is given by the 
relation, 

—m log t Equation 10 


lf t is the time in hours, m = 0.60 & 10~*, while «, is a term which 


depends on the absolute temperature in the fashion, e, 8.2/T-—10.6 
1f) 3 


A 


\ssuming that the temperature dependence of the rate of strain relief 
is given by the customary relation, 


Rate = K exp (— Q/RT) Equation 11 


activation energy © can be evaluated by plotting the logarithm of 
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the rate versus the reciprocal of the absolute temperature T. Siu 
is shown in Fig. &, taking the reciprocal of the time to reach a st 
0.003 as a measure of the rate of strain relief. The activation en 
determined is 58,500 cal/mol, which is almost identical with t! 
for self-diffusion in alpha iron, 1.e., 59,800 cal/mol (23). 

The yield stress during recovery of cold-worked zine has bee: 


(24) to decrease linearly with the logarithm of time in the same | 


as the internal strain in this investigation (Fig. 7), and the acti 


T(°F) 
700 600 


Q=58,500 cal/mol 


4 
- 





1.6 
| 3 joy -! 
7 X 10° (°K~") 


Activation Energy for Strain Relief in the 
Carbon Alloy. 


energy of the recovery process in zinc (25) is the same as that for sel! 
diffusion. Thus, it seems probable that the strain relief of the matrix 
during the third stage of tempering is quite analogous to the recover’ 
which occurs in cold-worked metals. 

Considering the severe lattice distortion in the early stages of temper 
ing, it might be expected that recrystallization of the matrix would 
ensue. However, it was observed that the lattice orientations did not 
change during tempering ; hence, the classical type of recrystallizatiot 
involving gross re-orientation of the lattice does not take place. Thi 
process here is probably more like subgrain growth (26), which, in th 
case of some cold-worked metals, can lead to complete softening of th 
matrix. 
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CONCLUSIONS 


ingle-crystal x-ray study of the matrix of quenched and tempered 


arbon and iron-carbon-nickel alloys has shown the follow ing : 
The c/a ratio in as-quenched martensites with carbon contents 
down to about 0.30% follows the linear extrapolation of values 
observed for higher carbon contents. 
The first stage tempering reaction is comparatively discontin 
uous in nature, although intermediate compositions exist be 
tween the primary and low carbon martensites. 
The matrix at the end of the first stage has a carbon content of 
about 0.30% carbon, a value insensitive to prior carbon content 
and tempering temperature. 
The third-stage reaction is continuous in nature, with the carbon 
gradually draining from the matrix solution. 
Internal strains and small particle sizes both contribute to the 
line-broadening observed in quenched steels and after low tem 
perature tempering. Neither the strain nor the particle size ap 
pears to vary with the carbon content, and they are also inde 
pendent of the temperature at which the first-stage reaction is 
completed. 
The broadening due to particle size rapidly disappears during 
the third stage, while the strain persists to high temperatures. 
The character of the strain relief appears similar to that of 
recovery in cold-worked metals. 
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Appendix 


E ffect of Carbon on the Lattice Parameter of Ferrite 


If the solution is sufficiently dilute so that one carbon atom has nm 
effect on another, a shift in carbon atoms from an ordered (tetragonal 
as in martensite ) array to a disordered array (cubic as in ferrite) should 
produce no change in volume. Hence, for the same carbon content in 
both phases, 


Vr= Vu Equation 12 


where V is the specific volume, and F and M refer to ferrite and mar 
tensite, respectively. Equation 12 may also be written in terms of th 
lattice parameters as 


a’r = au “Cm Equation 13 
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g logarithms, differentiating Equation 13, and approximating 
tferentials by small chan 


wes 
ves, 


3(Aa/a)r = 2( Aa/a) au + (Ac/c)s Equation 14 


Aay and Acy, the values in Equations 2 and 3 are used, and sine 
ariation in lattice parameter with carbon content is small, 
ay ~~ Cu. Thus, 


Acu + Z2Aam 


? 


4 
= 
_ 0.116 i. 2 0.013) 


> 
a 


Aar 
equation 15 
0.030% 
he final expression is then 
ar 2.806 + 0.030X Equation 16 
vhere ap is the lattice parameter of cubic ferrite in Angstroms, and X 


the weight % carbon. Equation 16 is given in the text as Equation 4 
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DISCUSSION 


Written Discussion: By Dr. O. Krisement, Max-Planck-Institut fur Eisen 

rschung, Dusseldorf, Germany. 

[his investigation clearly reveals the presence of “low carbon martensite” with 
in approximative carbon content of 0.2 to 0.3 weight % during the first stage of 
tempering. I have studied with an isothermal microcalorimetric method the tem 
pering of martensite in plain carbon steels with 0.21, 0.42, 0.58 and 0.79% carbon, 
all steels containing smaller amounts of manganese. In the first stage of temper 
ng the rate P(t) of heat evolution at constant temperature is found to be 


P(t)=P.°t™ , “09Snl , Equation 1 


vith the coefficient P, depending on temperature and carbon content. Plotting 
P P (to), te = 30 min against carbon concentration for different constant tem 
eratures between 70 and 220 °F gives a linear relation 


Pa (C — Co), Equation 2 


vhen the steels with initial carbon concentrations c = 0.42, 0.58 and 0.79% are 
taken alone. The concentration c. turns out to be 0.25% thus suggesting the 
appearance of low carbon martensite during the first stage of tempering. On the 
ther hand, the steel with an initial concentration of 0.21% carbon still reveals a 
heat evolution in the same temperature range, following the same time-depend 
ence (Equation 1). This heat evolution is far too high for being attributed to a 
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recovery process and measured activation energies are essentially the 
for the steels with higher carbon contents, i.e, A ~ 20 000 — 25 000 
[his process must be attributed to precipitation of carbon in a martensiti 
of 0.21% carbon content. The arising discrepancy, when comparing thi 
with the findings for higher carbon concentrations, has not been solved con 

In a recent paper‘ the writer proposes the hypothesis that the prese: 
residual austenite may account for a “quasi-equilibrium” concentration c, ~ 
during the first stage of tempering for steels with higher carbon contents 
“quasi-equilibrium” concentration depends on the initial carbon concentrati 
may decrease with decreasing carbon concentration. 

Written Discussion: By N. H. Polakowski, Department of Metallurgi: 
gineering, Illinois Institute of Technology, Chicago. 

| would like to draw attention to one implication of the authors’ inter: 
results 

igs. 6 and 7 show that tempering for 1 hour at 500 °F causes the lattice 
to decrease below that recorded for the as-quenched martensite. A 600 °F te: 
ing dropped the strain to about one-half of its original value. One might 
how is this compatible with the high yield strength associated with the 
tempering range. 

The authors pointed out that the lattice strain in the as-quenched steel 
during the first tempering stage is about that associated with the yield stress 
it be assumed with the authors that the initial increase of strain during temper 
up to 200-300 °F may be, in fact, due to a coherent precipitation of the eps 
phase paralleled by a rising yield stress. So why, then, should the yield strer 
either continue to increase or stay at a high level after the coherency is lost: 

In a paper published about two years ago, Kurdjumoy”’ related the hig! 
sistance to deformation of quench hardened steel directly to the lattice st 
lhe present authors’ results which are more comprehensive and systemati 


Kurdjumov’'s, do not appear to generally support such contention. 


Authors’ Reply 


he kinetics for energy release during the first stage of tempering, as report 


by Dr. Krisement, are rather similar to the findings of Roberts, Averbach a 


Cohen using precision-length measurements (TRANSACTIONS, American Society) 
for Metals, Vol. 45, 1953, p. 576). The problem has been analyzed in further detai 
by Lement and Cohen (Acta Metallurgica, Vol. 4, 1956, p. 469). In these papers 


the rate equation contains an impingement factor which is not far from unit) 
during the first part of the reaction. Under these circumstances, the equation pr 
posed by Dr. Krisement is obtained as a special case, and accordingly, the time 
exponents may be compared. In the integrated form, the time-exponent of equatior 
1 in the discussion becomes 0.0—0.1, whereas the precision-length measurements 
give 0.3. Although this difference lies beyond the experimental error for the 
precision-length data, the experimental error for the heat-evolution determina 
tions is not known to the authors, and hence it does not seem worth while t 
speculate on the cause of the discrepancy at this time. 

Inasmuch as the carbon content of the martensite at the end of the first stag 
of tempering appears to be independent of the original carbon content of t! 


4Q. Krisement Archiv Etsenhiittenwesen, 1956. (in press). 
5G. V. Kurdjumov, “Nature of Hardness of Tempered Steel,” Zhurnal Tekhnich 


Fisiki, Vol. 24, No. 7, 1954, p. 1254. 
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ensite, we have suggested that a metastable equilibrium may exist between the 
n carbide and the low carbon matrix 


hypothesis has not been definitely proved 


at that point in the tempering process 
\n obvious 
epsilon should not precipitate from tetragonal marten 

\ctually a carbide precipitate 


nt is below the metastable solubility limit 
| by electron microscopy on tempering such low carbon martensites, but it 
tempering range than would be expected for epsilon carbide PRANSAC 
\merican Society for Metals, Vol. 46, 1954, p. 851 


ide in question is cementite, and the corresponding activation energy might 
he issue is further 


t 
I 


It is possible that the 


be about the same as for the first stage of tempering 


I 
1) 


plicated by the fact that these low carbon steels probably undergo some te 


ng during the hardening quench. 
he authors would like to know more about Dr. Krisement’s hypothesis that the 
ence of residual austenite may account for the apparent metastable equilibrium 
carbon have been shown to contain some austenite, so 
standpoint of retained 
1950, p. 112) 


o the 


ls with less than 0.25% 
re is nothing unique about this composition from the 


istenite (TRANSACTIONS, American Society for Metals, Vol. 42, 
oreover, when high carbon steels are transformed isothermally into bainite 
itrix of the transformation product is cubic rather than tetragonal even though 
ned austenite may be present (Journal of \/ctals, American Institute of Min 


iid Metallurgical Engineers, Vol. 8, October 1956, p. 1484) 


‘ 


In view of these 


uthors are looking for 


tradictory factors relating to retained austenite, the a 
subject 


to the publication of Dr. Krisement’s paper on the 


\ 


reply to Mr. Polakowski, it should be pointed out that the yield strength of 


is not dependent upon residual strain alone. It is quite probable that the 


rtensite 
subgrain boundaries play prominent 


bgrain size and the precipitates at the 
les in determining the mechanical properties 
rhere is evidence that the local lattice strain influences the elastic 
tiation of plastic flow, as shown by Muir, Averbach and Cohen, (TRANSACTIO 
\merican Society for Metals, Vol. 47, 1955, p. 380). The elastic limit of the as 


renched martensite is relatively low and does not reach a high value until the 


limit, t.e., the 


irtensite is tempered at about 400 °F. Since a substantial part of the residual 


n is relieved by this tempering treatment, it is possible that the elastic limit 


aln 
| the residual strain are inversely connected. It was also shown that macro 


tr 


tresses could influence the elastic limit. 





AN AUSTENITIC ALLOY FOR 
HIGH TEMPERATURE USE 


By R. W. GuArRbD AND T. A. PRATER 


Abstract 

A number of high cobalt austenitic alloys have been in 
vestigated to determine the optimum composition and treat 
ment for an alloy strengthened by the precipitation of NisTi 
Detailed processing data are presented on a single composi 
tion J-1570 having a 1000 °F 1000-hour rupture strength 
15,500 psi. It is shown that an optimum ratio of solution 
elements (Moand IV ) and precipitation element (71) exists 
for this type of alloy. (ASM-SLA Classification: Co, SG-h) 


INTRODUCTION 

Hk? EXISTING high temperature austenitic alloys for use abov 
Ts 10°F derive their strength from precipitation of carbides (usu 
ally molybdenum, tungsten and niobium ) or NigAl. The work of Nord 
heim and Grant (1)' among others has indicated that titanium as 
Nig Ti is a relatively poor strengthener at high temperatures in nicke! 
base alloys. However, preliminary evidence in an investigation of hig! 
titanium alloys (greater than 3% titanium) indicated that in cobalt 
containing alloys of proper composition it was possible to obtain quit 
satisfactory high temperature properties in alloys containing titaniu 
without aluminum. With the advent of large-scale vacuum meltin; 
facilities, it became commercially feasible to make alloys having hig! 
enough titanium contents to show precipitation hardening at elevated 
temperatures without undue formation of nitrides and loss of titanium 
This paper describes investigations of the effects of composition 
treatment and processing variables on a group of alloys containing 
molybdenum, tungsten and titanium. By using statistically designed 
experiments at the laboratory scale, a single optimum compositiot 
could be chosen for detailed processing studies with a minimum ot 
preliminary testing. On each of the laboratory heats microstructural 
studies of the effects of heat treatment were made and in several cases 
the precipitating phases were identified by electrolytic extraction and 

x-ray diffraction of the residues. 
On the basis of the laboratory results, a single composition near the 


optimum was chosen. The effects of a number of processing variables 


| The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Thirty-Eighth Annual Convention of the Societ) 
held in Cleveland, October 8-12, 1956. The authors, R. W. Guard and T. A. Prater 
are associated with the General Electric Research Laboratory, Schenectady, \« 
York. Manuscript received April 27, 1956. 
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e properties and the accompanying changes in microstructure for 

omposition were investigated in order to decide on a commercial 
essing schedule. The process variability was determined on a num 

{ heats in order that acceptance criteria could be set up for com 
cial production. In addition, the necessary physical and mechanical 
erties of the alloy for the designer were determined 


ILABORATORY INVESTIGATIONS 


Specimen Preparation 

In setting up the laboratory investigation, a range of composition 
ariations was studied. The testing involved screening with a single 
reep-rupture test for each heat treated condition, together with tensile 
tests at room temperature and 1500°F. By the use of statistically 
lesigned experiments, good assurance of the final conclusions is pos 
sible with this limited amount of testing. 

(he material used was vacuum induction-melted and cast as 6-pound 
ingots. The raw materials used are given in Table |. The ingots were 
hot-forged and swaged at 1920 to 2010 °F to 0.345-inch diameter rod. 


Table I 


Lron Plastiron: 0.018 C, 99.9 Fe 
Nickel Carbonyl Nickel 

Chromium Electrolytic Chromium 
lungsten Electrode Tungsten 
Molybdenum Are-melted Molybdenum 
Titanium Sponge 

Aluminum 99.99% Aluminum 
Zirconium Sponge 


(he final rupture specimens of 1.125-inch gage length and 0.160-inch 
diameter were made from this rod by centerless grinding. The alloys 
were analyzed chemically for all nominal elements except cobalt. 11 
tantum and carbon were the only elements which generally showed 
significant variations from the nominal composition. The titanium con 
tent was usually about 80% of the nominal composition, presumably) 
because of low recovery of the sponge. The carbon content averaged 
U.14% on the high carbon heats (nominal 0.20% ) and 0.06% on the 
low carbon heats (nominal 0.08% ). 

The specimen slugs were solution treated in dried hydrogen and aged 


air before grinding the specimens. A few preliminary tests showed 
that any surface cold work had little effect on the rupture results. 

(he alloys were tested in creep rupture in each of the heat treated 
conditions at 1500 °F and 30,000 psi. Experience on previous materials 
| this type has shown that a life of 200 hours represents a good alloy 


> 


having a 1500 °F, 1000-hour rupture strength of 24,000 psi. 
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Statistical Designs 

The main benefits derived from the use of statistically design 
periments are the increased efficiency in the testing and the greate: 
fidence in the results. In order to estimate the primary and inter 
effects existing among the several variables, a fractionally repli 
factorial design was used. This design (Fig. 1) involved comp 
tests made on certain combinations of the variables to be studied 
sacrificing certain parts of the information available in a complet 





Base |-Highiron Base 
Figures in Atom % 


Fig. 1—Nominal Composition Levels For Various Alloys in 

Factorial Design—High Iron Base, Fe:Co:Ni ratio 

23:26:46; Low iron base, Fe:Co:Ni ratio 2:52:46. Heat 

treatments were 4 hrs. at 2150 °F or 2300 °F followed by 
aging 24 hours at 1350, 1500 or 1650 °F 


torial design it is possible to reduce the number of alloys tested to th 
twelve shown. In the final analysis, only alloys 210 to 217 were us 

as a group and the effect of carbon was analyzed in a separate desig 

lor a fuller explanation of these designs and their evaluation, the readet 
should consult Kempthorne (2) or Brownlee (3). 

In order to obtain data on the separate functions of molybdenum, 
tungsten and titanium, a ratio design was used in which the total ator 
per cent was kept constant and the relative ratios of these three elements 
were varied. The alloys made and their positions on the pseudo-ternar) 
diagram are given in Fig. 2. 

The third design (Table Il) was set up to determine the effects ot 
“overalloying.” In this set, the ratio of alloying elements was kept con 
stant and the total amount was increased above the optimum amount 
found in preliminary experiments. This design tends to complement 
the ratio design and can be useful if the ratio is reliably chosen. 


Table II 
Linear Design 
(Constant atom ratio Ti:Mo:W 
i Mo + W 5 atomic 
‘1 + Mo + W atomi 
‘Ti+ Mo + W 5 atomic ‘ 
‘i Mo + W atomic ‘ 





Total Atom 


1.0 Mo 


Fig. 2—-Nominal Ratios For Investigating Relative 
Molybdenum, Titanium and Tungsten. All alloys had low 
Same heat treatments as in Fig. 1 investigated 


23! 
e 
iiss 


229 


Fig. 3—Variation of Rupture Properties With Ratio of W/Mo/Ti 

(See Fig. 2) Tests at 1500 °F, 30,000 psi. Data average of two 

highest lives/average ductility. Note: Starred item was estimated 
since the alloy was off the original composition. 
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Structural Investigations: 

Specimens in each of the heat treated conditions were exai 
microscopically at high and low magnifications. The grain size, cat 
distribution and precipitate morphology were determined. These st; 
tural variations were then correlated with the differences in treat 
and creep-rupture properties. 


In addition, specimens aged 72 hours at 1650 °F to develop an “‘o 


aged’’ precipitate were extracted electrolytically using 10% H( 
water at 1 to 2 amps/square dm. The residues were quite bulky 
contained large amounts of tungstic and molybdic oxides. Treat 
with dilute H NOx helped reduce the amount of residue, although son 
of the desired precipitate was dissolved as well. X-ray diffraction p 
terns using chromium radiation were made of the solid specimen aft 
chemical etching as well as on the extracted residues. In this way 
inajor phases precipitating could be identified. 


RESULTS AND DISCUSSION 


Mechanical Properties 
It is not possible to present the complete results obtained on eac! 
alloy which included rupture life, time to 1% creep strain and ruptur 
elongation. Those results which are considered important for the sub 
sequent discussion are given in Table III. The variation of rupture lif 
and ductility for the ratio design are also shown in Fig. 3. In all cases, 


Table III 
Rupture Data For Factorial Design 
(Tested at 1500 °F, 30,000 psi) 


Data are given for best rupture life with 2150 °F solution treatment 


Aging 

Treatment Rupture 
et Life (Hrs) 
1350 239.7: 
1350 86.2 
1500 51.3 
1650 183.4 
1500 114 
1650 324. 
1350 54.! 


1500 190. 


only values for the 2150°F solution treatment are given. Although 
higher rupture lives are often obtained with material solution treated 
2300 °F, subsequent pilot plant studies showed that the larger grain 
size which accompanies this causes a reduction in ductility and a my 
drastic decrease in fatigue life. 
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} Effect of Aging on Microstructure of Alloy 215 (low iron base 2.5 A/O Mo, 
\/O W, 4.5 A/O Ti.) All aging for 24 hours (a) 1350 °F (b) 1500 °F (c) 1650 °F 
x250. 


Structural Observations 


In all of the best alloys of the series the precipitate present, at least 
in the overaged condition, is identified as NigTi. ( Fig. 4 shows a typical 
series of photomicrographs.) The structure of this compound indicates 


that it probably would take very little molybdenum or tungsten into 


solution. At lower temperatures (about 1350°F) the carbon in solu 


is precipitated as alloy carbides, probably MgC, although the 
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identification is not positive. These carbides can have little eff 
the properties at 1500 °F and above. 

The molybdenum, tungsten and iron content of the solid s 
inatrix plays a very important role in controlling the aging process 
is shown by comparing the behavior and structures of alloy 234, co, 
taining 7.1 titanium and O molybdenum, with alloy 235, which ha 
quarter of the titanium replaced by molybdenum (see Fig. 5 
latter has practically no cellular reaction which is associated wit] 
aging, even after aging at 1650 °F. Similar results are shown in Fig 
for alloy 215 (low iron-base) and alloy 214 (high iron-base ). Whil 
there are differences other than base composition between these last 


two alloys, the results of the factorial design confirm the important 


effect of iron on overaging tendency. (Fig. 7). 


Composition Effects 

Che life and ductility in a constant load creep-rupture test are rathe: 
complex properties. In addition, in precipitation hardening alloys suc! 
as those under discussion the properties may change with time in som 
manner influenced by the structure. The results of the laboratory i1 
vestigations seem to indicate that the predominate influences ot! 
factors studies are on the precipitation behavior. Changes in this b 
havior are in turn reflected in the rupture life or ductility. 

In general, all of the composition and treatment variables had sony 
significant effects on rupture life. In addition, several important inter 
actions exist between variables.* The estimated primary effects of th 
variables on rupture life and ductility are given in Table IV. The most 
important factor in determining the rupture strength is the base cor 
position (iron : cobalt : nickel ratio). Examination of the data shows 
that the low iron-base resists loss in rupture life due to overaging to 


Table IV 


Estimate of Composition Effects 


Rupture Strength (estimated from rupture life) 


Estimated Char 
Change in Variable in Property 
2 atomic % Fe to 20 atomic % Fe 
in base 13% in rupture strengt 

atomic % to 2.5 atomic % Mo +6.4% in rupture stret 
1.5 atomic % W to 2.5 atomic % W +-6.2% in rupture strengt 
+.0 atomic % Ti to 6.0 atomic % Ti 1.4% in rupture stret 
Rupture Ductility 

atomic % Mo to 2.5% Mo +.8% E to 10.8% | 
1.5 atomic % W to 2.5% W 5.8% E to 9.8% E 


4.0 atomic % Ti to 6.0 atomic % Ti 6.9% E to 8.2% |! 


Vote: The effect given for any single variable is the effect observed if all other factors 
kept constant at their average level. If levels other than the average are used, the 
would be different. 


"An interaction is said to exist when the effect of two variables in combination 
nificantly different than the sum of their separate effects. 
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Effect of Molybdenum Replacement For Part of the Titanium on the Occurrence: 
Precipitation. Alloy 234 (low iron base plus 7.1 A/O Ti); alloy 235 Cow 


| Cellular 
iron base 5.3 A/O Ti plus 1.8 A/O Mo) 

(a) 234-aged 1500 °F (b) 234 aged 1650 °F 

(c) 235-aged 1500 °F (d) 235 aged 1650 °F 
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Fig. 6—Effect of Iron Content on the Incidence of Cellular Precipitation Alloy (a) 
(high iron base) aged 1650 °F. (b) Alloy 215 (low iron base) aged 1650 °F 


High Iron 


Average Log Rupture Life —> 


1350 1500 1650 
Aging Temperature °F 


Fig. 7—Effect of Base Composition on Aging Behavior. Each 
point represents the average of four alloys and eight tests. 


much greater degree than the base containing 20% iron (a base compo 
sition-aging interaction ). This is in agreement with the structural obser 
vations above. There is also some evidence from the electrolytic extrac 
tion studies that alloys high in iron content may form epsilon phas 
| (Fe,Co);(Mo,W )¢] on aging, thus depleting the matrix of molyb 
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m and tungsten and changing the precipitation reaction. There are 


itions from similar systems that epsiion phase is not an etticient 
ethener at elevated temperatures. The iron content of the base has 
effect on the rupture ductility. 

lolybdenum and tungsten are similar in their effects which seem to 
ssociated with the beneficial effect on rupture ductility. They slow 

loss in rupture life due to overaging as evidenced by the etfeects in 


cy 
~° 


eventing cellular precipitation. (See Fig. 5) The increase in rupture 

is obtained by an increase in both the extension up to the third stage 

| the extension in the third stage. This results in a greatly increased 

per cent elongation at rupture. Detailed analysis of the creep-rupture 

rves shows that the behavior out to 1 to 2° strain is not appreciably 
influenced by composition changes in the ranges studied. 

(he data in the ratio design (Fig. 3) show that molybdenum and 
tungsten, while having similar effects, are not entirely equivalent. Mor 
letailed study of the aging process might disclose the reasons for this 

(he effect of variations in titanium content is small and depends on 
the base and alloy composition to some extent. ( Llowever, there appears 
to be little advantage of increasing the titanium content above the range 
studied, 4.5 to 6.0 atomic %.) 

In agreement with previous data on alloys of this type, there is little 
effect of variations in the carbon content in the range 0.4 to 1.0 atomi 

(0.08 to 0.20 weight % ). 

lhe factorial experiments show several other important interactions 
in addition to that between the base and aging treatment mentioned 
ihove. It is thought that another important one exists between the base 
omposition and titanium content, but because of the statistical design 
chosen, this is not definite. Several other interactions, while of statistical 
significance, are not large enough to be of practical importance. 

\ ratio of titanium to molybdenum plus tungsten of 9:10 was chosen 

r the linear design since it was thought that the optimum ratio might 
be less for more highly alloyed materials. The results of this series 


lable 11) show clearly that there is little benefit in going to more 
highly alloyed materials. In agreement with the observations in the 


high iron-base alloys, the deterioration of properties is accompanied 
hy the appearance of epsilon phase as a constituent in the aged alloy. 


Effects of Heat Treatment 

lhe effects of heat treatment variations were found to agree gener 
lly with the expectations for a precipitation hardening system. How 
ever, the best alloys show an improvement in rupture life when aged at 
1650 °F prior to test even though substantial visible precipitation oc 
irs. The increase in solution treatment temperature from 2150 to 
300 °F results in a larger grain size and longer rupture life with soine 

crifice in ductility. 
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PROCESSING STUDIES 


Choice of Composition 
The single composition chosen for intensive investigation 
effects of processing variables is given in Table \. In view of the sli 
greater strengthening effect of tungsten it was decided to use it 
rather than use a combination of both molybdenum and tungste: 


Table V 
Composition of J-1570 
Co Cr W 


39.0 19.9 6.6 


Typical Mechanical Properties of J 1570 
0.2% Yield Tensile 
Temp. (°F) Strength (psi) Strength (psi) 
Room 81,000 152,000 
70,000 132,000 
70,000 105,000 
70,000 82.000 
49 000 56,000 
1650 36,000 $2 000 
1700 32,000 36,000 
] 
i 


Rie) 17,000 20,000 


100 hr 1000 hr 

rupture Rupture 

Strength Strength 
Temp (psi) (psi) 
1201 98,000 84,000 


1o00 42,000 60,000 
1400 49,000 38,000 
1500 34,000 24,000 
1600 22,500 15,500 


1700 13,500 8,000 


keep the cost down an intermediate level of tungsten was finally chose 
‘The titanium level was chosen at the middle of the two levels used pri 
viously. 
Effects of Heat Treatiment 
The optimization of composition was done employing only the thre 
heat treatments cited above. However, after selection of a compositio1 


for intensive investigation, it was necessary to evaluate more fully heat 
treating variables. Early testing had indicated that sufficient ductilit 
could probably be obtained in any of these alloys ; however, it had bee 


learned that certain combinations of heat treatment and testing condi 
tions resulted in low elongation values. The importance of ductility 
further emphasized when fatigue tests were undertaken. It was found 
that in general those treatments resulting in low tensile elongations 
sulted in short fatigue life. This dependence of ductility on heat treat 
ment is essentially a dependence upon structure. Those treatments 
which developed large grain sizes; for example, solution treating at 
temperatures above 2200 °F resulted in coarse grain sizes and long ru 
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life, but reduced rupture ductility and short fatigue life. While 
solution treating temperature was of greatest significance in detet 
ing the amount of ductility obtained during testing, the aging tem 

rature was also found to be of significance, particularly in the case of 


nsile ductility. Those aging treatments which resulted in the largest 
rease in hardness and rupture life and in which little or no precipitate 


is visible at low magnifications resulted in low tensile ductility at 
peratures between 1300 and 1500°F. Higher aging temperature 
1650 °F) resulted in a structure which appears to be overaged ; that 
the precipitate is visible in large quantities at low magnification. 
owever, there is little sacrifice in rupture or tensile strength but a 
irked increase in tensile ductility, especially in that temperature range 
hich showed limited ductility on aging at lower temperatures. A con 
ideration of the various observations cited dictated a solution treating 
temperature of approximately 2100°F and an aging temperature of 
1650 °F. 
Response to Hot and Cold Working 
(he importance of grain size as noted during the study of heat treat 
ent variables pointed out the necessity of learning how the grain size 
ould be affected by various working and heat treating cycles. Wedge 
shaped samples 3 inches long and tapering from 54 to 4 inch in thick 
ness were rolled in a single pass to flats % inch thick. This yielded ma 
terial with varying amounts of reduction in area from zero to 20%. 
our such specimens were rolled at each of eight temperatures from 
1100 to 1800 °F. The structure obtained on rolling was noted in each 
ise. No change in structure except a moderate amount of grain elonga 
tion was noted in any specimens rolled at temperatures below 1700 °F 
\t 1700 °F it was found that the resulting grain size was much larger 
than the initial grain size. The grain size in the as-rolled material being 
in some cases as large as ASTM No. 1, whereas it had been No. 7 or 8 
prior to rolling. On rolling at higher temperatures this grain coarsen 
ng was not noted. This then indicated that the small amount of de 
formation obtained on rolling this type of specimen at 1700 °F repre 
sented a critical strain and anneal cycle. Similar results could be ob 
tained by rolling at a low temperature and then heating to 1700 °F 
When the rolled bars were annealed following the rolling operation no 
significant change in grain size was noted unless one of two things was 
lone. First, if the heating through the temperature range near 1700 ° I 
as slow in a cold-worked sample, recrystallization to a large grain size 
is noted, and, secondly, in material of any previous history, if the 
nnealing temperature was above 2250°F, a coarse grain structure 
resulted. This, then indicates that in forging of this material the tem 
perature should be kept above 1750 °F. If the temperature is allowed 
to drop to about 1700 °F, coarse grains with resulting poor ductility 
nd fatigue strength will result. 





PRANSACTIONS OI! 


; Table VI 
Stress-Rupture Properties of Ten 400-pound Heats of J—1570 


Stress (psi) Heat N 
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35,000 
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30,000 
30,000 
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30,000 
30,000 
30,000 
30,000 
1600 30,000 
1600 30,000 
1600 30,000 
1600 30,000 
1600 30,000 
1600 30,000 
16 30,000 
1600 30,000 
1600 30,000 
1600 30,000 
1600 30,000 
30,000 
30,000 
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30,000 
30,000 
30,000 
22,500 
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20,000 
20,000 
20,000 
20,000 
20,000 
20,000 
20,000 
0,000 
20,000 
20,000 
20,000 


->h hhh hele hf hehe HLH HHH BH SHH SDS 





AUSTENITIC HIGH TEMPERATURE ALI 


Tensile Strength, |OOQOpsi 


1000 2000 
Temperature °F 


Fig. 8——Variation of Tensile Strength of J-15 
With Temperature 


100 
Rupture Life, Hours 


Stress Rupture Curves For J—1570 Showing Typical Variation 
From Heat to Heat 


Typical mechanical properties of this alloy when solution treated at 
2150 °F and subsequently aged at 1650 °F are given in Table V. These 
results are shown graphically in Figs. 8 and 9. Ten 400-pound heats 
were tested and the rupture lives and ductilities of these heats at several 


t 


esting conditions are given in Table VI. 

Ln general the spread in life was about 2:1 which represents a differ- 
ence in rupture strength of about 1000 psi. In one series of tests, 
1600 °F and 20,000 psi, the spread was somewhat greater—about a7 i. 





856 TRANSACTIONS OF THE ASM 


The spread from heat to heat is much greater than the maximum 1 
between duplicate samples from the same heat. The spread is a r 
of testing differences, minor composition and processing differenc 
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DISCUSSION 


Written Discussion: By T. L. Robertshaw, research assistant, Universal 
(yclops Steel Corporation, Bridgeville, Pennsylvania. 

The authors are to be commended for their very excellent study and presenta 
tion of compositional development and elevated temperature properties of J-157/ 
alloy. 

We at Universal-Cyclops Steel Corporation were particularly interested in t! 
factorial design methods used in this report. Dr. E. G. Vogt, of our Resear 
and Development Laboratory, has been instrumental in incorporating these met 
ods into our alloy development and melting process investigations. 

In private communications with the authors we found that they also analyz 
their balanced rupture data using the logarithm of the rupture life rather tha: 
the absolute or linear value. The reasons for doing this are several. In testing 
the significance of this type of data, it is customary to use statistics which ar 
predicated on the well-known Normal Distribution. If the measured respons 
exhibits a distribution other than Normal, it is customary to transform the data 
so that it conforms to a Normal Distribution. Phillips and Sinnott’ have pr 
viously illustrated this point very well. Working with 2S aluminum they fou 
that the logarithm of the rupture lives followed a Normal Distribution. 

\nother reason for comparing the logarithms of rupture lives in a balanc 
design is tO minimize the effect of different experimental errors between long 
and short time tests. It is commonly agreed that long time tests exhibit mor¢ 
variation in absolute or linear rupture life than short time tests on the sam 
material. It is not so commonly known, however, that Normal Distributions 
properties having Normal Distributions should not follow this trend. In fact 
can be proven that in a Normal Distribution, the two parameters, mean (or avet 
age), and variance (or amount of scatter), are completely independent. Ther 
fore, it is necessary to transform the absolute rupture lives to a property, wh 
will exhibit this independence of mean and variance. 

The rupture data of 10 heats of J-1570 in Table V of the subject paper wer 
transformed into logarithms. The estimates of the variances for both the linear 
and logarithmic treatment are shown in Table VII. It is apparent that the loga 
rithm of the rupture life satisfies the requisite of independent parameters. 


C. W. Phillips and M. J. Sinnott, “A Statistical Study of the St s-Rupture 
[RANSACTIONS, American Society for Metals, Vol. 46, 1954, p. 631. 
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Table VII 
Comparison of Linear and Logarithmic Averages and Their Corresponding 
Variances for Rupture Life Data on J-1570 After Guard & Prater 


stress 
psi 
30,000 
35,000 
22,500 
20,000 


30.000 


It appears then that the logarithm of rupture life should be used for both the 

ilysis of data of similar alloys such as in Table III of the paper under dis 
ission, as Well as setting rupture specifications for this particular alloy and other 
igh temperature alloys. 

| would also like to mention that Messrs. Koffler, Pennington and Richmond, 
f our Laboratory, have recently analyzed stress-rupture data for several vacuum 
nelted super alloys with particular attention to the effect of small amounts of 
boron and zirconium additions. As in the case of other alloys, J-1570 exhibited a 
marked improvement in rupture life and ductility, Fig. 10. With a total addition 
of 0.005% boron and 0.05% zirconium the rupture life of J-1570 at 1650 °F and 


28 


24 





% Strain 








40 60 80 1\OO 120 140 
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Fig. 10—Creep Curves of Forged Dip Samples Taken from the 
Same Vacuum-Melt of J-1570 Before and After Small Zirconium 
and Boron Additions. Base analysis: C—0.14, Cr—19.9, Ni—29.5, 
Co—36.7, Ti—4.37, Fe 1.66, W—7.2 Tested at 1650 °F, 20,000 psi 


-V,000 psi was markedly increased, the rupture ductility greatly improved and 
the creep rate significantly decreased. It is noted that the combination of boron 
and zirconium is considerably more effective than zirconium aione. These speci 
mens were taken from dip samples from the same melt after sequential additions of 
irconium and boron. Subsequent data on finished bar stock has shown the same 
general improvement in rupture life, elongation and creep rate, with the addition 
t boron and zirconium to the J-1570 base. 
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Written Discussion: By fF. R. Morral, Cobalt Information Center, B 
Memorial Institute, Columbus, Ohio. 

The authors are to be congratulated on (a) the use of experimental desi 
fairly new statistical tool for the metallurgist, and (b) on condensing in 
short paper, an investigation which must have required many man hours 
search. Personally, | am happy to see that the authors have chosen cobalt a 
base material for their new alloy. 

It is gratifying that the authors found that their cobalt-base material met 
high performance requirements in engineering properties and ease of metallur; 
fabrication. Examination of the variation in stress-rupture properties, wl 
often near the ratio of 2:1 within a group, suggests to me that we still 
know very much about the handling of these as well as other similar hig! 
perature alloys. There is, therefore, an abundant field open for cobalt-alk 
search. 

More of the type of research exemplified in this paper to develop optimum 
position and treatments for cobalt-base alloys are needed. As a materials enginee: 


| am grateful for the extensive data on stress rupture to evaluate the possibilitix 


of J-1570 at the present stage of development, and they will help to ponder: 


how to improve the performance. 

In closing, in the study of cobalt and cobalt alloys, little advantage app 
to have been taken of its allotropic forms; effect of control of cobalt purity 
alloying has not been yet described. It appears to me that new alloys with improv 
melting, casting, and proper fabricating techniques should still permit furthe: 
development of promising cobalt-base and cobalt-containing high temperatur 
alloys. 

Written Discussion: By Edward A. Loria, staff metallurgist, Crucible Ste 
Company of America, Pittsburgh. 

The authors refer to the work of Nordheim and Grant among others, as havir 
indicated that titanium as NisTi is a relatively poor strengthener at high temper 
atures in nickel-base alloys. To explore this problem one would have to ¢ 
the multi-component phase diagrams, ending up with the solid solutions resolving 
themselves into the ternary NisCr-NisAl-NisTi with the alloys of interest b 
ing within the gamma + gamma prime region rather close to the NisCr or gamma 
corner of the diagram. The rather abbreviated study by Nordheim and Grant t! 
gamma prime ( NisAl) and carbide precipitation are both needed for best creep lif 
in a superalloy is substantiated. Even though it is better to balance the compositi 
to avoid direct Nis Ti precipitation, this does not mean that titanium should 1 
be used, for the right amount of titanium allows more aluminum to go into sol 
solution (than without it). If one eliminates titanium one can not get titaniut 
carbide precipitation and it also triggers (nucleates) chromium carbide precipita 
tion so it is desirable from that standpoint alone. 

Heat treatment variations can affect the properties of J-1570 particularly in 1 
case of rupture ductility. Room temperature tensile properties of our 0.050 a1 
0.065 inch thick J-1570 sheet showed 90,000 psi yield (0.2%) 156,000 psi ultimat 
and 20% elongation after 0.5 hr at 2150F and 24 hr at 1650F. The rupture life at 
1650F under 20,000 psi in the 0.065 inch thick sheet was about four times that 
the thinner sheet. Intergranular oxidation occurred during the rupture tests a! 
this factor would be very important in determining the limitation of the she« 
thickness that could be used in high temperature applications. What has be 
the authors’ experience in this regard? Do they have any comparable data 
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made on welded sheet? On the basis of « all properties and 
tion, how would J-1570 compare with R-23 
clarify where the cellular structure is in 
lar precipitate is quite evident in Fig. 5a but not 
ment on the morphology of this constituent and its re: 
iron alloys in line with the findings of Hsaio and Dulis 
6)? 
Written Discussion: By A. W. Cochardt, advisory engineer, 
tment, Westinghouse Research Laboratories, Pittsburgh 
would like to ask the following 5 questions 
|. What was the grade of cobalt used in this study? T; 
materials except cobalt which is the major componen 
Did the authors notice a relation between ductility and sulphur content 
similar to that found by Martin* in cobalt 
What was the melting procedure? Were some of the elements added late 
to the melt and if so, in what ordet 
How would the creep properties of J-1750 change if no carbon were added 
to it? 
How do the rupture times of notched specimens compare with those of 
plain ones? 
Written Discussion: By Jack T. Brown, Materials [Engineering Department, 
\\ estinghouse Electric Corporation, Pittsburgh 
(he stress-rupture properties listed for the ten heats of J-1570 appear to be 
juite good, and adequate as an alloy for present jet engine turbine blade require 
ments. 
There is an interesting aspect of the mechanical properties listed in Table V that 
wonder if the authors could explain. That is, the 100-hour and 1000-hour rup 
ture strength at 1200 °F are considerably higher than the 0.2% yield strength at 
hat temperature, and even higher than the yield strength at room temperature 
| am aware that this phenomena is also present in some other high temperature 
illoys, and such a condition is certainly advantageous for obtaining highest pos 
sible strength, however, other alloys exhibiting this phenomena have been found to 
be notch sensitive in the temperature range in which the phenomena exists. Could 
you provide any information on the notch sensitivity of J-1570 in the 1200-1300 °F 
range? 
It is illustrated in Fig. 5 that replacing some of the titanium with molybdenum 
good from the standpoint of preventing what is termed a cellular precipitate, 
ind in Fig. 6 iron is shown to have a similar effect, yet in Fig. 7, it is illustrated 
at the high iron alloy has poorer rupture life than the low iron alloy. Thus it 
vould appear that suppressing the cellular precipitation in one case is good and 
1 another is not good. 
rom the appearance of the photomicrographs in Figs. 5a, 5b and 6b it appears 
at two different types of precipitation are occurring (that is, cellular as a de 
ription of both is not precise ). The precipitate in Fig. 5 is nucleated at the 
\ustenitic grain boundaries and grows in lamellar fashion, like pearlite, consum 
ng the austenite. The precipitate in Fig. 6b is seen to come out on preferred 
rystallographic planes of the austenitic matrix. The angular relationship between 


he traces indicate the precipitation is occurring on (111) planes. These are the 


*D. L. Martin, “Sulphur Embrittlement of Cobalt,’ Jou ( VU etal May 1956, Section 
57 


8 


»?P 
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normal slip planes, and it may be that part of the reason for the better 
life of the low iron alloys is that the precipitate keys deformation on the 
system forcing the deformation to take place on other systems. 

Written Discussion: By A. R. Walsh, metallurgist, Vacuum Metals C, 
tion, Syracuse, New York. 

The authors are to be complimented on their fine work on high cobalt au 
alloys containing titanium without aluminum. Our data on the elevated t 
ature properties of vacuum induction melted J-1570 bar stock are com 
with test results presented in this paper and with unpublished data. 

There is meager information on the properties of sheet material mad 
this alloy. A few comments on the results of our work are included whicl 
may be of interest. 

We have tested samples of 0.050 and 0.065 inch thick sheet which were so 
treated at 2150 °F for 30 minutes, air-cooled and then aged at 1650 °F for 24 | 
and air-cooled. Room temperature tensile data showed that sheet thicknes 
no effect on strength properties or ductility. 

On the other hand, we found a marked difference between the 1650 °F er 
rupture strength of the 0.050 and 0.065 inch thick sheet. The rupture life of 
latter was about four times that of the thinner sheet. Metallographic examinati 
of broken specimens revealed considerable intergranular oxidation had occurr 
during the creep rupture test. 

Inasmuch as a greater reduction of effective cross-sectional area by intergra 
ular oxidation would occur in 0.050 inch thick sheet as compared with 0.065 i: 
thick material, this factor would be very important in the determination of sheet 


thickness that could be used satisfactorily in high temperature applications 


Authors’ Reply 

We wish to thank the several people who have discussed our paper. 

Dr. F. R. Morral points out a factor which is important to several of the dis 
cussions, i.e., that the rupture life for supposedly identical specimens varies 
2:1. Two factors should be noted concerning this, first, a 2:1 difference in lif 
represents approximately +5% variation in rupture strength, second, as 
cussed in the paper, small differences in finish rolling or swaging temperatu 
have a marked effect on the grain size and resulting rupture strength. It is en 
tirely possible that the difference in finishing temperature even from end to e1 
of a bar is sufficient to cause this great a difference in strength. This is probabl 
because of the small diameter to which the bars were swaged (0.345 inch). This 
merely emphasizes Dr. Morral’s point that there is much to be learned concerning 
the handling of these alloys. 

Mr. Walsh and Mr. Loria both indicate that tests on 0.065 inch sheet and 0.050 
inch sheet exhibit rupture lives differing by 4:1 which is equivalent to about 
20% difference in rupture strength. Mr. Walsh points out that intergranular 
oxidation was noted in these specimens. We have also noted some evidence ot 
intergranular oxidation, but not sufficient to have a noticeable effect on 
strength of samples with larger cross-sectional areas. Our own observations al 
the fact that the properties of 0.065 inch sheet compare favorably with tests n 
on bar stock would both indicate that intergranular oxidation, while an importa 
factor, probably does not account for the entire difference in rupture strengt! 
We would think that some other factors such as grain size differences might b 





of equal importance. Intergranular oxidation would obviously become mor 
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t as thickness is decreased, and would limit the sheet thickness which 


1 


|. In general, nickel base alloys are superior to cobalt base alloys 
t. We do not have any data on welded sheet nor do we 
with which we can compare our data 
cerning the merits of NisAl versus Nis Ti precipitates, the author 
ined alloys with both types of precipitates and find Nis Al to be the bettet 
Ni-Cr-(Ti,AlL) ternary systems, but that this is no longer true when 
vybdenum, cobalt, and tungsten are present. In the latter case, NisTi is the 
effective strengthener. Our work indicates that sinall carbon additions are 
ful in increasing ductility, but that the formation of carbides occasioned by 
er carbon additions has little effect. Perhaps this is the result of two op 
ng effects, ie., strengthening by carbide formation, and weakening by de 
tion of the matrix. 
he kinetics of formation of the precipitate resulting in the cellular structure 
ted in Fig. 5a has not been studied in detail. In those compositions exhibiting 
e best high temperature properties, bulk precipitation was always noted with 
reference for grain boundary nucleation. In the high iron alloys, grain bound 
ies were frequently the location of initial precipitation 
\ rather poor photographic reproduction (Fig. 6a) of the structure observed 
roscopically has raised a question by Mr. Loria and by Mr. Brown. Replace 
nt of part of the Ti by Mo retards formation of an overaged cellular structure 
loes dropping the iron content to a very low level. Fig. 6a should exhibit a 
llular structure very similar to lig. 5b while the Widmanstatten structure of 
Ob is quite different. We agree with Mr. Brown that the type of precipitation 
<hibited in Figs. 5a, 5b, and 6b are different. It was not intended that the term 
ellular apply to Fig. 6b. The authors agree with Mr. Brown's description of the 
recipitation processes. The Widmanstatten structure of Fig. 6b in addition to 
retarding slip, would be expected to be very effective in preventing recrystalli 
ition 


\s Mr. Brown points out, it is fairly common for materials of this type to 
xhibit 100 and 1000 hours rupture strengths higher than the 0.2% yield strength 
1200 °F. This is characteristic of “low temperature” behavior in an age 


irdenable alloy. ]-1570 is notch sensitive at 1200 °I*, as suspected by Mr. Brown 


The rupture life of a notched bar at 1200 °F 1s considerably less than that of an 
unnotched bar. We have no data at 1300 °F, but at 1350 °F the alloy has become 


insensitive to the presence of notches. 
lhe authors would like to emphasize the desirability of employing the logarithm 
f rupture life for statistical analysis of rupture data as pointed out by Mr. Robert 
naw. 
n answer to Mr. Cochardt’s questions: 1) cobalt rondelles which have a 
minal composition of 99.3% Co, 0.3% Ni, 0.04% Fe, 0.05% C, 0.02% Ca, 
1.03% Mn, 0.02% S, and 0.04% Si were used in all heats, 2) Our heats were not 
inalyzed for sulphur so no correlation between sulphur content and ductility can 
be made, 3) All alloys were vacuum induction melted with an initial charge of 
halt, nickel, chromium and carbon. After hydrogen deoxidation, molybdenum, 
tungsten, and titanium were added, 4) A small carbon addition is advantageous 
this type of alloy to improve workability, hence, no heats were made with no 
rbon, 5) at 1350 °F, notched rupture bars have somewhat longer rupture lift 
an smoother bars. At higher temperatures, this is more pronounced. At 1200 °F 


‘tched rupture bars have shorter life than smooth bars 





EFFECT OF ENVIRONMENT ON CREEP-RUPTURE 
PROPERTIES OF SOME COMMERCIAL ALLOYS 


By PAUL SHAHINIAN 


Abstract 

The creep-rupture properties of the alloys, DM 45, 12% 
Cr-V steel, AIST 304, N-155, S-816, and Inconel X wer 
determined in atmospheres of air, oxygen, nitrogen, heliun 
and vacuum, Both plain and notched specimens were test 
at temperatures ranging from 1100 °F for the low alloy ste 
to 1500 °F for the super-alloys. Metallographic examina 
tions, hardness determinations, and gas analyses were mad; 
on fractured specimens. 

The high temperature properties of the alloys were influ 
enced by test atmosphere with certain effects being genera 
for all of them. Rupture life and creep resistance wer 
greater in air than in the other atmospheres. The alloys of 
relatively low ductility were more susceptible to the effects 
of atmosphere in the notched than unnotched condition. It 
was found that an alloy which was notch strengthened in on 
atmosphere might be notch weakened in another. The effect 
of environment on properties is discussed in terms of the 
possible influence of oxygen on crack formation and grain 
boundary strengthening effects. (ASM-SLA_ Classifica 
tion: O3, O4, SG-h) 


INTRODUCTION 
Hk FLOW and fracture characteristics of metals are primarily c 

eae upon temperature, stress, strain rate, and prior strain 
history, and generally to a lesser extent on factors such as size and 
geometry, surface condition, and environment. Among the properties 
affected by environment are creep rate (1,2)! and rupture life (3,4) 
Both liquid and gaseous environments have been shown to either in 
crease or decrease these properties with respect to an inert medium. Un 
til recently an oxidizing environment was considered to be deleterious 
to creep and rupture properties ; however, several instances have been 
noted where rupture life is longer in air than in inert atmospheres. 

It was the object of this investigation to determine the effect of vari 
ous atmospheres on the creep-rupture properties of several classes 0! 
high temperature alloys at or near their usual service temperature. 1h 
effect of environment in the presence of stress concentration was als 


[he figures appearing in parentheses pertain to the references appended to this pape 

\ paper presented before the Thirty-Eighth Annual Convention of the So 
held in Cleveland, October 8-12, 1956. The author, Paul Shahinian, 1s associat 
with the Naval Research Laboratory, Metallurgy Division, Washington, D. ‘ 
Manuscript received April 2, 19596. 
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additional purpose of the study 
to find a material which was highly susceptible to the effects ot 


red with notched specimens. \n 


onment so that it could be used in subsequent investigations of th 


anism of the phenomenon. 


eX PERIMENTAL PROCEDURI 


he influence of environment on creep-rupture properties was deter 


ed for the following alloys: low alloy steel, DM 45; 12% chromium 


ulium steel; austenitic stainless steel, AISI 304; nickel-base alloy, 
nel X ; cobalt-base alloy, S-816; and N-155. The chemical compost 


and heat treatments are listed in ‘Table |. The heat treatments 


Table I 


Chemical Compositions of Alloys 


Nominal compositions 


Heat Treatments 


Oil-quenched from 1650 °F, Tempered at 1250 °F for 2 hours 
Normalized at 2100 °F 


Solution treated at 19 for hour. Water-quenched 
Solution treated at 23( f 1 hour. Water-quenched 
1500 °F for 16 hours 

Solution treated at 22 . § hour. Water-quenched 
1350 °F for 24 hours 

Solution treated at 210 Sf t hours, air-cooled. Aged 
for 24 hours. Aged ; 5 for 20 hout 


which were given prior to machining are those normally used for the 
loys. All of the materials were commercially produced hot-rolled bar 
tock except the wrought 12% Cr-V steel which was a laboratory heat 
riginally prepared for another investigation. 
Creep-rupture tests were conducted in atmospheres of air, oxygen, 
nitrogen, helium, and vacuum on notched and unnotched specimens ex 
cept for the 12% Cr-V steel and N-155 alloy which were tested only in 
the unnotched form. Each alloy was tested at a single temperature rang 
ing from 1100 °F for the low alloy steel to 1500 °F for the super-alloys. 
Stress levels were employed which resulted in test durations of up to 
00 hours. 


[he dimensions of the plain and circumferentially notched test spect 
ens which were made by grinding are shown in Fig. 1. The notched 
pecimen contained a 50%, 60-degree, V-notch with a root radius of 
0O1 to 0.0015-inch. The applied stress for the notched specimens was 
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"V" Notch 60° Angle, 0.00!1"R at 
Bottom of Notch, Diameter of 
Specimen at Bottom of Notch 0.175" 


1—Plain and Notched Creep-Rupture Spe« 


calculated on basis of the minimum cross sectional area at the 
the notch. 
The tests were carried out in conventional constant load c1 


rupture machines; the operational details were previously describ 
(5). A gas-tight chamber, shown in Fig. 2, was used for the controll 
atmosphere tests. Extension of the specimen is permitted by the mo! 
upper specimen holder which is attached to the chamber by means of 
metal bellows. The thermocouples which enter the chamber thi 
Conax thermocouple glands at the top were placed in contact with t! 
specimen. The chamber was assembled prior to placing it in the cre 
rupture unit. 

The nominal compositions of the gases employed for the controll 
atmospheres and the methods of drying and purification are givet 
Table II. Stagnant atmospheres were employed with the nitrogen 
helium, but with the oxygen a constant flow was maintained throu 
the chamber under a slight positive pressure. The chamber was eva 
ated and flushed several times and filled with the proper atmosphet 
prior to heating of the specimen. The vacuum which was obtained 
means of a mechanical fore pump and oil diffusion pump was bette! 
than 5 microns. In the vacuum tests the load on the specimen was 
justed to compensate for the atmospheric pressure. 

Metallographic examination was made of sections of fractured | 
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Table II 

Atmospheres (Vendor’s Analyses) 
Oxygen 99.5% ; impurities, 0.5% nitrogen and argon 
Nitrogen 99.8% ; impurities, 0.2% oxygen, water vapor 0.007 mg, per liter 
Helium Grade A; impurities 0.0005%, nitrogen and hydrogen 

Purification 

Oxygen Passed through anhydrous calcium sulphate 
Nitrogen Passed through anhydrous calcium sulphate and hot copper turnings 
Helium Passed through Ascarite, anhydrous calcium sulphate and hot copper 


and notched specimens. Microhardness was also measured on thes 
sections particularly near the surfaces. The gage sections of some fra 

tured specimens with and without the surface layer were analyzed for 
oxygen, nitrogen, and hydrogen contents. The gas analyses were mac 
by the vacuum fusion method. 


RESULTS 


The effect of environment on properties was analyzed in terms o 
rupture life, minimum creep rate, elongation at fracture, and reduction 
of area except in the case of notched specimens for which only ruptur 
life was considered. The variations in properties produced by the at 
mospheres, listed in Table III, are discussed for each alloy separately 
since they were not always affected by the atmospheres in the sam 
manner, Even though a number of exceptions did occur, certain general 
effects were apparent. 


DM 45 


In general, rupture life of both the plain and notched specimens was 
longest in air and shorter in decreasing order in oxygen, helium and 
vacuum, and nitrogen. An exception was the unnotched specimens at 
the shorter test times (higher stress) which showed no apparent dit 
ference between life in air, oxygen or nitrogen atmospheres. Several 
tests in nitrogen which produced oxidized samples either due to im 
proper purification or a leak in the system were of approximately the 
same duration as the oxygen tests. 

The minimum creep rates obtained in the lower stress tests (20,000 
psi) were lowest in air and oxygen, intermediate in helium and vacuum, 
and highest in nitrogen. In the higher stress tests, the creep rate in 
nitrogen was slightly lower than in air or oxygen. 

The total elongation in the shorter time tests in nitrogen was mark 
edly less than that in air and oxygen whereas in the longer time tests 
the converse was true. The elongation obtained in a vacuum was the 
same as that in the nitrogen atmosphere, and higher than that in air 
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Table III 
Creep-Rupture Results 


Notch 


Plain 


Notch 


Plain 


Notch 


Specimen was oxidized 


25,000 


20,000 


15,000 


13,000 


18,000 


16,700 


1 
15,000 


17,000 
15,000 


13,000 


> 


32,000 


23,000 


20,000 


? 


23,000 


Atmos 
phere 


DM 45 
Alt 


Oxygen 
Nitroget 
Air 
Oxygen 
Nitrogen 
Helium 
Vacuum 
Nitrogen* 
Au 
Oxygen 
Nitrogen" 
Air 
Oxygen 188 
Nitrogen 118 
Helium 146 
Vacuum 
Nitrogen* 

12% 
Al ] 
Alt ] 
Oxygen l 
Helium 


Helium 6 
Vacuum 9] 


AISI 304 


Al 
Nitrogen 
Vacuum" 
Air 
Oxygen 
Nitrogen 
Helium 
Vacuum 
Au 
Oxygen 
Nitrogen 
Vacuum 
Vacuum 
Ait 
Oxygen 
Nitrogen 
Helium 
Vacuum 


N-155 


Rupture 


Life-H1 


159 


187 


Cr-V 


+6 
54 
15 
Q 


Alr 

Air 
Oxygen 
Nitrogen 
Vacuum 
Air 
Oxygen 
Vacuum 


S-816 


Vacuum 
Air 

Air 
Oxygen 
Oxygen 
Helium 
Helium 
Vacuum 
Vacuum 
Air 
Vacuum 
Al 


wv 


SNe 


~ 


at 


0.24 
0.080 


1.130 


— 
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Table III—(Continued.) 
Creep-Rupture Results 


Tem, Spe Stress Atmos Rupture M’' R Elong R 
Tvp 1 phe Life-Hr ' Hy ( \r 

Notcl Oxygen 100.7 

Nitrogen 78.1 

Helium 54.2 

Vacuum 73.1 

OOK Al 479.) 

Oxygen 237.¢ 

Nitrogen 360.6 

Helium 292.3 

Vacuum 201 


Inconel X 


Plan 25,000 Alt 208 0.00 
Oxygen 169.5 0041 
Nitrogen 93.8 0.007' | 
Vacuum 137.6 0.0037 7.6 
Helium* 185.4 ike: Q - 
Ait 331. 0.0017 , 
Air 341.0 0.0014 
Oxygen 307.4 0.0026 ( 
Nitrogen 291.7 024 
Vacuum 276.8 0.0024 
Nitrogen +04 0.0012 6 
Note] 00 Ait 123.1 
Oxygen 84 
Nitrogen 25.3 
Helium $] 
Vacuum 7 
Air $33.0 
Oxygen 61.2 
Nitrogen 7 ; 
Vacuum 8.3 
16,70 Vacuum 73.2 


Specimen was oxidized 


or oxygen. Also the reduction of area of the vacuum-tested specime: 
was greater than that of the specimens tested in the other atmospheres 


12% Cr-V Steel 
The rupture life at 1200 °F was longest in air followed in order by 
oxygen, and then vacuum and helium. Also, the creep resistance in air 
was greater than in the other environments. The total elongation was 
the highest in air. There was no apparent effect of atmosphere on reduc 
tion of area. 


AIST 304 


In tests at 1350 °F, unnotched rupture life was greater in air than in 
nitrogen for the shorter time tests, but in the longer tests, the converse 
occurred. The life in oxygen was about the same as in air, and longer 
than in vacuum and helium. An oxidized specimen recovered from 
vacuum test which apparently had developed a leak had a slightly longer 
rupture life than the air specimen. The rupture life of notched speci 
mens was longest in air and diminished somewhat in vacuum ; the short 
est lives occurred in nitrogen and helium. 

The minimum creep rate at the longer test times (13,000 psi) was 
lowest in nitrogen followed in increasing order by air and oxygen 





( REEP-RI PTI Rf} OO] ( OM,MMI R¢ ] {| | R60 
uum, and helium, At 15,000 psi, the creep rate in air was lower than 
it in nitrogen. 


N-155 
Rupture life at 1500°F was longest in air and shortest in vacuum 
th intermediate values for oxygen and nitrogen. Although there was 
significant effect of environment on creep rate at 15,000 psi, the tests 
t the lower stress level indicated the best creep resistance to be in air 
ind the lowest in vacuum. The total elongation in air was slightly higher 
in in the other atmospheres. 


S -c 16 

In general, the unnotched rupture life was greater in air than in other 
ittmospheres ; 1t was lowest in oxygen. In the presence of a notch, the 
upture strength of the material was also highest in air. The relative 
der of strength in the other atmospheres was different at the two 
stress levels. The effect of environment was greater with the notched 
than unnotched specimens. 

lhe lowest creep rates at 23,000 psi were obtained in vacuum and air, 
ind the highest in oxygen. In the longer time tests (20,000 psi), the 
creep resistance in air was better than that in vacuum. 

There was no significant effect of environment on elongation. Reduc 
tion of area of the vacuum-tested specimen was greater than for the 
air-tested at the lower stress level. 


Inconel X 


\n air atmosphere also produced a longer rupture time for this mate 
rial than the controlled atmospheres. However, a specimen tested in 
nitrogen which was observed to be oxidized when removed from the 
chamber had an even longer rupture time than the air-tested specimen. 
lhe vacuum tests generally produced low times to rupture. In the pres 
ence of a notch, the influence of environment was pronounced; the 
order of strength following air was oxygen, nitrogen, and vacuum. 

The creep rates of the air-tested samples were lower than for those 


in the other atmospheres. In a vacuum, reduction of area was higher 
than in air. 


GENERAL OBSERVATIONS 

\lthough individual alloys displayed variations in the details of the 
atmosphere effect, certain generalizations are apparent. The longest 
rupture lives resulted from the employment of an air atmosphere except 
ina few cases. An oxygen atmosphere followed air in producing longer 
rupture times generally and helium and vacuum usually resulted in the 
shortest rupture life. In several instances, where the test atmosphere 
apparently contained a small amount of impurities such as nitrogen and 
oxygen, (evident from oxidized surface of specimen), the rupture life 
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Fig. 3a—Effect of Atmosphere on Rupture Strength of DM 45, AISI 
304, and N-155 
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Fig. 3b—Effect of Atmosphere on Rupture Strength of S-816 and 
Inconel X. 


of the material was greater than in air. The differences in rupture lit: 
between helium and vacuum environments also indicate that the pres 
ence of small amounts of impurities markedly affect the behavior. It 
appears that high rupture strength is associated with the presence o! 
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en. The variation of rupture life with stress is indicated for the 
us atmospheres in Fig. 3. 


inimum creep rate was lowest in most cases for the alloys in ait 


ough the other atmospheres caused variations in creep resistance, 


re was no definite relationship evident. 
here was no consistent effect of atmosphere on total elongation and 
iction of area for all of the alloys. The ductility in a vacuum, how 
er, appeared to be generally among the higher values 
(he presence of a notch in specimens of alloys of relatively low duc 
lity (S-816 and Inconel \ ) increased the susceptibility to the effects 
environment. The notch sensitivity (ratio of notched to unnotched 
ipture life) of the more ductile alloys, DM45 and AISI 304, did not 
ppear to be affected by environment, Table IV, whereas the alloys of 
lower ductility, S-816 and Inconel X, displayed an effect. An air at 
sphere produced the greatest notch strengthening and the inert en 
ronments the least strengthening. In fact, Inconel X which under 
ese conditions of temperature and stress was notch strengthened in 
and oxygen, was notch weakened in nitrogen and vacuum. It ap 
pears that environment must also be considered hereafter in evaluating 
otch sensitivity. 


SPECIMEN APPEARANCE 


[he environment caused no marked differences in the fracture ap 
pearance of the specimens. Several series of fractured specimens which 
were tested in the various atmospheres are shown in Fig. 4. Although 


Table IV 


Effect of Environment on Notch Sensitivity 


Notched Rupture Life 


Ratio } 
Atmosphere ; Unnotched Rupture Life 


5 000 psi 
Au 1.9] 
Oxvyet 1.55 
Nitt wen 
20,000 psi 
Al 
Oxygen 
Nitrogen 
Helium 
Vacuum 
AISI 304 15,000 psi 
Al 
Oxygen 
S-816 23,000 psi 
Air 
Oxygen 
Helium 
Vacuum 
20,000 psi 
Au 
Vacuum 
Inconel X 25,000 psi 
Au 
Oxygen 
Nitrogen 
Vacuum 





Fractured Specimens of N-155 Tested in Various Atmospheres 
at 1500 °F 


\i 154.7 Hours to Rupture 
Vacuum—110.1 Hours to Rupturé 
Nitrogen—-131.6 Hours to Rupture 


Oxygen—128.8 Hours to Rupture 


a | b Cc d 


Fractured Specimens of S-816 Tested in Various Atmospheres 
at 1500 °F, 
\ir—-53.0 Hours to Rupture 
Vacuum—46.5 Hours to Rupture 
c—Oxygen—41.1 Hours to Rupturs 
d-—-Helium—47.0 Hours to Rupture 


there were not many distinguishing features which could be related t 
environment, one which was evident in many of the alloys was the pres 
ence of fewer surface cracks in the air-tested unnotched specimens 
While the specimens tested in air contained a few cracks near the fra 
ture, the specimens which were tested in vacuum and in helium showed 
many intercrystalline cracks along the gage length. In addition, 
“grain” structure was developed at the surface of the vacuum 
helium-tested specimens, as shown in Fig. 5. 
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5—Surface Appearances of S-816 Specimens Tested in (a) Ai 
Rupture, and (b) Vacuum-—46.5 Hours to Rupture. Mag. approximately 


Surface Cracks tn AISI 304 Tested in Helium 
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METALLOGRAPHIC EXAMINATION 

The metallographic examination of sections of fractured speci 
which had been exposed to the various atmospheres did not revea 
gross changes in microstructure which could be related to the tes‘ 
vironments. While there was no evidence of an altered layer adj 
to the surface such as that due to subscale, nitriding, or decarburizat 
there appeared to be differences in some cases in the extent of sur 
cracking. The differences appeared to be associated with the occurre: 
of oxidation during the tests. 

The unnotched Type 304 stainless specimens which were tested 
13,000 psi exhibited a large number of broad surface cracks, show: 





Fig. 7—Surface Oxidation on AISI 304 Specimen Tested in Oxygen. x 50 


Fig. 6. This type of crack is probably due to the high ductility of th 
alloy ; sharp cracks were generally found in the less ductile alloys. Th 
surfaces of the specimens tested in oxygen as well as in air were ox! 
dized considerably, Fig. 7 ; otherwise no differences in appearance wert 
observed. Despite the occurrence of oxidation, the rupture life and creey 
resistance in oxygen were higher than in vacuum. 

The alloy S-816 when tested unnotched in helium or vacuum deve! 
oped many sharp cracks along the surface, whereas in air and oxyge! 
the alloy mainly experienced slight intergranular oxidation, Fig. & 
the notched condition, no differences in fracture or cracks were 
served between specimens tested in the various atmospheres. 

The unreduced gage sections of notched Inconel X specimens und 
an actual stress of 15,000 psi showed evidence of slight surface g! 


> 
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o Surtace of S-816 Teste 


Oxidizing Atmospheres. Mag 


boundary oxidation in air and oxygen, but not in the other atmospheres. 
\ll of the N-155 samples tested at 15,000 psi experienced considerable 
urface and internal cracking, and were similar in appearance. 


\ll of the specimens which were tested in air or oxygen, of course, 
howed evidences of oxidation along the surfaces and in the cracks. The 

and oxygen-tested specimens appeared to be similar in appearance 
ept for the specimens exposed to oxygen which showed slightly 
re oxidation. The helium- and vacuum-tested specimens were also 
ke and the nitrogen-tested specimens closely resembled them. There 
re no apparent differences in the actual fracture areas of either the 
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unnotched or notched specimens which could be related to the t¢ 
mosphere, or variations in properties. 

Indention microhardness traverses on polished sections showe: 
significant differences in hardness between the areas adjacent t 
surface and the interior, or between samples exposed to the var 
atmospheres. 

The gas analyses of the fractured specimens either with or wit! 
the surface layer removed were not related directly to the rupture lives 
of the specimens. The oxygen-tested samples with the original surfac 
intact contained more oxygen than the samples tested in the other 
mospheres but the samples ground before analysis showed appri 
mately the same content as the others. The nitrogen-tested samples pr 
duced the same results with respect to the nitrogen content. 


DISCUSSION 

The superiority of the creep and rupture strengths of alloys in ai: 
over those in oxygen, nitrogen, and the inert atmospheres may be at 
tributable to the presence of residuals of minor elements or moisture 
air, or to critical amounts of either oxygen or nitrogen in the atmos 
phere. The higher strengths obtained in oxygen compared to nitroge 
indicate that oxygen is the more effective agent. The relatively hig] 
strengths obtained for the materials in the presence of slight oxidation 
indicate that small amounts of the strengthening agent are sufficient t 
realize an improvement in properties. An oxygen atmosphere with its 
greater oxidation weakens the material compared to air, but stil 
strengthens it compared to vacuum. The test data suggest that ther 
might be an optimum amount of oxygen required in a test atmospher 
to produee the highest creep and rupture strengths. 

Three possible mechanisms to account for the atmosphere effect 01 
creep-rupture properties have been discussed in the literature. 

1. Nonmetallic films and scales such as oxides and nitrides formed 
during the test serve to inhibit the generation and/or migration of dis 
locations and prevent them from escaping from the surface (2). 
Internal oxidation may strengthen the material (4). 

The oxide film mechanically strengthens the bulk material and 
thereby lowers the creep rate (6). 

The results of this study indicate that the higher rupture strengths 1 

oxidizing atmospheres compared to the inert might be associated wit! 


? 
> 
J. 


the cracking tendencies in the various atmospheres. The absence of sig 
nificant changes in microstructural details (except cracking), hardness, 
and gas contents (interior) in the examined specimens indicates that 
the variations in properties are probably caused mainly by a surfac: 
condition. During the course of a creep-rupture test in air the cracks 
which form will be oxidized at the tip thereby relieving the stress c 

centration and slowing the progress of the crack. Thus, the ruptur 
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would be prolonged beyond that obtained in inert atmospheres. The 
ter environmental effect with notched specimens suggests that this 
hanism might be operating. In an oxygen atmosphere the oxidation 
ore severe and with deeper penetration which tends to weaken the 
terial, and consequently shortens rupture life. 
[he creep rate in addition to being influenced by crack formation 
id also be affected by internal oxidation if present. Even though 
re was no measurable hardening in the air- and oxygen-tested speci 
ens, it seems possible that oxygen penetration may strengthen the 
in boundaries without noticeably changing the overall hardness. In 
rnal friction measurements on pure copper were interpreted by Ke(7 ) 
show an increase in resistance to grain boundary shear resulting 
from oxygen penetration into grain boundaries. Slight strengthening 
the boundaries could markedly improve creep resistance. It is reason 
ble to expect oxygen in the boundaries ahead of the observable crack ; 
the extent of this penetration which may be only in the areas adjacent 
to the surface should still be effective. It is, of course, not uncommon 
) observe intergranular oxidation throughout a fractured specimen. 


SUMMARY AND CONCLUSIONS 


lhe effect of various atmospheres (air, oxygen, nitrogen, helium, 
and vacuum) on creep and rupture properties was investigated for the 
following alloys: DM-45, 12% Cr-V steel, AISI 304, N—155, S-816, 
and Inconel X. Creep-rupture tests were conducted on both unnotched 
and notched specimens for durations up to 500 hours at temperatures 
ranging from 1100 °F for DM-45 to 1500 °F for the super-alloys. Sec 
tions of fractured specimens were examined metallographically, checked 
for variations in hardness, and analyzed for gas contents. 

‘rom the results of this investigation, the following significant points 
were established : 


1. The rupture life and minimum creep rate of all of the alloys 
were influenced by environment ; certain effects were generally 


common to all of them. 

Rupture life was longer in an air atmosphere than in oxygen, 
nitrogen, helium, or vacuum. In general, the oxidizing atmos 
pheres resulted in longer rupture lives than the inert atmos 
pheres. 

Minimum creep rate was generally the lowest for the alloys 
in air; there was no consistent effect produced by the other 
atmospheres. 

The presence of a notch in the alloys of relatively low ductility, 
S-816 and Inconel X, greatly increased the susceptibility of 
the materials to the influence of environment. 

The notch sensitivity of a material may be affected by environ 
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ment. Inconel X, at 1500 °F and 25,000 psi, was notch stre 
ened in air and oxygen atmospheres, but was notch weal 
in nitrogen and vacuum. 


‘The effect of environment on properties, discussed by several 11 


tigators, may result from various single effects or combinatio1 
these: 


a. Surface films may inhibit the generation and/or migratio1 
dislocations. 
Internal oxidation may strengthen the material. 
An oxide film may mechanically strengthen the bulk mate1 
Oxygen penetration into grain boundaries may occur and 
sult in improved creep resistance. 
Oxidation may dull the crack tip which would tend to reta: 
crack propagation. 
The greater atmosphere sensitivity of notched’ over unnotched speci 
mens indicates that the blunting of cracks by oxidation may be a fact 
in prolonging specimen life. 
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DISCUSSION 


Written Discussion: By Richard H. Raring, National Advisory Committee for 
ronautics, Washington, D. C. 

is fortuitous that, almost without exception, the values of the strength 
rameters from the creep-rupture tests of the alloys were best in the peculiat 
xture of oxygen and nitrogen that is air. But these findings can serve as a 
ining that most of our creep-rupture data, which represent tests conducted in 
r, might turn out to be seriously in error, should they be used in the design of 
rts that will operate in environments appreciably different from air at atmos 
eric pressure. A reduction in the 1500 °F rupture life of Inconel X, at 5 microns 
essure, to about 1/50 of its value at atmospheric pressure, and a like effect on 
‘tch sensitivity, as shown in the paper, are sizeable effects that surely will have 
be taken into account in some applications of this material. 
[he author states that he observed no gross changes in the microstructure, 
at could be related to the test environment. Would it be correct to interpret 
is statement as meaning that the environment had no influence on the relative 


mounts of transgranular and intergranular fracture? Thielmann and Parker, in 


f. 3 cited in the paper, observed no effect of atmosphere (Hydrogen and Air) 

the fracture mode of ingot iron in creep-rupture tests. It would be interesting 

know if the results of the author’s tests with the several alloys and atmos 
heres, are completely in agreement with those of Thielmann and Parker on this 
oint. 

In recent years, there have been many reports of the benefits of vacuum melt 
ing on the mechanical properties of metals, including strength as determined in 
creep-rupture tests. It must be presumed that vacuum melting will result in lesser 
amounts of gases, including oxygen, in the metal. Would the author care to ven 
ture an explanation of why the removal of oxygen from metal while it is liquid 
seems to strengthen it, whereas the probable addition of oxygen appears to have 
the same effect, when it enters through the surface in the course of a creep 
rupture test ? 

Written Discussion: By J. R. Weir and D. A. Douglas, Oak Ridge National 
Laboratory, Oak Ridge, Tennessee. 

lhe author is to be congratulated on the publication of this timely paper. It 
points out the existence of a problem, generally overlooked in the past, which is 
becoming of increasing importance in the field of high temperature metallurgy. 

lhe Oak Ridge National Laboratory has been studying this subject for a num- 
ber of years in connection with the engineering design of reactors. Therefore, 
we are very pleased that another laboratory is also investigating environmental 
effects on commercial alloys and that their data support some of our observa- 
tions. 

There are a few points in this paper on which we would like to hear comments 
from Mr. Shahinian. First of all, what explanation can be offered for the con 
sistent differences in rupture life observed on specimens tested in helium and 
vacuum? Variations are reported ranging from 9 to 103 hours greater life in 
vacuum in some cases, and from 13 to 91 hours longer life in helium in other 
cases. Since both of these environments are inert to the test materials, should 

it one expect better correlation? The results of notched Inconel X specimens 
ested in vacuum are also perplexing. In this case rupture life is much shorter 
vacuum than in helium and a reduction in stress from 30,000 to 25,000 psi is 
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reflected in only one additional hour of test life in vacuum. Is there some 
planation for this unusual behavior ? 

In the discussion of results and conclusions the author lists a number of 
potheses which might explain the variation in results obtained in several envir 
ments. However, it appears that some of these proposals are in contradictio1 
the data reported. For instance, the possibility that surface films might inhibit + 
generation or migration of dislocations is cited. Although good experimental « 
dence of this behavior was obtained in tests on single crystals, efforts to prod 
a similar effect with polycrystalline material have not been too successful. A] 
an explanation based on some surface dislocation model is certainly not enhat 
by the existence of a coherency or precipitation-hardening mechanism such a 
found in most of these alloys. In addition, if this were the controlling mechani 
then one should not see a difference in tests in air versus tests in oxygen, sil 
both oxide coatings would be equally effective in blocking dislocations. The sa 
line of reasoning can be used in evaluating the other mechanisms proposed 
doing so, one finds that although all of the proposals might be used to explai 
the superiority of the oxidizing gases over the other environments, none of t 
theories explain why there should be any significant difference between pure 
oxygen and air. Actually, if internal oxidation or the diffusion of oxygen along 
grain boundaries were the controlling factors, one would expect the same o 
better properties in the pure oxygen due to its higher activity. The effect of th 
nitrogen in air in the presence of the type of oxide coating present on the surface 
of these alloys should, at most, be small and probably the nitrogen can be co 
sidered merely as a diluent to the oxygen. In view of this we do not feel that the 
data the author has presented confirms any of these proposed theories. We pri 
sume that the author is continuing this interesting program and that data from 
longer time tests will be forthcoming. It has been observed at our Laboratory 
that results from tests of 300 hours or less in duration can be very misleading 
when trying to interpret environmental effects. The fact that it is very difficult t 
successfully explain environmental effects on the basis of simple comparative 
tests emphasizes the need for critical experiments of a more definitive nature to 
better isolate the controlling mechanisms. 

Written Discussion: By F. R. Morral, Battelle Memorial Institute, Columbus, 
Ohio. 

This investigation on the effect of environment on creep-rupture properties of 
some commercial alloys is very interesting, because it may lead to a better under 
standing of reactions on surfaces and of performance of materials in various 
environments. 

However, two facts disturb me, (a) there seems to be considerable variation 
in results in the few instances where duplicate tests were run on a material and, 
(b) that so few were apparently run in duplicate. 

[ wonder if duplicate samples are actually enough for some of the materials 
tested in view of the large variations previously found in high-temperature test 
ing of properties. I hope that the author will be able to pursue the program further 
and more general conclusions will become available. 

Written Discussion: By O. Cutler Shepard, director, Division of Mineral 
Technology, School of Mineral Sciences, Stanford University, Stanford, Call 
fornia. 

The data presented in this interesting paper points out that several different 
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ys have high temperature creep-rupture properties that are better in air than 
several presumably inert environments. This strange effect of environment 
s discovered about six years ago at Stanford. In an ASTM 


tanford work the following statement was made: “The 


report ~ on the 
stress-rupture life of 
istelloy “C” specimens was considerably longer in air than in other environ 
ents. On this evidence it is believed dangerous to continue using tests in air to 
redict service behavior in environments other than air.” With the corroboration 
f Mr. Shahinian’s work, surely in the future greater attention will be directed 
ward determining the effect of environment upon the creep-rupture properties of 
metals. 

Mr. Shahinian lists three possible mechanisms which have been proposed to 
iccount for the atmosphere effect on creep-rupture properties. His work led him 
to a fourth explanation based on the possible effect of oxidation in reducing the 
stress concentrations at the tips of growing cracks. All of these explanations are 
ased on the assumption that air improves the high temperature properties of 
the metals. Even though I suggested the internal oxidation strengthening idea, | 
ave never satisfied myself as to whether the properties of metals are improved 

air or whether the properties are damaged in the presumably inert environ 
nents. Possibly oxide coatings on the surface of the metals protect the metals 
from penetration and damage by minute amounts of damaging elements which 
could be present in our best vacuums and inert gases. 


Author’s Reply 

| wish to thank the various discussors for their contributions to this paper. With 
regard to the comments of Messrs. Weir and Douglas, the differences in rupture 
life observed on specimens tested in helium and vacuum, which were greater than 
expected, indicate, I believe, that minute amounts of impurities in these relatively 
inert environments exert a large effect on properties. When the specimens tested 
in these environments showed slight oxidation due to leaks in the system (denoted 
by asterisk in Table III), the rupture lives differed even more and approached the 
values for air. The similarity of the rupture lives of the notched Inconel X speci 
mens tested in vacuum at the two different stress levels is attributed to scatter 
nd therefore no significance is attached to it. By listing in the paper the hy 
potheses offered by various investigators to explain the effects of environment, it 
was not intended to imply that the data confirmed any of the theories, but simply 
to indicate those that have been advanced. The data presented from this ex- 
ploratory study suggest that several might be operating, in particular the pro 
longing of rupture life by oxidation dulling the crack tip. The greater effect of 
itmosphere on notched specimens compared to unnotched for the less ductile ma 
terials supports this. Studies designed to explore the factors and mechanisms re 
ponsible for the observed environmental effects, in particular the reasons for the 
differences in rupture life in air and oxygen, are now being conducted. 

\lthough it is always desirable to run duplicate tests, as Mr. Morral suggests, 

was considered to be more profitable instead to conduct tests at different stress 
evels. In the few duplicate tests that were run, while the reproducibility of the 
tests conducted in the inert environments was not good, that of the tests in air 


O. Cutler Shepard and Willis Schalliol, “The Effect of Environment on the Stress-Rupture 
perties of Metals at Elevated Temperatures,’ Special Technical Publication No. 108, 
\merican Society for Testing Materials, 1951, p. 38. 
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was excellent. The scatter in the inert atmosphere data was probably due to 
variations in the minute amounts of impurities present in the atmospher: 
stated conclusions are based on the generally consistent differences in valu 
yond the scatter which were observed for the various alloys. 

While there is a possibility that the lower strengths obtained in inert en 
ments compared to air might be caused by damaging elements in those eny 
ments, as discussed by Professor Shepard, it was considered preferable to attri 
the improvement to oxidation since it could not be visualized what the dama 
elements might be. Another possible explanation for the behavior, although 
sidered improbable, is that in inert environments certain elements leave the 
terial and thereby weaken it. The presence of an oxide layer on the surface w 
prevent or hinder the escape of the strengthening elements. The thermally et 
surfaces of specimens exposed to helium and, in particular, to vacuum lend s 
support to this idea. Although internal oxidation hardening may promote his 





strengths in air, as suggested by Professor Shepard (3), in some cases, it did 
appear to be the principal factor in this work since the hardnesses of the ait 
inert atmosphere tested specimens were the same. Instead, it is suspected that 1 
penetration of impurities into grain boundaries was instrumental in the behavi 
In regard to Mr. Raring’s question on the modes of fracture in the various at 
mospheres, it may be added that the fractures observed were either entirely inte: 
granular or transgranular, and for a particular material the same type of fractur 
was obtained regardless of the test atmosphere. Mr. Raring raises an interesti 
point concerning the compatability of the improvement in rupture strength fror 
vacuum melting practice with the relative deleterious effect of a vacuum during 
test. I do not have an explanation for the observed behavior, but some of tl 


possibilities are the differences in the form and location of the oxygen, the 


moval of gases other than oxygen during vacuum melting, or the effect of 5 


cl 


on certain alloying elements during the melting operation. 





THE INFLUENCE OF MOLYBDENUM ON THE 
PHASE RELATIONSHIPS OF A HIGH 
TEMPERATURE ALLOY 


By H. J. Beatriz, Jr. and F. L. VeRSNybDER 


Abstract 

A series of six nickel-base alloys of constant base com 
position, with the exception of molybdenum which was 
varied from 0 to 11% by weight, studied by correlating 
the results of light and electron metallography, x-ray and 
electron diffraction. 

The microconstituents identified were Ti(C,N), Mos¢ 
lf gC of two kinds and sigma phase. 

Cellular precipitation was observed and its apparent asso 
ciation with the comparatively slow rate of precipitation of} 
the carbide M, ( e is discussed. 

The conditions for stability of the carbides found in these 
alloys are described; in particular, the instability of the 
simple carbide TiC as compared with the complex carbide 
WC 1s discussed. 

The general sequence of molybdenum-dependent phases 
as a function of heat treatment and molybdenum content is 
presented. (ASM-SLA Classification: M26, N6, Ni, SG-h). 


ie 


IN FTRODUCTION 


OLYBDENUM is commonly used as an alloying addition to high 
M. temperature alloys. Since it possesses both a high melting point 
and comparatively large atomic diameter it might be expected to act as 
a solid solution hardener at elevated temperatures. In addition, the 
presence of significant quantities of molybdenum should affect the 
“second” phases which act as dispersion hardeners. It is well known 
that the carbides Mo3Cg and MgC contain molybdenum in their chem 
ical make-up. How varying amounts of molybdenum affect these two 
phases, as well as its effect on the other phase relationships of complex 
high temperature alloys, is the subject of this paper. 

Che alloys studied are nickel-base alloys similar to commercial types. 


EXPERIMENTAL PROCEDURE 


The alloys studied were air-induction melted, with the customary 
procedure used in melting titanium containing melts. The resulting cast- 
ings were 25-pound ingots. The titanium addition, in the form of an 


\ paper presented before the Thirty-Eighth Annual Convention of the Society, 
eld in Cleveland, October 8-12, 1956. The authors, H. J. Beattie, Jr., and F. | 
\erSnyder, are associated with respectively, the Materials and Processes Labora 

ry, and the Research Laboratory, General Electric Company, Schenectady, New 
York. Manuscript received May 2, 1956. 
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Table I 
Chemical Composition in Weight Per Cent 
Alloy 
No. :: Cr Ni Co Mo Ti Al or Mn S 
M845 0.19 20.7 bal 10.1 nil 2.54 1.03 2.78 1.23 0.6 
M84e 0.158 20.25 bal. 9.9 2.05 2.58 .83 2.72 0.98 1.1 
M860 13 i.e bal. 10.5 +.38 2.76 79 5.10 1.20 1 .O¢ 
M86! 0.137 16.2 bal. 10.6 6.05 2.58 81 1.20 0.9 
M&69 Lae 16.5 bal 10.6 8.5 2.6 69 92 1.25 0.95 
M870 ).12 21.1 bal. 9.78 10.98 2.49 92 2.74 1.25 0.98 
Table II 
Heat Treatments 
Symbol Treatment 
A Heated to 1200 °F for 200 hours and air-cooled. 
B Heated to 1500 °F for 100 hours and air-cooled. 
BB Heated to 1500 °F for 1000 hours and air-cooled 
‘ Heated to 1800 °F for 50 hours and air-cooled. 
Note: All specimens had received a prior solution treatment of 2200 °F for 15 hours 


water-quenched. 


alloy containing approximately 96% titanium, was added to the melt 
just prior to pouring. 

Forging was performed at 1975-2050 °F to 7¢-inch round bar stock. 
Sections were obtained and submitted for complete quantitative analyses 
which are listed in Table I. 

The bar stock was given a solution treatment of 2200 °F for 15 hours 
and water-quenched. A sample was then taken from each alloy for 
microexamination. Subsequently, suitable specimens were taken from 
each alloy and given the treatments outlined in Table IT. 


METALLOGRAPHY 

A specimen for microscopic examination was taken from each alloy 
and heat treatment as outlined in Table II. The same specimens were 
used for electron diffraction and for the determination of the matrix 
lattice parameters by x-ray diffraction. Further, these samples were 
taken adjacent to the samples which were ultimately electrolytically 
digested for x-ray diffraction analysis of the minor phase residue. 

The samples were prepared using standard metallographic prepara 
tion techniques. They were studied in the unetched condition and sub 
sequently immersed in an etchant which delineated all of the constitu 
ents present. The samples were subjected to such selective etching tech 
niques as were necessary to differentiate among the constituents present 


DIFFRACTION 
The minor phases from the specimens were separated electrolytically 
using an aqueous 10% HCl solution (1).' X-ray diffraction photo 


| The figures appearing in parentheses pertain to the references appended to this paper. 
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raphs were made of the electrolytic extracts by the Debye-Scherrer 
ethod using copper radiation. 
[he matrix lattice parameters were determined from the positions 


) 


the (220) peaks using a recording spectrometer. These occur at 


4 ~ 130° using chromium radiation. Electron diffraction photographs 
vere made by the reflection method from selected metallographic speci 


nens using the General Electric instrument. The specimens were first 
etched in a 92% HCl, 5% HeSO,4, 3% HNOs: mixture to bring the 
ubmicroscopic minor phases in relief. They were then washed in an 
acid solution of FeCl; followed by rinsing in a dilute HCI aqueous solu 
tion to remove etching products. Finally, they were degreased by rins 
ing in fresh, chemically pure acetone and benzene in succession. 

One electron diffraction photograph was made with the Philips 
I. M-100 electron microscope using the “extraction replica” technique 
(2). The specimens were first etched in a 92% HCl, 5% HeSO,, 3% 
HNOgs mixture to bring the minor phases in relief. After applying the 
replicating film the specimen was further etched with 17% HCl, 33% 
HNOs, 50% glycerine to free the particles from the matrix. The par 
ticles imbedded in the stripped-off film produced a transmission powder 
pattern. 


ELECTRON MICROSCOPY 
To clarify the cellular precipitation visible in one specimen, electron 
micrographs were taken with the Philips  M-100 instrument. A nega- 
tive replica was stripped directly from the etched surface and shadow 
cast with chromium at 15—25 degree incidence. 


RESULTS AND DISCUSSION 

The solution treatment of the specimens at 2200 °F for 15 hours was 
an attempt to negate prior processing history. Microscopic examination 
of these specimens revealed a virtually single-phase structure. All minor 
phases appeared to be in solution with the exception of the Ti(C,N ) 
particles and a few spheroidal M¢C particles in the heats of higher 
molybdenuin content. 

Table III lists the minor phases, their lattice parameters and relative 
abundances as estimated from the x-ray intensities. The specimens are 
listed under each heat treatment in the order of increasing molybdenum 
content. 

It has been noted previously (1) that nitrogen-rich Ti(C,N ) is not 
affected by heat treatment, and microscopic observation confirms its 
obstinancy in this investigation. 

The carbon-rich titanium carbonitride, on the other hand, responds 
to heat treatment. Since the lattice parameter of the carbon-rich 
Ti(C,N) found in this investigation is fairly close to that of the pure 
titanium carbide, we shall refer to it as TiC for simplicity. One of the 
more interesting observations resulting from this study is the manner in 
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Table III 
Microconstituents 
Lattice Parameters (A) and Abundances** 
Titanium Carbonitride 
Carbon- Nitrogen 

Alloy Rich Medial Rich Mass Mat S 
Heat Treatment A* 
M845 ear wa 4.250 n 10.62 a 
M846 4.317 a 4.260 m 10.66 a 
M&60 4.320 a 4.260 1 10.68 r 
M861 4.320 a 4.250 mr 10.68 ma 
M869 $.305 wv 10.99 va 
M&70 10.99 va 
Heat Treatment B 
M845 $317 a 4.250 m 10.65 ma 
M846 $.317 a +.260 m 10.66 a 
M860 $320 a 4.260 1 10.68 1 
M86! $.320 a $.255 mi 10.70 ma 

ee 24 10.96 va 
M869 520 f 4.250 r 10.84 ma 
M870 4.250 vr 11.00 va . 6.70 
Heat Treatment BB 
M845 $.32 mt 4.25 mr 10.64 va 
M846 4.255 vr 10.68 a 
M&60 4.25 1 10.68 ma 10.90 va 
M861 1.24 1 10.90 va 
M869 4.25 vt {10.85 va 

10.97 mr 
M&70 4.95 vi 10.85 va a 2 9 
10.98 wr 

Heat Treatment C 
M845 4.317 a $.250 m 10.64 a 
M846 $313 a $250 mr 10.67 a 
M8060 4.320 a $.255 mt 10.72 1 10.90 a 
M861 1.320 m $.250 m 10.94 m 
M869 $270 a 10.98 m 
M870 4.245 m 10.99 a 


"See Table II for Heat Treatment corresponding to symbols above 
* a—abundant 


m—medium 
I rare 


which the TiC varied as a function of molybdenum dependent carbides 
Andrews (3) has indicated that considerable amounts of the carbicd 
(Cr,Mo,Fe)osCs can precipitate in spite of the presence of titanium 
Titanium apparently cannot be looked upon as a “carbide stabilizer” 
in a general sense. This fact has been noted by Andrews in connection 
with many types of titanium bearing steels. Examination of Table II! 
reveals definite coincidence of the detection of the complex carbide Mg‘ 
and the absence or decrease in the amount of TiC detected as the molyb 
denum content in the alloy increases. 

Comparing heat treatment BB with heat treatment B indicates that 
as the MgC increasingly precipitates, the matrix solubility for titanium 
increases and the TiC constituent disappears. The presence of titaniun 
carbide, then, does not suppress the formation of the complex carbides 
MogCg may precipitate significantly and co-exist with it, while Ti 
itself is suppressed by the formation of the M¢C. 

It was observed from microstructural examination of the low molyb 





um heats of this series that precipitation of the MasCy occurred in 
different manners. lor the short times and lower temperatures of 
itment precipitation of the MaosC. tended to occur in a “cellular” 
nner (Fig. 1). For all other conditions studied, precipitation was 
re general, and in the case of heat treatment BB was extremely fine 


| uniformly dispersed (Fig. 2). The confirmation of the identity ot 


Fig. 1—Alloy M&46, Heat Treatm 
cipitation of the MaosCse. Etchant 
HeSOu, 3% HNOs. x 


the precipitate as M o3Ce in the latter case was attempted by electron 
diffraction using the reflection technique (see Table LV ), and although 
i cubic unit cell of the expected lattice dimension is indicated, there are 
some anomalies in intensities as evidenced by comparison with the x-ray 
data included in the table. These differences are marked enough to 
preclude a positive identification as MosCg. 


lo clarify the nature of this cellular precipitation the specimen whose 


microstructure is shown in Fig. 1 was examined by electron microscopy 
Several electron micrographs were made of a shadowed replica, and 
the most revealing one is shown in Fig. 3. There is a finely dispersed 
reneral precipitation which stands in relief of the matrix due to etching. 
Chere is a twin band whose orientation is such that it resists the etchant. 
he cell opposite the twin band shows a duplex orientation across an 
extension of the twin boundary. This is evidence that the cell 1s coherent 
with the grain behind it and incoherent with the grain into which it 
grows, and thus follows the mechanism described by Smith (4). 


Also designated as ‘“‘recrystallization reaction” or “‘grain boundary reaction” (5); 
designation used here after Turnbull (6 le 


ems } ss contusing term to lesct 
structural features of these alloys 
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Table IV 
X-Ray and Electron Diffraction Data on 
M..C, in Alloy M845, Heat Treatment BB 


\-Ra \ | \ I 
O44 \ 
hkl | 
(400) 607A vw 
L42U) oe m \ 
17 a 
y vs 
(+4 1.881 ms 
1) ! 9 
"7 Ac li, ! 
1.686 vw 
( 1.627 Ww 
) 1.605 mw 
{ | j 
» ¢ 1 38 
(S 1.330 Ww 
(ss ) (644) | YQ Ww 
( » 1.254 S 
( b.oo ms 
54 1.190 mw 
3) (911) 1.169 mw , 
4 i 
1.087 ms 
(771) (9 1.069 l 
(S64) €10,4,0) 0.988 “ \ 
(] 1,1) 0.960 Ww 
(R82) 1.4) 928 mw ] 
93) C11 BP Caaatek? Chosen 0.814 S 809 
( S ») (14,4,0) 
Py | tes fied hy .’ AleOs 
\ very strong m—medium 
! mw moderately weak 
m moderately strong w—weak 





Fig \lloy M845, Heat Treatment BB General Very Fine Intragranular Precipit 
f MosCe. Etchant: 92% HC1, 5% HeSOsu, 3% HNQOs, x500. 
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Table V 
Electron Diffraction Data 
on Fine Intergranular Precipitation (See Fig. 3) 


Alloy M846, Heat Treatment A 
Extraction Replica in Philips’ EM-100 Electron Microscope (100 KV) 


Cubic, ao 3.544 Ordere NisA 
hkl d obs 1 cal I obs | 
110* 9A 2.51 \ I 
11 2.06 2.04 VVs 
00 1.79 1.77 vs 

61 1.58 mw 

l 1.47 1.45 mw 
] 
07 1.( 
)] 1.0 mw 
] 0.81 O.813 mw 
0.785 0.791 mw 
j 0.714 0.72: Ww 
511 0.669 0.681 


* Superlattice lines 


The finely dispersed general precipitation was separated on an « 
traction replica and produced an electron diffraction pattern. The analy 
sis of this pattern is given in Table V. The d-spacings could not 
determined very accurately because of the aberrations caused by lenses 
between the specimen and film. With this limited accuracy in mind 
these spacings can be indexed to an ordered face-centered cubic lattic: 
having a lattice dimension nearly equal to that of the matrix. Table \ 
includes calculations of d-spacings for a, —= 3.54A and intensities ot 
ordered NigAl, using the formula for powder electron diffraction : 


pl 
~ sin’@ 
The observed intensities of the superlattice lines seem rather high ever 
for pure NigAl; furthermore, this pattern bears remarkable similarity 
to the other electron diffraction pattern reported here (Table I\ 
There is some reservation, then, on the identification of this phase as 
NigAl. 


lhe microscopic studies show three minor phases to be present in 





this specimen: (a) blocky particles of Ti(C,N), (b) the generally dis 
persed fine particles, and (c) cellular structure consisting of a rod 
shaped secondary phase and matrix. The x-ray data (Table III) sh 
the presence of MogCg in this specimen; therefore, by elimination, the 
rods in the cells must be MosCg. 

Geisler (5) has shown that cellular precipitation is an integral part 
of the generalized sequence of microstructures expected as a result 
precipitation during aging. He points out that in some alloys the grat 
boundary reaction does not begin until after the precipitation process ts 
complete ; in others, it starts quite early before the general precipitat: 
is optically resolvable and before the composition of the solid solutior 
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changed much. In advancing a theory of cellular precipitation, Turn 


(6) states that general precipitation of a coherent structure often 
cedes and sometimes precludes the cellular reaction ; but that, one 
leated, the cells containing incoherent precipitation grow at the 
ense of the generally distributed coherent precipitate particles. In 
s case the difference in the structure and composition of the secondary 
ise in the cells as compared to the tine phase within the grains un 
ibtedly plays an important role 


Fig. 4—Alloy M861, Heat Treatmen 
cipitation of MesCe Still Evident at 
tion. Etchant: 92% HC1, 5% HeSOs,, 


he cellular precipitation in these alloy compositions seem to be 
haracterized by two conditions: 1) it occurs at the lower temperatures 
and shorter times of aging, and 2) appears to be associated with the 
complex carbide MogCy. The x-ray diffraction data on electrolytic ex 
tracts (Table I11) and the results of microscopic examination indicate 
that the cellular precipitation persisted up to 6% molybdenum ( Heat 
\i86] ) beyond which MosCy iS replaced by Me ( ig, +), Some cellu 
ar precipitation was noticed in the microstructures of low molybdenum 
samples given heat treatment B, but none was found after heat treat- 
ent BB or C. In the case of heat treatment BB, a very fine precipitate 
lig. 2), tentatively identified by electron diffraction as MosCg, pre 
ipitated generally throughout the microstructure, indicating that gen 
ral precipitation of the MogCeg in this case suppressed the cellular mode 
| precipitation. This appears to be also true for those heats given heat 
treatment B which did not contain the cellular precipitation but which 
lid have MogCgz present. At 1800 °F (heat treatment C) it is unlikely 


on 
~? 
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Table VI 
X-Ray Diffraction Data on Electrolytic Extract of Alloy M870, Heat Treatment B 


Cu Ka noes Mat eI ao 8.90A 
radiation Co 161A 
l " ao 10.85A ao 10.98A i 0.518 
3.14A vw (222) 
RE: m (400) 
Z.of vVVW (221) 
2 m (331) 
> 40 W ( 11) 
2.31 ( ) 
2.22 s (422) 
cone ms (410) 
l Ww 
W (333) (511) 
099 VS (333) (511) 
(330) 
2 n (202) 
1.99 m (212) 
1.956 : (411) 
1.924 S (440) 
L.3ae s LOO1) 
1.86 \ (222) 
1.81 mw (442) 
1.521 m (551) (711) 
1.430 vu (553) ( 1) 
1.4] m (553) (731) 
1.340 VW (7 
1.325 m (733) 
] ) Ww (660) (822) 
1.281 < (660) (822) 
1.27 vw (555) (751) (532) 
1.251 m+ (555) (751) (413) (550) (71 
] - (602) (333) 
1.220 m (720) 
1.148 “\ (513) (004) 
1.09 ms (755) (771) (933) 
1.07 W (820) 
1.064 m (862) (10,2,0) 
149 m (773) (951) (660) 
m (866) (10.6.0) 
) m-— (884) €12,0,0) 
S95 ms— (777) (11,5,1) 
ms (10,6,4) (12,2,2) 
0.847 “W (R26) 
S38 mw (10,8,2) 
8 m (993) (11,5,5) 
(11,7,1) (13,1,1 
ms Cie.) Chdete 
“vs—-very strong m—medium 
s strong mw-—moderately weak 
ms—moderately strong w weak 


that any precipitation of a cellular nature would occur (nor did it 
these observations) in view of the comparatively high temperature ot 





this heat treatment which may be regarded as nearly a solution treat 
ment for this alloy. It can be seen, then, that these alloys generally cot 
form to the previously described nature of cellular precipitation ; th 
is, that the mode of precipitation, cellular or otherwise, is a function 
the time-temperature conditions of precipitation. 
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he next feature to consider is the minor phases at the higher molyb 
num levels. Table III shows a phenomenon at 1500°F (heat treat 
nts B and BB FP which does not occur at L800 °K. (The 1200°F 
eatment A is too remote from thermal equilibrium to be considered 
re). Generally speaking, the lattice parameters of the carbides MosC, 
MgC expand with increasing molybdenum content of the alloy. At 
1500 °F, however, the two heats containing respectively 8.5 and 11% 
lybdenum produce two varieties of MyC, one of which continues the 
pparent constancy in lattice 
A). At 8.5% molybdenum, 
the former variety predominates for the shorter time (treatment B), 
but this relation is reversed after the 1000-hour treatment BB. At 11% 
nolybdenum, the large-lattice MgC appears to dissolve as the heat treat 
ent progresses from 100 to 1000 hours, while at the same time sigma 
phase and the small-lattice M¢C precipitate. The x-ray data on heat 
\1870, treatment BB, are given in Table V1. 

Since x-ray diffraction results on alloy M870 indicated the presence 


lattice expansion and the other exhibiting a 
e at a low value for this structure (10.85 


of sigma phase in the specimens given heat treatments B and BB, an 
ittempt was made to differentiate this phase microscopically. Although 
several selective etching techniques were tried, the fineness and dis 
tribution of the phases (with the exception of the readily identifiable 
large spheroidal MgC) precluded the positive identification of the sigma 
phase in the specimen given heat treatment B. Some success was 
ichieved in differentiating the sigma phase in heat treatment BB. This 
was not a completely satisfactory differentiation due to the complexity 
and nature of the microstructure. 

Correlation with x-ray diffraction results indicated an increase in the 
amount of sigma phase as a result of extending the aging time at 
1500 °F from 100 to 1000 hours. The x-ray diffraction results indicate 
a slightly larger amount of carbide than sigma while the microstructure 
indicated the reverse. However, these observations are probably be- 
yond the sensitivity of the techniques employed ; and it may be stated 
that approximately equal amounts of sigma and carbide are present in 
the microstructure of the sample given heat treatment BB. 

The matrix lattice parameters as a function of the molybdenum con 
tent for heat treatments B and BB are plotted in Fig. 5. Similar data 
were obtained for heat treatment C, this curve being nearly parallel to 
that of treatment B and approximately 0.006A above it. From the curve 
tor treatment BB it would appear that at 1500°F all molybdenum in 
excess of 6% goes into minor phases. 

The duality of the MgC carbide, the appearance of sigma phase and 
the break in the matrix lattice parameter curve at heat treatment BB 
ill appear to be interrelated. 

Since the MgC has been labeled eta-carbide, we shall designate the 
“normal” large-lattice carbide as y, and the other as »’. The change in 
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minor phases as the molybdenum content of the alloy increases 
ceeds somewhat as follows at 1500 °F 


Cras3Co —> Cra MooCe +9 —n +7 — 1+ 


IXxcept for the unknown metallic compositional differences in » at 


it can be stated that this succession of phases is characterized by a1 


creasing molybdenum-to-carbon ratio. The appearance of o pl 
marks the saturation of molybdenum in the » and/or »’ carbides, 


t 
i 








+ + + + 


Heat Treat. B a-—-A 
Heat Treat.BB M&--% 





2 6 7 8 9 ie 
Molybdenum, Weight % 


Fig.-5—Variation of Lattice Parameter of the Matrix as a Function 
Molybdenum Content and Time at 1500 °F as Indicated 


cause the lattice parameter curve indicates that the matrix is saturated 


at a lower molybdenum level. The nature of the 7’ carbide warrants 


further study. 


The approximate limiting compositions observed for the various 
phases were as follows: the MosCg was found not to be present above 
6% molybdenum while the MgC was present as low as 4% molyb 
denum. The sigma phase was detected in the 11% molybdenum samp\ 
but is believed to be present at slightly lower molybdenum contents, bu 


it was definitely not observed in the 8.5% molybdenum sample. 


A summary of the significant results and conclusions as obtain 
from the method of analysis used in this study on molybdenum varia 


SUMMARY AND CONCLUSION 


tions in these alloys are as follows: 


l. 


The general sequence of molybdenum-dependent phases as a fu 


tion of increasing the molybdenum from 0 to 11% by weight were: 


+ 
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eat treatments A (1200 °F—200 hours) and C (1800°F—S50 


CresCe ——> MosCy + 7 
leat treatment B (1500 °F—100 hours ) 
CrosCg— MoasC, >n+n 
leat treatment BB (1500 ° F—1000 hours ) 


Cr Ce" a M ae +- 1 >n ie n 


The following kinetic features were observed for the heat treat 
ents : 
.. TiC is less stable than M,C; it is a simple temporary structure 


vhich is ultimately replaced completely by the sluggishly formed com 
< structure of M¢C. 

The » carbide 1s a modification of » with a smaller lattice param 
eter (10.84-10.85A ). It appears at late stages of aging at 1500°F 
ind ultimately replaces the original 7». 

c. Cellular precipitation in these alloys appears to be associated with 
carbide Mo3C, and the slower precipitation rate of the 1200 °F 
temperature (heat treatment A). 


ing 


Av 
> > 
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DISCUSSION 
Written Discussion: By E. F. Becht and B. Tamanian, Materials and Processes 
Laboratory, General Electric Company, Schenectady, New York. 
lhe authors are to be complimented on another fine contribution to the under 
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standing of heat resistant alloys. Their work is of particular interest since 
course of a more general study of M-252, an alloy at about 9.3% molybder 
their sequence, we have obtained similar diffraction and metallographi 
using selected creep-rupture specimens for test material. 

Some results of this phase identification program together with specim: 
tories are summarized in Table VII. All x-ray identifications were ma 





Table VII 

Microconstituents and Abundances * 
Heat Treatment NisAl MceC** MosC\ Ti (CN) Ni 
B—1300 °F, 5000 hrs. a m t m 
( 1400 °F, 1200 hrs. m m 1 r 
D—1500 °F, 700 hrs. m m t 
E—1600 °F, 200 hrs. a m r— 
F—1650°F, 450 hrs. a m 


* 


a—abundant, m—medium, r—rare 
* Lattice parameter 11.06A for all heats corresponds to 7 phase 


Composition 
Cc S Ti cr Mo Co Mn Si Al N 
0.15 0.017 0.01( 2 25 19.2? 9 3 9.4 0.5 0.5 0.86 


Prior Heat Treatment 
1975 °F 4 hours, A.C., 1400 °F 15 hours, A.C. 


residues separated using electrolytic 10% HC1 water cells at low (0.2 amps 
current density. 


The salient features of this work include: 


1. The identification of MesCs. in an alloy containing 9.3% molybdenum 

. The positive x-ray identification of the ordered f.c.c. NisAl phase (7) i: 
all specimens. 

Identification of the hexagonal NisTi phase in specimen F (1650 °F) 
Identification in all specimens of McC, designated » by the authors. 
Confirmation of the carbon-rich Ti (CN) at the lower temperatures a1 





i) 


mn &» WwW 


its disappearance at higher temperatures. 


It is interesting to note that not all these phases could be identified in tl 
original residues and that a chemical separation technique was employed 
concentrate part of the residue. This involved treating the original residue 
1:1 HCI to dissolve the ordered NisAl phase. As an illustration the x-ray diffra 
tion data from sample B before and after HCI treatment are given in Table VIII 
Here the positive identification of MasC.s and Ti (CN) was possible only aft 
HCl treatment. In specimen F the strong lines from the hexagonal NisTi p! 
coincide with those from the NisAl phase and the MeC phase making identificatior 
of this phase questionable in the original residue; however, after HCl treatment 
the identification of NisTi was certain. This is illustrated in Table IX. (Note t! 
d = 1.95 line in Table IX is now stronger than the d = 2.25 line, the revers 
the situation in Table VIII, where only MeC is present.) 

In the case of specimen F, the filtrate obtained on HCl treatment of the residu 
was examined by x-ray emission for the presence of heavy elements. Only Ni and 
Ti were found to be present. A spectrographic analysis of the remaining residu 
indicated no significant amount of aluminum present. This provided proof that 
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Table VIII 
X-Ray Diffraction Data on Electrolytic Extract, Heat Treatment B 
CoKa Radiation 
Before HCl Treatment 


NisAl 
(100)* 
(110)* 


(555) ¢ 
(755) ( 


(862) (10, 2 


After HCl Treatment 


NisAl Mot 
(400) 


(331) 


(333) (511) 


(440) 
(422) (600) 
(622) 
(711) (551) 
(553) (731) 
(733) 
(066U) 


(555) 


Superlattice lines 


+ 


the separation of NisAl was effective. The fact that this phase did not appear in 
he residue after HCl treatment indicated it went into solution. The absence of 
elements other than nickel and titanium in the filtrate illustrates that this phase 
ould not be matrix contamination in the original residue, and must be the 
dered f.c.c. NisAl phase. A chemical analysis of this filtrate yielded 11.9% 
titanium and 6.2% aluminum. These results are within the solubility limits for Ti 
the NisAl phase indicated by Taylor and Floyd. 
Che extensiveness of y’ (NisAl) precipitation in M-252 alloy is illustrated in 
6, M-252 after 1200 hours at 1400 °F, y’ being heavily and uniformly dis 
tributed through the matrix. Fig. 7 shows the development of platelets of 
NisTi) in the vicinity of carbide patches and the increase in size of y’ afte 
450 hours at 1650 °T°. 


It is suggested that the titanium nitride of the authors’ material may account 
tor their difficulty in detecting y’ and y. Our material being vacuum melted showed 


titanium nitride and presumably had more available titanium for the hardening 
hases. 


\. Taylor and R. W. Floyd, “‘The Constitution of Nickel-Rich Alloys of the Nickel-Titaniu 
minum System,”’ Journal, Institute of Metals, Vol. 81, 1952-53, p. 25 
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lig. 6—Alloy C—General precipitation of y’(NisAl) in matrix. Etchant: 92% HC1, 5 
H2SOu, 3% HNOs x10,000. 


Fig. 7—Alloy F—Platelets of NisTi in vicinity of MeC clusters. Large 7° particles 
immediately adjacent. Etchant: 92% HC1, 5% HeSOu, 3% HNOs, x10,000 


Written Discussion: By G. N. Aggen, research metallurgist and C. B. Craver 
research metallographer, Allegheny Ludlum Steel Corporation, Watervliet, New 
York. 

The authors are to be congratulated for the fine experimental work they have 
performed in this investigation. 





WO-EFFECT ON HIGH TEMPERATI 


Table IX 
X-Ray Diffraction Data on Electrolytic Extract, Heat Treatment F 
CoKa Radiation 
Before HCI Treatment 


NisAl 


1 


After HCl Treatment 
NisAl 


(O04) 
(202) 


(HU00) 


*Superlattice lines 


Over a period of about 3 years our company produced 10-ton arc-furnace heats 
of nickel-base alloys including a 3% molybdenum Waspaloy, a 7% molybdenum 
Waspaloy and M-252 which contains approximately 10% molybdenum. These 
three alloys are very similar in analysis, the major difference being molybdenum 
content. Basically, they are similar to the authors’ heats. Microstructural inves 
tigations of normally processed and heat treated bars of these alloys showed 
striking differences in the amount of TiC, or high C Ti(CN), with molybdenum 
percentage, in verification of the authors’ results. In 3% molybdenum Waspaloy 
the major excess phase observed was TiC, less TiC and some MeC in the 7% 

olybdenum Waspaloy and no TiC but much MeC in the M-252. It was not until 
we began producing vacuum melted M-252 by the consummable electrode process 
that considerable amounts of TiC were consistently observed. As yet, we can 
offer no explanation for this difference in amount of TiC between the are-furnace 
melted and vacuum melted M-252. It appears to be connected with the melting 

rocess since ingot sizes and working procedures have been comparable in both 
types of melts. 

lhe simultaneous formation of MeC and resolution of TiC in the higher molyb 
lenum heat is an interesting process but brings up the question—-Why is TiC 
present in the first place if it is not a stable phase in the presence of high molyb- 
enum? The answer appears to lie in a reversion of the relative stability of the 
two phases at higher temperatures. MeC is normally present as uniformly dis 
tributed globules as shown by Fig. 8. Upon heating to 2350 °F, these globules of 


MeC dissolve and both MeC and TiC precipitate as lamellar constituents at the 
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Fig. 8—1975 °F 4 Hours, Air-Cooled. Etchant: 92—HC1, 5—HeSO;, 3—HNO 
Magnification x1000. 


Fig. 9—2350 °F 2 Hours, Water-Quenched. Etchant: 92—-HC1, 5—-HeSO;, 3—HNO 
Magnification x1000. 


Fig. 10 2350 F 2 Hours, Air-Cooled. Etchant 92 mci. § HeSOs,, 3 HN‘ 
Magnification x1000 


Fig. 11—2350 °F 2 Hours, Furnace-Cooled. Etchant: 92—HC1, 5—H2SOu, 3—HNO 
Magnification x1000. 
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boundaries. This can be observed in Fig. 9, the water-quenched specimen 
omeration of the very fine TiC lamellae during cooling is extremely rapid 
wn by Fig. 10, the air cooled specimen. Since the metallographic specimens 
approximately '%-inch cubes, air cooling would result in a rapid rate of 
lhe furnace cooled specimen, Fig. 11, shows less TiC and considerabl 
ymeration of the MeC. 

\s an additional point of interest, we have observed a similar occurrence in the 
base A-286 alloy. In this case, however, the role of TiC is reversed. Ti 
irs to be a stable constituent at temperatures up to at least 2050 °F. When 

alloy is heated to temperatures of about 2350 °F, TiC dissolves to form a high 

n-titanium phase (MeTi). The MeTi in A-286 alloy is unstable at lower temper 
tures but extremely reluctant to redissolve at temperatures below about 1800 °F 
resolution does occur, however, TiC re-precipitates in its place 

Referring to cellular precipitation, it has been our observation that this type 

f precipitation often is found in low molybdenum alloys but not in 7% molyb 
enum Waspaloy or M-252. This also is a verification of the authors’ findings 


Written Discussion: By F. R. Morral, Battelle Memorial Institute, Columbus, 


It is very interesting to me that two M.C-type carbides have been found in the 
ys studied in these two papers. Over twenty years ago, | worked with some 
arbide residues, and I noted the same type (W, Fe)eC with lattice parameters 
hich showed a considerable spread. It was more so than had been found between 
FeWeC and FesWs3C. Unfortunately, | do not have the materials or lattice 
parameter data on hand to compare with those described. I mention this should 
t encourage further work along these lines 

Studies of ternary or more complex carbides is involved with certain difficulties, 
residue extraction, separation of possible components, their x-ray analysis, being 
nondestructive, may become a useful tool. 

There appears to be a need for a new survey and summary of characteristics 
if carbides to bring them up to date, as Goldschmidt * has done some eight years 
igo. New data on carbide have appeared since, scattered in many papers. 

Written Discussion: By Dr. K. W. Andrews and Dr. H. Hughes, United Steel 
Companies, Ltd., Rotherham, England. 

We are very interested indeed to read this paper and to learn that the occurrence 
and behavior of carbides and other constituents in these nickel-base alloys closely 
resembles their behavior and occurrence in alloy steels. The following comments 

therefore based directly upon different aspects of this parallelism. 

[he authors refer to changes in the type of carbide with time at tempering tem- 
perature. This too is well established in steels and we have had examples of it in 
high and low alloy steels. Thus in a low alloy (Cr-Mo) steel a double sequence 


+ 


t precipitation is as follows :— 


Matrix ~ (Fe,Cr)sC ~ (Cr,Fe):Cs @ (Cr,Fe) oC 
\ . 
MoeC > FesMosC() 


In this case it appears that there is a general tendency for the first carbide to 
ive the lowest metal to carbon ratio but that this ratio tends to increase with 
e except that an M;C; carbide appears. In other circumstances we have noticed 


*H. J. Goldschmidt, “The Structure of Carbides in Alloy Steels. Part I. General Survey,” 
urnal, Iron and Steel Institute, Vol. 160, 1948, p. 345. 
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a simple sequence in which (Cr,Fe).sCs has appeared at an early stage a 
been replaced, presumably through solid solution changes, by Fes:Mo.C, 
parallel to the replacement noticed by the authors of the paper. 

The appearance of sigma phase at a late stage in a sequence of this kin 
considerable interest. The same kind of result has been obtained in our labor 
with austenitic base alloy steels.”° Here the sigma is expected to form 
ultimate equilibrium constituent as well as carbide. It appears that MasC, pr: 
tates rapidly and that some of this carbide in effect acts as an intermediate | 
so that by further diffusion of carbon, sigma phase is left. The proportio: 
different metal atoms on the carbide—in our case Fe and Cr—are approa 
the requirements of the sigma phase composition. 

The authors’ sigma phase appears in alloys which are based upon the syste: 
Ni-Cr-Co-Mo—it might be interesting to see how this fits in with the concept 
of electro vacancy as proposed by Beck and co-workers.** In making this ; 
we are aware that it would not be easy to determine the composition of this phas: 
although we suppose it might be similar to that observed in the system Ni-Cr-¢ 
but modified by molybdenum which presumably brings the alloy composition int 
a phase region face-centered cubic nickel solid solution + sigma (+ 7» carbid 

The authors have noticed cellular precipitation of MesC. at a comparatively ear! 
stage. A colleague in this laboratory has noticed a similar growth of sigma phas: 
in alloy steels but in this case it is sigma which appears after the precipitatior 
of carbide (as noted above) at a late stage in the annealing process.* There may 
thus be very little relation except that both types of cellular precipitation 
growth appear in connection with a face-centered cubic matrix. 

There is the similarity in connection with the occurrence of TiC and othe: 
phases (some of the work referred to in our discussion of an earlier paper by th 
authors should have appeared as part of a full paper before the present ASM dis 
cussion is closed.’® The conclusions in our work on steels about the relatively 
minor part played by TiC in the type of steel investigated, appear to depend or 
the fact that molybdenum is present and considerably affects the stability of Mus‘ 
into which it enters together with iron and chromium. (We did not find MeC in 
these steels because presumably tempering was incomplete or more probably the 
molybdenum content was not quite high enough.) It is therefore important to find 
that substantially the same conclusion applies for the nickel-base alloys, and that 
the limitations of titanium as a “carbide former” or “carbide stabilizer” are agai 
underlined. 


5R. E. Lismer, L. Pryce and K. W. Andrews, “Occurrence of Sigma Phase in a Hig! 
Chromium-Nickel Steel and the Effect of Carbon Content,’’ Journal, Iron and Steel Institut 
Vol. 171, 1952, p. 49. 

®L. Pryce, H. Hughes and K. W. Andrews, “The Occurrence of Sigma Phase in a Hig! 
Chromium-Nickel Steel with Particular Reference to the Influence of Silicon,’’ Journal, |: 
and Steel Institute, Vol. 184, 1956 

7S. Rideout, W. D. Manly, E. L. Kamen, B. S. Lement and P. A. Beck, “Intermed 
Phases in Ternary Alloy Systems of Transition Elements,’’ Transactions, American Inst 


79 


of Mining and Metallurgical Engineers, Vol. 191, 1951, p. 872. 

8 P. Greenfield and P. A. Beck, ““‘The Sigma Phase in Binary Alloys,’’ Transactions, An 
can Institute of Mining and Metallurgical Engineers, Vol. 191, 1954, p. 253. 

®F, B. Pickering, contribution to discussion of paper by H. J. Goldschmidt, ‘“Sigma-P! 
Nucleation and Other Transformations During Diffusion in the Iron-Chromium Syst: 
Proceedings, Symposium on the Mechanism of Phase Transformations in Metals, Institut 
Metals, London, in press. 

1M. G. Gemmill, H. Hughes, J. D. Murray, F. B. Pickering and K. W. Andrews, ° 
Development of a Creep Resisting Ferritic Material for Service in the Temperature Range 
1050 °F to 1150 °F,”’ Journal, Iron and Steel Institute, Vol. 184, 1956. 
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Authors’ Reply 
Ve gratefully acknowledge the valuable contributions and interest of the dis 
sers. 
We are grateful to Mr. Aggen and Mrs. Craver for bringing forth verification 
everal of the points in our paper. It has been our observation that TiN is not 
erally found in vacuum-melted high temperature alloys; the obvious reason 
exclusion of the atmosphere explaining this. TiC on the other hand appears 
be present in quantity, prior to aging, apparently now able to form at high 
mperatures as a result of the exclusion of TiN 

From a study of the photomicrographs submitted with this discussion it would 

pear that some confusion might arise in interpretation. The first photomicro 

aph (1975 °F—4 hours A.C.) indicates a forged structure while subsequent 
photomicrographs have the appearance of cast structures. It would seem that 
incipient melting had occurred as a result of the 2350 °F solution treatment. It 
ww becomes difficult to correlate these results with behavior in the solid solution 

Messrs. Becht and Tamanian have well established the existence of y’ and 
NisTi phases in their M-252 specimens, and we accept these identifications with 
out reservation. Since their separation technique was essentially the same as 
ours, we hold the apparent differences between their specimens and ours to be 
real. These differences indicate that the contracted-lattice carbide (»’) and the 
Nis(Al,Ti) phases are mutually preclusive, and the choice seems to depend on 
air vs. vacuum melting as Becht and Tamanian imply in their final paragraph. 

In connection with this apparent mutual preclusion we can mention a feature 
suggested by the packing of »’ carbide and then cite one result in the literature 
which supports this. In the Authors’ Reply section of another paper in this vol 
ume is given a table of interatomic distances in 7» and 7’ (there designated re 
spectively as MeC and M,C’), and it is stated that the smaller metal atoms are 
packed abnormally close together while the large atoms are not. This can best 
be demonstrated by calculating valences according to the Pauling method.” Re 
gardless of whether this is a valid method for calculating valences, it nevertheless 
provides a suitable test for abnormal packing. The results show that molybdenum 
has the same valence (or packing) in 7’ as it does for coordination number 12 


a, 


and thus is not abnormally close-packed. The elements iron, cobalt, and nickel, 
however, are of considerably higher valence in »’ than in coordination number 12; 
nickel has the smallest departure (~35%) which is the same as that of iron in 
“normal” ». This suggests that 7’ is (Ni,Mo).«C. Let us now cite Rosenbaum’s 
1948 paper, wherein a MeC carbide with a, = 10.87 A was found in hot-rolled 
Hastelloy B. The x-ray data given for this carbide can be identified with those 
fy’, and it was apparently the only phase extracted. The composition of Hastelloy 
B is given as 0.12% C, 0.27% Cr, 64% Ni, 29% Mo and 5% Fe, indicating the 
arbide composition (Ni,Mo).«C as essentially the only one possible in the hot 
rolled condition. Thus we have both a theoretical and an experimental basis for 
supposing that the formation of contracted »’ represents a selection of nickel as 
the smallest atom. 


This apparent willingness of nickel to be contracted in »’ contrasts with its 


tendency in other instances to resist contraction, as in, for exainple, its unwilling 


W. C. Hagel and H. J. Beattie, Jr., ““Aging Reactions in Certain Superalloys,” this 
lume. 

?L. Pauling, Journal of the American Chemical Soctety, Vol. 69, 1947, p. 542. _ 

2B. M. Rosenbaum, “X-Ray Diffraction Investigation of Minor Phases of 20 High 
lemperature Alloys,’’ Technical Note No. 1580, NACA, July 1948 
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ness to form sigma phase with chromium, or Laves phase (ABz) with ar 
the very largest atoms. This brings us back to the structures it does forn 
moderately large atoms, e.g., the AB; phases found by Becht and Tama: 
With »’ now presumed to be nickel-rich, the chemical potential for its for: 
would be reduced by the precipitation of ABs phases and vice versa, which 
to a possible mutual preclusion. 

We agree with Dr. Morral that a new survey of carbide formation in alloy 
transition metals would be timely in the near future. 

Dr. Andrews and Dr. Hughes’ corroborative results are most welcome. |; 
gard to the double sequence of precipitation in low alloy steels, one might 
whether the early carbides transform directly to more stable carbides or, alt 
natively, all precipitation and re-solution occurs with respect to the matrix, | 
hand one would expect the former mechanism for the MosC—> M,C transformat 
since there are crystallographic similarities centered around the carbon atoms 
other sequence, however, may consist of matrix-carbide reactions, for the dis 
cussers themselves have pointed out a crystallographic basis for the direct pri 
cipitation of MosC. from both ferritic and austenitic matrices." 

\s to the proposal that some MoasC. may, with carbon diffusion, transform di 
rectly to sigma phase, perhaps this should now be viewed in the light of Kasper’s 
analysis of transition-metal complicated structures,” and its extension by Frank 
Sigma and many other complicated phases (including, incidentally, the chi phas: 
discovered by Dr. Andrews) are bonded by the common geometric principle that 
all interstices be tetrahedral. From this principle it can be deduced that all atomi 
coordinations involving size differences not more than 25% must be one of th 
four types discovered empirically by Kasper” and designated by coordinatio 
numbers: CN12, CN14, CN15 and CN16. Thus, for the carbide to transform to 
a structure having only tetrahedral holes, it is essential that all of the carbon be 
driven out of the particle, and we must, therefore, look for a driving force. If it b 
assumed that carbon vacancies can exist, and that each vacated hole collapses 
into tetrahedral interstices, thus preventing re-entry of carbon into that region, 
then the ratchet mechanism necessary to drive out carbon is provided. It might 
be presumed that when the metal composition of the carbide particle is within a 
homogeneity range for sigma, then conditions are electronically favorable for the 
collapse of a carbon vacancy into tetrahedral interstices. The cuboctahedra of 
48(h) atoms”™ can, with slight atom movement, transform to an icosahedron, 
which provides Kasper’s CN12 coordination for the central 4(a) atoms. This 
atom movement would have little restriction if carbon atoms were gone. One of 
the position groups, viz. 8(c), already has a coordination with only tetrahedral 
holes (CN16). Thus the carbide-to-sigma transformation appears to remai 
possible within the framework of the newer ideas. 

Finally, it is most encouraging to see that three groups of discussers have each 
offered independent evidence for the instability of TiC in the presence of molyb 
denum at certain temperatures. This result is somewhat surprising, considering 
the high stabilities of TiN, NbC and VC; therefore, this multiple corroboratio1 
is not merely welcome, but perhaps sorely needed. 


Andrews and Hughes’ reference 6. 
5 J. S. Kasper, ‘“‘Atomic and Magnetic Ordering in Transition Metal Structures,’’” ASM 
Seminar—Theory of Alloy Phases, 1956, p. 264. 
J. S. Kasper and F. C. Frank, private communication. 
17 For a partial MesCe structure see Table 13(c) of Hagel and Beattie, Joc. cit. For the « 
plete structure see H. J. Goldschmidt, cited by Dr. Morral. 





THE MECHANICAL PROPERTIES OF IRON. 
ALUMINUM ALLOYS 


By W. Justusson, V. F. ZacKAy, AND E. R. MorGan 


Abstract 
Several variables affecting the ductility of tron-aluminun 
alloys were examined in detail. Vacuum casting and fabri 
cation techniques were developed to minimize grain siz 
and thereby reduce the susceptibility for brittle fractur 
Quenched iron-aluminum alloys containing carbon exhibited 
greater ductility than furnace-cooled alloys of the same com 
position. The difference was accentuated by the addition of 
0.5% titanium. The yield and tensile strengths of both 
quenched and slowly cooled alloys increased progressively 
with aluminum content to a maximum at 14% aluminum 
and then fell off rapidly. The ductility of all alloys decreased 
sharply beyond 10% aluminum. It is suggested that the 
effects of composition and heat treatment on the mechanical 
properties of the present alloys can be attributed partly to 
the occurrence of ordering. (ASM-SLA_ Classification 
O23, Fe, Al) 
INTRODUCTION 
HE UNIOUE electrical, magnetic and refractory properties of 
iron-aluminum alloys have long stimulated the interest of metal 
lurgists. Unfortunately the room temperature brittleness of these alloys 
has retarded their development. The present program was undertaken 
in an attempt to uncover some of the underlying causes of this brittle 
hess. 
Some of the principal factors thought to influence the mechanical 
properties of iron-aluminum alloys were examined in detail. These 


factors included processing variables such as melting and casting prac 
tices, hot working and heat treatment, and the effect of alloying ele 
ments. 


Previous Work 


Phasial Relationships 


Aluminum has a wide range of solid solubility in body-centered alpha 
iron as indicated in Fig. 1. The terminal phase is thought to be stable 
t all temperatures to the melting point between 2 and 35 weight % 


. paper presented before the Thirty-Eighth Annual Convention of the Society, 
eld in Cleveland, October 8-12, 1956. The authors, W. Justusson and V. F. 
Zackay, are associated with the Physical Metallurgy Section, Scientific Labora 
tory, Ford Motor Company, Dearborn, Michigan. E. R. Morgan is associated with 
he Graham Research Laboratory, Jones and Laughlin Company, Pittsburgh 
Manuscript received April 2, 1956. 
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Fig. 1—Iron-aluminum Phase Diagram 


aluminum, The system is characterized by two ordered structures; 
Ke,;Al and FeAl corresponding to 13.9 and 33 weight % aluminum 
Bradley and Jay (1)! found a sharp deviation in lattice parameter from 
Vegard’s Law corresponding to alloys containing about {0 or more 
percent aluminum. Bennett (2) concluded from electrical- resistivity 
measurements that ordering could be detected in alloys containing as 
little as 10% aluminum. 

Saito (3) has suggested the existence of a complex ordered struc 
ture corresponding to Fe,;3Al;; the presence of this superlattice was 
indicated by electrical, magnetic, and thermal measurements. Very little 
information is available concerning the FeAl ordered structure. It is 
obvious that much definitive work has yet to be done on the iron 
aluminum phase diagram. 


—=- 


Che figures appearing in parentheses pertain to the references appended to this paper 
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Mechanical Properties of Fe-Al Alloys From the Data of Syke 
and Bampfylde 


Mechanical Properties 


Yensen and Gatward (4) pioneered the earliest attempts at vacuum 
melting of iron-aluminum alloys. Although the equipment of these in 
vestigators permitted an ultimate vacuum of only 1 millimeter, alloys 
up to about 9 weight ‘ 
tility. Unfortunately, the yield and tensile strengths of the alloys above 
5 weight % aluminum were abnormally low indicating the presence of 


© were produced possessing measureable duc 


some embrittling factor such as oxygen contamination. 

Sykes and Bampfylde (5) ina classic paper on the electrical, thermal, 
ind mechanical properties of air-melted tron-aluminum alloys were 
among the first to draw widespread attention to the diverse properties 
of this alloy system. Of particular interest in their investigation was 
the excellent oxidation resistance of the higher aluminum alloys. The 


( 


existence of an ordered structure above 10 weight % was confirmed 


by both electrical and thermal measurements. Sykes and Bampfylde 


o emphasized the sensitivity of iron-aluminum alloys to cracking 
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Ki 3—Effect of Carbon on the Transition Temperature of Ordered 14% Fe-Al 
Alloys. 


under high thermal gradients due to the low thermal conductivity an 
high thermal expansivity. The air-melted alloys containing more tl 
5 weight % aluminum were extremely brittle as shown in Fig. 2. 

Nachman and Buehler (6) have considered the magnetic and ele 
vated temperature properties of hydrogen-deoxidized iron-aluminun 
alloys containing 15 to 16 weight % aluminum. The 16% aluminun 
alloys have considerable promise for magnetic tape applications whil 
ternary alloys containing 3 to 4% molybdenum were reported to hav 
creep-rupture properties equivalent to several commercial austeniti 
stainless steels (7). The ductility of both the magnetic and elevated 
temperature alloys as measured by sheet tensile specimens was about 
3%. 

Morgan and Zackay (8) have recently summarized the results of a1 
investigation on the production of relatively ductile iron-aluminum 
alloys. The oxidation resistance, ductility dependence on aluminun 
content, and the elevated temperature strength of several ternary alloys 
was presented. The present paper is intended to describe in greater 


QO9 


Fig. 4—-Effect of Pouring Temperature (14% Al Alloy) on As-Cast Grain Siz 
a 2900 i: b S000 Fs ¢ 5150 | 


tail the processing variables and room temperature mechanical proper 
ties of alloys over a wide range of aluminum content. 


PROCESSING V ARIABLES 
Melting Practice 

The carbon deoxidation technique selected for the production of all 
alloys considered in this investigation has been described in a previous 
publication (8). Briefly, the base materials of electrolytic iron and 
high purity pig aluminum were induction vacuum-melted in high purity 
stabilized zirconia crucibles. After the addition of 0.05% spectrographic 
carbon, the molten iron was held 10 minutes under an ultimate vacuum 
of 1 micron or less. The aluminum pig was added to the molten iron 
prior to casting into steel molds. The carbon level and deoxidation 
period was determined from 8 millimeter square unnotched bar impact 
data. The effect of a ten minute deoxidation period with various carbon 
levels is shown in Fig. 3. 

The as-cast grain size is critically dependent on the pouring temper 
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ature as shown in Fig. 4. For this reason all heats were poured 
temperature of 2900 °F or lower. To minimize thermal shock and 
sible microcracking the ingots were stripped hot from the molds 


buried in vermiculite to ensure slow cooling. 


Hot Working 


\fter the removal of the hot-tops, the ingots were reheated 
1800 °F for hot working. To reduce thermal shock they were char; 
into a furnace held at 1000°F and then brought to the hot worki 
temperature. The plastic behavior of binary iron-aluminum alloys is 
such that little is gained by hot working at temperatures in excess 
1800 °F. In addition, there is a rapid increase in the rate of grain 
growth above this temperature. For example, iron-aluminum alloys at 
a temperature of 2000 °F undergo an increase in ASTM grain size 
tto lin % hour. 

The ingots were hot-rolled at 1800 °F to 7 inch square bar. The first 
breakdown passes were light since the tendency to crack is the greatest 
in the as-cast state. The finishing passes reduced the 7g-inch square 
bar to 5g-inch diameter rod at an initial temperature of 1400 °F. The 
final passes were often completed at temperatures below 1000 °F. Al 
loys rolled in this manner were free of scale and edge cracking. 


EXPERIMENTAL RESULTS 


Recrystallization and Grain Growth 

Highly alloyed ferritic metals are subject to-brittle fracture. Brittk 
fracture of both the transcrystalline and intercrystalline types is de 
pendent upon grain size (9). Therefore a series of experiments were 
conducted to obtain information on the recrystallization and grain 
growth characteristics of wrought alloys. The data obtained was utilized 
in the design of hot working and heat treat schedules such that a mini 
mum grain size was obtained in the final wrought product. 

The variation of grain size with temperature of a 40% cold-worked 
14% aluminum alloy is shown in Fig. 5. No appreciable grain growth 
was observed at temperatures of 1200°F or below for periods up 
to 5 hours. At 1400 °F recrystallization was complete in % hour and 
significant grain growth did not occur for periods up to 2 hours al 
this temperature. A standard recrystallization anneal of 1 hour at 
1400 °F was therefore adopted. 


Electrical Properties 
Superlattice formation is usually accompanied by a substantial d 
crease in resistivity. Many investigators have used this phenomen 
as an aid to detect ordering in alloy systems. Electrical resistivity mea 
urements of binary iron-aluminum alloys have confirmed the existenc 


IRON-ALUMINUM ALLOYS 


Fig. 5—Recrystallization of a 14% Al Alloy. 1 Hour at temperature (40% cold-worked ) 
a—1200 °F; b—1400 °F; c—1600 °F; d—1800 °F; e—2000 °F. x100. 
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Fig. 6—Variation of Electrical Resistivity with Aluminum Content 


of a superlattice at aluminum contents of 14 weight %, as shown in 
‘ig. 6. The initiation of ordering is apparent in slowly cooled (60 °F 
hr.) alloys containing 10 or more % aluminum. The resistivity of the 
quenched alloys is almost a linear function of alloy content up to 14% 
aluminum. Both branches of the curve are similar to those found by 
Bennett (2), however the sharp inflection shown by the quenched al 
loys at 14% aluminum was not noted by Sykes and Bamfylde (5). Al 
though this electrical resistivity data cannot be regarded as quantita 
tive in nature due to its sensitivity to minor alloying elements, residual 
stresses, and measuring errors, it does afford a rough guide to th 
effectiveness of a given heat treatment with respect to the presenc 
of ordering. Any microcracking produced by faulty processing wa 
indicated by an abnormally high resistivity. 


Mechanical Properties 


The mechanical properties of body-centered cubic lattices are known 
to be sensitive to interstitial elements such as carbon, nitrogen, 
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Fig. 7—Tensile Properties of Quenched Fe-Al Alloys 


oxygen, although the latter is not always regarded as a true interstitial 
element. In addition, the ferritic iron-aluminum-carbon system con 
tains complex carbides which may be embrittling (5). Since all of the 
binary alloys contained residual carbon between 0.03 and 0.05%, a 
series of ternary alloys were prepared containing 44% titanium. The 
tunction of the titanium was to form a stable carbide in a manner anal- 
ogous to “‘stabilized”’ austenitic stainless steels. 

The room temperature mechanical properties of iron-aluminum al 
loys containing carbon and carbon plus titanium were determined for 
a range of aluminum contents up to 16%. It is possible therefore to 
compare the ductility, for example, of the two alloy systems at any given 
aluminum content. All samples were subjected to a standard recrystal 
lization anneal of one hour at 1400°F before either furnace cooling 
(60 °F /hr.) or water quenching to room temperature. 

The parameters of tensile and yield strength, elongation (1-inch gage 
length), and reduction in area for binary iron-aluminum alloys in the 
water-quenched and furnace-cooled condition are shown in Figs. 7 and 
‘, respectively. The ratio of yield to tensile strength in either condition 
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Fig. 8—Tensile Properties of Furnace Cooled Fe-Al Alloys 


is essentially constant at about 0.75 to approximately 14% aluminu 
\bove this aluminum content, the data are somewhat scattered ; how 
ever, a rapid fall in both yield and tensile strength is shown at the 15 t 
16% aluminum level. The maximum in the tensile and yield strengths 
is close to the stoichiometric composition of the Fe;Al1 superlattice. 

The decrease in ductility with aluminum content up to 10% is similar 
for both heat treatments. At higher aluminum levels the furnace-cooled 
alloys show a slightly more rapid decrease in ductility with increasing 
aluminum, as shown in Fig. 9. The small but definite decrease in du 
tility might be ascribed to the presence of order in the slowly cooled 
specimens since superlattice formation begins at the same aluminum 
level at which the ductility decrease is noted. However, the sharp d 
crease in ductility, in either heat treated condition, between 8 and 10 
aluminum would appear to be from causes other than superlattic 
formation. 

\ similar graphical presentation of the mechanical properties of th 
titanium-containing ternary alloys is shown in Figs. 10, 11 and 12. Th 
behavior of these alloys is somewhat different from that of the bina 
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Fig. Effect of Heat Treatment on Ductility of Fe-Al Alloys 


alloys. The yield strength versus aluminum curve exhibits a flat plateau 
rather than a sharp maximum for the quenched alloys, as shown in Fig. 
10. The sharp drop in tensile strength appears at approximately 14% 
uminum in the quenched alloys and at about 12% aluminum in the 
‘urnace-cooled material. Considerable difficulty was encountered in 
obtaining consistent test results for the slowly cooled alloys. 

A striking difference is noted in the ductility of the alloys for the two 
heat treated conditions as shown in Fig. 12. The quenched alloys exhibit 
high ductility to 10% aluminum and then drop very sharply to a low 
value. The furnace-cooled alloys show a gradual decrease in elongation 
from a value of 40% for 8% aluminum to essentially zero at 12% 
aluminum. The reason for the increased ductility between 8 and 10% 
aluminum in the quenched titanium-bearing alloys is not known at 
present. 

[f the embrittlement observed in the furnace cooled alloys 1s due to 
ordering in alloys having 10 or more % aluminum, alloys quenched 
from successively higher temperatures should exhibit a rapid increase 
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Fig. 10—-Tensile Properties of Quenched 0.50% Ti-Fe-Al Alloys 


in ductility when the quenching temperature exceeds the order-disorder 
transformation temperature. 

Specimens of an alloy containing approximately 11% aluminum and 
0.77% titanium were furnace-cooled from 1400°F and reheated to a 
series of successively higher aging temperatures for 1 hour and water 
quenched. The resultant ductilities and yield strengths are shown as a 
function of the quenching temperature in Fig. 13. The ductility is ob 
served to increase and the yield strength to decrease at a quenching 
temperature between 900 and 1000 °F. The transformation temperature 
for this alloy is estimated from the phase diagram to be between 95! 
and 1000 °F. 

The foregoing data strongly indicated that maximum ductility of 
iron-aluminum alloys containing more than 10% aluminum is obtained 
by quenching from above the order-disorder transformation temper 
ature. However, the high susceptibility of iron-aluminum alloys to 
microcracking induced by thermal stresses cautions against too severe 
a quench. The effects of both quenching media and quenching temper 
ature were studied to determine the conditions for retention of max! 
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Fig. 11—Tensile Properties of Furnace Cooled 0.50% Ti-Fe-Al Alloys 


mum ductility in a 14% aluminum alloy as shown in Fig. 14. The 
quenching media, oil and water, were examined over a range of quench 
ing temperatures of 1000-1600 °F. 


30th media resulted in maximum ductility for samples quenched 
from 1200 °F. This temperature is above the long-range ordering tem 
perature and yet is not sufficiently high for quenching stresses to cause 
microcrack formation. An oil quench is clearly superior to a water 
quench. 


Chemical Analysis 


The aluminum content of all alloys was determined by the ether ex 
traction method as described by Yensen and Gatward (4). The accuracy 
is estimated to be approximately + 2% of the total aluminum content. 
\ll specimens were qualitatively checked for both aluminum content 
and soundness, by electrical resistivity measurements prior to mechan 
ical testing. Minor alloying elements were analyzed for by conventional 
wet chemical methods. 

A spectroscopic technique for rapid analysis of aluminum in the 
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Fig. 12—-Effect of Heat Treatment on Ductility of 0.50% Ti-Fe-Al Alloys 


8-16% range was developed in this laboratory permitting a precision 
of + 1% of the total aluminum content. A description of this techniqui 
will appear in the published literature in the near future. 


DISCUSSION 

The difficulties encountered in the melting, casting, and processing 
of iron-aluminum alloys can be broadly related to the general problem 
of the effect of interstitial elements on the properties of body-centered 
cubic metals. The elements oxygen and carbon have been considered in 
this investigation to be partially responsible for the severe embrittle 
ment of high aluminum iron-base alloys although nitrogen cannot a 
priori be dismissed in this regard. Contradictory experimental results 
have prevented the evaluation of the role of nitrogen as an embrittling 
agent. 

The oxygen level is undoubtedly an important factor in the process 
ing of these alloys. It is reasonable that embrittling grain boundary 
oxide films can be present in the as-cast structure. The large thermal 
expansion and poor thermal conductivity lead to high thermal stresses 
which accentuate the tendency for intercrystalline fracture throug! 
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Tensile Properties of an 11% Al Alloy as a Function of Quenching 
(ere 

these oxide films in the initial phases of hot working. It is emphasized 
that the formation of a discrete oxide film in grain boundaries 1s not the 
sole cause of embrittlement. Any segregation of interstitials at disloca 
tions within the grains or at grain boundaries could conceivably lead 
to decreased ductility. 

Carbon deoxidation is effective in reducing the amount of oxygen in 
both the dissolved and oxide form. However, the kinetics of the carbon 


oxygen reaction require an excess of carbon for the most effective 


vacuum deoxidation. The residual carbon thus becomes a possible em 
brittling agent. The present processing techniques for 1ron-aluminum 
loys are therefore directed toward minimizing the embrittling effect 
of carbon and oxygen and avoidance of thermal shock to the cast alloy 
in all phases of processing. Since the tendency for both transcrystalline 
ind cleavage fracture of ferritic alloys is inversely related to the square 
root of the grain size, control of grain size throughout the casting, hot 
working, and heat treatment phases is imperative. 

The sharp drop in ductility observed in alloys containing more than 
10% aluminum might be explained on a basis other than the presence 
of interstitial elements. The hardness and tensile strength generally in 
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Fig. 14—Effect of Quenching Temperature and Media on Elongation of 
14% Al Alles 


creases and the ductility decreases of most ordered systems (10). Elec 
trical resistivity measurements confirm the existence of long rang 
order in furnace-cooled specimens and its absence in quenched spect 
mens of alloys containing between 10 to 14% aluminum. The mechan 
ical properties of quenched alloys in this aluminum range appear to 
reflect the absence of long range order by exhibiting a small but signifi 
cant increase in ductility of all binary and ternary alloys tested. Short 
range order is known to exist several hundred degrees above the trans 
formation temperature in some alloy systems (11), but the contribu 
tion, if any, of short range order to the brittleness of iron-aluminum 
alloys is unknown. Although there is a small increase in ductility o| 
quenched alloys in the 10 to 14% aluminum range the generally low 
level of ductility observed for these alloys remains unexplained. 


SUMMARY 


[ron-aluminum alloys, like many other body-centered cubic materials 
which contain oxygen, carbon and nitrogen, are susceptible to brittle 
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racture. This susceptibility is increased sharply by large grain size. For 


this reason vacuum melting, casting and fabrication techniques were 
leveloped so as to achieve a minimum grain size in the final w rought 
illoys. | 

The effect of heat treatment on the mechanical properties of iron 
luminum alloys containing small amounts of carbon and titanium was 
studied. Quenched iron-aluminum alloys containing carbon, exhibited 
greater ductility than furnace-cooled alloys of the same composition. 
This difference was accentuated by the addition of 0.5% titanium. 

The yield and tensile strengths of both quenched and slowly cooled 
alloys increased progressively with aluminum content to a maximum 
at 14% aluminum and then fell off rapidly. The ductility of all alloys 
decreased sharply beyond 10% aluminum. . 

It is suggested that the effects of composition and heat treatment on 
the mechanical properties of the present alloys can be attributed partly 
to the occurrence of ordering. 
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This paper on the mechanical properties of iron-aluminum alloys is of 
ticular interest to the writers because of similar investigations being perfor 
at the U. S. Naval Ordnance Laboratory. It is stated by the authors {1 
“Quenched iron-aluminum alloys containing carbon exhibited greater duct 


than furnace cooled alloys of the same composition.” The writers would be int 
ested in obtaining additional information on the effects of carbon on the mechar 
properties when present in the iron-aluminum system. Two specific questi 
arise: 

1. How does the ductility of quenched Fe-Al-C alloys compare with tl 
Fe-Al alloys similarly quenched and of equal aluminum content: 

2. In the Fe-Al-C alloys investigated by the authors, was there any signif 
change in ductility of quenched alloys at various carbon contents ? 

It is also interesting to note that Messrs. Justusson, Zackay, and Morgan f 
that oil quenching improved the room temperature ductility. In our work we | 
found similar improvement which undoubtedly is attributable to a change in 
structural condition of the material. The effects of various quenching mediu 
upon the magnetic properties of iron-aluminum base alloys have been thorous 
investigated at the LU. S. Naval Ordnance Laboratory. Magnetic permeabilit 
(um), a highly structure sensitive property, showed a drop from 130,000 to 47,0 
when water and oil, respectively, were used as the quenching mediums for lat 
nated cores of an alloy containing nominally 16% aluminum, 3.3% molybdenu 
and the remainder iron. Possibly additional basic studies on the order-disot 
transformation of the iron-aluminum system will provide the answers to improy 
ductility. 

With reference to Fig. 6, the resistivities of the quenched Fe-Al alloys « 
taining 15-16% aluminum are considerably lower than values obtained by tl 
writers. For disordered alloys of 16% aluminum, resistivities of the order of 150 
micro-ohm cm were obtained. This discrepancy may possibly be explained 
differences in specimen thickness used for the resistivity measurements. Our 
measurements were made with sheet specimens 0.015 to 0.020 inch in thickn 
Because of the inherent low heat conductivity of Fe-Al alloys, it would be expect 
that relatively thin specimens would be more completely disordered by the quenc! 
ing operation. 


Authors’ Reply 

[he authors wish to express their gratitude for the interesting comments 
questions expressed by Messrs. Nachman and Buehler of the Naval Ordnance 
Laboratory. The significant contribution of the Naval Ordnance Laboratory 
the development of nonstrategic elevated temperature and magnetic alloys is wel 
known. 

The effect of carbon on the mechanical properties of iron-aluminum alloys 1s 
most interesting one. At relatively low carbon contents, say 0.01 to 0.10 percent 
the transition temperature increases with increasing carbon shown in Fig. 3. Ther: 
is definite evidence that for maximum ductility, particularly in the 10 to 16 weight 
percent region (i.e., in the order-disorder compositions) the ductility 1s higher 
the lower the carbon. 

In alloys with less than 10 weight % aluminum and carbon contents up to sey 
eral weight %, 10 to 15% ductility was retained regardless of heat treatment 
However, the oxidation resistance is seriously affected and the room and elevate 
temperature properties are not significantly bettered. 





IRON 


he interesting correlation between mechanical and magnetic properties found 


he Naval Ordnance Personnel is provocative and fruitful in designing future 
earch programs on this and other systems. We thoroughly agree with the com 
nts expressed that more fundamental research on the order-disorder trans 
mations is needed. 

he electrical resistivity data obtained by the Naval Ordnance Laboratory on 

water-quenched specimens, is in all probability more accurate than our own 
ur specimens were tensile samples of 14-inch diameter; the electrical resistivity 
ng used primarily for quality control to eliminate cracked and segregated 


ecimens. 


\fter three years of intensive work on the iron-aluminum system and partial 


valuation of both the virtues and liabilities of iron-aluminum alloys, we are con 
need that, in many instances, these alloys can replace the more costly and 
rategic nickel bearing alloys presently utilized. It is our hope that research and 
evelopment groups throughout the country will increase the effort toward further 
<ploitation of this potentially useful alloy system 





SOME HIGH TEMPERATURE OXIDATION CHAR. 
ACTERISTICS OF NICKEL WITH CHROMIUM 
ADDITIONS 


By G. E. ZIMA 


Abstract 

The relationship between alloy chromium content and 
oxidation rate has been determined for nickel-chromium 
alloys containing up to 17At% chromium. The tests were 
conducted at 1096 °C (2000 °F), under one atmosphere of 
oxygen. The observed structural and phase changes in the 
oxide were related to the oxidation rate. It ~ been found 
that incre asing amounts of chromium in the NiO phase gov 
erns the oxidation rate for alloys containing less than 2AtY 
chromium. For alloys of greater than 2At% chromium, a 
comple x exchange of chromium among three phases—N10O, 
Cr,O3 and the spinel, NiCrz,O0,—has been detected. This 
chromium exchange was reflected in the lattice parameter of 
the NiO phase, and in the rate of increase of oxidation rate 

with chromium addition to the alloy. The present work indi 
rates that an interstitial diffusion mechanism may become 
dominant in the oxides of high chromium content. Within 
the scope of the present work, the high oxidation stability 
of nickel-chromium alloys has been correlated with the pres 
ence of CregOs in the oxide layer. 

Oxidation rates for high purity nickel have been di ‘ter- 
mined at temperatures of 980, 1096, and 1260 °C (179 
2000, 2300 °F), under one atmosphere of oxygen. The aoe 
ent data, combined with lower temperature data obtained by 
Gulbransen and Andrew, yielded an activation energy of 
45.1Kcal/mole for the oxidation of nickel. (ASM-SLA 
Classification: R2, Ni, SG-h) 





INTRODUCTION 
He nickel-chromium system has been the subject of extensive 
ace study principally because of the high oxidation resistance: 
of certain nickel-chromium and nickel-chromium-iron alloys. Most of 
this work has involved material of high (>20At%) chromium con 
tent. Some studies of small chromium additions have shown that the 
effect of the first chromium additions is to increase the oxidation rate 


Some of the material presented in this paper has been taken from a thesis submitted t 


California Institute of Technology in partial fulfillment of the requirements for the deg: 
»f Doctor of Philoso phy. 


\ paper presented before the Thirty-Eighth Annual Convention of the Society, 
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assistant, California Institute of Technology, Pasadena, California. He is no 
research engineer, Bayonne Research Laboratory, International Nickel Compa! 
Bavonne, New Jersey. Manuscript received April 9, 1956. 
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his augmentation effect of chromium reportedly persists up to a chro 
ium content near 1LOAt%. With further chromium addition, the 

familiar high oxidation stability of nickel-chromium alloys is rapidly 
ttained. The present work attempts to define this reported maximum 

somewhat greater detail and to relate the observed oxidation be 
avior to the physical and chemical structure of the oxide. 

Che oxidation of nickel-chromium alloys within the chromium range 
of this study is thought to be governed by NiO with chromium substi 
tution, therefore, a brief discussion of the structure of NiO is appro 
priate. The work of Cairns and Ott (1) ! is among the first significant 
studies of the N10 structure. They reported a cubic, NaCl type struc 
ture, with a parameter value of 4.1768A. Rooksby (2), using a camera 
of high resolution, reported that below about 200°C (390°F) NiO 
is rhombohedral. The parameters given for 18°C are: a= 60°42’, 

2.9518A. 

The present conception of the ionic structure of NiO is based largely 
in electrical conductivity and thermoelectric data. Baumbach and Wag 
ner (3) found the electrical conductivity to be proportional to the 4 
power of the oxygen pressure. Their tests were conducted at 900 and 
1000 °C (1650 and 1830°F), with an oxygen pressure ranging from 
2x10~—* to 1 atm. On the basis of the dependence of the electrical con 
ductivity on oxygen pressure, Wagner suggested that a Schottky defect 
structure in the Ni**+ partial lattice was reasonable, i.e., vacancies in 
the Ni** lattice with electrical neutrality maintained by the formation 
of two Ni®*+ for each Ni®*+ vacancy ({ ]Ni?*+ ). Wagner assumed a 
direct proportionality between the conductivity and the Ni®* concen 
tration. In modern terminology, the creation of an Ni** creates a de 
fect electron, or positive hole. Electrical conduction due solely to the 
motion of positive holes is designated p-type conduction. Wagner's 
assumption of a p-type conductivity for NiO has been substantiated by 
subsequent work. The thermoelectric power data obtained from the 
coupling metal-oxide-metal can be used to determine the character of 
the current carrier in a material such as NiO. The thermoelectric power 
(dE/dT) is positive for a p-type conductor and negative for an n-type, 
regular electron, conductor, thus permitting a determination of the type 
of conduction prevailing in the oxide. Hogarth (4), and more recently 
Morin (5) and Parravano (6) confirmed the p-type conduction in 
NiO by thermoelectric power data. Morin attempted to obtain a value 
of the Hall coefficient for NiO, using both polycrystalline and single 
crystal specimens. The Hall voltage could not be detected for either 
type of specimen, indicating a very low mobility for the current carrier. 
Che details of the several energy models which have been proposed to 
account for the abnormally low carrier mobility in NiO are not of direct 

interest to this discussion. 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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The assumption that normal NiO has a Schottky defect structur: 
the nickel partial lattice implies that NiO is a metal deficit oxide. Ch 
ical analysis has shown that NiO does exist with a metal deficie; 
with respect to the formula NiO. In summary, pure NiO is preset 
designated as a metal deficit, p-type, semi-conductor. 

The present knowledge of the effect of foreign ions on NiO is qu 
limited. Morin (5) and Parravano (6), using a thermoelectric t 
nique initiated by Morin, showed that within certain concentrat 
limits the addition of singly charged ions, such as Li'+ and Ag! 
creases the number of Ni** ions relative to the number existing in pi 
NiO. These workers found a near 1:1 correspondence between t! 
number of Ni°* created and the number of Li'+ or Ag!* ions adc 
to the NiO. This would suggest a reaction such as: 

4O.+ Li + Ni* — O* + Li’** + Ni? Reaction | 
implying that the oxygen is ionized by drawing electrons from bot! 
Ni** ions and Li atoms. For very small lithium additions Parravano 


found a decrease in the Ni**+ with lithium addition. This might occur 
according to the reaction: 





Li + (Ni? + Ni®* —> Ni* + Li* Reaction 2 


where the lithium ions are added to normally vacant Ni** sites, and 
ionization of the lithium occurs solely at the expense of the Ni*°* ions 
This reaction was suggested by Brownlee and Mitchell (7) in a stud 
of the effect of lithium additions on the lattice parameter of NiO. 

Of more direct interest to the present discussion, Parravano (6 
found a near 1 : 1 correspondence between the number of chromium tons 
added to the NiO and the number of Ni**+ destroyed, for an oxide con 
taining LAt% chromium. Chromium addition ta NiO effecting such 
decrease in the Ni**+ might occur in several ways: 


0. + Cr + FON? + Ni* — OF + Cr* + NP Reaction 3 


where chromium is added with lattice extension and with the destru 
tion of 1 nickel vacancy and 1 Ni®* for each chromium. 


40. + Cr + Ni**— O* + Cr* + Ni* Reaction 4 


This reaction implies that either the chromium ions do not occupy avail 
able vacant sites, or that previous chromium additions have filled th 
vacancies (possibly according to Reaction 3) and subsequent chromiu 
addition does not create new vacancies. Reaction (4) might be expect 
to continue until exhaustion of the Ni®* ions. With a chromium con 
centration which is large relative to the concentration of defects as 
sociated with pure NiO, Wagner and Zimens (8) suggest that chro 
mium addition might occur as follows: 


3/202 + 2 Cr —> 307 + 2Cr* +1 OONi”" Reaction 


VICKEL WITH CHROMIUM ADDITIONS 


e the concentration of Ni°*+ vacancies is equal to one half the con 
tration of the added chromium. 
in the basis of the cationic vacancy diffusion mechanism, believed 
e valid for mass flow through NiO, chromium addition according 
quation 3 might be expected to decrease the oxidation rate because 
the reduction in vacancy content with chromium addition. Chromium 
lition according to [Equation 4 could not be expected to effect a 
irked change in the oxidation rate relative to that of pure nickel. The 
present explanation of the increase in oxidation rate with chromium 
ldition to nickel is largely based on the defect model expressed by 
quation 5. On the basis of this reaction, chromium addition would 
be expected to increase the vacancy content with a consequent increase 
in the oxidation rate. This increase in vacancies with chromium addi 
tion would be expected to persist until the chromium reached a satura 
tion concentration in the NiO, with the appearance of a new phase, or 
phases. At the saturation point, a change in the rate of generation of 
acancies with chromium addition would be expected with a change in 
the oxidation rate—chromium content relationship. 

Chere is still substantial ignorance concerning the limit of chromium 
solubility in the NiO lattice and the disposition of the chromium once 
the solubility limit has been reached. The present limited knowledge of 
mixed oxides also permits some doubt concerning the dominance of the 

\tionic vacancy diffusion mechanism over a wide range of the oxide 
composition. These factors are of obvious inportance in the oxidation 
process of nickel-chromium alloys. 


EXPERIMENTAL PROCEDURI 


in the present work the discontinuous weighing method was used. 
pecimens were exposed to the oxidation atmosphere for the desired 
ime and then quickly removed to a desiccator to cool. Cooling was 
ccelerated by a stream of argon through the desiccator. A Burrell 
high temperature furnace was used, provided with a quartz oxidation 


tube. Pressure was established by a precision regulator and periodic 
anual adjustments maintained the pressure to within + 0.1 cm at 76 


cm of mercury. Continuous pressure measurement was obtained with 
\ sealed microbarograph. A Leeds and Northrup Micromax type con 
roller was used for the temperature control. It 1s estimated the test 
temperature, 1096°C (2000°F), was maintained to within + 6 °C 
\Veighing was done with an Oertling microbalance. 

\viators’ breathing oxygen was used. Purity specifications for this 
ras state that the oxygen content is to exceed 99.5%, with a water vapor 
mtent not to exceed 0.035mg/liter. Nitrogen is listed as the principal 
mpurity. Other than the use of several P2O; traps for water vapor, no 
ttempt at further gas purification was made. 

\ series of nickel-chromium alloys, varying from pure nickel to 
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about 11At% chromium, was purchased from Battelle Memorial 1; 
tute. Chemical and spectrographic analysis showed that the impuri 
aggregate was less than 0.1 weight % for this material. Silicon, iroy 
and zinc were the principal impurities. Additional alloys were prepa: 
by supplementing the Battelle material with hydrogen reduced, high 
purity chromium powder. This latter material extended the chromium 
content of the oxidation material to 16.5At%. 

For the bulk of the test work the specimen area was about 10 cent; 
meters square with a thickness of about 0.050 centimeters. When ma 
terial shortage prohibited the use of large specimens, a specimen oi 
about 2.5 centimeters square was used. The thickness of 0.05 centi 
meters was held for all specimens. Specimen dimensions were obtained 
with a Bausch and Lomb Contour Comparator, used at x10, and with 
micrometers. When it was apparent that the oxidation data scatter was 
not significantly reduced by using the comparator, all dimensions were 
obtained with micrometers. 





To minimize grain boundary diffusion, a large grain size was ob- 
tained for the oxidation material by vacuum annealing at 1260°C 
2300 °F) for 24 hours. The resulting grain size (mean diameter ~5| 
mm at x100) proved uniform for all alloys. Subsequent to the anneal, 
the specimens were mechanically polished through 600 paper, followed 
by an electropolish in a sulphuric acid-glycerol bath. The polish was 
conducted at 70 °C, 0.15 amperes per square centimeter for 6 minutes 
‘inal treatment consisted of a soap wash, followed by water and ab- 
solute alcohol rinses. 

Because of the severe quench cracking of most of the oxides, it was 
necessary to oxidize each specimen within its own quartz capsule. The 
capsule was provided with a loosely fitting cap at one end and a small 
hole at the other, to insure oxygen circulation with containment of the 
oxide. The capsules were mounted on a nickel or Nichrome boat, ma 
nipulated by a quartz pull rod. 


OXIDATION RESULTS 

High Purity Nickel 
The oxidation rate of high purity nickel serves as a logical reference 
for the nickel-chromium alloys. Gulbransen and Andrew (9) and Kuba 
schewski and Hopkins (10) have summarized the oxidation data for 
nickel of various degrees of purity. The sensitivity of the oxidation rate 
to impurity content is evident from the remarkable spread in the log 
parabolic rate constant (K,)-1/T relationships reported by various 
workers. The nickel used by Gulbransen and Andrew (9) and that used 
in the present work was of comparable quality (>99.95% after vacuum 
annealing). The data of Gulbransen and Andrew for high purity nickel 
are given in Table I. In the present work, oxidation rate data were 
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Table I 
Oxidation Data For High Purity Nickel (>99.95% ) 





pt Je T Kp 

(cmHg) ("=) (°F) (gm2cm~‘sec~') S 
7 6 550 1020 1.08 x 10-3 Ref. 9 
7.6 600 1110 5.23 x 107 Ref. 9 

.6 625 1155 6.83 x 10 Ref. 9 

6 650 1200 1.46 x 10-38 Ref. 9 

7.6 700 1290 5.08 x 10-8 Ref. 9 
980 1795 1.14x 107 Present 

W ork 
Present 
Work 
Present 


Work 


ource 


1096 2000 


1260 2300 











(@ Gulbransen and Andrew ) 








0.9 
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Fig. 1—Log Kp vs. 1/T For High Purity Nickel. 


obtained for nickel at 980, 1096 and 1260 °C (1795, 2000 and 2300 °F), 
under 76 centimeters of mercury of oxygen. These data are given in 
Table I and the logarithm of the parabolic rate constant (KK, ) is plotted 
versus 1/T for the combined data in Fig. 1. The insensitivity of the 
oxidation rate to a tenfold increase in the pressure is noteworthy. Moore 
and Lee (11) suggest 10 centimeters of mercury as an approximate 
pressure sensitivity limit for nickel. The continuity between the present 
data and that of Gulbransen and Andrew suggests the existence of a 
pressure independence limit somewhat less than 7.6 centimeters of 
mercury. Applying a method of averages analysis to the combined data 
shown in Fig. 1, an activation energy of 45.1 Kceal/mole was obtained 
for the oxidation of nickel. An interesting secondary growth, super- 
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imposed on massive NiO crystals, was observed for the 1260 °( 
(2300 °F) oxide. Under high magnification the formation of new NiO 
crystals on both 111 and 100 planes was clearly evident (cf. Fig. 2) 


Nickel-chromium alloys 

As mentioned earlier, because of the severe quench cracking « 
hibited by the nickel-chromium oxides, it was necessary to provid 
quartz capsule for each specimen. The cracking of the oxide during 
cooling was barely perceptible for the lowest chromium alloy (0.36 
\t% ) and increased in severity with chromium addition. The outer 
surface of the high chromium oxides was almost completely removed by 
cooling of the oxide-metal compact to room temperature. The inception 
and progression of the oxide cracking could be clearly observed through 
the quartz. Cracking was not noticed until the specimen had cooled be 
low a visible heat color (~700 °C). Fragments of the oxide were ob 
served to separate with considerable violence. 

The oxides generated by all the nickel-chromium alloys of this stud) 
had several common structural features. With the exception of th 
highest chromium alloy (16.5At% ), the outer surface was compose: 
entirely of large NiO crystals of greenish-black color. No significant 
change in crystal size, or color, with alloy chromium content was ob 
served for the outer layer. With increased chromium addition, the outer 
NiO crystals appeared to present greater irregularity in development 
perpendicular to the surface of the specimen. The large metal grains ap 
peared to have some influence on the oxide growth for the pure nickel 
and the (0.36At% ) chromium alloy. Slight differences in orientation o! 
the NiO crystals delineated a pattern which appeared to be a copy of 
the metal grain pattern. The highest chromium alloy (16.5At% ) tested 
exhibited a discontinuous field of large NiO crystals on the surface. 
The intermediate regions (identified as Cr2O3 by x-rays) were com- 
posed of extremely small crystallites barely resolvable at x2000. 

A second physical feature of the oxide layer, common to all the 
nickel-chromium alloys, was a substrate of almost powdery consistency) 
which extended to the metal. The substrate color varied from blue 
green, adjacent to the outer layer of massive NiO crystals, to a light 
greenish brown near the metal. It was observed that the substrate was 
less adherent to the metal with increased chromium content. The tend 
ency of the outer layer of NiO to separate from this substrate upon 
cooling increased with chromium addition. 

Within the limits of data interpretation, alloys 1—7 exhibited the 
linear relationship between M? (wet. gain/area )* and the exposure time 
characteristic of the parabolic growth process. The oxidation rates for 
alloys 8, 9 and 10 were obtained by averaging the results of multipl 
tests with six hour exposure. Assumption of the validity of the paraboli 
growth law is of course implicit in this procedure. Gulbransen and 
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Fig. 2—Oxide Formed on 99.95% Nickel. 1260 °C 76 cm Hg of Oz 6 hours exposure. 
(X 2000—enlarged 1.5 X) 
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Table II 

Oxidation Data For Nickel-Chromium Alloys 
1096 °C(2000 °F) 

76 cm Hg of O2 


K P K 


Alloy Wet % Cr At % Cr (gm2cm~‘sec~!) 
1 0.00 0.00 5.48 x 10-10 
2 0.32 0.36 23.6 x 10-1 4 
3 0.92 1.04 29.7 x10-% 5 
} 2.00 aad 39.6 x 10-1 ? 
5 3.45 3.88 46.8 x 10-1 8 
6 5.67 6.37 58.5 x 10-10 l( 
7 7.64 8.55 67.8 x 10-1 
8 8.71 9.70 30.8 x 10-1 
9 11.10 12.30 3.79 x 10-10 
10 14.90 16.50 0.35 x 10-1 
20.0 22.0 0.07 x 10-% 


* Given in private communication to author by Dr. E. A. Gulbransen of The Westingl 
Research Laboratory. 


\ndrew (12) reported parabolic growth behavior at 850 °C (1560 °F 
for an 80 nickel-20 chromium alloy. This would appear to justify th 
test procedure used for alloys 8, 9 and 10 in view of the application of 
the parabolic law to the lower chromium alloys at the present test tem 
perature. 

The parabolic rate constants determined from the present tests are 
given in Table II. Dr. E. A. Gulbransen, of the Westinghouse Research 
Laboratory, kindly supplied the rate data for the 22At% chromium 
alloy in a private communication to the author. The average deviation 
from the mean K, values reported was about 4% for alloys 2-8 (incl 
For the alloys exhibiting lower oxidation rates—1, 9 and 10—the aver 
age deviations from the reported values were 10, 12 and 50%, respec 
tively. Obviously, the data for alloy 10 are included only to show order 
of magnitude. The reported K, values for all alloys were obtained by 
an arithmetic average of the results obtained with from four to eight 
specimens. Designating the parabolic rate constant for pure nickel as 
K°,,, the ratio of the alloy rate constant, K,, to that of pure nickel is given 
as a function of At% chromium in Fig. 3. In this plot there appears to 
be a linear dependence of the oxidation rate on the chromium content 
between 0.36 and 8.6At% chromium, with a definite slope change oc 
curring in the neighborhood of 2.3At% chromium. The maximum 
oxidation rate was observed at about 8.6At% chromium. Time did not 
permit the preparation of the number of alloys required to gain a better 
definition of the curve in the regions of the slope change and the max! 
mum. A plot (not given) of log (K,/K°,) vs At% chromium indicates 
that the maximum rate is not far removed from that corresponding to 
8.6At% chromium. With chromium addition to 9.7At%, the oxidation 
rate decreases to about ™% of the indicated maximum rate. With 16.5 
At% chromium the rate decreases to about 1/200 of the maximum rate 
The rapid increase in oxidation rate with the first chromium addition 
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Table III 
Oxidation Data for Nickel-Chromium Alloys 
From Refs. (8) and (13) 


r pOs Kp 
(°C) (°F) (cemHg) (gm2cm~‘sex 
900 1650 air 0.28 x 10 
900 1650 air 4.9 xl 
900 1650 air 5.8 x 
900 1650 air 8.2 x10 
x 


1 
1 ( 


900 1650 alr 


1000 1830 76 ; 10-" Wagne! 
Zimens (8) 
1000 1830 76 l Wagner 
Zimens (8) 
1000 1830 76 23.0 v Wagner 
Zimens (8) 
1000 1830 76 8.3 x 10-0 Wagner 
Zimens (Sd) 
1000 1830 76 5.55 x 10 Wagner 
Zimens (8) 











At. % Gr 


/Kp® versus At % Cr. 1096 °C 76 cm 
Hg of Os. 


(0.36At% ) is noteworthy. A significant study of this interesting low 
chromium region (.05 to 0.3At%) necessitates the reduction of the 
impurity content in the alloy to a level which appears to be difficult of 
attainment with the present melting techniques. 

The effect of temperature on the oxidation rate-chromium content 
relationship is obviously important. Time did not permit the extensive 
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additional testing required to gain these data. Wagner and Zimens’ (x 
work on nickel-chromium alloys was conducted at 1000 °C. | 
tunately their alloy selection does not permit a definition of the 1 
mum rate. Horn (13) conducted tests on nickel-chromium alloy 
air at 900°C (1650°F). Horn’s data indicate a maximum rate 
6.6At% chromium for this lower temperature. The data of Wagne: 
and Zimens, and Horn are given in Table III. Horn’s data, compared 
with the present data, indicate that there is a shift in the oxidation m 
mum toward a lower chromium value with a 200 °C (390 °F) deer 

in temperature, although these data are certainly inconclusive in 
respect. 

Although the relation of grain size to oxidation rate has not bee: 
developed to any extent, the strong effects of grain boundaries in dil 
fusion processes are well known and it is reasonable to expect som 
grain boundary influence on the oxidation rate. Siebert and Upthegroy 
(14) reported a small increase in the oxidation rate of mild steel at 
927 °C (1695°F) with decreasing grain size. A very limited grain 
size study was conducted with the nickel-chromium material of the 
present work. Specimens of the pre-annealed alloys 1—7 were cold rolled 
from 0.050 to 0.020 centimeters. The unannealed material was the: 
given the same surface treatment accorded the large-grained specimens 
Oxidation rate data were obtained by averaging the results of multipk 
6-hour exposures for each alloy. These data are given in Table I\ 
With the exception of alloys 1 and 2, the cold-rolled material yielde 








Table IV 
Oxidation Data For Cold-Worked Material 
1096 °C (2000 °F) 
76 cm Hg of Ov 
Alloy ; 
(unannealed Kp Kp/K, 
material) Wet% C1 At% (gm2cm~‘sec~!) 
l 0.00 0.00 5.10 x 10-° 1. 
2 0.20 0.23 21.1 x 10-1 4.14 
3 0.76 0.86 38.3 x 10-10 7.50 
4 1.87 2.11 45.9 x 10-10 9.00 
5 3.28 3.70 72.5 x 10-1 14.2 
6 6.02 6.74 74.7 x 10-1 14.7 
7 8.46 9.45 67.3 x 10-% 13.2 


oxidation rates which were substantially higher than the rates of the 
large-grained material of the same chromium content. These data indi 
cate a maximum oxidation rate at roughly 6At% chromium. The shap: 
of the K,/K°®,—At% chromium relationship (not shown) is marked; 
different from that obtained with the large-grained material. The max! 
mum of the cold-rolled curve is roughly at the same chromium positio! 
as the maximum of Horn’s data. Horn did not specify the condition o! 
the alloys prior to oxidation. The substantial difference between th: 
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Table V 


NiO Lattice Parameter Values From Several Sources 


of Preparation 
"¢) ("F) 

} 

} 


1795 


~ 


( 1830 é Cairns and Ott 
109¢ 2000 764* Present work 
60) 2300 é 7 Present work 
ar 2190 d Brownlee and 
Mitchell ( 
Brownlee and 


Mitchell (7) 


2370 


Back reflection value from outer (gas) surface 


yxidation properties of some of the cold-worked material and the cor 
responding annealed material—persisting even with the development 
of thick oxide films—indicate that the metal structure factor is not negli 
vible, as has apparently been assumed by some workers. The effect of 
cold work on the oxidation rate is an interesting aspect of the oxidation 
process of considerable technical importance. 


PHASE AND STRUCTURE OBSERVATIONS 
Pure NiO 

Some of the evidence for establishing NiO as a metal deficit oxide 
has been discussed. Although a number of workers have made lattice 
parameter studies of NiO, the relation between the oxygen excess and 
the lattice parameter remains obscure. In a recent work, Brownlee and 
Mitchell (7 ) measured the parameter for several nickel oxides, prepared 
at different temperatures, in air, or oxygen atmospheres. Their results, 
compared with parameters obtained by others, notably Cairns and Ott 
(1), do not clarify the effect of oxygen. One difficulty appears to be 
the considerable variation in purity of the NiO used by various work 
ers. Another factor, perhaps contributing to the ambiguity of reported 
results, is the effect of quenching from the preparation temperature. 
\pparently very little has been done to determine the effect of quench 
ing rate on the retention of defects characteristic of high temperatures. 

The pure nickel oxides obtained in this work at 980, 1096 and 
1260°C (1795, 2000 and 2300°F), were analyzed with a back re 
flection camera, using Cu xa-radiation (A = 1.54050 A). Only the 
oxide zone which had been adjacent to the oxygen atmosphere was 
analyzed, primarily because of the difficulty in removing the pure NiO 
from the metal base. Molybdenum powder (a = 3.14665 A) was used 
to calibrate all the films. The 333 NiO line was used to determine the 
parameter. It was noticed that line broadening increased considerably 
with decreasing preparation temperature. The results of these back 
reflection tests, and some parameter values obtained by other workers, 
are given in Table V. If the parameters are compared on the basis of 
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the preparation temperature, there appears to be some consistency 
tween the present parameter data and the value reported by Cairns a: 
Ott. Such a comparison, however, implies that the oxygen excess ch 
acteristic of the preparation temperature obtains. Without better kn 
edge of the quenching effect, such an assumption is unjustified. 


Nickel-chromium Oxides—6-Hour Development 

An attempt was made to identify the phases and obtain some know! 
edge of the phase distribution in the oxides generated by the nickel 
chromium alloys. Time limited this study to the oxides formed after 
6 hours oxidation, at 1096 °C (2000 °F ) and 76 centimeter of mercury 
of oxygen. In an analysis of the possible oxides for the nickel-chromium 
oxygen system, Gulbransen and McMillan (15) summarized many of 
the results of other workers and the results of their own experimental 
and thermodynamic studies. There are three oxides which appear to 
predominate as stable constituents in the nickel-chromium oxide com 
plex, namely: NiO, CreQsg, and the spinel, NiCr2O4. In the oxidation 
of nickel, NiO is the only oxide which has been observed. In the oxi 
dation of nickel-chromium alloys, generally with high ( >20At% 
chromium content, various workers have reported the simultaneous 
existence of NiO, Cr2O3 and spinel, as well as combinations of two of 
these oxides, usually NiO and Cr2QO3. The electron diffraction work of 
Hickman and Gulbransen (16), and x-ray studies of Lustman (17) on 
high chromium, nickel-chromium alloys, are among the studies which 
have established the presence of these oxides. This work has been con- 
ducted over a wide range of oxidation temperature, under constant and 
cyclic heating conditions. Gulbransen and McMillan (15) observed 
variations in the composition of the oxide formed on an 80 nickel-20 
chromium alloy which were sensitive to both temperature and time of 
oxidation. A variable oxide composition is also manifested by devia 
tions, with time, from the parabolic growth law, which has been ob 
served for the nickel-chromium alloys (12). The relative effects of the 
spinel and Cr2O3 in determining oxidation resistance of the nickel 
chromium alloys have not been firmly established. Scheil and Kiwit 
(18) and Hickman and Gulbransen (16) concluded that CroQOsz is re 
quired for oxidation resistance of high chromium alloys. In the chro 
mium region of interest to the present work, Horn (13) suggested that 
the spinel was responsible for the rapid decline in oxidation rate (cf. 
also Ref. 19). 

Asa preliminary to the present x-ray work, the spinel, NiCreO4, was 
prepared as follows: 1: 1 mole proportions of c.p. Cr2O3 and NiO were 
thoroughly mixed and then compacted under 63,000 psi. Three pellets 
were made and placed together in a furnace. Sintering was done at 
1200 °C (2190 °F) in air for 24 hours. The two outer pellets were dis 
carded and a powder pattern taken of the center pellet. The x-ray) 
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owed a strong spinel pattern, with weak NiO. No CreQx, could be 
etected. The prepared spinel was a dark blue-green in color. 
The oxides formed on all the nickel-chromium alloys, as previously 
noted, comprised an outer layer of massive crystals and a substrate layet 
f almost powdery consistency. That portion designated as the outer 
iver, constituted almost 100% of the total oxide thickness for alloy 2 
nd decreased to less than 40% of the total oxide thickness for alloy 10 
\lthough the large crystals dominated the layer, it was observed with 
increasing chromium content there was increasing fine structure away 
rom the outer surface of this layer. Specimens of the outside layer for 
each oxide were given three x-ray examinations where possible: back 
reflection patterns were taken of the inner (— metal) and outer (= 
cas) surfaces and a powder pattern was obtained for the bulk layer. An 
|l-centimeter camera was used for the powder work and a back re 
flection camera of about 13 centimeters film diameter was used for the 
back reflection work. Cu xa-radiation, with a nickel filter, was used. 
\ll films, powder and back reflection, were calibrated using a molyb 
denum powder standard, as previously noted. The parameter data ob 
tained from these tests on the outer layer are given in Table VI and 
plotted in Figs. 4 and 5. It is estimated that these results are significant 
to better than + 0.0005A. Several aspects of these data will be dis 
cussed. 


Table VI 
NiO Lattice Parameter Data for Outer Oxide Layer 
6 Hours Oxidation 
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* Assuming (Ni/Cr) alloy = (Ni/Cr) oxide 


The Goldschmidt radii for Cr?*+, Ni?* and Ni** are 0.64, 0.70 and 
0.35A, respectively. Hence a Cr*+ for Ni*+ substitution would be ex 
pected to have negligible effect on the NiO parameter relative to changes 
effected by variations in the vacancy and Ni** concentrations. The 
transition Ni®+—>Ni?+ would be expected to increase the parameter. 
Likewise, assuming a parallelism between NiO, FeO and TiO (NaCl 
structure, capable of existing with metal deficit) a decrease in the va- 
cancy content would be expected to increase the NiO parameter. Both 
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Fig. 4—NiO Lattice Parameter versus At % Cr For Outer and Inner 
Surfaces of Outside Oxide Layer. 


leO (20) and TiO (21) showed a near linear increase in parametet 
with vacancy decrease. It was suggested previously that the first chro 
mium addition might proceed according to Equation 3 until exhaustion 
of the Ni°* vacancies associated with pure NiO. With negligible va 
cancy content, chromium addition might proceed according to Equa 
tion 4, without the creation of vacancies, until exhaustion of the Ni* 

ions. At this point, the defect model expressed by Equation 5 might b« 
expected to apply, 1.e., the vacancy content increases with chromium 
addition. This greatly over simplified discussion would thus predict 
an increase in the NiO parameter with chromium addition up to an 
oxide chromium content which corresponds to the disappearance of 
the Ni**+ ions. Beyond this point, the NiO lattice parameter would 
probably decrease due to the reappearance of nickel vacancies. 

‘The 6-hour parameter data for the outer oxide surface ( Fig. 4) show 
the above trend in parameter with chromium addition out to an alloy 
chromium content of about 2.3At%. Parameter data (not given) for | 
2 and 4-hour oxides also showed a maximum parameter at 0.36At‘ 
chromium. 

The obvious objection to the use of Equations 3 and 4 is that chr 
mium addition thereby would not effect an increase in the vacancy con 
tent relative to that of pure NiO. This is not consistent with the demand 
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ra vacancy increase in explanation of the sharp increase in oxidation 
te with the first chromium additions. Admittedly, the data in the low 
hromium region are very sparse. It is possible that some chromium 
ldition less than 0.36At% would effect a decrease in the oxidation 
rate relative to pure nickel—in accordance with the defect model ex 
pressed by Equation 3. However, the oxidation rate at 0.36At% chro 
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Fig. 5—NiO Lattice Parameter versus At % Cr For Bulk Outer Lay: 
and Total Oxide 


mium is greater than that of pure nickel by a factor of 4. The present 
lattice parameter data do not support the concept that this increased 
oxidation rate is attributable to chromium created vacancies. 

Between 0.36 and 2.3At% chromium, the NiO parameter shows the 
expected decrease with chromium addition, in accordance with Equa 
tion 5. With chromium addition greater than about 2.3At% the param- 
eter shows an unexpected behavior. The parameter increases to a 
value at least equal to the previously discussed maximum. The corre 
spondence of this second parameter maximum with the maximum ox1 
dation rate (cf. Figs. 3 and 4) is disturbing with respect to a confirma- 
tion of the defect model expressed by Equation 5, and the cationic 

acancy diffusion mechanism. The present limited knowledge of the 
eifect of additives on NiO does not exclude the possibility that an 
interstitial diffusion mechanism becomes effective over some range of 
the chromium concentration. The increasing NiO parameter with an 
loy chromium content greater than about 2.3At% could be attributed 
to some interstitial solution of one or more of the ions involved in the 
xide formation. An increasing oxidation rate could be reconciled with 
the increasing lattice parameter if it is assumed that an interstitial dif- 
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fusion mechanism becomes increasingly operative with alloy chrom: 
contents in excess of about 2.3At%. 

As shown in Fig. 4, the parameter data for the inner (—>metal) s 
face of the outer layer are generally lower than the corresponding d 
for the outer (—gas) surface. A minimum is indicated for both sets of 
data at about 2.3At% chromium. Again assuming the correspondence 
between low parameter and high vacancy content, these data indicat 
vacancy gradient directed toward the oxide-gas interface. This would 
mean diffusion in the direction of the vacancy gradient if the principal 
mass flow in the oxide is metal to gas. The inner surface data wer 
not continued beyond 4At% chromium because the diffraction lines be 
came very diffuse with greater chromium addition. This could indicat 
inner surface irregularity caused by increasing penetration of ney 
phases into the outer NiO layer. 

The bulk (powder) x-ray patterns of the outer layer showed traces 
of CreOxz and the spinel, NiCr2O4, at 3.9At% chromium (alloy). The 
spinel and Cr2Ox3 increased somewhat with further chromium addition 
(except as subsequently noted). The marked difference in appearance 
between the outer layer and the substrate suggested that the CreOs; and 
spinel might be concentrated in the substrate region. It was observed 
that some of the substrate adhered to the outer layer, possibly account 
ing for the appearance of the Cr2O 3 and spinel phases in the bulk outer 
layer x-ray pictures. Accordingly, three series of x-ray pictures wer 
taken of the substrate. In the first, an attempt was made to remove as 
much substrate as possible without deep scribing. This material is desig 
nated the bulk substrate. The second and third series were taken oi 
substrate material obtained by shallow and deep scribing of the sub 
strate, respectively. It was hoped that the shallow substrate materia! 
would provide information on the phases predominating in the oxide 
just below the outer layer of massive crystals. The deep substrate tests 
were made to obtain some knowledge of the oxide layer contiguous to 
the metal-oxide interface. The granular consistency of the substrate 
layer made it impracticable to attempt a more quantitative depth survey 
Obviously when the oxide comprising both the outer layer and the sub 
strate was thin, the distinction between these substrate zones was no 
longer significant in view of the sampling technique. The line intensities 
of the NiO, CreO3 and NiCr2O, phases were referred to a calibrated 
intensity strip. The background of most of the films was too strong to 
permit the use of more sensitive densitometry. For the intensity com- 
parisons, the NiO (111), CreQO3(211) and spinel (220) lines were 
used. The results of this substrate analysis are given in Figs. 6, 7 and 8. 

The bulk substrate data, plotted in Fig. 6 show several features oi 
interest. The spinel intensity appears to reach a maximum in the neigh 
borhood of the chromium content corresponding to the highest oxida 
tion rate. The spinel intensity then decreases to zero somewhere be- 
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een 12 and 16At% chromium—the region corresponding to the rapid 


cline in oxidation rate (of Fig. 3). The CroQsg intensity in the bulk 
ibstrate analysis shows an almost continuous increase with chromium 
idition, starting with the trace observed at 1.04At% chromium and 
ntinuing to the chromium limit of the tests. The decrease in CroOx 
near 12ZAt% chromium may not be significant in view of the intensity 
easuring technique. However, this CroO., decrease was noted in both 





‘Intensity NiO 








10 12 
Alloy At.% Cr 


Fig. 6—Cr2QOs and Spinel Intensities versus At % Cr For Bulk Substrat: 


the bulk and deep substrate data. In addition, the deep substrate tests 
show an increase in the spinel at about 12At% chromium, which may 
correspond with the CraO3 decrease. The deep and shallow substrate 
tests indicate that the spinel is concentrated near the outside NiO layer 
and the Cr2O3 near the metal. As shown in Fig. 7, the intensity ratio, 
spinel: Cr2O3, is substantially higher for the shallow layer than for 
the deep layer. The shallow layer data were not continued beyond 
lOAt% chromium because the very thin oxides made it impossible to 
obtain a satisfactory distinction between the shallow and bulk substrate 
material without a more refined depth control of the sampling. The 
increase in CroOx3 with chromium addition is most evident for the deep 
substrate layer (Fig. 8). For the high chromium alloy, the deep sub- 
strate intensity of Cr2Oz3 relative to that of NiO indicates the presence 
of an almost continuous layer of Cr2O 3 near the oxide-metal interface. 

The deep substrate diffraction patterns, in addition to showing the 
phase intensity variation discussed above, also showed lines which were 
identified with the alloy. In the process of scribing the substrate, it was 
impossible to avoid the removal of some of the base metal. These metal 
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Fig. 8—CreOs and Spinel Intensities versus At % Cr For Deep 
Substrate. 


lines, however, became stronger with greater chromium addition, sug- 
gesting some coupling with the oxide formation. In an effort to fix 
the source of these lines, the lattice parameters of the alloys were deter 
mined. After removing the 6-hour oxide by abrasion, the alloy was 
hled on the surface and the filings passed through 200 mesh screen 
The powder was annealed for about 10 minutes at 540°C (1000 °I*). 
Molybdenum powder was mixed with the alloy powder for film calibra 
tion. The results of the parameter determinations are plotted in Fig. Y 
Within the data limits, the alloy parameter was found to increase lin 
early with chromium content. (Goldschmidt atomic radii for chromium 
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nd nickel are 1.28 and 1.25A, respectively.) The value obtained for the 


ure nickel, 3.5244A, agrees fairly well with the value 3.52384, given 


n Barrett (22) for pure nickel. Unfortunately, the metal lines in the 
leep substrate pattern were very diffuse in the back reflection region, 
eventing a precise parameter determination. Parameter values were 
\btained by an average of the front reflection data, using molybdenum 
powder to calibrate the film in this region. Despite the considerable 
scatter in the latter data, it is evident from Fig. 9 that the metal lines 
in the oxide could be derived from two sources: alloy with strong chro 
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mium depletion, or pure nickel. The possibility of pure nickel 1s inter- 
esting in that it would help confirm the solid state displacement reaction, 


2Cr+3 NiO — Cr:O; + 3Ni Equation 6 


given by Gulbransen and McMillan (15) as a possible mode of genera 
tion of CroOg within the oxide. The arithmetic average of the param- 
eters found for the metal constituent in the oxide was 3.5263A, which 
does not exclude the possibility that these lines are attributable to 
nickel, considering the scatter in the data. The fact that the metal lines 
increased in intensity with increasing Cr2O3 intensity may be addi- 
tional support for the above reaction. 

It was observed previously that the oxidation rate-chromium con- 
tent relationship showed a transition near 2.3At% chromium (cf Fig. 
3). Considering that the parabolic type of oxide growth is diffusion 
controlled, this transition to a somewhat lower slope would suggest 
the appearance of new phases, or a change in the defect structure of the 
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NiO. As it is somewhat difficult to visualize a marked change in t] 
rate of defect generation with chromium addition, without the appea: 
ance of a competing phase, it is probable that these changes occur simu 
taneously. The substrate x-ray analysis showed traces of CroQOs a1 
spinel at the surprisingly low alloy chromium content 1At%. Ai 
2.3At%, the spinel and Cr2O3 phases were apparently well established 
These observations appear to support the existence of a true transitio: 
in the K,—At% chromium relationship in the vicinity of 2.3At‘ 
chromium—caused by the appearance of the Cr2Ox3 and spinel phases. 


Nickel-Chromium Total Oxides 

Time did not permit an extension of the 6-hour study to other oxida 
tion times. In an attempt to obtain a somewhat magnified picture of 
the oxide structure, thin (0.005-0.010 cm) specimens of the unannealed 
alloys containing up to 8.5At% chromium were oxidized to completion 
under the test conditions (1096C, 76 centimeters of mercury of oxy 
gen). To insure complete oxidation, oxidation times ranged from 24 
to 48 hours—the former time applying to the high chromium alloy and 
the latter time to the pure nickel. Attempts at securing oxide cross 
sections of satisfactory detail with the usual sectioning and polishing 
techniques were not successful. The fracture technique used by Zapffe 
(23) was applied in an effort to reveal some change in the oxide struc 
ture with chromium addition. The pure nickel section showed a con 
tinuous field of massive crystals similar in size to the large crystals 
observed on the 6-hour oxides, previously discussed. With increasing 
chromium content, the development of an extensive interior region of 
fine structure was readily apparent. This interior structure had the 
same appearance as the substrate previously discussed with the 6-hour 
oxides. The separation of the outside layer of large crystals from the 
interior zone was very noticeable for the 9.5At% chromium oxide. It 
proved, in fact, to be quite difficult to obtain a full section of this oxide. 
In view of the x-ray analysis previously discussed, the region of fine 
structure must be associated with the Cr2O3 and spinel phases. It was 
not possible to differentiate between the Cr2Os3, spinel and NiO phases 
in this interior region with purely visual examination. 

The NiO lattice parameter was obtained for the powdered total 
oxides. Line widths for the total oxides were comparable to those for 
the 6-hour, bulk outer layer, patterns. These results for the total oxides 
are plotted in Fig. 5. The total oxide parameter decreases with chro- 
mium addition to about 7At% chromium. This corresponds to about 
4At% chromium in the oxide, assuming the Ni/Cr ratio in the alloy is 
maintained in the oxide. Using the defect model previously applied to 
the 6-hour oxides, these data indicate a chromium saturation in NiO 
of about 4At%. The substantial difference between this apparent satu 
ration value and that obtained from the 6-hour data (~ 1At%—- 
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2? 3At% (alloy) ) would indicate that the 6-hour oxide is far removed 
from the equilibrium structure. 

In Fig. 5 it is evident that out to the limit of the tests the parameter 
f the total oxide is generally lower than the parameter of the corre 
sponding six hour oxide. This fact, and the substantial shift in the 
minimum parameter to higher chromium content for the total oxide, 
suggest that much greater solution of chromium in the NiO has been 
effected by the increased oxidation time. For the total oxides, it is to be 
noted that the decrease in parameter with chromium addition persists 
out to roughly the chromium content corresponding to the maximum 
oxidation rate, i.e., the maximum vacancy content and the maximum 
oxidation rate are roughly coincident on the chromium axis. Unfortu 
nately, this rather striking support for the defect model expressed by 
Equation 5 was not duplicated by the 6-hour oxide data. The observa- 
tions on the 6-hour oxides indicate that nonequilibrium, transition, 
structures are controlling during the important first stages of the oxida- 
tion process. 


SUM MARY 


The present work has indicated that the simple nickel-chromium 
mixed oxide defect model has a somewhat limited utility when applied 
to the oxidation of nickel-chromium alloys. Beginning at the surpris- 


ingly low chromium content of about 2.0At% (alloy), there is appar- 
ently a complex exchange of chromium among three phases in the 
oxide—NiO, CreOxz and the spinel (NiCr2O,). This exchange was re 
flected in the NiO lattice parameter data and in the rate of increase of 
oxidation rate with chromium addition. 

The x-ray data failed to correlate high mean vacancy concentration 
with high oxidation rate. This does not support the concept that the 
vacancy diffusion mechanism is primarily responsible for the oxide 
erowth over the entire chromium range of this study. The lattice ex- 
pansion observed with chromium contents greater than about 2.0At%, 
could indicate some interstitial solution of one or more of the ions in- 
volved in the oxide formation. The possibility of an interstitial diffusion 
being controlling over some part of the chromium range, cannot be 
excluded. The present observations may be seriously distorted by 
quenching effects. However, in some studies, such as the TiO work 
previously cited (21), good retention of the high temperature defect 
structure has been achieved with the use of quenches apparently no 
more severe than employed in the present work. 

X-ray analysis of the 6-hour oxides showed a surprising congruence 
between the spinel intensity and the oxidation rate. If it is assumed that 
the coupling between x-ray intensity and concentration permits a rough 
interpretation of the intensity curves in terms of concentration, then 
the present intensity data suggest that the spinel phase presents less 
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I 


resistance to diffusion than has been suspected. The rapid increas: 
Cr2Osy intensity in the chromium region corresponding to the steep 
cline in oxidation rate, is additional support for the belief that CroO 
rather than the spinel, imparts oxidation stability to nickel-chromiu 
alloys. 
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THE MECHANICAL PROPERTIES OF SWAGED 
IODIDE-BASE CHROMIUM AND CHROMIUM 
ALLOYS 


By D. J. MAyKutTH AND R. I. JAFFEE 


Abstract 

Swaged todide chromium with a fibrous structure and 
tested as around bar shows excellent tensile ductility which 
is lost after the material has been recrystallized. The modu- 
lus of elasticity of chromium decreases from a value of 
42,000,000 psi at room temperature to 36,000,000 psi at 
800 °C (1470 °F). 

Recrystallized chromium-base alloys with 50% iron or 
nickel, tested as bar stock, have excellent tensile ductility, 
but tensile ductility becomes low at 40% tron and 1s lost at 
10% nickel. The modulus of elasticity values of the alloys 
increase with chromium content of 50 to 60%, but only by 
a relatively small amount. (ASM-SLA Classification: O21, 
O23, Cr) 





ODIDE chromium is one of the purest grades of chromium available 
I and is of considerable interest as a base material for metallurgical 
studies. The mechanical properties of iodide chromium, arc-melted to 
small button ingots and rolled to strip at 700°C (1200 °F), were de 
scribed previously (1).' It was found that the 0.040-inch iodide chro 
mium strip was reasonably ductile in bending down to temperatures as 
low as —25 °C (—13°F), but the material exhibited no tensile duc 
tility at roof temperature. After recrystallization, the iodide chromium 
strip exhibited neither bend nor tensile ductility at room temperature. 

The properties of chromium-base alloys made with iodide chromium, 
rolled to 0.040-inch strip, were also described recently (2). Of eight 
binary chromium-alloy systems investigated, the only alloys containing 
at least 50% chromium which exhibited good hot workability and ten 
sile ductility were those with 40 to 50% nickel or iron. The chromium 
iron alloys were single-phase solid solutions as quenched from elevated 
temperature, while the chromium-nickel alloys contained small amounts 
of a second phase consisting of the chromium-rich solid solution dis 
persed in an alpha nickel matrix. 

The purpose of the present study was to compare the properties of 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-Eighth Annual Convention of the Society, 
held in Cleveland, October 8-12, 1956. Of the authors, D. J. Maykuth is assistant 
division consultant and R. I. Jaffee is chief, Nonferrous Physical Metallurgy 


Division, Battelle Memorial Institute, Columbus, Ohio. Manuscript received 
April 17, 1956. 
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iodide chromium and chromium-iron and chromium-nickel allovs in bar 
stock form with those previously reported in strip form. Also, because 
of the lack of accurate data on modulus of elasticity on pure chromium 


and its alloys, it was desired to use the bar stock for determining dy 
namic modulus of elasticity over the temperature range of interest in 
sas turbines. 


lopIDE CHROMIUM 


The chromium used in this work was prepared by the thermal decom 
position of chromous iodide. For this reason, it is referred to as “iodide 
chromium.” 

Two techniques have been described (3) for the preparation, the 
“straight-flow” process, and the modified van Arkel-de Boer process. 
In the first, purified chromous iodide vapor is passed over a heated 
filament at 900 to 1000 °C (1650 to 1830 °F), where it is decomposed 
to deposite loosely adherent chromium crystals. In the modified van 
Arkel-de Boer process, electrolytic chromium and a small amount of 
iodine are sealed into an evacuated Vycor bulb. A re-entrant Vycor or 
quartz “hot finger” is used as the deposition surface. Owing to the 
effect of temperature difference on the chromous iodide dissociation 
equilibria at the electrolytic chromium feed and at the hot finger, chro- 
mium is transferred from the feed to the finger. Maintenance of the 
proper finger temperature precludes contamination by the material of 
the finger. 

Continued development of the modified van Arkel-de Boer process 
resulted in the production of metal of exceptionally high purity. Anal- 
yses on a number of chromium lots produced by the advanced “hot 
finger” method showed that the oxygen content was consistently below 
10 ppm (parts per million), and contamination by metallics was re- 
duced to where 2—5 ppm of copper was the only impurity which could 
be detected by a spectrographic procedure (3) which lowers the detec- 
tion limits for most elements by a factor of from 10 to 100. 

A 300-gram ingot of iodide chromium was prepared by arc melting 
in a helium atmosphere in a water-cooled copper crucible. The ingot 
was preheated to 1250°C (2280°F) in a hydrogen atmosphere and 
then upset forged in air to a 34-inch-square billet. During the initial 
forging operation, four light cracks developed, each being generated 
from the four corners formed on processing the cylindrical cast section 
to a square shape. These cracks did not propagate further with con- 
tinued forging, and most of the billet was obtained as sound metal. The 
billet was then machined to a 0.60-inch diameter round and inserted 
inside a mild steel sheath which was swaged to 0.30-inch diameter rod 
at 800 °C (1470 °F). After dissolving the mild steel sheath, a rod ap- 
proximately 10 inches long and 0.27 inch in diameter was obtained. 

Only chemical analysis for carbon was performed on the iodide chro- 
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mium tested. However, results of many analyses on similarly process: 
iodide chromium indicate that a representative analysis for the swag 
bar would appear as follows: 


_ontent, 


Element weight % 
Carbon 0.006 
Nitrogen 0.001 
Oxygen 0.005 
Sulphur 0.001 
Total metallics 0.001 


The rod was then cut into equal parts, both of which were given 
stress-relief anneal consisting of a 1-hour treatment at 600 °C (1110 °F 
followed by water quenching. Both rods were subsequently ground to 
a 0.205-inch diameter to minimize any contamination in the surfac« 
layers. One of these rods (No. 152A) was finished as a tensile sample, 
representative of the wrought condition, by grinding in a 34-inch re 
duced section, 0.150 inch in diameter, with roughly 1 inch between thi 
shoulders. No punch marks were used for the gage length. The othe 
rod (No. 152B) was used for dynamic-modulus measurements over a 
temperature range of —40 to 816 °C (—40 to 1500 °F), using an argon 
atmosphere as protection against possible air contamination. Thx 
method and equipment used for dynamic modulus were described pre 
viously (4). 

Microphotographs prepared on the chromium samples after tensile 
testing are shown in Fig. 1. Sample 152A had the fibrous elongated 
grain structure typical of a wrought material, while Sample 152B had 
been completely recrystallized as a result of the heating cycle to 816 °C 
(1500°F). Sample 152B was then ground to the same tensile sample 
configuration as Sample 152A, and both samples were tensile tested at 
room temperature. The results of this work are given in Table I. 





Table I 
Room-Temperature Tensile Properties’ 


of Swaged Iodide Chromium Rod 


0.2% Offset Ultimate Elong.. 


Sample Yield Strength, Strength, % in Red 
No Condition psi psi 44 in \rea, ‘ 
152A Wrought (swaged at 800 °C 

plus stress-relief anneal) 52,500 60,000 44 78 
152B Recrystallized (heated to 


816 °C after swaging) 41,000 (0) 0 
‘®) Crosshead speed 0.005 inch per minute throughout the test until fracture 


The wrought chromium bar showed a yield strength of 52,500 psi, 
an ultimate strength of 60,000 psi, an elongation of 44%, and a reduc- 
tion in area of 78%. This is the greatest degree of ductility thus far 
demonstrated for chromium metal and undoubtedly reflects both the 
high degree of purity and the fibrous structure of the metal. As is ev1 
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a b 


Fig 1 Microstructures of Two Unalloyed Iodide Chromium Tensile-test Bars, Etched 
Electrolytically Using 10% Oxalic Acid. (a) Sample 152A, Swaged to 0.27-inch round 
bar at 800 °C (1470 °F) and stress-relief annealed for 1 hour at 600 °¢ 
x100. (b) Sample 152B, same material as 152A (above) after heating 

(1500 °F), under argon, for dynamic-modulus measurements. x100 


» 


Fig. 2—Photograph of Reduced Section of Unalloyed Iodide Chromium Tensile Bar 
x4.5, 


dent from the photograph of this fractured bar in Fig. 2, the tensile 
sample showed a double neck and a cup-cone type of failure at the point 
of fracture. It is believed that the ductility would be sensitive to both 
surface and strain-rate effects. The recrystallized sample failed with a 
brittle fracture before the elastic limit had been reached, indicating that 
the fibrous structure was essential for optimum tensile ductility. 
Prior to this work, the greatest degree of tensile ductility found for 
chromium was that reported by Johansen and Asai of the Bureau of 


Mines. These investigators reported (5) a maximum of 25% elongation 
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Fig. 3—Elastic Modulus Versus Temperature For Unalloyed Iodide Chro 
mium and For Four Chromium-iron, Chromium-nickel Alloys. 


with an ultimate strength of 70,000 psi for electropolished wrought 
chromium wire prepared from hydrogen-reduced electrolytic chro 
mium. Wain and co-workers obtained (6) a maximum of about 15% 
elongation with a yield strength of 55,000 psi and an ultimate strength 
of 74,500 psi for chromium of the same type which had been warm 
rolled to sheet and electropolished. 

Dynamic measurements showed the modulus of elasticity of unalloyed 
chromium to be about 42,000,000 psi at room temperature. This value 
is in good agreement with the modulus of 40,800,000 psi reported (7) 
by Fine, Greiner, and Ellis on a wrought unalloyed chromium sample. 
A plot of the modulus values determined at elevated temperatures is 
presented in Fig. 3. A noticeable inflection in the modulus-versus 
temperature curve was observed at about 43°C (110°F). This dis 
continuity in the modulus-versus-temperature curve for unalloyed 
chromium was first reported by Fine, Greiner, and Ellis (7) and later 
by Sully (8). Both of these researches accurately located the inflection 
temperature at 37 °C. 


Chromium-Base Alloys 


Chromium-base alloys containing nominally 40 and 50% of iron and 
nickel were prepared as 300-gram arc-melted ingots, melted under con 
ditions similar to those used for the pure chromium ingot. The chemical 
analyses of the alloying materials are given in Table II. The ingots were 
preheated in a hydrogen-atmosphere furnace and forged to 34-inch 
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Table II 
Analyses of Materials Used‘ 

ntent, Chromium lron Nickel 

ppm (Small Crystals) (Electrolytic Flake) ( Mil Sheet) 
Oxygen 6 35 20 
Nitrogen a 1 

irbon 30) 0 
Hydrogen 10 
Sulphur SO) <10 10 
Phosphorus <5 (b) <5 
\luminum 8 
Calcium l 
Cobalt 20 1300 
Copper 1-2 2 
ron <2 X 100 
Lead <2 4 
Magnesium <2 ) 100 
Manganese <2 l 
Molybdenum ] 2 
Nickel <1 5 X 
Silicon <20 10 
lantalum 
litanium <2 <1 
Vanadium <1 l 


(a) Complete analyses for chromium and iron were determined at Battelle. 


° ° , Analyses for 
ickel were furnished by the supplier. 


(b) The figure given for sulphur was by conventional combustion analysis. Activated-neutron 
analyses for sulphur and phosphorus, performed at Oak Ridge, on this same lot of chromium 
gave values of 3 ppm sulphur and 1.4 ppm phosphorus. 


round at 1250°C (2280°F). The chromium-iron alloys and the Cr- 
50Ni alloy forged to rounds without difficulty. The Cr-40Ni ingot, 
however, developed a number of severe cracks during upsetting, and, 
while a small amount of sound material was salvaged, this alloy could 
not be regarded as a forgeable material. The fabricability of the 
chromium-iron and chromium-nickel alloys by forging was approxi- 
mately that reported for the same alloys for hot rolling to strip (2). 
After forging, each of the alloys was machined to a 0.60-inch diameter 
round and inserted in a mild steel sheath. The alloys were then swaged 
to 0.3-inch diameter at 1000 °C (1830 °F) and the sheaths removed by 
pickling. 

The results of chemical analyses and tensile tests on the bar stock, 
produced by swaging, are shown in Table III. Since the alloy contents 
are beyond the strength maximum near the chromium-rich side of the 
systems involved, the higher alloy contents result in lower strength and 
more ductility. For the chromium-iron alloys, the bar stock has con- 
siderably better tensile ductility than was previously obtained for strip 
of the same chromium content (2). The same observation applies to the 
Cr-50Ni alloy. It appears likely that the type of working by swaging, 
as opposed to rolling, the absence of stress concentrations in the round 
tensile specimen, and the greater degree of reduction during hot work- 
ing are primary factors in the superior ductility of the alloys in bar 
stock form. The alloy bars received over-all reductions on the order of 
95% in hot working, while the alloy sheets were reduced by a maximum 
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Table III 
of Swaged Chromium Alloys 


(a) 


Tensile Properties 


Tensile Properties 


Alloy Content, wt % Quenching 12% Offset Ultimate Elong., 
(Balance Chromium) Temperature, Yield Strength, Strength, % in Re 
Intended Actual ( psi psi i! Are 

HOF 38.8F« 1000 97 ,000 131,00 

50F¢ 51.0Fe 1000 79,000 91,000 »7 

10Ni 40.0Ni 1100 130,000 161,000 

5ONi 1100 123,000 154,000 25 

(a) Crosshead speed 0.005 inch per minute over entire test to fracture 


of about 88%. These observations are in agreement with the results of 
Fountain (9), who reported that a reduction of 95% of the original 
cast section thickness was necessary to achieve maximum tensile du 

tility (28% elongation and 60% reduction in area) in a Cr-50Fe alloy 

The combination of properties shown for the Cr-50Ni alloy is quite 
good. The previous study (2) indicated that tensile ductility in 
chromium-nickel alloys is lost with chromium contents of about 60% 
or more. This is substantiated by the negligible tensile ductility in the 
Cr-40Ni bar sample. 

The results of dynamic-modulus measurements at elevated tempera 
tures on the chromium alloys are shown in Fig. 3. The room tem 
perature values for the modulus in both alloy systems increase in 
proportion with their chromium content. Taking the moduli of iron and 
nickel at 28.5 and 30 million psi, respectively, it is apparent that the 
increase in modulus caused by solid solution alloying of 50 to 60% 
chromium is relatively small. 


SUMMARY AND CONCLUSIONS 


1. Swaged chromium with a fibrous structure and tested as a round 
bar has excellent room temperature tensile ductility which is lost after 
the material has been recrystallized. 

2. The modulus of elasticity of chromium is 42,000,000 psi at room 
temperature, which decreases to 36,000,000 psi at 800 °C (1470 °F). In 
agreement with previous work, there is a minimum in modulus of elas 
ticity near room temperature. 

3. The swaged and recrystallized chromium-base alloys with 50% 
iron or nickel, tested as bar stock, have excellent tensile ductility, but 
tensile ductility becomes low at 40% iron and is lost at 40% nickel. 

4. The modulus of elasticity values of the chromium-base alloys were 
measured up to about 800 °C (1470 °F). The modulus increases with 
chromium content of 50 to 60%, but only by a relatively small amount 
Although the chromium-iron alloys have higher moduli at low tempera 
tures, the values for a given chromium content become about the same 


above about 500 °C (930 °F). 
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DISCUSSION 


Written Discussion: By E. P. Abrahamson, II and N. J. Grant, Department of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Massachusetts 

We are indeed pleased to see the continued fine effort by the authors in gaining 
further knowledge regarding chromium and its alloys. It is of considerable interest 
to compare their results with our results on the Cr-Ni alloy, in view of the fact 
that we use similar alloys utilizing a commercial nickel shot and commercial 
electrolytic chromium which contains about 0.5% oxygen. These alloys were 
melted in a small indirect carbon arc furnace without slag protection, although 
the atmosphere was probably rich in CO in this particular type of furnace. A 50 
Cr-50 Ni alloy which was cast as a % inch rod could be cold swaged about 10% 
before any cracking could be noted, provided that the alloy was first quenched 
from about 2350 °F and then annealed at about 1000 °F. 

In a recent paper * it has been shown that cold deformation could be carried out 


f 


extensively on Cr-Ni alloys containing up to 55% chromium if about 0.25% 


2E. P. Abrahamson, II and N. J. Grant, “Some Structures and Properties of Cr-Ni N 
lernary Alloys,” to be published by American Society for Metals, Chapter 22 of the book 
ntitled, ‘‘Ductile Chromium and Its Alloys.’ 
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nitrogen were added to the alloy. These results did appear to question the ne 
sity of utilizing an ultra high purity alloy such as was used by the authors 
alloys containing greater than about 40% chromium up to almost 60% chromii 
These results are also encouraging in that special precautions did not have to 
taken in order to obtain some measure of cold ductility. 

Written Discussion: By H. L. Wain, Department of Supply, Aeronautical | 
search Laboratories, Melbourne, Australia. 

It is encouraging for workers in the field of chromium and chromium-b 
alloys to learn of the authors’ findings that ductility figures as high as 44% elo 
gation and 78% reduction in area can be obtained on wrought chromium i 
tension test at room temperature. It has always been realized that chromiu 
alloys were unlikely to achieve technological importance unless and until tl 
problem of room temperature brittleness could be overcome. Results of wor! 
from several sources, including the important contribution under discussion, seen 
to indicate that a satisfactory solution of this extremely complex question may 
soon be forthcoming. 

In reviewing the previous reports of room temperature ductility in chromiun 
tested in tension, the authors quoted a result obtained by the present writer and 
his colleagues on rolled strip. Although tension tests have only been mac 
sporadically in the course of the Australian work, it may be of interest that figures 


, 


of 20% elongation and 55% reduction in area at fracture have been obtained in 


a 
room temperature tension test on swaged rod of approximately 0.1 inch gag: 
diameter. This specimen showed the curious feature of “double necking” as ha 
been reported by Drs. Maykuth and Jaffee. 

The fact that cold worked chromium is more readily made ductile than is 
recrystallized material is well known, and a possible explanation of this phenom: 
non has been given.* However the present writer does not hold the authors’ view 
that “the fibrous structure was essential for optimum tensile ductility.” Admittedly 
this is still somewhat of an open question but, if views we hold relating brittleness 
and Cottrell-locking are correct (and our current experiments would indicat 
that this is so), there would seem to be no reason why equally high room tem 
perature ductility should not be found in recrystallized as in cold-worked material 
provided a sufficient degree of purity could be obtained. Even failing ultra 
purification, it would seem that suitable heat treatments might be devised to pro 
duce the same result. Certainly this is our experience on bend test specimens, and 
it is hoped to publish an account of this and other work in the near future. 

Written Discussion: By Arthur A. Burr, head, Department of Metallurgical 
Engineering, Rensselaer Polytechnic Institute, Troy, New York. 

The work described in this paper adds another chapter in the development of 
chromium metal and alloys. 

It is interesting to note that the estimated impurity content of the material a 
swaged at 800 °C (1470 °F) indicates very low gas content. Recent work on gas 
solubility indicates that the solubility for nitrogen at these temperatures would 
exceed the estimated content even at the working temperatures whereas th¢ 
oxygen content is considerably above the solubility limit. 

Two questions which naturally arise from the data presented are: 

1. Do the authors have any ideas as to the reason for the minimum in the 
modulus curve? 


H. L. Wain, F. Henderson and S. T. M. Johnstone, “A Study of the Room-Temperatu: 
Ductility of Chromium,” Journal, Institute of Metals, Vol. 83, 1954, p. 133. 
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2. What is the role of recrystallization in the embrittlement? Although the 
microstructures do not indicate excessive grain growth is it possible that 
a boundary segregation of impurities has occurred as a result of boundary 


sweeping effects during recrystallization : 


Authors’ Reply 


The comments of Professor Burr concerning the solid solubility limits for 
nitrogen and oxygen in chromium were noted with interest. We agree with his 
observation that the nitrogen in our chromium test sample was in solid solution, 
but do not believe that the estimated 0.005% oxygen content was “considerably 
above the solubility limit.” In earlier work (1), our metallographic studies indi 


cated that the solid solubility limit of oxygen in chromium was around 0.004% 


[his observation plus the absence of visible oxide inclusions in the recrystallized 
chromium tensile sample structure lead us to believe that the saturation limit for 
oxygen in this sample had barely been reached if, indeed, it had been reached at 
all 

We are not able to offer any new explanation for the discontinuity in the 
modulus versus temperature curve for chromium. As indicated in the text, our 
work merely confirmed the existence of this inflection in high purity chromium 
Fine, et al. (7), also observed discontinuous changes in the internal friction, co 
efficient of expansion, electric resistance, and thermoelectric power of chromium 
near 37 C. Both Fine, et al, and Sdéchtig * have suggested that the transitions re 
flect a change in the ratio of 4s to 3d electrons, and the work by Fine indicates 
that a departure from the ideal body-centered-cubic lattice is involved. 

In regard to the role of recrystallization in the embrittlement of chromium, 
Wain(6) has suggested that the diffusion of impurity atoms (during the op 
portunity afforded by recrystallization) acts to anchor the dislocations and/or 
reduces the dislocation density, thus resulting in brittle behavior of the recrystal- 
lized metal. If this be the case, then heat treatments which promote the diffusion 
of impurity atoms without causing recrystallization should result in a loss of 
ductility. However, results published by Johansen and Asai(5) indicate that, to 
the contrary, stress-relief annealing treatments actually improve the tensile 
ductility of wrought chromium. Our belief is that the ductility of chromium is 
controlled by the amount and orientation of grain boundary impurities. Where 
the quantity of impurities is small and their orientation with respect to the ap- 
plied stress is such that they offer little interference with plastic flow (i.e., during 
tensile testing in the fibered direction), appreciable ductility can be shown. In 
recrystallized material there is less grain boundary area, and the grain boundaries 
are less favorably oriented with respect to the applied stress. Therefore, tensile 
ductility is inhibited. 

With reference to Mr. Wain’s comment, our statement that the fibrous struc 
ture is essential in chromium for optimum tensile ductility was not meant to 
imply that recrystallized chromium could not be made ductile. Rather, the state- 
ment was based on experiences at Battelle and elsewhere which have shown that 
the ductile-to-brittle transition in chromium occurs at a significantly lower tem 
perature in the fibered material than it does in the recrystailized condition. The 
situation appears analogous to that for molybdenum which, over-all, has lower 
transition temperatures than chromium. Although high purity recrystallized 


*H. Séchtig, Annalen der Physik, Vol, 38, 1940, p. 97. 
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molybdenum has exceptional room temperature ductility, use of fibered mol 
denum is favored in actual applications since the bend and tensile ductility t: 
sition temperatures are still lower for the fibered condition. 

Messrs. Abrahamson and Grant question the necessity of using high pu 
base materials to achieve cold ductility in the intermediate Cr-Ni alloys. 1 
finding of some cold ductility in an as-cast and heat treated 50 Cr- 50 Nia 
made from commercial purity metals is not unusual nor unexpected. In ea 
work(2), we found that the room temperature bend ductility of Cr-Ni all 
containing from 48 through 80% nickel was not significantly affected by the 
purities contained in commercial purity chromium. However, oxygen, nitro; 
and/or sulphur, in the amounts contained in commercial electrolytic chromiu 
were definitely shown to promote hot-shortness in the intermediate Cr-Ni alk 
[his effect becomes more pronounced as the chromium content is increased. Her 
one advantage of using high purity chromium is to increase the upper limit of t! 
chromium content in the hot working range of Cr-Ni alloys. Also, we fully exp: 
that the room temperature tensile ductility in the intermediate Cr-Ni alloys pr 
pared with commercial chromium would be significantly lower than for the sai 
alloys made with high purity chromium. 

In the light of these statements, the apparent beneficial effect conferred 
Cr-Ni alloys by nitrogen additions beyond 0.25% (cited by Messrs. Abrahamsor 
and Grant) appears anamolous and merits some clarification. From an oral report 
of this work,® it is our understanding that the improved ductility affected | 
nitrogen additions is not the result of an increased tolerance of the normal Cr-\ 
alloy structures for nitrogen, but rather results from the action of nitrogen 
stabilizing a new, single-phase structure in these alloys, and that the high degr: 
of cold ductility shown by the Cr-Ni-N alloys is directly associated with this n 
phase. We also understand that this structure is not stable at room temperatur: 
and that the addition of nitrogen to the intermediate Cr-Ni alloys is detrimental 





to their stress-rupture strength at elevated temperatures 





E. P. Abrahamson, II, and N. J. Grant, “‘Some Structures and Properties of the Chron 
Nickel-Nitrogen Ternary Allovs,”’ Ductile Chromium, American Society for Metals (To be 
lished) 








EFFECT OF DISPERSION OF ALPHA PHASE ON 
THE HIGH TEMPERATURE FATIGUE PROP.- 
ERTIES OF ALPHA-BETA BRASS 


By |. Ek. BREEN AND Josern R. LAN) 


Abstract 
Variations in the dispersion of the second phase in an 
alpha-beta brass influence the tensile fatigue and creep rup 
ture properties at 500, 600, and 700 °F. The lowest cre 
rates were obtained with the finest dispersions at all temper 
atures in both types of tests; however, in the stress-rupture 
tests, at the higher temperatures, the creep rate began to di 
crease again at very coarse dispersions. The maximum elon 
gation at fracture was obtained at intermediate dispersions, 
except at 500 °F where the coarse dispersions displayed the 
best ductilities. The specimen life, depending on the above 
parameters, varied in a complex manner with dispersion 
Low temperature type of fracture persisted to a higher tem 
perature in tensile fatigue than in creep rupture tests 
(ASM-SLA Classification: Q7, Cu) 


fy 


INTRODUCTION 


ALTHOUGH the effect of changes in metallurgical variables on 
A room temperature fatigue properties has been investigated in de 
tail, the behavior in fatigue tests at elevated temperature has received 
relatively little attention. There are many papers in the literature 'em 
onstrating marked effects of variations of dispersion of one phase in a 
multiphase alloy on the mechanical properties at room and elevated 
temperatures. However, the influence of dispersion on high temperature 
fatigue properties has not been studied. The present investigation was 
devoted to a comparison at elevated temperature, of the tensile-fatigue 
and stress-rupture properties of a two phase alloy as modified by 
changes in dispersion. 

The effect of structural variations in age hardening alloys has been 
previously investigated. Teed (1)! showed that in age hardening alloys, 
heat treatment to produce substantially improved tensile properties did 
not greatly affect the endurance limit. The effects could be either bene 
ficial or detrimental depending on the alloy. Shaw (2) found that the 


The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Thirty-Eighth Annual Convention of the Society, 
held in Cleveland, October 8-12, 1956. Of the authors, J. E. Breen, formerly associ 
ited with the High Temperature Alloys Branch, Metallurgy Division, Naval R¢ 
earch Laboratory, Washington, D.C., is now with Raytheon Mfg. Co., Wayland, 
Mass., and Joseph R. Lane, formerly associated with the Metallurgy Division of 

1¢ Naval Research Laboratory, is now metallurgist, National Academy of Sci 
neces, National Research Council, Washington, D.C. Manuscript receive: 
March 29, 1956. 
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fatigue properties of aluminum-copper alloys were independent of th, 
degree of dispersion of the CuAle particles. Rawdon (3) showed t! 
inclusions act as stress raisers and reduce the fatigue properties. 
When the test temperature is raised the response to cyclic stressing 
may be greatly affected by changes in the plastic properties and struc 
ture. Since in an elevated temperature test, time is an important factor. 
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First Batch 
Tested at 600°F 


Second Batch 
Tested at 7OO°F 


Third Batch 
Tested at 500°F 





400 600 800 =: 1000 1200 1400 
Temperature °F 
Fig. 1—Dispersion of the Alpha Phase as a Func- 
tion of Aging Temperature. 
tensile-fatigue results cannot be predicted by simple superposition of 
creep and fatigue data, as pointed out by Dolan (4). In evaluating any 
high temperature fatigue test consideration must be given to frequency 
of the stress cycle, structural stability of the metal at the test tempera 
ture, the effect of surface condition (erosion and corrosion), and the 
effect on creep of a dynamic stress superimposed on a steady stress. 
Grant (5) has suggested that high temperature fatigue tests differ 





ALPHA-BETA BRASS 


Fig. 2—Typical Microstructures: (a) through (e) Quenched from 1520 °F and Aged. 
(a) at 500 °F, (b) at 700 °F, (c) at 900 °F, (d) at 1100 °F. Etched with potassium 
dichromate, x500. 
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Fig. 2—Typical Microstructures: (e) at 1300 °F; (f) air-cooled from 1520 °F, at 
(g) furnace-cooled from 1520 °F, Etched with potassium dichromate, x500 
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Fig. 4+—Creep Rate in Tensile-Fatigue at 600 °F and 6000 + 22 p 
a Function of Dispersior 


[rom creep or stress-rupture tests mainly in that the strain takes place 
at a more rapid rate in fatigue tests. 

The effect of a dispersed second phase on creep and rupture proper 
ties has been investigated extensively. Sully (6) states that the strength 
ening is greater the finer the dispersion, provided that the structure 1s 
stable under the test conditions. Giedt, Sherby, and Dorn (7) con 
cluded, from studies on the effects of dispersion on the creep properties 








964 TRANSACTIONS OF THE ASM \ 








Q 
m 
> 3 4 5 678 ) 
Mean Free Poth (Microns) 


Fig. 5—Creep Rate in Tensile-Fatigue at 700 °F 
and 3000 + 1100 psi as a Function of Dispersion 


of aluminum-copper alloys, that the creep properties are primarily de 
pendent on the mean free path of the CuAls particles. The creep stress 
correlated with the creep rate-temperature parameter Z = E exponent 
(AH/RT). Above In Z=1n [E exponent (AH/RT)] = 46.0 and 
below In Z = 27.5 the finer dispersions are superior. In the intermediate 
range specimens with the coarser dispersion are superior. They attrib 
ute this behavior to the effect of dispersions on the rate of recovery 
during plastic deformation. 


SPECIMEN PREPARATION AND TEST PROCEDURE 
The material used in this investigation was an alpha-beta brass, con 
taining 60.15% copper, 0.70 tin, less than 0.10 lead, with the balanc« 
zinc. This was chosen as a simple, stable material, with which a variety 
of microstructures could be produced. The alloy in wrought form (5 
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ch round) was cut into 3-inch lengths and quenched in water from 
20°F to produce an essentially all-beta structure that was super 
itturated with respect to alpha. The material was then reheated at vari 
us temperatures (500 to 1300°F) to obtain a wide variation in the 
ispersion of the alpha phase in the beta matrix. All specimens were 
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Fig. 6—Creep Rate in Stress-Rupture Tests at 600 °F and 6000 psi a 
a Function of Dispersion 


aged at a temperature at least as high as the test temperature to ensure 
a stable structure. As a result, the lower the test temperature the wider 
was the variation in dispersion that could be investigated. The mean 
tree path between the alpha grains in the beta matrix was taken as a 
measure of the dispersion. The relationship between aging temperature 
and dispersion is shown in Fig. 1. The logarithm of the mean free path 
appears to be a straight line function of the aging temperature, although 
there is considerable scatter between the several batches that were heat 
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treated. In addition to the heat treatment mentioned above, sam; 
were air-cooled or furnace-cooled from the solution temperat 
Photomicrographs showing typical structures are shown in Fig. 2. 
The heat treated specimen blanks (5¢-inch diameter by 3 incl 
were machined into 0.357-inch diameter stress-rupture type specimens 
described in a previous report (8). Final polishing of the speci: 
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Fig. 7—Creep Rate in Stress-Rupture Tests at 

700 °F and 3000 psi as a Function of Dispersion. 
was in the longitudinal direction with 000 emery paper. The fatigu: 
tests were run on a Sonntag SF-4 axial load, 3600 rpm fatigue testing 
machine which maintained the mean load constant throughout each test 
Specimens with various dispersions were tested in both stress-rupturt 
and tensile-fatigue at 500, 600, and 700 °F. In the tensile-fatigue tests 
the ratio of the dynamic load to the static (mean) load was held at 
approximately three-eighths. Stress-rupture tests were run at the sam¢ 
mean stress as the fatigue tests at each of the three temperatures. The 
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Fig. 8—Creep Rate in Stress-Rupture Tests at F and 
11000 psi as a Function of Dispersior 
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Fig. 9—Ductility as a Function of Dispersion in Tests at 600 °F and 6000 psi 
(Stress-Rupture), or 6000 + 2250 psi (Tensile-Fatigue). 
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Fig. 10—Ductility as a Function of Dispersion in Tests 


at 700 °F and 3000 psi _(Stress-Rupture), or 3000 + 1100 
psi (Tensile-Fatigue). 
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Fig. 11—Ductility as a Function of Dispersion in Tests at 500 °F and 
11000 psi (Stress-Rupture), or 11000 + 4125 psi (Tensile-Fatigue). 


usual parameters (specimen life, ductility, and creep rate) were meas 
ured. In plotting the data from the stress-rupture tests the “time to 
rupture” was converted to equivalent cycles (1 hour = 216,000 cycles) 
so that it could be more easily compared with the fatigue tests, since 
all fatigue tests were run at the same frequency. The stress-rupture 
tests were run on conventional single lever stress rupture machines. 
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Fig. 12—Rupture Life or Fatigue Life as a Function of 
Dispersion at 700 °F and 3000 psi (Stress-Rupture), or 
3000 + 1100 psi (Tensile Fatigue). 


RESULTS AND DISCUSSION 


Hardness tests were made on the quenched and aged test material 
to determine the effect of dispersion on the room temperature hardness. 
The hardness increased with increasing dispersion, Fig. 3. The 
quenched, single phase material which had the beta structure had an 
intermediate hardness of Rockwell “A”’ 47.5. 

The creep rate in tensile fatigue decreased with finer dispersion. This 
is shown in Figs. 4 and 5 for tests at 600 and 700 °F. In stress-rupture 
tests (Figs. 6 and 7) the creep rate shows a maximum at an interme 
diate amount of dispersion at 600 and 700°F. However, at 500°F 
(Fig. 8) the creep rate decreases steadily with increasing dispersion. 
The behavior at 500°F is similar in this respect to that in the tensile 
fatigue tests at the higher temperatures. 

The manner in which the ductility is modified by the degree of dis 
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Fig. 13—Rupture Life or Fatigue Life as a Function of Dispersion at 


600 °F and 6000 psi (Stress-Rupture), or 6000+ 2250 psi (Tensile- 
Fatigue). 


persion in both the tensile fatigue and the stress-rupture tests is shown 
in Figs. 9, 10, and 11. At 600 and 700°F an intermediate amount of 
dispersion results in the maximum ductility in both the stress-rupture 
and tensile-fatigue tests. At 600 °F the degree of dispersion which gives 
the greatest ductility is not the same in stress-rupture as it is 1n fatigue, 
the apparent peak being at a coarser dispersion in stress-rupture. At 
500 °F the ductility in the stress-rupture tests generally increases with 
coarser dispersion although there is a large amount of scatter in the 
data. At the same temperature the ductility in the tensile fatigue tests 
(Fig. 11) generally increases with decreasing dispersion, possibly go 
ing through a minimum. At all temperatures, the ductility in any stress 
rupture test is considerably greater at an intermediate dispersion, while 
this is not always true at the extreme of the curves. 

The specimen life both in tensile-fatigue and stress-rupture depends 
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pon two factors, the total elongation and the rate at which this elonga 
ion is achieved, that is, the creep rate. Often, metallurgical changes 
vill affect these two parameters differently and thus will control the life 
n the two types of tests in a complicated, although related manner 
\ttention is directed to the effect of dispersion on creep rate and total 
longation at fracture, Figs. 5 and 10. It is seen that, although the creep 
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Fig. 14—Rupture Life or Fatigue Life as a Function of 
Dispersion at 500°F and 11000 psi (Stress-Rupture), 
or 11000 + 4125 psi (Tensile-Fatigue) 


rate continuously decreases with fineness of dispersion, elongation gen 
erally goes through a maximum. Since these parameters respond to 
dispersion variations in an independent manner, the specimen life need 
not vary in a simple manner. 

The effect of dispersion on the time to rupture and fatigue life is 
shown in Figs. 12, 13, and 14. At 700°F both the rupture life and 
fatigue life increase with increased dispersion. At 600°F the tensile 
fatigue life goes through both a maximum and a minimum at an inter- 
mediate amount of dispersion. The rupture life at this temperature goes 
through a minimum at an intermediate amount of dispersion. At 500 °F, 
there are wide variations in the fatigue life with a possible minimum 
at an intermediate amount of dispersion, but the scatter is as great as 
the magnitude of the variation. In stress-rupture tests run at the same 
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Fig. 15—Classical Fatigue Type Crack Developing in Tensile-Fatigue Specimen; Not 

Transgranular Failure; Quenched and Aged Alpha-Beta Brass with Mean Free Path 

7.7 microns. Potassium Dichromate etch. Tested at 500 °F and 11000 +4125 psi 
Photomicrograph (a) x25 and Photomicrograph (b) x100. 


temperature, there is a possible maximum but here again the scatter 
in the data is of the same order of magnitude as the variation with 
dispersion. 

The mode of fracture in tensile fatigue is primarily dependent on 
temperature and is not affected by dispersion. Figs. 15, 16, and 17 show 
the transition from low to high temperature type fracture. At 500° 
all the specimens fractured transgranularly in the classical fatigue man 
ner. Fig. 15 shows the base of a fatigue crack which had progressed 
about midway into the specimen. The transgranular nature of the crack 
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Fig. 16—Classical High Temperature Type Failure Developing in Tensile-Fatigue 

Specimen; Note the Development of Intergranular Failure. Quenched and Tempered 

Alpha-Beta Brass with Mean Free Path of 7.7 microns. Potassium dichromate etch 

Tested at 700 °F and 3000 + 1100 psi. Photomicrograph (a) is at x25 and Photomicro 
graph (b) is at x100. 


progressing in a plane perpendicular to the applied load is also shown. 
At 700 °F, most of the tensile-fatigue specimens fractured in the inter- 
granular manner typical of high temperature rupture. Fig. 16 shows 
an incomplete fracture in a specimen tested at 700 °F, illustrating the 
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Table I 
Data on Furnace-Cooled and Air-Cooled Specimens 
Tested at 500, 600, and 700 °F 


Heat Treatment lest Stress Rupture or Elongation Cree Type 
of Specimen Temp (psi) Fatigue Life at Rate lest 
(°F) (cycles or Fracture (%/ht 
equivalent (* 
cys.) 
, . i a . ¥ Ten 
Air-Cooled 700 3000 > 1100 7745 x 108 9 0.11 
' Fatigue 
’ . + -c4e : Tensile 
Furnace-Cooled 400 S000 1100 554, 108 16.4 0.4 
Fatigue 
led »? 2 D2 4 , Tensile 
Air-Cooled 600 6000 > 22750 11361 « 10 | 0 3 
Fatigue 
le 
Furnace-Cooled 600 6000 = 2250 6309 « 108% 1 ¢ 0.11 Tensile 


Fatigue 


Air-Cooled 0 11000 > 4125 6700 * 10 6.4 * lensile 
Fatigue 


le 
Furnace-Cooled Sc 11000 + 4125 12053 * 108 15.7 x I nsile 
Fatigue 


Air-Cooled 700 3000 5465 & 10 21.0 0% Stress 
Rupture 
Furnace-Cooled 00 t000 3132 x 103 on ) 4% tress 
Rupture 
; Stress 
Air-Cooled 600 6000 13867 10 17 ¢ 42 Stre 
Rupture 
Furnace-Cooled 600 6000 20412 « 10 17 0) 096 Stress 
Nupture 
Air-Cooled 500 11000 14336 & 103 16.5 0.119 scress 
Rupture 
Furnace-Cooled 500 11000 $3481 & 108 14.0 0.11 Stress 


Rupture 


" Not Reported due to extensometer failure 
NOTE: 1 hour = 216 X 108 cycles in all tests 


separation of the matrix grains. At 600 °F either type of fracture may 
occur independent of dispersion. Fig. 17 shows three typical fatigue 
fractures from tests run at 600°F. These range from the classical 
fatigue fracture (Fig. 17a) through the classical high temperature type 
fracture (Fig. 17c). Fig. 17b shows a fracture which is a combination 
of the other two. 

In contrast to the tensile fatigue tests the stress rupture fractures 
were all of the high temperature type. In Fig. 18 is shown a typical! 
fracture from the stress-rupture tests run at the same temperature 
(600°F) and the same mean stress (6000 psi). Note the similarity 
between Figs. 17c and 18. 

Rupture and fatigue tests were also run on specimens that were air 
cooled and furnace-cooled from the all-beta region. The structure of th 
air-cooled specimen (Fig. 2f) consisted of a matrix of beta with rather 
large needles of alpha; the structure of the furnace-cooled specimen 
consisted of large irregular masses of alpha and beta (Fig. 2g). The 
strength and ductility parameters for these structures did not fit the 
curves of properties as a function of dispersion for the quenched and 
aged specimens. However, the creep rate and ductility for these struc 
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Fig. 18 Typical Stress-Rupture Fracture at 600 °F 
and 6000 psi. Quenched and Aged Brass with Mean 


Free Path of 0.89 Microns. Note Similarity to Fig. 17c 
Magnification x8. 


tures (air-cooled and furnace-cooled) did fall between the extremes 
for the quenched and aged specimens (Table 1). 

Metallographic examination in combination with lineal analysis and 
point counting techniques showed that the amount of each phase present 
was the same at all degrees of dispersion. Since the chemical analysis 
was fixed, the composition of the phases did not vary with dispersion. 
This indicates that the results noted were due entirely to the degree of 


dispersion. The photomicrographs show a tendency for some alpha 
segregation at the grain boundaries. This may have a relationship to th 
grain boundary fracture at the higher temperatures, however, it is gen 
eral experience that grain boundaries weaken faster than the grains as 
the temperature is raised. Furthermore, the air-cooled and furnace 
cooled samples which do not have this grain boundary envelope frac 
tured in the same manner. 


SUMMARY 


The effect of the dispersion of a second phase on the high tempera 
ture fatigue and stress-rupture properties was studied using an alpha 
beta brass. The following conclusions were indicated : 

1. The effect of dispersion variations on creep rate is not the sam¢ 
in tensile-fatigue and creep-rupture. In tensile-fatigue tests, the creep 





{[LPHA-BETA BRASS 


te decreased continuously with decreases in mean free path at all 


mperatures, whereas, this was true only at 500 °F in stress rupture 


\t the higher temperatures, an intermediate dispersion resulted in a 
aximum creep rate. 

2. The ductility also decreases with increasing dispersion at the 
west temperature (500 °F) in both tensile-fatigue and stress-rupture. 
\t the higher temperature (600 and 700 °F) the ductility is a maximum 
for an intermediate amount of dispersion. The ductility is generally 
ereater in a stress-rupture test than in the corresponding fatigue test 

3. Specimen life in tensile fatigue and stress-rupture will vary with 
the dispersion of the second phase. The relationship, however, is not 
simple since it is affected by creep rate and ductility and, therefore, may 
display maxima, minima, or both. 

t. At 500 °F, the scatter in the data for the three parameters was 
ereater than at the higher temperatures. 

5. The mode of fracture in tensile fatigue is primarily dependent on 
temperature and is not affected by dispersion. In the range of 500 
700 °F, the mode of fracture changed from classical fatigue type to 
high temperature type. The stress-rupture fractures, however, in the 
same range of temperatures, were all of the high temperature type. 

6. Tensile fatigue and stress-rupture tests are not affected by tem 
perature and dispersion changes in the same way. Low temperature be 
havior persists to a higher temperature in tensile fatigue than in stress 
rupture tests. 
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AGING REACTIONS IN CERTAIN SUPERALLOYS 
By. W. C. Hacer anv H. J. Beattie, Jr. 


Abstract 

Detailed changes in the properties and structures of 
V-155, G-18B and 15-15N alloys were determined as a 
function of solutioning at 1800 to 2200° F and aging at 
1200 to 1600 °F for times up to 1000 hours. Hardness and 
lattice-parameter measurements were taken; light and elec 
tron microstructures were studied ; x-ray and electron dif 
fraction phase identifications were made. 

The phases which appear with increased time and tem 
perature are: M,C 3, Mo3C¢, MgC, M,C’ and Laves phase 
in N-155; M,C 3, Ma3C5, MeC and M,C’ in G-18B; M,Cs, 
MasC¢, MgC and Laves phase in 15-15N. Stable carboni 
trides, Nb(C,N), were present in all specimens examined. 

Principal precipitation hardening phases are M.2;C, and 
M,C ; short-time hardness maxima are caused bya fine well 
dispersed transition phase of possible composition, M,C 
an M,C” of lower lattice parameter than normal M,C is asso 
ciated with long-time lamellar microstructures. A bulky, 
MaZn,-tyvpe Laves phase forms after all carbon combines 
with the aforesaid carbides. (ASM-SLA Classification: 
N7, SG-h). 


INTRODUCTION 


LTHOUGH much effort has been expended on the development 
and mechanical testing of superalloys which precipitation harden 
by the formation of complex interstitial and intermetallic compounds, 
few systematic studies are made of the aging reactions involved. By 
obtaining a mechanistic understanding, one can program suitable heat 
treatments, predict long-time structural stability and economically 
utilize costly alloy additions. This investigation was initiated to deter 
mine time-temperature changes of a group of superalloys possessing 
similar aging characteristics. Several procedures have been used t 
follow aging reactions; fortunately, the phases present in these alloys 
are sufficiently stable to permit simple, definitive separation and iden 
tification. 

Small quantities of hot-worked N-155, G-18B and 15—15N bar stock 
were procured from their respective vendors; for additional informa 
tion, eight test buttons were arc-melted, hot-worked and homogenized 

A paper presented before the Thirty-Eighth Annual Convention of the Society 
held in Cleveland, October 8-12, 1956. The authors, W. C. Hagel and H. | 
Beattie, Jr., are associated with the Materials and Processes Laboratory, Larg: 
Steam Turbine-Generator Department, General Electric Company, Schenectady 
New York. Manuscript received March 23, 1956. 
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Table I 


Composition of Alloys Investigated 


ALLOY CONTENT, WEIGHT 


c N Cr Ni Co M W N M . I ( I 
j 16 119 19.50 0.38 ~ ) | 
{2 0.034 13.0 13 3 9 1.80 ‘ { | 

N , 09 0.023 15.20 15.67 1.44 ) } ( } Rn 

0) 20 i) i 

() () ] j Re 

0 0) } is 

U0 0 j ha 

() 2 ] it 

; Ba 

+ 2 15 R 
007 10 3 It 


in accord with standard practices at the General Electric Research 
Laboratory. Results of chemical analyses on commercial alloys used are 
listed in Table I along with melt compositions of the test buttons. Early 
levelopment of N-155 Was described by Binder ( 1 ) i rey, l'reeman 
ind White (2) correlated aging structures with creep and stress 
rupture data. Oliver and Harris (3) report finding eight different 
phases in G-18B and similar alloys on attempting to identify aging pre 
cipitates by x-ray diffraction. Since 15—15N was only recently devel 
oped, nothing has been published concerning its response to heat 
treatment. 
I.XPERIMENTAL METHODS 


Heat Treatment 


To explore solution treatment possibilities, specimen blocks (ap 
proximately 2.0 x 1.0 x 0.5 inches in size) were exposed to tempera 
tures of 1800, 1900, 2000, 2100 and 2200 °F for times of 8, 24, 48 and 
72 hours. On accumulating the data shown in Figs. 1 and 2 and Table 
[1, the procedure of solutioning at 2000 °F for 8 hours was adopted 


Table II 
X-Ray Phase Identification of Solution-Treated and Water- 


Quenched Alloys 


SOLUTION LATTICE PARAMETERS (A) AND ABUNDANCES 
DESIG TEMPERATURE 
NATION (8 hours) NbDCON) Mat M of OTHER 
N-155 1800 °F 4.42 (a) 10.9 (a) 10.68 (m) 
1900 °F +.42 (a) 11.02 (ma) 10.67 (mr) 
2000 °F 1.4 (a) | \? (m) 
100 °F 1.42 (a) 11 (mr) 
2200 °F 14? (a) 
G-18B 1800 °F 1.45 (a) 11 (a) 10.66 (mr) 
2000 °F +.4 (a) 11.06 (m) 10.66 (vr) 
IO’ I +.4 fa) 
\ 1800 °F 4.44 (a) ya) 
2000 °] +.44 (a) 
200 I +.44 (a) 


The figures appearing in parentheses pertain to the references appended to this pape 
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Fig. 1—-Quenched Diamond-pyramid Hardness of Specimens as a Function of Solutior 
ing at Temperature for 8 Hours 
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Fig. 2—-Matrix Lattice Parameter of Specimens as a Function of Solutioning at 
remperature for 8 Hours. 


prior to aging, since this temperature is the maximum most commercial 
heat treating furnaces can maintain. Water quenching was used to avoi( 
the variables present on furnace or air cooling. Temperatures wer 
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neasured with chromel-alumel thermocouples placed in contact with 
each specimen ; wire-wound furnace control fluctuated within less than 

1% of nominal temperatures. Furnaces were at temperature when the 
specimens were inserted, and the time period of heating was considered 
initiated after specimens had been in furnaces for 0.1 hour. Nitrogen 
atmospheres were provided at 2100 and 2200 °F to prevent catastrophic 
oxidation. 

Specimens were aged at 1200, 1300, 1400, 1500 and 1600 °F for 0.4, 
1, 3, 8, 30, 80, 340 and 1000 hours and then air-cooled. To check pre- 
cision, two specimens were aged at each temperature and time. The 
limited quantity of test buttons available permitted aging at only 1200, 
1400 and 1600 °F for 2 and 200 hours after solutioning at 2000 °F for 
24 hours. Over 300 specimens were heat treated and examined during 
the investigation. 


Hardness and Lattice-Parameter Measurements 

Hardness surveys were taken on all specimens with a square-based 
diamond pyramid indentor and a 30-kilogram load. At least ten impres 
sions were made, and the resulting average reading was converted to 
1)PH by means of tables. 

Matrix lattice parameters were measured with a_back-reflection 
camera using copper Ka radiation. Any trace of mechanically dis 
turbed metal was removed by successive polishing and deep electro 
etching with 10% chromic acid. After solution treatment, specimen 
grain size was usually too large to present an effectively random distri 
bution in the x-ray beam, and so both specimen and film were rotated 
with their axes of rotation slightly to one side of the other. Fine copper 
powder was added for calibration purposes ; the {331} lines of the aus 
tenitic matrix and the {331} and {400} lines of copper were photo 
graphically recorded after 15-hour exposures. From the measured spac 
ing of the latter two lines and a lattice parameter of 3.6150A for copper, 
exact specimen-to-film distances were calculated. 


Metallography 
After mechanical polishing on an intermediate Carnauba-wax wheel 
and Gamel cloth with fine alumina, specimens were electro-etched with 
10% chromic acid. At least two etching times were used to determine 
the effect of etch depth on structural appearance. On making a light 


microscopic examination, specimens possessing representative or unique 


structures were selected for electron microscopy. Negative replicas 
were prepared by the direct stripping of parlodion, and they were chro- 
mium shadowed in high vacuum at angles of 15 to 25 degrees. The 35 

millimeter film negatives used ina 100 KV Philips electron microscope 
were enlarged four times to final-print magnifications of 8000 or 24,000 . 
diameters. 
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Phase Identification 

X-ray diffraction patterns of electrolytically extracted residues \ 
obtained from selected specimens. The electrolyte used was 10% 
drochloric acid in distilled water, and a current of 0.1 to 0.2 amp: 
per square inch was passed for 48 hours at a D.C. potential 
volts. The more noble phases remaining were separated by suction filt: 
tion through Buechner funnels; after further washing and drying, th: 
were preserved under 0.00025-inch Mylar sheet. No claim can be m 
for complete separation of all secondary phases ; however, the num 
and abundances found by x-ray and electron diffraction were gener: th 
in agreement with microstructural observations. Most residues wer 
examined photographically in a cylindrical powder camera of 5 
centimeter radius using filtered copper radiation, and a few underwent 
additional diffractometer recordings using filtered chromium radiation 
Lattice parameters of noncubic phases were determined by least-squares 
analyses of sin°@ values. 

Specimens were prepared for reflection electron diffraction by electro 
etching with 10% chromic acid, rinsing in a 10% hydrochloric acid- 
alcohol solution and degreasing successively in anhydrous methanol 
and benzene before mounting in a General EF assole electron-diffraction 
unit. A lithium-chloride standard was used to determine electron wave 
length. 

RESULTS 
Secondary-Phase Solutioning 

The curves plotted in Figs. 1 and 2 show the variation in diamond 
pyramid hardness and matrix lattice parameter on solutioning at 1800 
to 2200 °F for 8 hours and water quenching. As more secondary phases 
containing large-atom elements are dissolved, hardness decreases and 
matrix lattice parameter increases ; conversely, hardness increases and 
matrix lattice parameter decreases as these phases precipitate. Increas 
ing solutioning time to 72 hours caused small additional change com 
pared to increasing temperature. Lattice parameters of phases present 
after each solutioning treatment are listed in Table II, where relative 
abundance from x-ray line intensities is designated as abundant (a), 
medium abundant (ma), medium (m), medium rare (mr), rare (rT) 
and very rare (vr). Duwez and Odell (4) report lattice parameters o! 
4.379 A for NbN and 4.470 A for NbC, and so the niobium phases 
found in these alloys are intermediate Nb(C,N ) ; they are most stable 
and were abundantly present in all specimens examined in the form of 
yellow, angular particles possessing the directionality given them by 
hot working. These alloys behave similarly on solutioning with hard 
ness and matrix lattice parameter variations cause’! by differences in 
base compositions. Fig. 3 shows the representative austenitic structure 

F N-155 after 8 hours at 2000 °F; the smaller particles, usually at 
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Fig. 3—Electron Micrograph of Solution-treated N-155 Specimen Held at 


2000 °F for 8 Hours and Water-Quenched. Electro-etched with 10% Chromi 
Acid. x8000. Large particles are Nb(C,N) and smaller particles at twin bands 
are undissolved M 
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Fig. 4—-Diamond-pyramid Hardness of N-155 Specimens Aged for Logarithmic Time 
Intervals at Temperatures Designated 
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Fig. 6—Diamond-pyramid Hardness of 15-15N Specimens Aged for Logarithmic Time 
Intervals at Temperatures Designated 


grain-boundary intersections, are M¢C and the larger ones are Nb 
(C,N). All electron micrographs are mounted so that their shadowing 
direction is from the top of the page. Dark areas are the far side ot 
replica craters or are the shadowing side of protuberances. From this, 
one can determine that the elliptical carbide particles are less etched 
than the matrix. 
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Aging Structures 
Hardness results are plotted in Fig. 4, 5 and 6 as a function of aging 
time at temperature. The hardnesses obtained are the net result of many 


complicated structural changes. The curves possess double maxima giv 


ing evidence that two main reactions are in progress. Within the range 
of temperatures studied, the initial reaction apparently disappears after 
10 hours. Further information was provided by the matrix lattice para 
meter measurements on N-155 alloy which are plotted in Fig. 7. Owing 
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Fig. 7—Matrix Lattice Parameter of N-155 Specimens Aged for Logarithmic Tim 
Intervals at Temperatures Designated 


Table III 
X-Ray Phase Identification of Alloys Aged 1000 Hours 


LATTICE PARAMETERS (A) AND ABUNDANCES 
AGING 
(1000 hours) MeZne—TYPE 
DESIG- TEMPER LAVES PHASE 
NATION ATURE Nb(CLN) Mest Mel MeC’ ao ; Co OTHER 
N-155 
1200 °F 4.42 (a) } (m) 10.96 (m) 
1300 é (a) 4 (m) 11.01 (m) 
1400 (a) 3 (ma)11.00 (m) 
1500 (a) - 10.97 (r) 10.85 
1600 (a) 10.98 (r) 10 


>a + 
DO DO W Do 


G-18B 
1200 
1300 
1400 
1500 
1600 


(a) 04 (r) 
(a) 04 (m) 
(a) . .01 (ma)1' 
(a) .00 (a) 
(a) .04 (wa) 


arb SS 


wmmnuwuvivi 


1200 4.44 (a) —— 
1300 4.44 (a) ; 62 (Cr) 
1400 4.43 (a) - 

1500 43 (a) - 95 (r) 
1600 .43 (a) 
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Fig. 8—Electron Micrographs of (a) N155 (b) 15-15N Specimens 

Aged at 1200 °F for 1 Hour. Electro-etched with 10% Chromic 

icid. x8000. Fine M,Cs particles are dispersed throughout austen 
itic matrix 


to solution treatment and compositional variations, individual matrix 
lattice parameters may vary with alloy history, but trends with aging 
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Fig. 9—Electron Micrographs of (a) N-155 (b) G I8B Specimens 

Aged at 1400 °F for 8 Hours. Electro-etched with 10% chromic 

acid. x8000. Precipitation of MesCe has occurred within matri 
and along twin and grain boundaries 


and correlation with other measurements provide reliable indices of 
structural change. 
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formation of a fine, well-dispersed transition phase seen in Figs. 8a and 
Sb. Increasing time promotes fine Mo3Cg-type carbide precipitation 
within the austenitic matrix and along twin and grain boundaries as 
shown in Figs. 9a and 9b. Concurrently with this, there is some grain 
boundary segregation and transformation to (Mo, W)-rich MgC. Fur 


ther aging promotes coalescence of smaller carbides at grain boundaries 
and within the grains as shown in Figs. 10a and 10b, After longer times 
at higher temperatures a lamellar microstructure appears (lig. 11) 


with the simultaneous x-ray identification of a low parameter MgC 


Fig. 11—Electron Micrograph of N-155 Specimen Aged at 1600 °F for 340 
Hours. Electro-etched with 10% chromic acid. x24000. Lamellar structure 
appears with x-ray identification of low parameter MoC’ 


(MgC’). When all carbon is combined or completely absent for further 
reaction, a blocky phase appears within segregated regions which gives 
x-ray evidence for a MgZng-type Laves phase. In Figs. 12a and 12b are 
electron micrographs of this phase in overaged N-155 and a test button 
of approximately the same composition but containing no carbon. 
With solution-treated G-18B there is a greater volume of Nb(C,N ) 
and less M¢C at grain boundary junctions; the structural trends on 
aging are much the same as with N-155 except that lamellar M,C’ ap 
pears only after long times at 1400 °F; sufficient carbon is available to 
avoid the presence of Laves phase. Less initial Nb(C,N ) and fine MgC 
can be seen in 15-15N ; a small amount of Me3C,-type carbide precipita- 
tion occurs at grain boundaries, but in the later stages of aging much 
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12——Electron Micrograph of (a) N-155 Specimen Aged at 

1600 °F for 1000 Hours (b) Button Alloy 2 Containing Zero 

Carbon Aged at 1600 °F for 200 Hours. Electro-etched with 10% 

chromic acid. x8000. Blocky particles are MgZne-type Laves 
phase 


lLaves phase appears. The test-button structures served to confirm these 


observations. 








Table IV 
X-Ray Phase Identification of Alloys Aged at Various Times 


LATTICE PARAMETERS (A) AND ABUNDANCES 


MeZr rY PI 
SiG AGING LAVI PIAS] 
\TION TIMI NbCC LN Mass Mat Mat OTHER 
N-155 1400 °1 
) hi 4.42 (a l ' I 
; (a) ma) { 
} ) ) 
} 
ne ( | nt (1 , } 
a | (a ft (vvr) Tl 
+.4 !) ‘ - r) 
SB I 
1 hrs \ l 
8 \ ) 


Y-Ray Phase Analyses 


Tables [1 through V list the lattice parameters and abundances of the 
secondary phases separated electrolytically ; Table Vl is an example of 
x-ray data on a single specimen. Specimens listed in Table [11 had been 
solution treated at 2000 °F for 8 hours, water-quenched and aged for 
1000 hours at the indicated temperatures. In the alloy containing the 
east carbon, 15—15N, nearly all carbon is to be found in Nb(C,N ) 
\lthough small amounts of Mo,C, and M,C are present, the remaining 


excess of Mo and W later precipitates as Laves phase. In G-18B, which 
contains the most carbon, the ( Mo, \W )-rich carbides become as abun 
dant as Nb(C.N) after sufficient 


appear. The aging reactions in N-155 are, like the carbon content of the 


ing, and Laves phase does not 


ag 


alloy, intermediate between these two extremes. The C/N ratios of 
these alloys increase in the order N-155, 15-15N and G-1I8B; this ts 
reflected in the lattice parameters of Nb(C,N ). 

In Table IV the time dependence of secondary phases is presented 
Grain boundary segregation was severe in some of the specimens, and 
their extracts consisted chiefly of inatrix——owing to preferential electro 
lytic attack and subsequent separation of undissolved grains from the 
electrode. The identifications of sigma in N-155 after long times at 
1600 °F were not conclusive; x-ray data illustrating the coexistence 
of Nb(C,N ), MeC, MgC’, Laves phase and possibly sigma are presented 
in Table V1 

Results of x-ray phase analyses on the eight button alloys are shown 
in Table \. The first six alloys are variations of the N-155 base com 


position ; alloys numbered 7 and & are variations of the other commer 
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Table V 
X-Ray Phase Identification of Button Alloys 


LATTICE PARAMETERS (A) AND ABUNDANCES 
Aging MeZn rY PI 
Desig lemperature Nb(C,N) Mea MoC LAVES PHASE (hex 


nation (200 hrs.) ao Ao 


1400 °F 4.449 A 10.68 A 


(m) (a) 


1600 °F 4.450 10.68 


(m) (a) 


1400 °F 
1600 ‘ 


1400 . 10.70 10.97 


(val (mr) 


10.694 10.995 
(va) (m) 


10.70 


(a) 


10.679 


(a) 


1400 


1600 


cial alloys studied here. In alloy 1, the higher carbon content has greatly 
increased the stability of MosCe with respect to MeC. Alloy : being 


— 


free of interstitial elements, produces the single intermetallic Laves 
phase ABg. X-ray intensities definitely show that the A atom is of 
higher atomic number than the B atom, which is to be expected since 
only Nb, Mo and W have sufficient atomic size to be A atoms. In alloys 
3 and 4, it appears that W stabilizes Mo;Ce. with respect to MgC more 
strongly than does Mo. The MosC, of alloy 4 has x-ray intensity chat 

acteristics which can be attributed to heavy W atoms occupying the 
8(c) positions. Lattice parameters of the NbMz, Laves phase in alloys 
5 and 6 are significantly larger than in the Mo- and W-bearing alloys, 
which must contain (Nb, Mo, W) Me-type Laves phases. In this case, 
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Table VI 
X-Ray Data on N-155 Specimen Aged at 1600 °F for 340 Hours 


Chromiun Coppet 
Radiation Radiation lave Sigt 
I d | Nb(CLN) Mal Mat } ‘ Pha 
VW » A VVW ) 
| \I ; S 1] 
19 VW 1x VVW ( 
» 3¢ \\ 3 M 
} W 
W | 
W 
M { (4] ) 
MW VS 
VW 
MW 
S ) VS ( ) 
W { ( ) 
W VW | 
W ) VW | (411) 
VW 14 
VI ] M 140 
WW 1.8 W 14 
l 1.61 VW 
6 MS 
] ; l W 1-711 
1.42 1.42 VVW 3-731 (512) 
1.3 1.36 VVW ( (522) 
l 1.33 M 1] 13 
] fyfy { ) 
84 1.283 MS os cae 660-822 } 6 (550-710-4] 
Lae VVW ] 
1.24 VVW 
] ) VVW 
CrKa limit li W 10 7 771-933 
1.09) W 755-771-933 206 
1.068 VVW $62-10,2,0 
1.041 VVW 313 
1.013 MW 331 101-224 
0.987 MW $2 
).933 VVW 866-10,6,0 
918 VVW 10,6,2 
0. 968 VVW 
102 MW 4 


* Parentheses denote lines of sigma phase which would be masked by coincidence with lines 
f other phases 


the Ms represent a solid solution of Cr, Mn, Fe, Co, Ni and Si. The 
latter two elements do not form binary Laves phases with A atoms of 
the Nb class ; however, Ni would be likely to have limited solubility, and 
previous work (5) has indicated that one B atom out of 12 may be Si. 


Electron Diffraction of Transition Phase 


Those specimens whose electron micrographs revealed a very fine, 
well-dispersed phase within the grains and whose hardnesses reached 
an early maximum were further studied by reflection electvon diffrac 
tion. As shown in Table V II, the patterns of N-155, G-18B and 15-15N 
specimens aged at 1200 °F for 1 hour look remarkably alike. Subject 
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Table VII 





to the inaccuracies of the reflection electron-diffraction method and the 
uncertainties inherent in powder-diffraction analysis, spacings of those 
specimens aged at 1200 °F for 1 hour are indexable on a cubic lattice of 
similar unit-cell dimensions (~8.3A). 

A likely atomic arrangement for the transition phase can be deduced 
by analogy with spinel structures. Spinels are ionic compounds ( M3Q,) 
structurally related to monoxides (MQ) or isomorphous monocarbides 
(MC) as shown in Figs. 13a and 13b. The monoxide consists of a cubic 
close packing of large oxygen ions (open circles) with small metal ions 
( black circles ) in the octahedral interstices ; in monocarbides, the atoms 
13b shows the 
structure of a spinel wherein the open circles represent large oxygen 


are neutral and the size-relationships reversed. Fig. 


ions somewhat displaced from face-centered cubic positions as shown 
by the arrows. The black circles represent metal ions which occupy 
octahedral interstices, while cross-hatched circles are remaining metal 
ions located in tetrahedral interstices. The displacement of oxygen ions 
is away from occupied and toward vacant tetrahedral interstices. For a 
metal carbide, M,4Cs, the open circles of Fig. 13b are metal atoms and 
the other circles are interstitial carbon atoms. If the displacement of 
metal atoms is such as to bring them equidistant from all neighboring 


Electron-Diffraction Data on Transition Phase | 
N-155 Specimen 15-15N Specimen G-18B Spe 
Aged at 1200 °I Aged at 1200 °F Aged at 1 ; 
For 1 Hout For 1 Hout For 1H 
' X \ ac S38 A y 
hkl d I hkl : 
( S 6 M 8 M 
) M 1] a W 311 : 
21 VS 100 11 VS 100 ’ M a 
1.4 VS 140 1.78 W 2.08 VS 
1.19 VW 44 1.41 VS l L.¢ W 
1.04 VW S00 1.26 W ( 1.4 VS 
1924 VW S40) 1.23 W 631 a W 
848 VW 844 0.91 W 842 : 
811 MS 3.951 0.9 W 
i) 9 W 
| W 
N-155 Specimen N-155 Specimen N-155 Speein 
Aged at 1200 °F Aged at 1200 °F \ged at 12 
For 3 Hours For 8 Hours lor HI 
ao 8.37 A 1O.5 A ao 10.53 A 
d I hkl hkl ‘ I hkl | 
S| W 220 8 W 220 3.70 W 
VS 100 75 S 400 3.08 VW 
| M } M $20 M 
2.09 M +( VS 333-511 Foe M 
1.9] W l 1.74 M 142-600 ) VS 
oF Ss 622 1.57 W 622 : 
1 S 31-55 1.24 M 660-822 . 
] ] c M ~~ 7eC ,* 
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Fig. 13—Crystal Models Showing Atomic Arrangements 

in Various Carbides. Open circles represent metal 

itoms; dark and cross-hatched circles represent carbon 
atoms 


carbon atoms, each metal atom (M ) would have the following environ 
ment: 4 C atoms at 1.98 A, 3 M atoms at 2.64 A, 6 M atoms at 2.99 A 
and 3 M atoms at 3.23 A. These distances assume a lattice parameter 
of a, = 8.32 A; they are reasonable for a transition-carbide structure 

Calculated d-spacings and relative intensities for M4Cs are listed in 
Table VIII. Intensities were computed using the approximate formula 
| ~ pl*/sin®@ where p is the mutiplicity of equivalent planes and I is 
the structure factor utilizing electron scattering factors. Observed x-ray 
intensities for the spinel, FegQO4, are also listed in Table VIII to show 
that the observed electron-diffraction data of Table VII are not actually 
caused by spinel oxides. The omission or suppression of octahedral 
{111} intensities may indicate that these tend to be habit planes, which 
would, therefore, be least likely to scatter electrons coherently. 

The lower half of Table VII gives clectron-diffraction data on N-155 
aged for 3, 8 and 30 hours. This illustrates the formation and growth of 
MosCg and the simultaneous decay of M4C,. Fig. 13c shows certain 
structural relationships of MosCe. Note that the 13 metal-atom cluster 
on the left is in cubic close packing, while the simple cube on the 
right is packed differently. Carbon atoms are sandwiched between 














996 TRANSACTIONS OF THE ASM \ 


Table VIII 
Comparison of Electron-Diffraction Data with 
Calculated Values for an Anti-Spinel Carbide M,C 


ion Data 


the two cluster types which lie in a three-dimensional checkerboard 
arrangement. In the interstices of this checkerboard are isolated 8(c ) 
atoms (not shown in Fig. 13) which may be Mo or W. A phase as 
complicated as MosCg requires long-range cooperative atomic move 












ments to precipitate from an austenitic matrix, whereas a spinel-type 
phase could precipitate more readily. It may be that M,C; bears the 
same relationship to a carbon-saturated austenitic matrix and MosCg 
as the epsilon-carbide of iron bears to martensite and FesC. 


SUM MARY 





An investigation of aging reactions in N-155, G-I8B and 15—15N 
superalloys was conducted and the following salient features were 
observed : 
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Che principal precipitating phases, MosC,g and MgC, can be 
progressively dissolved after 8 hours at 2200 °F leaving stable 
NDC CN). 

2. . fine, well-dispersed transition phase of possible composition, 
\l,Cs, has been found which increases hardness and matrix 
lattice parameter after short-time exposure. Further aging leads 
to the formation of MosC, and eventually M,C. 

The main constituent of the lamellar microstructures which ap 
pear after long-times at temperatures above 1400 °F is low 

parameter MgC’. 


+. Laves phase is present in these alloys when insufficient carbon 
exists to allow continued carbide precipitation. 
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DISCUSSION 


Written Discussion: By C. J. Bechtoldt and H. C. Vacher 
Standards, Washington, D. C. 


National Bureau of 


We note with interest the identification by the authors of a phase having the 
Laves type of structure in the N-155 and 15-15 N alloys. If molybdenum and 
tungsten are considered to be similar in the precipitation of a brittle phase, it is 
noteworthy that the sum of the molybdenum and tungsten contents in the N-155 
and 15-15 N alloys is less than the molybdenum and tungsten contents required 
to precipitate at 1500 °F a brittle phase in their respective binary alloys of iron, 
nickel, and cobalt. Recently completed work in this laboratory * has indicated that 
the addition of chromium and nickel to iron-molybdenum alloys, for example, 


reduces the amount of molybdenum necessary to precipitate a brittle phase at 





lo be published in the National Bureau of Standards Journal of Research, Vol. 58, 1957 
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1500 °k in a carbon-free alloy having the composition 9Cr-4Mo-17 Ni-70F;y 
brittle phase was identified as having the Laves type of structure and was { 
to have the Moles composition in iron-molybdenum alloys containing 20 and 
molybdenum 

So far as we know the Mole, Laves phase has not been reported in 
molybdenum alloys. This failure to find the MoFes phase probably can be 
plained on the basis of the stability of the epsilon phase (MosFes), whi 
formed at high temperatures, does not readily react to form MoFes at low 
peratures. By working with a 20% molybdenum alloy, it was possible to que 
from the alpha tron field and reheat to 1500 °F. When this was done, the M 
phase was formed and could be separated as a residue tor a determinatios 
structure. Our work indicates that the Moles phase in iron-molybdenum alloy 
unstable above 1750 °F 


Written Discussion: By Joseph RK. Lane, staff metallurgist, National Acack 


of Sciences, National Research Council, Washineton, D. C 

\dditional data on this complicated subject, such as the authors have present 
is always welcome 

lable [11 shows an increasing amount of MosCs in N-155 as the aging tempera 
ture is raised from 1200 to 1400 °F. At 1500 and 1600 °F MosCe does not appear 1 
be present. Table LI indicates that MosCe is found in N-155 quenched from 1800° | 
Similarly, there is MaC.» present in G-18B when aged at 1200, 1300, and 1600 °} 
but not at 1400 or 1500 °F (from Table III). Is there an explanation for thi 


peal nate 0 


anomalous behavior? The trend is for the formation of phases with decreasii 

carbon content as the aging progresses. This would be consistent with precipitati 

from a supersaturated solid solution. It may be questioned, however, whethe: 
aging at high and low but not intermediate temperatures would conform wit 
this supposition. Another possibility would be the breakdown of one carbide t 
form a more stable variety.* Have the authors established the mechanism by whic! 
these phases make their appearance ? 

Written Discussion: By F. R. Morral, Battelle Memorial Institute, Columbu 
Ohio 

It is very interesting to me that two MeC-type carbides have been found in th 
alloys studied in these two papers. Over twenty years ago, | worked with some 
carbide residues, and I noted the same type (W,Fe)sC with lattice parameter 
which showed a considerable spread. It was more so than had been found be 
tween FesWeC and FesWs3C. Unfortunately, | do not have the materials or lattic 
parameter data on hand to compare with those described. I mention this should it 
encourage further work along these lines. 

Studies of ternary or more complex carbides is involved with certain difficulties 
residue extraction, separation of possible components, their x-ray analysis, being 
nondestructive, may become a useful tool. 

here appears to be a need for a new survey and summary of characteristics 
of carbides to bring them up to date, as Goldschmidt * has done some eight yea 
ago. New data on carbide has appeared since, scattered in many papers 

Written Discussion: By Dr. K. WW. Andrews and Dr. H. Hughes, Research and 


Development Department, United Steel Companies, Ltd., Rotherham, England 





J. R. Lane and N. J. Grant, “Carbide Reactions in High Temperature Alloys,’ TRANs 
ACTIONS, American Society for Metals, Vol. 44, 1952, p. 113 
*H. J. Goldschmidt, “The Structure of Carbides in Alloy Steels. Part 1. General Survey,’ 
Journal, Iron and Steel Institute, Vol. 160, 1948, p. 345 
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Che authors have given an excellent example of the way in which a great deal 


ff useful knowledge can be obtained about the behavior and structure of a complex 


teel or alloy by employing a combination of several methods of examination 


including x-ray analysis. Their results are somewhat similar to our own in 


onnection with steels containing 8% chromium, 3' 


molybdenum and 1-1154% 


titanium,” and some other steels which we have examined more recently and ais: 


reflect results reported in another paper of the present ASM seri 


Chere is no need to refer in any detail here to our own results as some of them 


were mentioned in an earlier ASM discussion’ and have just appeared in th 


paper noted.” We should like to add however, that in addition to a Laves’ phas« 


based on keeTi we have also found the similar constituent containing niobium 


instead of titanium or solid solutions containing both. The authors imply that it 


forms when insufficient carbon exists to allow continued carbon precipitation. All 


of their alloys have, however, a low ratio of carbon to carbide formers. Thus in 


very case, Mo+ W + Nb > 10°C and is nearer to 20°C in most cases. We 


think, therefore, that it can be assumed that there is a considerable excess of 


these elements in solid solution in the matrix, and in particular that the 


phase can be formed when sufficient excess mobium (or titanium) ts 


Laves 
present al 
though Mo and W also go into this constituent. Incidentally have the authors 
any explanation as to why they have not found this phase in G 18B? In some of 
our work on steels containing niobium we have found another compound which 
appears to be a chromium-iron mobide but this is by no means certain yet. The 
x-ray pattern does not resemble that of any of the other numerous intermetallic 
phases which have been discovered in recent years. We give in Table LX a list 
of interplanar spacings and intensities in case the authors have noticed any phas« 
like this in their work 

It is just possible that this phase is a modification of the mobides with the formula 
M Nbs but an incomplete chemical analysis shows that the ratio of other metals 


Table IX 
Interplanar Spacings of ““Z phase,” found in a steel containing 18% Cr, 
12% Ni, 1% Nb After Creep testing at 850 °C 


I d (in KX) | d (in KX) 

Ww 9 ) VW 1.322] 

vw 1.YS2LY “ ] S6 

Ww Y4 1.43 

wm 0.9576 WV 1.469 

Ww 0.9 | wim ] l¢ 

W O.9SOS ‘ 1.613 

- 0.9961 V 1.6741 

Ww 1.054] "A 1.840 

W ] 0 “ 1.908 

A 1.088 2.141 

vw 1.1664 vin) 33 

\“ 1.18 ; “ 1554 

W 1.711 \ 6668 

m 49 Ww > Ry 

“ ] . 

M. G. Gemmill, H. Hughes, J]. D. Murray, F. B. Pickering and K. W. Andrews, “The 
Development of a Creep Resisting Ferritic Material for Service in the Temperature Range 
1050 to 1150 °F,” Journal, lron and Steel Institute Vol. 184, 1956 

*H. J. Beattie, Jr. and F. L.-VerSnyder, “The Influence of Molybdenum on the Phase Re 


itionships of a High Temperature Alloy,’’ TRANSACTIONS, American Society for Metals, Vol 
+49, 1957, in press 
K. W. Andrews discussion to F. L. VerSnyder and H. J. Beattie, Jr., “The 


Laves and 
Chi Phases in a Modified 12 Cr Stainless Alloy,’’ TRANSACTIONS, American Society for Metals 


Vol. 47, 1955 
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to niobium is probably higher. Also it does not in the least resemble sigma o; 
of the possible phases that appear to be somewhat similar to sigma such a 
“N phase” described by Goldschmidt* or the phases P and R described 
Beck and co-workers.” The phase does, however appear together with sigma | 
NbC) at lower temperatures, e.g., 650/700 °C and without sigma above 800 °¢ 

he authors have discovered that a carbide of the formula MyCs can ex: 
which is not just MC with vacant interstitial sites, but also has a somewhat m 
fied structure. We have not so far found this transition carbide ourselves and . 
not think we should have missed it. We shall now be prompted to look out for 
[ts discovery is of considerable importance as it may well provide another li 
in our understanding of the possible structural changes in steels and alloys. The: 
is one point however in which we do not agree with the authors. Although tl 
M,Cs phase may be a necessary intermediate stage towards the formation 
MesCe in the authors alloys, we have found the latter carbide to precipitate quit: 
readily even during the early stages of reheating at precipitation temperatur: 
(down to 550 °C). This appiles to precipitation from either an {uistenitic " o1 
ferritic matrix.’ Although at first sight the authors’ Fig. 13 suggests that the M.9( 
structure is very complicated and is undoubtedly the correct way to describe sig 
nificant groupings of atoms and especially perhaps the carbon environment, yet 
it is also possible to show that there are planes of atoms passing through the 
structure which are closely similar to planes in the matrix. This fact is illustrated 
in a diagram in the paper referred to.° Here we show that a close similarity exists ; 
in the arrangement of atoms ina (111) plane of MoCo, and a (111) plane of face 
centered cube, or (110) body-centered cube. A similar observation is possible in 
regard to the Laves phase (0001) and probably the sigma phase (001). To show 
the existence of similar planes is, of course, only a first step towards the much 
more complicated task—not yet attempted—of deciding exactly how one phase 
would develop from another. The coherent precipitation of MosCe at first in (111) 
platelike form and from say an austenite matrix would however support the view 
that there is a similarity in structure so that the comparatively easy diffusion of 
carbon atoms and some metal atom movements over short distances are all that 
is required to form a nucleus of MasCe. 

Written Discussion: By Dr. H. J. Goldschmidt, The B.S.A. Group Research 
Centre, Shefheld, England. 

[ should like to congratulate the authors on this most excellent work, which 
will no doubt serve for many years as a key reference on high-temperature mate 
rials. It was particularly interesting to see the various techniques acting in concert 
and the correlation of hardness, lattice-dimensions and constitutional data. 

There are only a few minor comments I would like to make. 

First, is it certain (and how is it known) that in niobium carbide the decreased 
lattice-parameter is due to nitrogen solution, to give Nb (C,N), and not to any 


8H. J. Goldschmidt, “‘Phase Diagrams of the Ternary Systems Fe-Cr-W, and Fe-Cr Mo at 
Low Temperatures,” Symposium on High Temperature Steels and Alloys for Gas Turbines, 
Iron and Steel Institute, Special Report No. 43, 1952, p. 249 

®S. Rideout, W. D. Manly, E. f Kamen, B. S. Lement and P. A. Beck, “Intermediate 
Phases in Ternary Alloy Systems of Transition Elements,’’ Transactions, American Institute 
of Mining and Metallurgical Engineers, Vol. 191, 1951, p. 872. 

1 R, E. Lismer, L. Pryce and K. W. Andrews, “Occurrence of Sigma Phase in a High 
Chromium-Nickel Steel and the Effect of Carbon Content,’’ Journal, Iron and Steel Institute, 
Vol. 171, 1952, p. 49. 

uL. Pryce, ni Hughes and K. W. Andrews, “The Occurrence of Sigma Phase in a High 


Chromium-Nickel Steel with Particular Reference to the Influence of Silicon,’’ Journal, Irot 
and Steel Institute, Vol. 184, 1956, in press. 
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‘ther cause, such as substitution by a smaller metal atom (e.g. chromium), or di 
fect lattice formation in the direction Nb C>Nb,C3? In this light, I wonder 
vhether it can safely be concluded, as in the remark on p. 40-5, that it is the C/N 
ratio which varies amongst the different alloys 

| was most interested in the observation of the MeC’ phase, the y-carbide of r 
duced spacing, and I wonder whether the authors were able to note any marked 

ray line-broadening for this phase, indicative of a high degree of dispersion 
The reason for this question is that we found a very similar effect occurring in 
high-speed steels (Journal, Iron and Steel Institute, 170, 1952, p. 189), where a 
“contracted” MeC constituent also appeared besides the main MoC. The two dif 
fered however in that the contracted phase showed line-broadening. Even th 
pacings and amounts of lattice contraction are of the same order in our two cas¢ 
and it may be of inter2st to ascertain any such difference in dispersion 

In the authors’ case, would it be possible to associate the difference in spacing 
with a specific difference in composition of the coexisting MeC’ and MeC phases 
\lso, regarding the Laves phases observed, could these be ascribed to any fairly 
definite compositions, such as for instance FesNb (a phase found in our earliet 
work on GI8B type steels, Ref. 3): 

In this connection, | wonder whether the phases cited in Tables II to V ought 
to be understood to represent the complete assemblies, or whether additional com 
pounds might not occur, in particular any complex silicide or further intermetallics 
(e.g. more than one Laves phase). 

The authors’ observation of the transition carbide M4Cs appears most interest 
ing, and I would agree that this modified structure could readily form from the 
austenite lattice (which in this context might in fact itself be regarded as an M‘ 
carbide structure with a high proportion of vacant carbon positions ) 

The composition M,4Cs can however I think still be associated with the normal 
MC (NaCl) type structure of defect lattice, as well as with the present modified 
transition lattice, the two representing parent and daughter structure. Regarding 
the MesC. carbide (authors’ last paragraph), I would suggest that, as explained 
elsewhere, its structure is sufficiently closely related to that of the austenite matrix, 


for it to precipitate with only short-range diffusion being required 


Authors’ Reply 


(he authors are grateful for the excellent discussions of this paper; they not 
only improve its quality but also suggest many new ideas for future studi 

It would be interesting to learn whether nickel is present in the Laves phas« 
of formula ABs observed by Drs. Bechtoldt and Vacher in an alloy having the 
composition 5 Cr-4 Mo-17 Ni-70 Fe. Presumably owing to the incompressibility 
of its nearly saturated 3d shell, nickel tends not to combine as a B-atom with the 
\-atoms Ti, Nb, Mo and W, since an abnormally close packing of atoms is neces 


sary. A chemical analysis of the Laves phase separated from Button Alloy 2, 


i.e.. N-155 without carbon and nitrogen, gave the following results 


, r 

Nb \lo \\ I - Co 

weight % 11.38 1637 2233 38.72 5.65 5,55 
atomic “; Q 35 13.02 Q ? ? {) 2 7 Q 


No nickel was detected, and the ratio of B to A atoms 1s approximately 2 to l 
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Dr. Kuo has reported finding a Laves phase of probable formula MoF, 
a steel containing 10.1% Mo and 2 27% Ni after annealing for 25 hours at 1470 
\n analysis of the extrac ted residue, containing both MeC and Laves phase. » 


ay 


i¢ 


the presence of only 1-2% Ni. In the same discussion, Kuo cited the work 
Zaletaeva et al who extracted carbides and a Laves phase of probable formy 
MoFe: from a steel containing 0.1% C, 16% Cr, 25% Ni and 6% Mo after anne 
ing for 100 hours at 1290 °F or 6 hours at 1560 °F. \lthough the evidence i 


complete, it appears that nickel promotes the formation of Laves phase without 


S Il 


undergoing direct combination. 

Dr. Lane mentions a reversion of MaCs which is real in the case of N-155 a 
G-18B ; the stability limits of M.C’ are the opposite of this. At low temperatur: 
the prevalence of MoCy can be attributed to non-equilibrium conditions. At hio 
temperatures until complete solutioning occurs, MaC, coexists with M,C possib] 
because the size differences between large and small metal atoms become less in 
portant in determining crystal structure; e.g., in the Fe-Mo and Fe-\ Ssysten 
containing a minor amount of a third element, the transformation of Laves 
mu to sigma phase proceeds with increasing temperature Geometrically, t} 
Laves phase, ABs, requires an atomic size difference whereas it is less important 
for sigma phase and of intermediate importance for mu phase, AgB:. Similarly 
MoC requires large. metal atoms, whereas MosCs, while stabilized by large atoms 
may form without them. A similar reversion is also suggested “ in nickel-ha 
alloys containing titanium and higher molybdenum additions; here Tit plays 
role analogous to Mas. Future work should more thoroughly document phas 
reactions in the temperature range of 1600-1800 °F. 

While the formation of M.Cs can be visualized as the short-range diffusion of 
carbon atoms in a lattice of non diffusing metal atoms, it is far more difficult to 
formulate mechanisms for the nucleation and growth of MesCa and MoC in multi 
component alloys. Some observations which might help are: 


(a) Our electron-diffraction data show a very strong (400) reflection in the 
earliest stage of MaC, formation. Wide departures of electron relative intensities 
from those of x-rays are caused by characteristic particle morphologies on a very 
fine scale. In this case. they indicate that MaC, initially grows as thin rods o; 
dendrites in [100] directions 

(b) As shown in the left half of Fig. 13c, there are local configurations ir 
MasCe resembling the austenitic matrix. Carbon has eight neighboring small metal 
atoms. The large metal atoms (Mo, W) are isolated from each other and from 
carbon; their coordinations are topologically equivalent to the large atom of 
Laves phase in accord with Kasper’s “ CN16 coordination. 

(c) Carbon in MoC has six neighboring Mo and/or W atoms arranged as in 
MosC; the large metal atoms form a lacy network of octahedra which sandwich 
carbon between triangular faces.” 

(d) The rate of formation of MaC. appears to depend on small movements of 
large metal atoms ; formation of MeC is limited by extensive large-atom diffusion 


2 Discussion to Refe rence 5 of this paper 

SR. P. Zaletaeva, H. F Lashko, M. D. Nesterova and S. A. Inganova, “A New Intermetallic 
Compound in the Rinary System Fe-Mo,”” Doklady Akademii Nauk SSSR Vol 81 (1951) 
pp. 415-416 

“H. J. Beattie, Jr.. and F. I VerSnyder, “The Influence of Molybdenum on the Phase 
Relationships of a High-Temperature Alloy,” Trans. ASM 49 (1957) Preprint 35 

J. S. Kasper, “Atomic and Magnetic Ordering in Transition Metat Structures,”” ASM 
Seminar—Theory of Alloy Phases (1956) p. 264 

* Reference 1 of Dr. Morral’s discussion 
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rmation of MeC’ appears to be limited by the diffusion of small metal atom 
e) As observed in Button Alloys 3 and 4, the greater atomic weight of W 


mpared with Mo retards the formation of Mot 


Dr. Morral’s suggestion for a new survey and summary of the characteristic 
f carbides 1s most timely. The work reported in this paper is part of a program 
» determine the long-time load-carrying ability of high temperature alloys. On 
equiring a similar familiarity with many other commercial and related laboratory 
lloys, the authors hope to provide such information 

The comments of Drs. Andrews and Hughes require further explanation. If 
me computes composition on an atomic percent basis for these alloys, he find 
at the ratio of carbon plus nitrogen to carbide formers is not so low. For N—155, 
C+N)/(Nb+Mo+W ) 0.39: for G—1I8B, (C+N)/(Nb+Mo+W ) 0.57 


/ 


r IS—ISN, (C+N)/(Nb+Mo+W ) 0.27. Most of the Nb must combine as. 
Nb(C,N) to give the large quantities of yellow particles observed after all heat 
treatments. Recent work by Kasper and Frank " provides a fundamental explana 
tion for why Laves phase does not form in G—I&8B. They have found a common 
reometric principle which can be simply expressed by the statement that the 
tructures of Laves phase (ABe), chi phase, sigma phase, mu phase (AoB-:), 
P phase (the last two using P. A. Beck’s designations), and “beta-tungsten”’ 

\Bs) contain only tetrahedral interstices. One can then deduce Kasper’s four 
oordination types, and on fitting these deltahedra together so as to fill space in a 
periodic manner, one can arrive at the structures of the various phases of the typ¢ 
in question. By supplying enough interstitial atoms to prevent the clustering of 
tetrahedral interstices, it is possible to prevent the formation of the fore-mentioned 
phases. Our date confirm this, since low carbon 15—I5N readily produces Laves 
phase and high carbon G—18B fails to produce it even after extensive aging; this 
is also illustrated by Button Alloys 1 and 2 

Discovery of the carbide, MiCs, whose structure is anti-isomorphous with spinel, 
resulted only from using electron microscopy and diffraction; this phase cannot 
be identified using. optical microscopy and x-ray diffraction. In a_ carbon 
upersaturated austenitic matrix, carbon atoms must migrate among octahedral 
holes via tetrahedral holes. The latter are metastable positions which can be mack 
more stable by a lattice expansion and a displacement of metal atoms as shown in 
Fig. 13b. Such displacement of metal atoms from a single tetrahedral hole can be 
considered the nucleating step, since it causes a closure of certain neighboring 
tetrahedral holes and assures occupancy of only those neighboring holes which 
are consistent with a spinel-like structure. This mechanism requires no diffusion 
of metal atoms for they are all crystallographically equivalent. Therefore, M« 
can be expected to form more readily than MaCs, but it need not be a necessary 
intermediate structure. In N—155, well-dispersed M,Cs particles were found to 
appear on aging solution-treated specimens for a few weeks at only room tempera 
ture. Coherency of the matrix with MaCs. along octahedral planes as suggested by 
Drs. Andrews and Hughes would restrict growth in [111] direction and thus 
promote growth in the [100] direction to give the rods or dendrites deducible from 
ur electron-diffraction data of Table VII 

The causes Dr. Goldschmidt lists to give niobium carbide of decreased lattice 
parameter should have essentially the same effect in all the alloys studied and 
would not explain the differences observed. Our conclusion that the decreased 


177. S. Kasper and F. C. Frank, Private Communication 
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lattice parameter is due to the presence of nitrogen resulted from the w. 
substantiated existence of such solutioning in other systems, from the cor; 


Lif 


spondence of lattice parameters with C/N ratios in commercial and laborato, 


alloys and from the convenient sink Nb(C,N) provides for the high nitroge; 


content of N—155 to account for failure to find nitrides in other forms. Howeve; 
if Nb(C,N) can be cleanly isolated we shall make a direct chemical analysis. 
No x-ray line broadening denoting a high degree of dispersion was exhibited 
by McC’. On the basis of coincidence of the lamellar structure in Fig. 11 with 
x-ray detection of MsC’, it appears that this phase has a fairly large particle size 
Che interatomic distances in MeC and MeC’ were determined (with the help, in 
cidentally, of the drawings in Dr. Goldschmidt’s 1948 review article) as follows 


Position Neighbors M.oC MeC’ 


Group 


48f 3.04 A 3.00 A 
88 84 
78 74 
69 
06 
74 
69 
31 
2.74 
2.31 


NNN N 
N mH bd bd 


NmNN 
hr DO dO 


16d 0 
6 


a) 


The letter A refers to neighbors in 48f positions ; B denotes 32e or 16d neighbors ; 
C designates carbon atoms at 1l6c positions. Large A atoms are generally Mo 
and/or W, while B consists of smaller metal atoms of the iron group; yet, when 
this carbide is in equilibrium with a B-base matrix, up to a third of the A-atoms 
will be of the iron group. The only abnormally short distances in MeC’ are taken 
by 6B neighbors at 2.3] A from each B atom. Therefore, the change from MeC 
to M,C’ within a certain temperature range probably represents an adjustment 
of B atoms to some optimum composition. 

The composition of Laves phase has previously been discussed. As to the pos 
sibility of other phases, there is a structure present in Table VI which gives two 
extra lines consistent with sigma phase and the Z phase of Drs. Andrews and 
Hughes, or it may also be a complex silicide. No other lines were left unidentified. 
The designation M,C; is due solely to the apparent structure of this phase; it is 
not directly related to carbon-poor NaCl-type carbides of the same formula. 

In his opening remarks Dr. Goldschmidt mentioned, “. . . various techniques 
acting in concert .. .”; noting choice of the last word, the authors hope results 
have not been dissonant. 
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austenitic manganese steel with 


705 
697 
690 


701 


654 


240 


521 


430, 431 


cold-working 706-717 
steel, influence of bainite in. .409-426 
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austenitic manganese steel 
.709, 713, 714 
austenitic stainless steels 
effect of aging treatments 
Oe aces nes . 658, 674-676 
calcium-lithium alloys, 
effect of composition on ..796, 797 
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ties of alpha-beta brass 
effect of dispersion of alpha 


experimental procedure 904-908 
High temperature oxidation of 
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leaded and nonleaded steels .464—481 
teel (4340) 
effect of hainite 418423 





1016 


Impact properties of (cont. ) 
steels (C1050 and C1141) ...464—481 
tempered steel 
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x-ray diffraction data on ....352-355 
Internal friction 
effect of irradiation on...... 99, 100 


TRANSACTIONS OF THE ASM 


Vol. 49 


Internal strains in tempered steels 
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manganese steel, with cold 
work and temperature ....710-712 
Magnesium for nodulizing 
graphite . 232-234 
Magnesium chloride for nodulizing 


. 234-236 


graphite 


Magnesium-zinc system 


etching reagents for ..... 780 


intermediate phases in ......... 
ee eee 778, 779, 
microstructure of phases ....... 
784-790 
ih na bth aeons 781 
.. 778-791 


781, 
phase diagram 
phase studies 
sluggishness of reactions in 


phase study 792, 793 
x-ray diffraction analysis of ... 
piaaaioniele we 780-783, 786, 790, 792 


Malleable iron 


low temperature use ...... 227 
WURUOORTUEIETO oi ci ec ciciends 
ere 208-211, 214, 215, 220-226 


notch ductility ............. 204-231 


terminology of pearlitic and 


PE cca beau tedieees 231 
Manganese in steel, contribution 
to tempered hardness 363 


Manganese steel, austenitic 

.. 708-713 
.714, 715 
A ae 707-709 


106-717 


magnetic measurements 
microstructure ..... 
test procedures 
transformation products in 
Martensite 
effect of carbon content on 


tetragonality 827 
single crystal study of 
tempered 823-839 


Martensite in 
iron-carbon alloys, tempering 
eS 823-839 


steel 


formation and tempering 
Te wetis case een 431-434, 442 
417 


microstructure 


TIONS 













Of 





THE 





ASM 











Martensite transformation 


at low temperatures ; 84— 
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714, 715 


e 1 
creep 


austenitic manganese steel. 


after various agings . .658-671 
bainite and martensite in steel $17 
cobalt-base alloys re 847-85] 


Microstructure of (cont 


cobalt-Cr-Mo-base alloy S12-82] 
{ ter tami 
+/ \ 
n-carbon alloy 823-839 
1 ( r-( \ alloy , effect on 
t and tensile prop 
ertu ts 
ided Lidl leaded 
teel 171-473, 47% 
mMagnesium-zine phase 7S1, 784 )) 
modified tainlk tee] 
(316 77 | 
Nimonn Su O82 
tainless teel ((, 192) with 


aging treatment 
teel (4340) 


influence on transition 


temperature $19 }4 
ll cooline 43>? 13 
tempered martensite R73 239 


titanium-chromium 


molybdenum 3] 32 
relationship to mechanical 
properti 320-325 
vith heat treatment $21, 322 
titanium stabilized stainl 
teel (18-8) ] | 745 
titanium-tin (1-08% tin) 
347-350. 352 
uranium in plastic deforma 
tion OH38—6H43 
uranium-molybdenum 
platinum 585-588 
uranium-niobium alloys 
580, 581, 592 
Misch metal for nodulizing 
graphite 233, 234, 236 
Modulus of elasticity of 
chromium. 952, 954 
chromium-iron alloy 952, 954 
chromium-nickel alloy 952, 954 
Molybdenum 
delayed yield 74 


effect on stabilization of gamma 
Mo alioys 


influence on phase relationship 


phase in U1 616-6 


of a high temperature 


alloy RR3—-895 





1020 


Molybdenum (cont. ) 
yield stress at low tempera 
tures ‘ oecesee, 70, 163 
Molybdenum in steel, contribution 
to tempered hardness. ....; 363, 366 
Molybdenum-dependent phases in 
high temperature alloys...... 
M, temperatures for alloy steels.. 43: 
M, temperatures for steel, method 
for determining ............. 
Nickel 
effect of purity on ductility at 
low temperatures. .169, 171, 172 
stress-strain at low tempera 
RE cn ke cune wegheisis 6 156-158 
yield strength at low tempera- 
ND cued nmews 69, 70, 162, 163 
Nickel, commercially pure 
tensile properties at low tem 


a . . 150-167 
Nickel, pure 
Ce 928-930 


Nickel-base alloys 
effect of molybdenum on phase 
relationships of ........ 883-895 
microconstituents in ........ 883-895 


Nickel-base alloys, trade 
designations 
Inconel X, effect of atmospheres 
on creep-rupture proper- 
ties 5 wee ees 862-878 
Nimonic 80, microstructure.... 682 
Nickel-chromium alloys 
high temperature oxidation. .924—947 
structure of three oxides. . . .930—-935 
total oxides .... 
Nickel in steel 
contribution to tempered hard- 


ie cas alae bs eo 363 
Nickel oxide (NiO) 
p-type semi-conductor...... 925-927 
phase and structure .......... 
a a talieleleiimcackioun iad 925, 926, 935, 936 


Nickel titanate (Ni;,Ti) 
strengthener in high tempera- 
ture alloys ....... 842, 847, 858 
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Vol. 49 
Nil ductility transition (NDT) 
COTOTOTUTOS 6 ioc cece ewes a. ae 
test methods for............ 204~208 
Nitrogen 
diffusion coefficients into 
titanium alloys ........... 293 


in austenitic stainless steel 
effect on precipitation 

reactions 

in chromium-nickel alloys 


, 684, 685 


effect on properties....... 956, 958 
in steel, 
effect on hot hardness....... 399 
re 377-379 
in titanium alloys, effect on 
elastic modulus .......... 272 
Nodular iron 
history of development... ..232-234 
low temperature use........... 227 
microstructure .......... , 218 


microstructure for different 


Pceeeslckedewewee 236, 237, 239 
new production process... ..232-240 
notch ductility ............ 218, 227 

Nomograms, air contamination of 
titanium alloys 296, 297 
Notch ductility 
effect of decarburized surface 
layer on test speci- 


2 aged 208-211, 224, 228 
of malleable irons.......... 204-231 
of nodular iron............218, 227 
of pearlitic iron............ 204-231 


Notch effective stress in gray 
cast iron 
Notch sensitivity in creep-rupture 
properties of some commercial 
GD: 668s +ccneeeeneae 862-878 
effect of environment on..... 871 
Notch toughness in ingot iron . 189-203 
effect of heat treatment on..... 193 
Nucleation in iodide titanium . 331-334 


Order-disorder transformation in 
iron-aluminum alloys 


Ordering in iron-aluminum 
Fubvtcssccune un 905, 908, 910, 920 
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Oxidation during creep-rupture 
testing .876-878, 880 
Oxidation rates for 
high purity nickel 928-930 
nickel-chromium alloys 


effect of C1 


930-935 
content. .924, 930-935 
effect of spinel. .936, 940-942, 945 
Oxidation stability of nickel- 
chromium alloys, effect of 
chromium oxide 936. 946 
Oxygen 
diffusion coefficients into ti 
tanium alloys .293, 294 
in titanium alloys, effect on 
elastic modulus + 272 
Paraferrite in steel 
carbon content—temperature 
when formed 
cooling transformation 
and 
Pearlite in steel, cooling trans- 
 seewne sa 142 
Phase changes in oxides in nickel- 
936, 945 


formations 


chromium system .. .930 


Phase diagram of 


calcium-lithium system ..797, 798 


iron-aluminum alloys .......... 906 
magnesium-zine system ....... 791 
titanium-oxygen, partial ...... 284 
titanium-sulphur, tentative .... 304 
PE ds eealwee ae sau 339-358 

complete and partial ...... 344-346 

methods of study . .340-343, 357 
uranium-molybdenum alloys ... 599 


uranium-niobium system ...576, 577 
Phase identification by x-ray dif- 


fraction and electron dif- 


ee ae a i 982 
Phase mixtures in titanium alloys 
effects on properties...... 320-327 


Phase studies of 

ait 794-801 
194-797 
..778-791 
.779-781 


mmo 


7/78, 779 


calcium-lithium system 
experimental procedures 

magnesium-zinc system 
experimental procedures 
review of literature...... 


sluggishness of reactions.792, 793 


1021 
Phase studies of (cont. ) 
superalloys with various aging 
treatments 979-997 
347-351 
uranium-molybdenum alloys. 598-621 


titanium-tin system 


uranium-niobium alloys 577-585 


Phase relationships in 
aging superalloys 979-997 
calcium-lithium system 794-801 
high temperature alloys 
experimental procedures ..883-885 
influence of molybdenum 
on . ; RR3—895 
iron-aluminum alloys 


iron-Cr-C-N 


Phosphorus in malleable iron, 


905. 906 


747-758 


alloys 


effect on notch ductility. . 
OR >] ) 17 19 24 IIR 
Physical properties 
See Mechanical properties 
Planing of austenitic stainless steel 
calculaticas ..... 703 


martensitic transformation 
in setesate 686-705 
test procedure OSS, OSY 


test results ..691-693, 696-699 


Plastic deflection in bend testing 
of tool steels 
.565, 567, 568, 570, 571, 575 
Plastic deformation 


effect on density 253, 260 


heat generation during..... 170, 171 
low temperature .. 149-172 
micro-cracks in aot 61, 62 
theories on iba ge ON a 165, 166 
Plastic deformation of 

circular diaphragms ya 145-148 
eree Cast WOM. cc ac ccceves 241-262 
high purity aluminum .. 173-188 

activation energy in..180, 181, 184 


rolled zine rod on thermal 


cycling 622-625 


62? 654 


uranium on thermal cycling 


Porosity in uranium after thermal 
ok etic i liess 642, 645, 651 


Precipitation hardening in 


cycling 


cobalt-base alloys . 853 
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Precipitation reactions in 


PIONS Ol! 


austenitic stainless steels 655-077 
experimental methods 657. 658 
stainless steel (G-192) 678-680 
Preferred orientation in uranium 
method and equipment. . .628, 629 
President’s Annual Address 10-18 
Prestraining, twinning and...125, 130) 
Pre-treatment (Heat treatment) 
of iron-Cr-C-N alloys 
effect on properties 750-759 
Proportional limit (bend yield 
strength) in tool steels 
568, 571, 575 
Quadrant sum test for cor- 
relation caus 512 
Quenching, delayed or interrupted 
in steel, effect on hard- 
ness 446, 447 
Radial loading tests 246 
Radiation damage at low tempera- 
tures 98—109 
Recrystallization in 
austenitic stainless. steel 656 
chromium, effect on proper 
ties 950, 951, 957 
iodide titanium .331-334 
iron-aluminum alloys 910, 911 
Reduction in area in uranium 
plastic growth with, and other 
properties 629-643 
Re-solution of lamellar structure 
in austenitic stainless 
steels , . .668-67 | 
Rubidium chloride for nodulizing 
graphite 234-236 
Rupture of gray cast iron... ..241—26 
Rupture ductility of 
modified stainless steels. . 
764-771, 775, 776 
Rupture life 
use of logarith of 856, 857 
Rupture life of 
alpha-beta brass 
effect of dispersion of 
alpha . ++ + 969-971 
cobalt-base alloys 845, 846, 851 
effect of test time 856, 857 
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Rupture life of (cont.) 

J 1570 alloy ........ ia .. 857 
Rupture life (100 hour) of 

modified stainless steels. . 


764-771, 775. 77 


S-N fatigue curves for 
constant probability of survival 
of stress, at constant life. . 
Pees pais 484, 489. 490. 511. 512 
hypothetical alloy with inclu- 


sions of various sizes . .505-50 
steel (4340) ......... 484-487 
vacuum melted .......... 498, 515 
Secretary’s Annual Report. 23-35 
Section size 
effect of bainite on depth of 
hardening im steel - 424 
effect on notch ductility .211-213, 228 
Sensitization of stainless steel.721, 744 
Shear stress with temperature for 
slip and twinning. . 123 
Ship steel 
See Steel, ship 
Sigma phase in 
cobalt-Cr-Mo-base alloys 
effect on properties 805-822 
experimental procedures . .807-81( 


high temperature alloys.893, 902, 904 
nonferrous alloys, definition 
stainless steel (321), effect of 

heat treatment . 432-744 
superalloys ..991-993, 999-1004 
Silicon in 


chromium steel, effect on notch 


ductility 227 
high strength steel 
effect on retained austenite 
content 517-549 
effect on transverse propet 
SD. 5 i ernctn ede weet 517-549 
segregation ee ee 546, 548 
nodular iron, effect on notch 
ductility 218, 227 
steel, contribution to tempered 
hardness 363 
Silicon-iron, micro-cracks in... .63—05 


Silicon, single crystal 


dislocations in 
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Slip in single crystals of iron. 118-131 Stainless steel, Cr-Mn-C-N 


Sodium, transformation at low precipitation reactions ir 655 
temperatures 7 88-90 Stainless steel, Cr-Mn-C-N, (G-192) 
Sodium bromide for nodulizing microstructure on aging 678-68 
graphite .... eee 235, 236 precipitation reactions in 678-68 
Sodium chloride for nodulizing Stainless steel, titanium stabilized 
graphite 234-236 metallography of 721-74 
Solubility of tin in titanium. . 3560 ~=—s- Stainless steel, trade designations 
Spinel phases in 18-8, titanium-stabilized 
uperalloys tee eees 994-996 metallography of 721-74 
Stability of phases in 301, martensitic transformation 
uranium-molybdenum in the machining of 686-705 
re 598-621 Ie 
uranium-niobium alloys . 580-585 effect of B, C, and Ti on high 
Stainless steel temperature prope! 
' ~ le 764-767, 775, 776 
ow temperature use of 22; es ... 4 ya, SEs 
las ae rupture strength of 
Stainless steel, austenitic ‘a ee 
. modified 164-/67, 77 Pi 
etfect of aging treatments on 104 
34 
microstructure and proper ; 
ic onan effect ot atmospheres on creep 
ties eee o° » 009-07 # ; 9 07 
; rupture properties SOZ—S/5 
ffect of atmospheres on creep ee , 
; ; martensitic transtormation 1n 
rupture properties ol i . st aie 
. os the machining of.....686—705 
304 ot aa ‘ .. .862-878 . 
: ; 316 
effect of boron and titanium on on ' 
effect of B, C and T1 on high 

high temperature proper 

- tay oy oy temperature prop 

mes .. oe bates 8% 76) 4/44 a2 tm nin me 

. ° o . erties eS 4/1. 775, 77 
effect of carbides from aging . 
, i metallography of modi 
treatments .......682, 684, 685 ie ais 
c . hed ‘ ° /7\ 44d 
effect of heat treatments on 
rupture strength of modified 
microstructure and proper ide ‘wl te 
on oan 40/4 771, 775, 776 
Te viwbewwv awe bl 022 OVI—O/ / > 
aid a 321 
etlect of nitrogen on precipi 
: eftect of heat treatment on 
tation reactions agg ate 681 : 
aa formation and solution of 
iron-Cr-C-N alloys, phase rela . 

hy , carbides and sigma 

tionships am yroper oy mar 

, _— sa ion phase Sees 721-745 

ties ar os 22. A44—-/ 98 ‘ = aa 

3 metallography of .... 721-745 
isothermal transformation a oe 
treatment for 666-668 Static stress-strain characteristics 
{ *< - , ° ee . . . < 

ae ¢ test procedures 
machining processes for trans I 45-14 

‘ : 134-136 38 5-148 

formation study ....... 688—/01 », 138, | 
martensite transformation in the Statistical analysis 

machining of ..........686-705 of fatigue data scatter. 

“eye ata 9090_S62% 6125 
precipitation reactions 1n OOD"O/F = s8eeees 499-503, 13-516 
resolution of lamellar quadrant sum test for corre 

- ° : . ) 
structure . a HOR 671 lation eoevees ee le 
x-ray diffraction measurements standard deviation of strength 

of martensite in... in fatigue 913, 514 


. .687, 690, 693-696, 702 ~— Statistical design method 843, 844 
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Steel 
calculation of tempering tem 
perature from composi 
sends 
effect of composition on transi 
tion temperature ........59, 60 
effect of grain size on transition 
og | rr arr 
effect of lead on machinabil- 


ity ... a5 464, 476 


hot hardness testing ..... 


microconstituents formed in 
cooling transformation 
tests seencece scan 
relation of inclusions to fatigue 
properties 482-510 
strain aging . ne 388-392 
temperability of ............ 359-371 
tempered hardness 
effect of C and alloying 
elements on ....362, 363, 368 
effect of austenite grain size.. 364 
Steel, capped open hearth 
hardness-temperature after wet 
hydrogen treatment .. 378-380 
Steel, cast, low temperature use.. 227 
Steel, constructional alloy cooling 
_ 


transformations in ......427-—448 
Steel, die, trade designations 


H 11 
bend: tensile relation 
ships . ...556, 558, 572 
Steel, ferritic 
temperature dependence of 
SO ee 372-408 
Steel, high strength 
bend: tensile relationships. .550—575 
design needs for....... 546 


effect of Si on retained austenite 
and transverse proper 
es oi ..517-549 
micrographs of effect of Si. .536, 539 
retained austenite in quenched 
Jominy bars ........ .542, 543 
Steel, hot work die, H 11 


bend: tensile relation 


re ee 


Steel, killed 2.223, 0e 
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Steel, leaded and nonleaded 


case carburizing ; 173 





(Charpy impact proper- 


ties ..........466-470, 479, 4 
grain size .... 471-4 
hardness 466, 4 
hot mill finishing practice. . 4; 
impact properties . ....464-48 
McQuaid Ehn grain size... .471—4; 
mechanical properties .. 464-481 


171-473, 4; 


microstructure 
Steel, mild 


delayed yield 74-7 
dynamic stress-strain.......132-14 
failure of diaphragms 145, 14 
grain size and strength....... 66, ¢ 
low temperature use 227 
micro-cracks in ........... 61-64 
slip, twinning and fracture 
Bh.as Weres vues bue we cue 
static and dynamic deflection... 13 
strain-time curves atl 78 
transition temperatures .......56-06( 
Steel, open-hearth 
hot hardness ....... ' ‘one 
hot hardness vs. nitrogen 399 
Steel plate 
es 54-60 
stress at low temperatures...... 55 
transition temperatures 56-60 
Steel, semi-killed 
effect of composition on transi 
tion temperature ..... ed 60) 
Steel, ship 
fractures in ea 54-60 
microstrains at low tempera 
tures ba qcanie atte 78, 7' 
yield strength at low tempera 
tures for ship plate 163, 164 


Steel, silicon 
effect of multiple tempering and 
refrigeration on retained 
austenite .541, 542 
Steel, tool 


bend: tensile relationships ..550-575 
c 


bend tests te cskweessr~are 
bend-yield strength-hardness 567 
ductility—tensile strength ..556, 55, 
hardness-elastic modulus....... 558 





Steel, tool (cont 
tre train curves trom bend 
tests 
tre train curves from tensile 
test 54. 
tensile properties 3 555. 


tunesten-chromium, bend : tensile 


relationships s() 
Steel, tool, trade designations 


\l Z, bend 


tensile relation 


ships 567 
(.) 7. bend: tensile relation 

hips IOV 
S 1, bend: tensile relation 

ships 550 
rE bend: tensile relation 

ships : 5607, 

Steel, trade designations 
\ISI series 
LOO 
dynamic stress-strain 132 


static and dynamic deflection 


1020, yield strength at low 
temperatures 70, 162 
(1050, leaded and nonleaded 
impact and mechanical 
properties 464 
1141, leaded and nonleaded 
impact and mechanical 
properties 404-475, 477 
3335 
stress-strain at low tempera 


tures . 159-161, 


tensile properties at low 
150 
yield strength at low tempera 


..40, 162 


temperatures 


tures 
1140 
C-T diagram = 
hardness-end quench bar after 
interrupted cooling 
hardness-end quench bar afte 
refrigeration 436, 
$4140, leaded and nonleaded 
mechanical properties .478 
1340 
C-T diagram 
effect of bainite on 


ductility 413 


= Oe 


148 
136 


lo4 


179 


164 


167 


164 


432 


446 


480 


429 


418 


INDEX 


Steel, trade designations (cont 


4340 (cont. ) 
ettect of bainite on tensile and 
impact properties 112, 
effect of inclusions on fatigus 
propertie 12 
effect of Si on retained 
austenite content and on 
transverse properties .517 
hardness-end quench bar with 
delayed quenching 
hardness-quench temperature 
with microstructure 
influence of bainite on me 
chanical properties 409 
intermediate transformation 
products from different 
cooling rates 
microstructure on cooling .432 
properties for various heat 
treatments 488, 
tress-strain at low tempera 
tures 159. 160, 
tensile properties at low 
temperatures 150 
transition curves for various 
microstructures 419 
yield strength at low 
temperatures .70, 162 
yield-tensile ratio and 
microstructure 


1340, 


effect of inclusions on fatigue 


vacuum melted 


properties ‘ 08 
496, 499, 510, 


488, 
fatigue strength of 
5140, C-T diagram 433 


86 B40, 


C-T diagram 


microstructure-end quench bat 


with interrupted cooling 
9840, C-T diagram 
DM 45 
effect of atmospheres on creep 


rupture properties .862 
Strain aging 
effect of titanium in chromium 
steel 385-387, 


hot hardness and, in steel... .403 


113 


510 


49 


439 


1S 


lod 


167 


124 


164 


418 


516 


515 


438 


393 
406 
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Strain aging (cont. ) 
in high strength steel......547, 548 
Strain-aging reactions 
in pure iron and carbon 
steels .377, 378, 382, 385, 387-392 
test methods for. .388-392, 407, 408 
Strain rates, effect on plastic 
deformation of aluminum. 173-188 
Strength vs. hardness relationships 
for low alloy steels......556, 572 
Stress-rupture properties of 
alpha and beta titanium... .335-—337 
alpha-beta brass at high tem- 
(sseeebaaewel 959-977 
cobalt-base alloys ..... 855-858, 860 
cobalt-Cr-Mo-base ailoys ..... 
jie nceveknscdte 811, 812, 820 
Se 
errr ty 763, 764 


peratures 


iodide titanium 
stainless steels 


CD ocd cccndon bb40ee 449-463 
Stress-rupture testing 
size of specimen pee eeenesseeres 821 
Stress-strain characteristics 
biaxial vs. uniaxial......... 143-145 
dynamic and static tests... ..137-139 
GP RE, K's uc bevees uese 132-148 
Oe We Es 0 kc kc ad bso snes 132-148 
Stress-strain curves at low 
temperatures ..... 83, 84, 156-160 


Stress-strain curves for 


apGey Gaet WOR... .. 14.0066: 247-250 
high purity aluminum....... 173-188 
tool steels 
from bend tests.............. 561 
from tensile tests........554, 555 


Strontium chloride for nodulizing 
Revere oen eoewren 234-236 


Subboundaries in ingot iron 


graphite 


effect on transition tempera- 
TE athe ekg oie ee 189-203 
Sub-grain size in tempered steel, 
effect on x-ray line broaden- 


ere 823-825, 831-833, 837 
Sulphur 
as grain refiner in titanium 
and its alloys......; 305, 308-311 


etfect on properties of 


-useveen cee 302-304 


titanium 


TRANSACTIONS OF 


THE ASM Vol 


Sulphur (cont. ) 
in malleable iron 
notch 
Guctility .......: 208-212, 22 


effect on 


in titanium and its alloys 


effect on properties.......300-314 


Superalloys 
See also high temperature alloys 
aging reactions in.......... 978-997 
desired properties ......... 805, 80 
effect of sigma phase in... .805-822 


Superalloys, trade designations 
G-18B, aging reactions in. .978~-997 
N-155 

aging reactions in........ 978-997 
creep-rupture properties under 

various atmospheres . .867-—869 

15-15N, aging reactions in. .978-997 

Supertransition energy level 
me aimee CORED) 2c ccc cc vcacs 420-423 

Superlattice ordering 
effect of irradiation on...... 103-105 


TTT curves for 
uranium-molybdenum 
alloys 
uranium-molybdenum-X 
ee 
TTT diagrams 
comparison of testing 
methods ..... 602, 603, 618, 619 
for titanium-chromium- 
molybdenum 
for uranium-niobium 


alloys .......582, 583, 585, 592 
Tantalum, yield strength at low 
temperatures ......... 68-70, 163 
Technical Program, 38th Annual 
Us keane ne 1-6 
Temperability of steels........ 359-371 
comparison of calculation 
SN. iid «ka tiaare cae 366-368 


limitations of present 
I ii Sita iin alas ea 365, 366 
Tempered hardness in steel 
alloying elements contribution 
Ba ok pice ait Shake Re 363, 364 
austenite grain size contribution 
at tsi edie 6 datincdhbeeeee 364 











Tempered hardness in steel (cont. ) 
carbon contribution to 362 

Tempering of 
high speed stee!, effect of 


Si on, and retained aus 


tenite taal 537-541 
iron-carbon alloys, 
mechanism of pase ctea~el 


martensite 
3-839 


stages of .. 828-831 


experimental procedures. .825, 826 


th 


microstructure oft eo 8 


martensite im 
carbon steels 839, 840 
iron-carbon alloys .. . 823-841 
iron-carbon-nickel alloys.826, 827 
Tempering temperatures for steel 

calculation from coriposi- 

tion . 359-371 
Tensile-fatigue properties at high 

temperatures of alpha-beta 

brass 959-977 


Tensile properties at very low 
pia arene 149-172 


Tensile properties of 


temperatures 


iron-aluminum alloys with various 
eae Sa4 
N alloys, effect of 
composition on 


heat treatments 


iron-Cr-C 


SJ 
on 
w 


tempered steel, effect of bainite 
ia Rie othe ce eens 409-4 26 
titanium-chromium-molybdenum 


effect of prior transformation 


temperatures ...... 323 
superimposed on TTT 
I oo daw a ed eG s xan 318 
tool steel, bend strength rela 
tionships to ...........550-575 
zirconium with various annealing 
I cc abe cia taaees 455 


Tensile properties, transverse, of 
high strength steel, effect of 
silicon on oO ..517-549 
Tensile strength of steel (4340) 
effect of bainite and reaction 


temperature on ........... 413 
influence of microstructure on.. 412 
influence of tempering tempera 

ture ve ae .. 412 


Tensile strength/bend strength 
ratios for tool steel 550-575 


Tensile testing, shortcomings 
in 550, 574 
Textures in uranium in plastic 
deformation study 


630-632. 634. 637. 650-653 
Thermal cycling of uranium 
effect of number of cvel 645 


method and equipment 628 


Thermal expansion of 


austenitic stainless steel 
658, 672, 673, 67¢ 
metal grains, anisotropy in.. 647 
uranium 
coethcients for — 632-6038 


effect of grain size and reduc 


tion of area on thermal 


cycling 629-043 
Thermal ratchet 
in deformation of 


crystals 647 650. 054 


Time-temperature-transformation 
See also TTT 


and Transformation 


curves and diagrams 


Time-temperature-transformation in 

titanium-chromium 

molybdenum 316, 317 
relationship to heat treatment 


and mechanical proper 


ties 317-320 
Titanium 
effect of S on ductility. 313 
effect of S on grain size.305, 308-311 
effect of S on properties... .300—314 
room temperature solubility 
of S in a ove ced wal 
Titanium, alpha 
creep resistance 333, 336, 337 
ductility .... ; » dee Bae oar 
effect of Al on elastx 
a re 266, 267 
high temperature proper 
UD: pwc en oncdiaiaas 335-337 
strength (stress-rupture ) 335-33 


Titanium, beta 


creep resistance JID, JID, JID 
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Titanium, beta (cont. ) 


“ 
e~) 


ductility 
elastic modulus etal thie tees 
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